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Introduction to the Proceedings

This conference had its origins in the recognized need to obtain
a critical review and discussion of recent progress and current problems
in the area of polymer solid state structure and mechanical properties
that would provide useful leads and general guidance to military programs,
To achieve this purpose an effort was made to obtain as the main con-
ference speakers the outstanding resvarch scientists working on the
various subjects treated in the conference,

Credit for the success of the conference belongs largely to
Dr, Field Winslow, whose time as General Chairman was generously
donated by the Bell Telephone Laboratories., It was he who proposed
the ay- nda outline with its five sessions, each to handle a separate topic
area by three talks: a critical review by a recognized leader in the field,
followed by two current research reports of more than passing signifi-
cante; thus it was hoped to set the stage for definitive discussions by
other leaders in the field who had in turn been invited to the conference
for that purpose, Success, Dr, Winslow ingisted, would depend on
certain conditions, among them acceptance by a large enough representa-
tion of the top scientists from all over the world, creation of the atmos-
phere of a working group not unlike a' Gordon Research Conference, and
a restriction of attendance to assure meaningful interactions, While the
conditions were met and success recognized by all attending, it was
inevitable that some important people and some important points of view
were missing; many more people, regretfully, could not be accommodated
as attendees,

It is appropriate to express our appreciation, as well, to the
several chairmen who had the responsibility for organizing the individ-
ual sessions, Finally, well deserved recognition must be accorded
Dr. Frank Fisher, Executive Director, Advisory Board on Military
Supplies of N R Council., His assistance and support in all phases of
the business of the Conference were invaluable to the organizers, and
his attention to the innumerable details of organization were responsible
for the smooth operation of the Conference. ‘ '
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Originally a Proceedings was not contemplated. However, as the
conference progressed it became apparent that much material had, in
fact, been prepared in a form suitable for a more permanent record, It
was also recognized that the sponsoring agencies and, indeed, the research
scientists themselves could use a Proceedings for future research pro-
gram planning and reference. It was then determined that many, all
contributing to this document, would offer manuscripts for a Proceedings
composed of papers, discussion and even afterthoughts, provided that
distribution would be limited to invitees, sponsoring agencies and their
active research contractors in the field, Unfortunately much of the .
definitive and lively discussion presented from the floor is lost, owing
to acoustical difficulties with the recording. This has been partially
made up by several more lengthy discussions not fully presented st the |
conference itself, herein included as "contributions,' and printed
following the invited papers for the appropriate session.
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Ir’n many cases authors clearly stated what they felt to be important
future directions of research, The reader might well profit by searching
these cut. By way of example, a few will be mentioned. In Session No, 1,
Professor Gent listed gix areas for further research, ranging from frac-
ture phenomenology to mechanism of tear deviations; a more detailed
comparison of the failure of swollen against unswollen rubbers could
pinpoint vigscoelastic factors whereby earlier theories might be revised, .
Dr. Mullins believes much is yet to be learned of the importance to
strength of the nature of cross links and their interaction with the visco-
elastic environment, especially concerning the role of bond breaking and
redistribution under stress, Alfrey detailed a new approach to large i |
deformation viscoelastic theory which is more likely to be more structure i |
related than the useful Mooney-Rivlin invariant approach and even appli- '
cable to much higher extension ratios. Craze theory was linked to Tg
change by Andrews and a new approach opened up by Kambour with obvious
lines of investigation opening up for many materials not studied. The role
of free volume was raised by Hoffman, and Tobolsky proposed a new de-
finition of free volume for polymers in relation to strain, as an approach ] ‘
to failure mechanisms, ; J

o, AT it m ARERS  Tg

St W v

In Session 3, Morphology of Crystalline Polymers, the conference ! |
reached a high level of activity and interaction. Keith anticipated this T .‘
in his review statement calling for a reevaluation of ten years of prgress |
in this field, Folded chain theory dominated the presentations and dis- ¥
cussion, involving all three agenda presentations and eliciting in addition
four major contributions which are reproduced in full for these Proceedings.

In fact, folded chain theory carried over into other sessions, most notably d
perhaps in the novel and clarifying work of Takayanagi, Unfortunately the .
steering committee did not reserve enough time for these deliberations, 4 i
although the generous documents here reproduced together may make &
‘some amends. Much work remains to be done but the conference provided 4 4

a rich collection of leads and approaches which should bear fruit.




Finally, atiention might be drawn to the contribution by E, H,
Andrews, printed at the end, in which an excellent photomicrograph is
included as part of his provocative theory of nucleation and polymer
crystal growth in stress environments,

The organizers and sponsors of this conference are grateful to
the participants who in many cases came from afar and who gave so
generously of their time and thought. Those who supplied written manu-
script for this Proceedings under rather unfavorable circumstances are
particularly to be thanked; admittedly a more complete and polished
Proceedings would be welcome, but it is felt that a best effort document
circulated to a limited working group may well be justified at this time, !

- e cottms tecsms 32e aes MM sre & iascrars o

Basic polymer research has not been reviewed before by a
conference of this sort sponsored jointly by the several military agencies,
Polymer technology has long been a major materials concern to all these |
agencies, and various aspects have been repeatedly made the subject of |
joint conferences, It is8 becoming increasingly recognized that technology |
programs without related basic research programs advance slowly and
less certainly. A successful conference such as this serves not only to |
provide a medium for technical coordination and advance, but also to 1
provide a credible reference in the all-important defense for the funding
of basic research programs. Thus, it should be contemplated that this
conference is not to stand alone but to be followed by others covering,
as well, other topics in polymer science,

Jo HQ FAULL’ Jf'. ? V |
Office of Naval Research *

N. S. Schneider,
U. S. Army Natick Laboratories |
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DEFORMATION AND FRACTURE OF ELASTOMERS

A, N. Gent

Institute of Polymer Science
The University of Akron

ABSTRACT

Part of the energy expended in deforming elastomers is
dissipated in overcoming the viscous resistance to rotion of the
molecular chains and in breaking structures associated with
fillers or crystalline regions. These energy losses have recently
been shown to govern a wide variet,;r of mechanical properties:
tensile strength, tear resistance, resistance to surface cracking
by ozone, slidiﬁg friction and abrasion. A review is given of these
findings. In addition, attention is drawn to modes of failure which
might be properly termed "elastic instabilities, " as they can be

predicted quantitatively from the elastic properties alone.
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1. Introduction

Elastomers are not perfectly elastic; some part of the enérgy spent
in deforming them is dissipated due to a variety of causes. The.prin-
cipal energy-dissipating mechanisms are:

- (i) Internal friction or viscosity, as the molecular chains

rearrange their positions and segments of them slide past

each other,

(ii) Strain-induced crystallization. Under the orienting

influence of a déformation,' sufficiently regular molec;ules
may form microcrystalline assemblies. - Any further
deformation can only be accom.pli'shed by disrupting the
crystallites with a corresponding dissipation of energy.

(iii) Structural breakdown of a filled elastomer (two-phase)

. system. Hard fillér particles, geneially of carbon black,
stiffen elas;comers in two ways: by forming long associated
chains of particles and by adhering strongly to the ’mole'culesrz
in contact with each particle.. Both of these associations are

destroyed at least partially by a deformation, the particle

chains at quite small deformations and the elastomer-
. } [‘

particle bonds at large ones.
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The dissipation of energy internally has usually been regarded
as a serious disadvantage of elastomers. Recently, however, it has
been shown to be responsible for the resistance to a wide variety
of fracture processes: tensile rupture, tearing, surface cracking
by ozone, and abrasion. These findings are reviewed here. Also,
the existence of unstable states is pointed out, at which an
elastic deformation becomes inhomogeneous. Small regions then
become highly deformed, #ften to the point of rupture. In these
cases the criterion for fracture ig an glagtic one, involving the

relations between applied loads and deformations.

2. Iensile Rupture . , |

Strength measurements at different rates of elongation & and
temperatures T are found. to depend upon a single variable énm,
where n is the segmental viscosity (Figure 1; Smith, 1958),
Variations with temperature are thus due to corresponding viscosity
chénges. Moreover, the master curve under iso-viscous conditions
has the form expected of a viscosity-controlled quantity; it rises
sharply with increased rate of eldngation to a maximum value at

high rates when the segments do not move and the material breaks as

a brittle glass (Bueche, 1955). The breaking elongétion at first

rises with increasing rate of elongation,
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reflecting the enhanced strength, and then falls at higher rates as
the segments become unable to respond sufficiently rapidly (Figure 2).
An alternative measure of tensile rupture is the work _\Y_@_required

to break the rubber per. unit volume, It varies with the rate of elonga-
tion in a similar manner to the elongation at break, passing through a
maximum value with increasing rate, or with decreasing temperature
at'a constant rate. The variation closely resembles that obtained for
energy dissipation under small deformation, indicating the close
parallel between energy dissipation.and energy required to rupture.

A more striking demonstration is afforded by the recent observation
of Grosch, Harwood and Payne (1966) that a direct relationship exists
between Wb and the energy dissipated _‘Y.‘.i. in stretching to the breaking
.elongation, irrespective of the mechanism. of energy loss, i.e., for
filled and unfilled, strain-crystallizing 4and amorphous elastomers,

Figure 3. Their empirical relation is

L

W = 41 wa2/%,

Wy, and Wy being measured in joules/cm3 . Those materials which

require the most energy to bring about rupture, i.e., the strongest

elastomers, are precisely those in which the major part of the energy

is dissipated before rupture.
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3. Tear Streng_g

It is important to recognize that the tear strength @ is also not
a constant value for a particular material; it depends strongly upon the
temperature and rate of tear, i.e., the rate at which material is
deformed to rupture at the tear tip. Several critical values of @ may
be distinguished, The smallest possible value is given by the surface
en;argy, about 50 ergs/cm?2 for non-polar hydrocarbons., This value
ig indeed found to govern the growth of surface cracks due to chemical
scission of the elastomer molecules. (by atmospheric ozone), when fhe
function of the applied forces is merely to separate molecules élready
broken (see section 6). Another critical value of 0 is that necessary
to break all the molecules crossing a randpm plane., This has been
‘estimated to be of the order of 104 ergs/ cm? for typical hydrocarbon
elatomgrs (Thomas, 1966), Measurements of the minimum value of
8 necessary to causé any cut growth by mechanical rupture are in
reasonable agréement with this value (Lake and Lindley, 1965),

In simple tearing measurements the observed values of 9 are
considerably large, ranging from 105 to 108 ergs/cm2. The reason
for the enhanced strength is made clear by considering the process by
which the énergy 0 is dissipated at the tear tip. Thomas (1955) has

shown that @ can be expressed in terms of the effective diameter d of

the tip of the tear and the
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"intrinsic'' breaking energy-W-b of the material by the approximate

relation

The "intrinsic" breakiné energy may be defined as the energy required )
to break unit volume of the material in the absence of a significant
nick or flaw, It will be generally similar to, but larger than, the

value of W, determined for carefully prepared tensile test-pieces in

which chance edge flaws are minimized, Both _—VYP. and d depend upon

the conditions of tear. However, for unfilled non-crystallizing elastomers,
d remains small (of the order of 0.01 cm) and relatively constant. In
these cases Greensmith (1960) has shown that ] io proportional to ‘\_N_Q |
and changes in a parallel fashion with temperature and rate of tearing
(rate of extension). Mulling (1959) has also shown that @ is propor-
tional to a measure of the v.iscous. sfres'a oornponem:T Thus the internal | i
viscosity determines the intrinsic breaking energy and the tear resis-
vtance for such rrié,terials. The effective diameter d of the tip of a growing .
tear also depends upon the elastic and viscous properties to some degree ﬁ
(Gent and Henry, 1967) so that the tear onergy 8 shows a complex tem-
perature dependence, It is still governed by the mternal energy
dismpatmn, however, and is found to be the same for elastomers of

wxdely-different chemical composition under oonditions of equal

segmental mobility (Figure 4; Mullins, 1959), - ' ‘
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In strain-crystallizing elastomers (for example, natural rubber)
the tear resistance and tensile strength are greatly enhanced. Such
materials show mechanical energy dissipation as discussed in the
Introduction, and their strength has been accounted for in this way
(Andrews, 1963). Adding reinforcing particulate fillers to non-crystal-
lizing elastomers brings about a similar strengthening. This effect is
pr'incipally due to a pronounced change in the character of the tear
process, from relatively smooth tearing in unfilled materials to a
discontinuous stick-slip process, in which the tear develops laterally
or even circles around under incredsing force until a new tear breaks
ahead and the tear force drops abruptly. The process then repeats
itself (Figure 5). This form of tearing has been termed ''knotty" tearing
(Greensmith, 1956).

The mechanism of tear deviation is still obscure. It may occur
because.the maximum stresses lie off the tear axis, due to anisotropic
elastic behavior of the strained material around the tear tip or to a
"frozen' stress mechanism proposed by Andrews (1963), or because
the filled materials have anisotropic strength. Pronounced knotty
tearing occurs only within a litﬁited range of tear rateé and tempera-
tures, depending upon the particﬁlar filler and elastomer employed
(Greensmith, 19586). There are some indications that this effect is
associated.with the viscqeia_stic response of the polymer, but the
conditians required ‘inv'olve much higher temperatures axid, lower rates

of extension than the main rubber-to-glass transition régidn.
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4, Sliding Friction

: Friction is naturally associated with energy dissipation. The
principal mechanism of dissipation again turns out to be energy losses a
within the elastomer, but the connection between the coefficient of
friction u-and the internal viscosity, for example, is complex; two
distinct modes of deformation having been distinguished (Grosch, 1963).
The first is due to indentation by éurface asperities on thi: track and the
second arises from molecular adhesions which are formed and broken
during sliding. |

On a lubricated rough track the value of u increases with increasing
sliding velocity and then passes through a maximum (Figure 6). The
relation closely resembles the dependence of the energy absorption per
deformation cycle upon the frequency of deformation. Indeed, the speed
of sliding at which u has a maximum value, divided by the spacing ‘?
between asperities, qorrespbnde accurately to the fréquency of deforma-
tion at which the energy dissipation is a max‘imum at the same temperature,
The dominant role of energy dissipation in lubricgted aiiding friction is
thus established. For sliding over a clean smooth surface the relation ;
for u is found to be similar, but dispiaced toward lower velocities. It

corresponds, therefore, to "as’peritiea" of much closer spacing than those

AT SRS FE LSRR A o s e

in the rough surface,
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The spacings are calculated to be only about 608, by comparing the
comparing the velocity for maximum f{riction with the frequency for
maximum energy absorption. Thus, friction between dry smooth sur-
faces is associated with deformations on a molecular scale. It has
therefore been attributed to transitory molecular adhesions between
elastomer and track The high frictional coefficient is, however, again
due to dissipation of energy in the rubber as it undergoes local shearing
defg?rmétionl around the temporary bonds, and not due to the sirength

of the bonds themselves This is shown by the characteristic dependence
on speed and temperature.

On dry rough surfaces the effects of both surface asperities and
molecular adhesions are evident in the master relation for U asa
function of the speed of sliding (Figure 6), On lubricated smooth surfaces
both deformation processes are minimized and the coefficient of

friction is correspondingly small.

5. Wear Due to Sliding |

Asg both the. téar resistance and the tearing (frictional) force depend
upon temperature in accord with viscosity-controlled processes, it is
not éurpr‘ising that the abrasive wear as a function of spped of éliding
should do so. A éuitable measure of the’rafe of wéar is provided by the

ratio A/u _of the volume A abraded aWay per unit normal load and unit
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sliding distance to the coefficient of friction y . This ratio, termed
the abradibility, represents the abraded volume per unit energy
dissipated in sliding

It is found to decrease with increasing speed, pass through a minimum
and then rise again at high speeds. This behavior resenbles the variation
of the reciprocal of the breaking energy _\!9_ with rate of deformation
(a i'eciprocal relationship because high abradibility corresponds to
low strength). Indeed, Grosch and Schallamach (1965) found a general
parallel between A4 and l{_vz,_,_ (Figure 7). Moreover, the coefficient
of proportionality was found to be similar, about 103, for all the unfilled
elastomers examined. This coefficient represents the volume of rubber
abraded away by unit enecgy applied friqtionally to a material for which
unit energy per unit volume is necessary to cause tensile rupture. It may

be regarded as a measure of the inefficiency of rupture by tangential

surface tractions; large volumes are deformed but only small volumes

are removed.

6. Resistance to Ozone Cracking

In an atmosphere containing ozone, stretched strips of ,unsaturated‘
elastomers develop surface cracks. These cracks grow in width and depth

and either sever the strip or cause a serious loss of strength. From ex-

periments with initial cuts of different length and with elastomers of dif-




14

ferent degrees of éroullnking. and hence different values of Young s

modulus, Braden and Gen (1960, 1961) found that the minimum stresses .

s v . , R i B L ‘tm: i et
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for cracking to occur corresponded to a critical energy requirement of
about 50 et'gs/c:m2 of new surface Thia suggests that the critical con-

dition is a very simple one: the stored elastic energy must be sufficient

to meet surface energy requirements. The critical stresses to cause
cracking in uncut test-pieces corresponded to cuts about 10 3em deep,
using the same energy criterion. It was therefore deduced that normal
ozone cracks start from surface nicks or flaws equivalent to cuts of
this size. -

Provided the critical stress was exceeded, the rate of crack growth
did not depend significantly upon the applied stress over a wide range
of stresses. However, it depended markedly upon temperature. Rates
of growth were determined over a wide temperature range for a series
of butadienestyrene rubbers containg from 0 to 80 per cent styrene
«Gent and McGrath, 1965). When plotted against the témperature dif-

fierence T-Tg between the test temperature and the glass temperature
for each material, they were found to form a single, relation (Figure 8)

suggesting that segmental mobility is the primary factor determining the

PR T U

rate of growth of an ozone crack. The Williams, Landel and Ferry

relation for segmental mobility (Ferry, 1961) was found to describe the ex- ‘
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perimental results well at low temperatures. At higher temperatures
the observed rates did not continue to increase with increasing segmental
mobility but appronched a constant value, This was due to the limited
concentration of ozone; the incidence of ozone molecules had become
rate-determining, rather than the segmental mobility. However, over

a temperature range up to about Tg + 6°C at this particular ozone con-
centration, the rates of ozone crack growth were clearly determined by
the internal viscosity of the rubber, ra’ther than by strictly chemical
fac;tors. This is apparently due to the need for movement of the rubber

molecules in and near the crack tip to vield new surfaces for reaction

(Gent and Mc Grath, 1965). '

7. Elastic Instabilitiel

Novel instabilities can occur for materialas capable of undergoing
largé; elastic deformations. For example, ‘the uniform inflation of a long
rubber tube becomes unstable at a critical degree of inflaction and
the tube develops a pronounced ''blister’. In such cases, where the
deformation becomes markedly non-u;aiform, the specimen will obviously
rupture prematurely. For materials of limited extensibility fracture can
therefore be calculated quantitatively from purely elastic cnnsideratioris,

and w1 ' 2 largely independent of the detailed fracture properties of the |

material. The cavitation of elastomers under a negative hydrogtatic
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pressure (triaxial tension) is an example of this type of fracture.
Gent and Lindley (1058) have shown experimentally that the critical
stress at which cavitation occurs is not greatly dependent on the tensile
strength or extensibility of the elastomer. Instead it is directly
proportional to the elastomer modulus (Figure 9). Indeed, quantitative
agreement was obtained with the calculated stress at which the elastic
expansion of a hypothetical small hole in the elastomer would become
inglefiriitely large. It seems likely that other cases of fracture by elastic

instability also exist, as yet unrecognized.

8. Conclusions and Recommended Research

A review of several diverse fracture processes in elastomers has
been presented in terms of a general unifying concept: the inefficiency
with which the energy of deformation is eipended in molecular rupture.
The experimental evidence has been briefiy discusseci, using amorphous
unfilled elastomers as the primary examples because their en:rgy
diasipation in viar.;aus pfocesses follqws a characteristic dependence upon
speed of deformation (or frequency) and temperature. The effects of

strain-induced crystallization and the presence of reinforcing particulate

fillers have also been shown to be encompasgsed by the same general

~ principles, so that it has prbVéd possible to account for the ‘main features

of the tensile strength, tear resistance, abrasive wear and ozone cracking
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of elastomers in this way.

It is clear that an elastomer having the greatest degree of energy

dissipation consistent with satisfacotyr service performance should

O s

be chosen for maximum strength. Two aspects of this general correlation A
between strength and diasipative properties s..ould be emphasized, however: ~»
(i) It is not always a simple relationship. In sliding friction,
for example, two mechanisms of dissipation have been
identified , whose relative importance depends upon the

geometry of the track, the speed of sliding and the detailed

nature of the viscoelastic response of the rubber.

s ol AR I
AL g

(ii) Ideally an elastomer should develop energy-dissipating
features only at high extensions so that it is resilient under
normal service conditions and 'yet' strong at sites of stress
concentration. Strain-crystallizing elastomers show pre-

ciseily this behavior, and filled materials do so also but to'a

lesser degree.

The detailed ‘struc'ture of elastomer networks has not been dealt
E with here The ‘average length of the molecular chains which comprise
the network is found to govern the extimsibility under conditions of low
internal V}iscolity (Greensmith, ‘Mullins and Thomas, 1563). Significant

P ‘ effects would algo be expected from the distribution of chain lengths,

of which little is known, ahd from the presence of physical entanglements
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in addition to permanent chemical crosslinks between chains. No
study of such effects hu yet been made. Indeed, the study of general
fracture processes under conditions of low internal viscosity, and the
effects of network strt_xcture upon them, seem appropriate areas for

future research.
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- Master relation for tear energy ¢ as a function of the rate of ‘
5 . tearing r reduced to Tg + 20°C for vulcanizates of butadiene- -styrene |
. (40)and butadiene-acrylonitrile (@, a) copolymers, After {
- L  Mullins (19598) . |
I |

(ergs/cm2)
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(cm/sec)

Coefficient of sliding friction u for a butadiene-acrylonitrile
vulcanizate vs speed of sliding V reduced to 20°C. Curve I,
dry smooth track; curve II, lubricated rough track; curve III,
dry rough track. From K,A, Grosch (1963) ,
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Abradibilities A /u (broken curves)

' and breaking energies Wy (solid
curves) vé temperature for three
elastomers. Arrows on the verti-

. cal axis indicate the zero points for
the abradibility relations. The ver-
tical bars indicate the regions of
stick-slip sliding. From Grosch

- end Schallamach (1965) ,
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Relation between cracking stress S and Young's modulus

E of the vulcanizate (Gent and Lindley, 1958). |
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Lecture to Conference on Polymer Structure and Mechanical
Properties held at U.S. Army Natick Lahoratories, April 1967
Relationship bltwcqn Crosslink Type anc Mschanical Properties.

by L. Mullins
Natural Rubber Producers' Research Association

Traditionally “he process of vulcanization involves the formation
of a stable érosslinked network from the long polymer chains by the
judicious admixture of sulphﬁr, fatty acid, metal oxide, accelerators and
the generous application of heat. This is a surprisingly compiex chemical
procgaantq\gggifre the apparently simple purpose of the introduction of
a fe&'cgosslinks.‘ Simpler processes are known but these lead to vul-
canizates with inferior properties to those obtained by conventional
sulphur vulcanization. Chemical properties as evidenced--for example--

by resistance to ageing are also altered markedly in passing from the base
polymer to certain vulcanizates.

Now we know that if we take a rubber and vulcanize it to the same
extent by different vulcanizing systems the resultant vulcanizates may
h#ve widely differing strength properties - tensile strength - fatigue
strength - cut growth resist#nce - tear resistance - or resistance to just
wearing ou;. (Figure 1). With natpral'rubber tensile strengths of in
excess of 360 kg em™2 are obtained for certain types of accelerated
sulphur vulcanizates, falling to valueé of between 200 to 300 kg. cm™2
for other sulphur vulcanizates in which less sulphur is used, falling to

less than 200 kg. en™2 for peroxide vulcanizates and finally to less than

100 kg. cm~2 for vulcanizates produced by high energy radiation. To
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cdmplotc the picture a value in excess of 700 kg. cm~2 is produced by J

vulcanizates containing pendent carboxyl groups and vulcanized with zine ]

T i i ST

: soaps. With SBR - rubbers in which strain induced crystallisation is
absent - values of 21.0 and 12.5 kg. cm~2 are obtained for accelerated
sulphur and peroxide cures respectively in contrast to values of in
excess of 700 kg. em™2 for ‘carboxyl type crosslinks under certain conditions of
testing.

.These differences in strength must stem from:-

% i) differences in the actual crosslink,
% 11) chemical modification of the main chain during vulcanization,
: - 111) changes in the effective initial molecular weight of the base ]
polymer.
4' Knowledge on the contribution of these aspects has been exceedingly .

hard to come by and work at NRPRA is currently procee&ing on a number of
complimentary and interrelated fronts in an attempt to give information of

how the vulcanizing system affects mechanical properties.

s et LS gl SRR - ey

1) The first of these is to develop techniques to provide information
‘about the detailed vulcanizate structure - so called chemical probes. The ? ‘
essential féaturaa of much of this work have been published, although
the probes-aré continuously being refined. It is the application of - these ; j
,bzobes to determine the nature of crosslinks in vulcanized articles made - 1

from differeat vulcanizing systems and to trace the changing fate of | | : |

these crosslinks during the life of the articles to which attention is . 5 *

currently directed. o { .
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i1) The second front is an attempt to make vulcanizates as comparable
as possible with respect to crosslink dennit&. base polymer, nun-rubbers,
etc. and to have as the only variable the known nature of the crosslink
itself.

ii1) The third front is an attempt to confirm the existence of
mechanisms which have been invoked to account for differences in ﬁro—
perties of vulcanizates prepared from different vulcanizing systems.

" As already indicated in tracing the effect of vulcanizing systems
it i? nﬁcessary for us to consider a variety of crosslink types (Figure 2).

i) First direct C-C crosslinks without the intervention of sulphur
or other groupings between polymer chains. These are produced by orgaﬁic
peroxides or high energy radiation.

ii) Secondly crosslinks produced by conventional sulphur vulcanization
may be of a variety of types depending upon the exacﬁ conditions of
vulcanization - tﬂé detailed amount and nature of ingredients and the
temperature and period of vulcanization. Crosslink types may vary from
mono-auiphides to disulphides to polysulphides.

11i) A further type of crosslink involves not co-valent bonds but ionic
linkages as exemplified "y the crosslinks formed by metal carboxylates.

iv) Perhaps I.ought to add a fourth type - in view of development
of thermolastic rubber - the domain types or crystalline type of crosslink.

On the provision of techniques to unravél the detailed nature of
sulphur vulcanizates, briefly methods have been developed which enable

us to quantitatively determine the actual nature of crosslink tupes in

sulphur vulcanizates, it is now possible with so-called chemical probes

TP er i TR LR
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to count the number of monosulphide, disulphide and polysulphide cross-
links and to determine how much sulphur is ul;d wastefully in cyclic
sulphides and pendent chains.

Tho‘tcchniqﬁg involves

i) Determination total number crosslinks

ii) Treatment with a uélution propane~2-thiol (0.4M) plus pipe¥1dine
(0.4M) in n.heptane. This destroys all polysulphides but leaves di and
mono sulphides intact.

111) Phtermination of residual number crosslinks

iv) Treatment in vacuo for 24 hrs. with a solution of n-hexane thiol

- (1M) in neat piperidine. This destroys all polysulphides and disulphides

but leaves monosulphides intact. ,

v) Determination residual number crosslinks

vi) Calculation of monosulphides by difference

vii) Treatment Qith triphenylphosphine whi¢h converts polysulphidic

crosslinks to mono or di. From knowl :dge of the network concentration
and cro‘ulink type and combined sulphur before and after treatment the
combined sulphur present other than in crosslinks can be found.

We have now the possibility of -tracing the effect of sulphur cross-
link‘typéth physical properties, and of selecting vulcanizing systems
to give required crosslink types.

Vulcanizates have been prepared as similar as possible in all respects

other than crosslink type;

R S S




Peroxide (Carbon=-Carbon)
CBS, 6; S, 0.4; (Monosulphide 90%) :
i? CBS, 1.0; S, 2.5; (Polysulphide 702) i
| Figures 3 and 4 show the progressive change in crosslink type which %

occurs with pro.onged vulcanization. This also occurs during thermal

ageing or during the service life of articles. Table 1 gives data on é

some mechanical properties of these vulcanizates. ’
We have been closely foliowiqg the changes in crosslink type during

S a variety of service applications, in tyres, in engine mountings, in

o couplings, etc.

| Let me illustrate the pono}bilitiel with an investigation which was

carried out on truck tyres, where we were interested in tread looseness

developing in service. Here using 900 x 20 (12 ply) tyre we took number

consecutively from-a production run as follawq. Control tyres, tyres

for rig testing on ribbed drum to promote tregd lift tyres were removed

;f as soon as tread lift observed, tyres for service on the driving wheels %

: of a petrol tanker (24 ton 8 wheeler 400 m.p. day, 45 m.p.hr., 27,000 miles, ‘
surface temierature 65°C.). g

o The results showed that in the éontéols the overall concentration %

. of crosslinks was uniform but that after the rig test the concentration

was greater everywhere and greatest under the outside ribs while in the

service test the concentrgtion was similar to the control.

The results also showed that there was a progressive change in

crosslink type towards monpsulphidic crosslinks. " Indeed in carcass of

heavy treads - subject to retreading a number of times - the crosslink type
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must be monosulphidic for most of the life of the tyre (Figure 5).

Now I would like to move from the more pkaccical more empirical "
aspects of our work to the more theoretical more hypothetical.

It is found'that the strength of rubbers increases progressively

with type of crosslink in the order C-C < C-8-C < C-8~-8-C < C-8~§  =-8-C <

ionic. The strengths are in inverse order to their bond energies and it
is tempting to ascribe differences in lcfcngth to differences in strength '

of tﬁe croselinks themselves.

strength due to the ability of these crosslinks to relieve local stress

;Croﬁslinko with lower bond energies contribute to higher tensile
- concentrations. The mechanism involved is that due to the random'nature
J

of the crosslinked network - it is in constant thermal motion - at any

i NI s AR e 2T
-

instance some of the chains are subject to abnormally high stress. If i

the chains are securely anchored by strong crosslinks the chances are

that the cliains will break and neighbouring chains subject to enhanced o

ik

stresses. If the points of anchorage are weak the crosslinks yield and
the stress concentration released by redistribution of the load. A

characteristic of multiple sulphur and ionic bonds is their readiness

A i o e R L, e

to participate in exchange reactions of -breaking and reforming and so to

provide a bond rearrangement which can continuously adjust itself and

- 5 A

[ thus permit the deformed network as a whole to support a higher stress.
: | This hypothesis is supported by the results of an investigation

into the breaking and reforming of crosslinks during stressing. Here

" b e B

by measuring the permanent set remaining after stressing to large

-  extensions we get information of number of bonds reformed in deformed state )
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and changes in equilibrium volume swelling give fraction of crosslinks
which break. | .

- Two network theory enables a quantitative estimate to be given to
fraction which break and fraction which recombine.

Found tcndcnc& to break greater in crosslinks with lower bond energy,

tendency to reform also grintpr in crosslinks with lower bond encréy.
Thus the redistribution of crosslinks which occurs in conventional sulphur

CBS is greater than in TMID which in turn is greater than in peroxide

vulcani:?ton. (Table 2).

Further support obtained by swelling in a radical acceptor di-n-butyl
tetrasulphide. Breaking is found to be similar for both control and
treated samples but recombination is less. This showm by reduced set
and increased swelling.

In anothcf context studying the effect of croonlink type on
softening rcsultiné from previous stretching we have examined same three
types of vulcanizing system and have shown that permanent changes of the
network 6n stressing depend on the vulcanizing cycteﬁ.

There is thus evidence for the breaking and redistribution of cross-
links on strqaéing which supports the proposed mechanism for the effect
of cresslink type on strength. |

This process in which redistribution of crosslinks leads to strength
1uev1t&b1y leads to a loss in elastic properfies viz:- creep, set,

stress relaxation, and hysteresis.

Another aspect of the effect of crosslink type on strength of

natural rubber is shown by'recent work on the change in tensile strength
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with tempsrasture.

If follow the chqnjc in tensile otrcngth'with temperature then
observe a critical temperature above which the strength falls abruptly.
This 1is due to the rubber crystallizing in bulk at lower temperatures.
The critical temperature depends among other things on the type of
vulcanigzing system (Figurcié). It is interesting to note that rubﬁor-

with lower strength have lower critical timpctaturcu. It has however .

been known for a long while that the ease with which rubbers crystallize
at low t?ﬁpcrcturcl depends on vulcanizing system but significantly the

ﬁlah‘r.rubberu are those which crystallize most readily.

IR e

|

Here again the role of crosslinks which break and reform appears . |
important. Slippage of crosslinks in addition to permitting stress |
redistribution permits more perfect alignment of the chains which in

turn results in more effective crystallisation which shows more permanence

g S A AP v rim

at high temperature. : | |

It is interesting to compare the curves of tensile strength against
temperature with the effect of the size of a small cut on tear strength.
Here the abrupt full in tear strength is attributed to a change from

tearing in rubber where the bulk is crystalline to tearing in rubber where

rupture occurs at a strain less than that required to make the bulk ‘crystalline.
The chemical properties of rubbers as reflected by their resistance
to thermal and oxidative ageing are also markedly altered by the nature of

the crosslink. .Vulcanizates with C-C or monosulphide crosslinks show -

§
1
1 <
1 L

the expected good thermal stability while those with polysulphide cross-
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links show post curing reflecting the readiness of the crosslinks to
undergo sulphur bond interchange. Oxidnctvc degradation of the former
types of vulcanizatas occurs primarily as a result of scission of the

main chains and can be suppressed by conventional antioxidants but with

the latter type conventional antioxidants act as relatively poor

1nh1b1torl.‘
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TABLE 2

V:l::z;zing Set % Fraction Fraction

y Breaking % Recombining %

1] ‘

Peroxide 1.7 6 0.6

TMTD 2.5 10 0.9
Sulphur/CBS 9.0 - 12 3.4
Sulphur/CBS
(with tadical 14 1.4
acceptor)

Breeking and Recombination .of Crosslinks on

Stressing (150 kg.cm'z)
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Comments after talk by Dr, Mullins

Arthur V. Tobolsky

The tensile strength of rubbers erosslinked to equivalent extents
by carbon-carbon linkages, monosulfide linkages, disulfide linkages,
polysulfide linkages and salt linkages are known to increase in'this
order. This is also the order of decreasing bond strength of these
crosslinkages?t,

Several authors have concluded that the high strength values result
from a breaking and remaking of the weak crosslinks during the tensile
test,'as reviewed in reference (1).

Tensile strength tests are carried out at room temperature in a
matter of seconds. The relaxation time of polysulfide linkages at room

R e A - ORI

temperature is of the order pf many hours. In my opinion it remains to
be fully demonstrated that an appreciable fraction of weak linkages
break and remake during the time of a tensile test. ‘
Furthermore, Lal and Scott® have shown that networks containing o
polysulfide crosslinkages can be treated with reagents which convert
these linkages to stable linkages, without much loss in tensile strength.

T R R AR e

It appears that a supplementary or alternative theory to explain

- the high tensile strengths of weak crosslinkage networks is desirable,
One possibility that should be considered is the following: during
vulcanization by peroxides the crosslinkages are formed in an irreversi-

refuit Boped g st T 2 A )

ble fashion, which might produce built in stresses or strains. During
vulcanizations which produce polysulfide bonds the crosslinkages break
i‘ and remake, thus producing a network which may be relatively free from
internal stresses and strains. The difference in tensile strength might
¥ ariée from a difference in the network structure, internally strained
versus relaxed, according to this hypothesis.

This hypothesis s quite consistent with the results of Lal and
Scott. Once the network is formed in an internally relaxed condition, ;' b g
the tensile strength remains high even when weak crosslinkages are

replaced by strong ones. ~ i <
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Comments after talk by Dr. Mullins (continued) - A. V. Tobolsky

A problem remains which is not explained by the hypotheses of
reference (1) ot by the one suggested here. Thiokol rubbers contain-

ing polysulfide linkages along the main chain do not have high tensile '
strengths., '

References
1. L. Bateman, L. Mullins et al "Chemistry and Physics of Rubberlike

'Subbtances”, Chapter 19, MacLarend and Sons, Ltd., London 1963.

2. J. Lal and K. W, Scott, J. of Polymer 8Sci., C9, 113, 1965.
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EQUATIONS OF STATE FOR ELASTOMERS

Turner Alfrey, Jr.

The Dow Chemical Company

INTRODUCTION:

No completely satisfectory analysis of the large-strain
elastic behavior of rubbery materials has been developed.’

In one sense, the problem 1s solved. If a unique strain-
energy function exists, 1t must be expressible in terms of the
three straln invarlants:

.

W=W(I., Iz, Ia) (1)

(it belng assumed that the material is initially isotropic).
In the case of an incompressible elastomer, the third invariant
is a constant, and hence:

W= W (I, Iz) . (2)

The -Mooney-Rlvlin equation 1s an example of this type of expres-
sion, which utillizes the linear terms of a power series in I; and
Iz

w‘= Ca (I{-3) + Cz2 (I=2-3) (3)

Although the strain energy function must be expressible
~as a fupction of I, and Iz, there 1ls no assurance that this will be
a simple function. The utility of the Mooney-Rivlin Equation is
definitely limited, and attempts to develop more elaborate versions
of Equation (2) have met with only partial success.

It therefore seems worth-while to examine other, completely
. different, approaches to a straln-energy function for large strains.
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Landel has suggested the fcrmulation of W in terms of the principle
strains, rather than the strain invariants. In particular, he
has used a separable strain-energy function of the form:

We==1 (A1) +f (Na) + £ (ra) (4)

In this report, we shall introduce a method of representing
arbitrarily 1arge'multiaxial strains in incompressible elastomers,
by points on a triangular coordinate system. We then assume that
the strain-energy is a smooth function of the strain, and are led
to a stradn-energy function of the form employed by Landel, for
moderate strains.

MATHEMATICAL DEVELOPMENT:

Consider a hysteresis-free incompressible elastomer, deformed
in three mutually perpendicular directions to arbitrary extension-
ratios: A1, A2, and Aa. The corresponding principle stresses are
01, 02, and ga. The straln energy density 1s W.

Because of the incompressibility'condition, the state of
strain 1s defined by any two principle extension-ratios, and hence
can be represented by a point on & *Wo-dimensional mep. One method
of represenfing multi-exisl streins on & plane, which has the
desirable feature of glving equal status to Ai, Az, and \a, 18
described below..

A triangular grid of lines inclined at 0°, 120°, and 240°
is set up. The origin is located at the center. The logarithms
of the extenslon-ratios are plotted on the triangular coordinate
system, as indicated in Figure 1. Either natural or Briggsilan
logarithms mey be employed. We shall use the latter:




&
|

LL = 1081@ A

P
Lﬁ
N

Lz = logio A2

La = logio A3

Figure 2 indicates the gereral character of the strain
energy function W, when represented on such a triangular dlagram.
Clearly, the contour lines of constant W must exhibit trigonal
symmetry, and must approach circular shape for small strains.

| w; wish to examine the restrictions on W (A1, Az, \a)
which can be deduced from the minimal assumptions of smoothness and
symmetry. As a background for thls, we shall briefly consider the
expansion of a smooth function in terms of polar coordinates, r
and 8,

POLAR COORDINATE EXPANSION OF A SMOOTH FUNCTION:

Conside: a scalar function of two independent variables:

W=1£ () (6)

In the neighborhood of the point (x=0, y=o0), the function is
continuous, finite, single-valued, and "smooth" (all derivatives
finite and continuous throughout the region considered). Such a
function can be represented by a two-dimensional Taylor series:

‘W =A+ Bx + Cy + Dx2 + Exy + Fy2 + Gx® + Hx2y + o0 (7)
where A, B, C, etc. are numerical coefficients.

Let us now represent the same scaler function W in terms
of polar coordinates:

W=g(r, 9) (8)

e OSSR R R
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In the vicinity of the origin, this function can be expanded into
~a series of terms of the type r? 8in (mAd)., If W is a smooth
function, the following restriction on the integers n and m hold:

(1) n anl m are both odd or both even.
(2) n = m.

Thus. W can be written as: . q

W= [Ao + b2 r2 + Ay r* + Ag 1° +]---
. |+ [B; r +Bar®+Bs r® + ---] sin 9

+ {C; r+Car®+Csr® + ---] cos 9

+ [Da r2 + D¢ r* + Dg r® + =-- sln 20

+ [Ea r2 + Eq r* + Es r® .+ --- cos 28

- [Fa r® + Fs 1% 4+ Fp 7 4+ === 8in 38

+ [Ga r® + Gs r® 4+ G, 7 + -'--] cos 36

If the function W has some sort of symmetry, further
restrictions can be mede on the allowable terms of such an

expansion. In particulear,
1£ W(r, 8) = W(r,0 + §1 ) = W(r,0 + -‘3‘1’-) (10)
= W(r,-8) = W(r,~6 + 5L = W(r,-p + §7)

then W = pAo + A2 r® 4+ Ay r* + As r® + ---} (11)
+ [Bo ® + Bs r® + B, " + -- ] cos 36

g -
+ |Ce r® + Cg r* + Cio r ° + ---]cos 69

+ [D. r® + Dy r*? 4+ --- ] cos 96

+ - s =



Rearranging this series in order of increasing powers of r,
we obtain:

W=2Ay + A2 r2 + Ba r® cos 3 0 + Ag r* + Bs r® cos 39 +

+ (Ae + Cg c08 68) r® + B, r’ cos 38 + --- (12)

Restrictions on W (L;, Lg, Lg!.

Returning to the triangular diagram of multiaxial strain
(Li, L2, La), and the strain-cuurgy function W, let us establish a
polar .coordinate system (r, 8) as indicated in Figure 3. Any state
of multiaxial strain (A1, A2, As) can be expressed in terms of r
and 0:

Ls = r cos € '
Lz = r cos (6 - %ﬂ) (13)
Ly = r cos (8 + %ﬂ ) |

Or, if we express r and 9 in terms of L,, Lz, La:

L ,

r ;\/La2 +3Le® - Ly Le + §La% = (/%)°_\/L12 + La2 + La® (14)
La Snares o mbn s

cos .*\[Laa . % Lo? - % L, Lg + % 1,2 (15)

/

8 =

.Now, let us examine the consequences of making the minimal
assumption that W (Li, L2, La) must exhibit the qualities of smooth-

ness and symmetry discussed inthe preceding section. Setting W=0
for the unstrained state, we obtain: .




We=Ag r® + By rd cos 30 + Ag r* + Bg r® cos 36
+(Ae + Ca cos 66) r® + B, r” cos 30 + Ag r®+ Cy r® cos 69 (16)
+(By co8 30 + Dy cO8 98) r® + Ayo r2® 4+ Cio ri° cos 66 + --- |

Let us examine these terms individually, starting with the rirﬁt: l
Az r® = Ag+(R)+(La® + La® + La?) (17)
- Bas r3 cos 36 = By 1? [h cos 36 - 3 cos e] -
. Bs (L;’ + Lg% + Laa) (18)
A4 T = Ag(3)(La® + La® + Le?)? -
Ave(§)+(La% + La* + Ls*) (19)
Bs r® cos (36) = Bs r‘[u cos 30 - 3 cos e] u |
" BgoK (L% + La® + La%) (20)

Each of the above terms, and hence the entire W (Li, La, Ls) --
through the sth power term - is sg¢parable, with no cross terms.

We=£f (L) + £ (La) + £ (Ls) ‘ (21)
This of course implies:
W= g(r) + g(ra) + g(rs) - (22)

# which 1is precisely Landel's assumption.

'On the other hand, this simple separabllity does not continue ?
indefinitely. The reader can easily verify that the term A r®, for ‘
example, does not reduce to K (Li® + Lg® + La®).
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We are thus led to the conclusion that Landel's equation
of state for rubber is not exactly correct for strains of all
magnitudes, but that up through the 5th power terms of a pcwer
series expansion the Landel separation is rigorously correct.
Landel's equation should fit well over a considerably wider range
than the Mooney-Rivlin Equation, but should fail at extremely
lurge strains (approaching the ultimate extension).
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PART II. VERY LARGE STRAINS .

INTRODUCTION:

This section deals with the squatlion of state for elastlic
materials, for arbitrarily large strains and for arbitrary multi-
axial character of the stress and strain. The materinl will be
assumed to be incompressible, and to exhibit equilibrium elustic
response (no hysteresis), relatable to a unique scalar strali- .
energy-density W which depends upon the strain state. Our probism
is thus the construction of a suitable strain-cnergy function,

W (A1, A2, Aa) to represent the elastic behavior over the entire
range frqm zero s%rain to fallure, for simple tension, shear,
biaxial tension, or any intermediate type of multiaxial stress.

MATHEMATICAL FORMULATION OF A STRAIN-ENERGY FUNCTION:

The considerations developed earlier lead us to consider
a straln-energy function of the form:

Wy Agr® + Bar® ¢ 4 34 +rA,r‘ + Ber® cos (38) + === (1)
: (1 - 'i.'g)

where r*, the "ultimate limit" of deformation, i1: some trigonally 1
symmetric function of 9.

However, if we merely write

|
r* = M+ Ncos 36 + P cos 66 + === (2) 1

we will btain a function which has lost the quality of smoothness ' F 1
in the region (r-o). i
‘ ‘ <

We are therefore led to search for some modification of
Equation (1) which goes to infi.ity at some boundary r*(8), but
retalns smoothness at the origin. The ratio of two smooth functions i
should be smooth, so let us consider the function: g

g £ L et 00
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Agr® + Ba»® cos 38 + Aer* + Bser® cos 39 + ---

Wyr = ‘ ]
I 1 - (Mr? + N r® cos 30 + Prt + ---.) (3)

If we expand WII-as a power series in r, we obtain:
Wrp = A2r2+Bar® cos 36 + (A¢+MAg)r* + (Bs+MBa+NA2)r® cos 36 + =-=(4)

As antliclpated, all terms which appear meet the requirements for
smoothness at the origin, and trigonal symmetry.

It is my contention that the function Wy; (r, 6) should pro-
vide a better approximation to the multiaxial stress-strainr bvehavior
over the entire range, with a smaller number of adjustable parameters
used, than any previously suggested specific equation (e.g., expansion
in terms of strain invariants, or Landel's expression in terms of
the principle strains). The expreséion reduces to linear elasticity
as r=o0; it reduces to Landel's equation for moderate strains; and
1t captures the rapid upturn in stress 'as the limit of extension 1s
approached . '

The importance of including the denominator in Wrp (r, 8) is
that 1t permits good fitting in the very large strain region with
a minimal total number of adjustable parameters. The numerator
expression elone can be made to fit any possible strain-energy
function over the entire renge, but 1t would converge very slowly
near the limit of extension, and thus require very many terms.
This- advantage of Wpr (7, 8) is only reslized if we cut off the
serles as polynomials. Let us therefore propose three specific
polynomial verslions of this function, one having three arbitrary

constents, one having four, and one having five:

Apr® .
Wrpp(rs8) = 1 -fﬁi" + Nr° cos 30) (5)

B
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‘ _ Agr® + Bar® cos 38 |
Wpy(rs 8) = PRIt Sl S ()
: _ Apr® + Bar® cos 39 + Aert
wy(r, 8) = 78 (MrZ + Nr> cos 39)

wIII (r, 8) can hardly be expected to fit very well cver
the entire range, but 1t i1llustrates how the¢ parameters can be
obtained from experimental data. The constant Az is obtained from
the limiting shear modulus, G, which hold for infinitesimal strain,
and which can be established by standard extrapolation of stresg-
strain data to zero strain. The constants M and N can be obtalned
from the limlting extension for uniaxial stretching and for uniaxial
compression (or biaxfal stretching). These limiting strains must
be determined by extrapolation of some kind. It is suggested that
che reciprocal of stress be plotted .against A, and extrapolated to
zero., Examinatlon of typlcal stress-strain data in the vicinity of
fallure leads to the conclusion that a linear extrapolation is
probably not very good. Of course, a fit can be forced at the
high end of the actual data, but the logic of thls approach would
favor the use of a well-chosen extrapolation to the (un-reachahle)
ultimate extension. The questiocn of proper extrapolation methcd
will be further examined in a later report.

As we turn to the more elaborate approximations, WIV (r,9)
and wv(r,e), we can continue to use the values of Az, M, and N which
were used in WIII(r,e), since these were obtailned from extrapolations
to zero and r*, The value of Bz in WIV (r,0), and the values of
Ba and Az in Wv (r,8) can now be obtained from the deviations of
experimental data from the limiting linear elasticity curve, in
the low strain region; or, alternatively, by forcing a fit at chosen
points 1n the Intermediate strain region. Still another possibility
would be to evaluate Ba by forcing a fit to the slope of the
reciprocal of the stress as r - r* in tension.
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PLASTIC YIELD BEHAVIOR OF GLASSY POLYMERS

R. D. Andrews

Department of Chemistry and Chemical Engineering
Stevens Instituts of Technology

Hoboken, New Jersey _
NG9-19280

The plastic yield behavior of glassy polymers is a sub-
ject which ic hecoming of increasing importance at the present
time. One reason for this is the desire to understand the stress
response of solid polymers in the region of very high stresses.
A considerable amount of work has been devoted in the last 20
years to the study of the stress response of polymers at low
stresses, and in particular their behavior in the linear viscc-
elastic region. However, the response of polymers under pro-
cessing conditions and in many practical use situations involves
very high stresses and mechanical behavior which is very non-
linear. Plastic yield can be regarded as an extreme form of
non-linear behavior, and an understanding of the plastic yield
process in combina‘“ion with an understanding of linear visco-
elastic behavior may be the best path to the formulation of a
satisfactory theory of non-linear viscoelastic behavior.

INTRODUCTION

The phenomenon of plastic yield has received particular
study in the synthetic textile industry, since it is an impor-
tant part of the fabrication process of synthetic textile fibers.
Drawing is required to give su.li synthetic fibers their maximum
strength. This increase of strength comes from a combination
of molecular orientation and an improved perfection of morpho-
logical order. However, one of the striking characteristics
of the drawing or plastic yield behavior of amorphous glassy
polymers is the great similarity which is shown to the corres-
ponding drawing behavior of crystalline polymers, despite the
great difference in solid state structure. It therefore seemed
to us most useful to study the nature of the yield process in
glassy polymers, since the changes of crystalline morphology
which are produced when a crystalline polymer is drawn, which
can be seen clearly from the changes in the X-ray pattern, are
not presant as a complicating factor in this case.

Our own research work in this area was carried out over a
period of about four years, starting in the Fibers and Polymers
Division at MIT and continuing during a further contract at
Stevens Institute of Technology. This work was sponsored by




£

the U. S. Army Natick Laboratories, and we are very grateful
to them for this continued financial support. The results
presented here represent the cooperative work of a number of
individuals whose contributions will be more properly credited
in future journal publications. Many of the unpublished re-
sults have been presented in a preliminary form in a final
project report*®.

The phenomenon of plastic yield is a very familiar one in
the metals field, and it is a very important componznt of
certain metal forming processes. There is considerable interest
at the moment in the possibilities of forming plastics also by
such a yield or "cold forming” process. The feasibility of this
type of forming process is not yet completely clear. The yield
process could also be an important mechanism for energy absorp-
tion under impact conditions--perhaps even at ballistic rates.

In addition to such practical applications, the yield
phenomenon is of course of great fundamental scientific impor-
tance, and a thorough understanding of its nature is highly
desirable. Since it is such a fundamental phenomenon, it is
of interest from very many different points of view, and many
different aspects of it are important to understand. Conse-
quently it is unreasonable to expect that any complete theory
of the plastic yield pheromenon can be stated in a few words,
since it would be hoped that such a theory would provide the
answer to very many different questions. One of the interest-
ing questions in this area, for example, is why the yield
phenomenon in polymers is so often accompanied by neck forma-
tion in the sample. Despite the fact that this was one of the
earliest observations made in connection with the drawing
process, the mechanics of the necking phenomenon are still
not adequately understood.

STRESS~-STRAIN TESTS

Many glassy polymers, such as polystyrene, are regarded
as brittle materials. This means that they fracture at small
strains in a stress-strain test, without showing any plastic
yield. Other glassy polymers, such as polymethyl methacrylate
will show plastic yield and drawing behavior in a tensile test
in certain ranges of temperature and strain rate. Stress-
strain curves of these two types are shown in Fig. 1. When
polymers are subjected to high stress, there is a compectition
between yield and fracture. A general statement can probably
be made that all solid polymers will show plastic yield when
stressed to a high enough level, provided that fracture does




not first intervene.

It was found very early in our investigations that it was
possible to make polystyrene yield in a tensile test, even
though it usually fractures in a brittle way. This can be done
by first preorienting the material by hot stretching above the
glass transition temperature. After this treatment, the stress-
strain curve shows yielding behavior, very limiltr to that of
PMMA, at temperatures below the glass transition 2, However,
the yield stress does not seem to depend on the degree of
molecular orientation (as measured by the birefringence of
the oriented sample), indicating that the orientation does
not affect the nature of the yield process itself, but rather
is effective in raising the fracture strength of the material.
This is illustrated in FPig. 2, which plots the yield stress as
a function of preorientation birefringence (used as an index
of "dedree of orientation”) for a series of temperatures below
the glass transition. The amount of strain obtained in the
yield process decreases markedly with increasing preorientation,
however, as illustrated in PFig. 3.

From the data in Pig. 2, it can be seen that the yield
stress for polystyrene decreases linearly with increasing
temperature, as indicated in Fig. 4. This straight line
extrapolates to zero stress near the glass transition tempera-
ture of the polymer. The fracture strength of a polymer shows
much less dependence on tempsrature, as sketched also in Pig. 4.
The crossing of these two curves shows why a polymer may be
ductile at higher temperatures and brittle at lower tempera-
tures, in the glassy state. This interpretation of the brittle-
ductile transition has also been discussed by Vincent.

The time dependence of draw}ng under constant strain rate
conditions has been investigated ‘'~ for unoriented PMMA and the
results are shown in Fig. 5, in which yield stress is plotted
vs. temperature. At each strain rate a linear relation between
yield stress and temperature is obtained, as in the case of
polystyrene. The magnitude of the yield stress increases with
increasing strain rate and the slope of the straight line vs.
temparature also increases. These curves extrapolate to zero
stress at temperatures which are not quite identical, but which
are again near the glass transition temperature of the polymer.

Other molecular and structural parameters which are of
interest in the case of amorphous glassy polymers are the
molecular weight of the polymer and the possible presence of
cross links in the structure. The effects of molecular weight
and cross linking on the yield process have also been

&3




lnvestigated1'3 for PMMA with results as shown in Fig. 6. The
straight line relation between yield stress and temperature
persists in all cases. Polymers showing a six-fold variation
in molecular weight (200,000 to 1,200,000) show essentially the
same yield stress, indicating that the yield stress is not
dependent on molecular weight. The crosslinked polymer also
shows very little difference in behavior from that of the
polymer which is not crosslinked.

The yield phenomenon is often referred to as "solid-state
flow". The above results suggest that the yield phenomenon
cannot be regarded as a flow process in the normal sense, since
viscoelastic flow of a polymer (i.e., the viscosity of a
polyme: melt) is knowa to depend on the 3.4 power of molecular
weight, and no such relation is seen here. Crosslinking also

effectively pravents any long range molecular flow but obviously

produces very little effect on the yield phenomenon. These
results thus provide some very relevant data in any discussion
of the yield or drawing phenomenon in terms of a flow theory.
This of course does not rule out the use of some modified form
of a liquid flow theory if attention is focused only on a very
localized relative motion of molecules rather than true flow in
the usual sense. It is also observed that the deformation pro-
duced when a polymer is drawn can be completely recovered if
the sample is heated above its glass transition temperature.
This total shrinkage illustrates again the fact that no genuine
intermolecular flow has occurred.

DRAWING UNDER DEAD LOAD

Although the yield process has customarily been studied
by the use of stress-strain tests at constant strain rate, it
can also be observed in creep experiments carried out under
constant load.. This latter type of experiment has certain
advantages; in particular, the time effects associated with
the yielding process are seen in a magnified way. A detailed
investigation of the drawing behavior of preoriented poly-
styrene has been carried out? using this technique. The
drawing phenomenon is observed in an interesting way in these
experiments: After a period of apparently normal viscoelastic
creep, neck formation takes place fairly abruptly, followed
by the usual type of neck propagation. Fracture may also take
place at various stages of this process. The time elapsed be-
tween the beginning of the creep experiment (when the load is
applied to the sample) and the time when neck formation takes
place has been designated as the "delay time" for yielding
(td). Since the neck formation is not completely instantaneous,
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an arbitrary method has been used for defining the delay time

as illustrated in Fig. 7. The straight line regions of the creep
curve befors neck formation and during neck propagation are
extrapolated Ly dashed lines and the intersection point of

these dashed lines is taken as the delay time.

Creep measurements of this type were made as a function of
temperature and stress level. One of the major results of this
investigation was that drawing was found to take place only in
a limited region of atress and temperature. That is, at each
temperature in the glassy state, there existed a critical atress
level above which yield and drawing by neck formation would take
place, but below which yielding would never take place--presum-
ably even at infinite time. The critical drawing stress divides
the stress-temperature plane into two regions as shown in Fig. 8.
This critical stress boundary curve extrapolates to zero stress
near - thé glass transition temperature, but seems not to be
exactly a straight line. Above the critical stress level the
delay time is a function of the applied stress and decreases
with increasing stress level. The type of relationship obtained
is shown in Fig. 9: the logarithm of delay time is a linear
function of stress level. The delay time also decreases pro-
gressively with increasing temperature, as would be oxp.ctoh
of any temperature-dependent rate process. The straight lines
in Fig. 9 end abruptly at the critical stress level--a very
interesting and .-unusual sort of relation.

Similar measurements have been made on unoriented PMMA,
with very similar results®. A critical stress boundary as a
function of temperature was also observed for this polymer.
Effects of quenching and annealing, and of absorbed moisture
were also investigated for PMMAR. The effect of rapid quench-
ing of the polymer from above the glass transition temperature
was to decrease the delay time and increase the diffuseness of
the neck vhich ‘formed. Annealing at elevated temperature had
the opposite effect of increasing the delay time. Absorbed
moisture decreased the delay time in a very striking way,
indicating a very large effect of plasticizer on the yield
process. :

TIMR EFFECTS

Another very useful way of studying the time effects
associated with the yield and drawing process is by means of
interrupted drawing experiments. This type of experiment was
first carried out by VincentS® and we have followed out his
method somewhat further. In this experiment a normal stress-
strain curve is carried out up to the point where neck forma-
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tion takes place and steady-state neck propagation has begun.
At that point, the experiment is interrupted by suddenly stop-
Pping the strain. The interruption may be produced in two ways.
The firast is by holding the strain constant and allowing the
stress to relax for a period of time, and then resuming the
drawing experiment by resuming the constant strain rate. The
other method of interruption is to reverse the elongation of
the speciimen until the load is completely removed, and then

to allow a time of resting in that state before the rforward
elongation of the sample is begun again. The results obtained
in these two cases are significantly different. After a period
of stress relaxation at fixed strain, when the straining is
resumed a new stress peak or yield peak is observed, after
which steady state drawing is resumed. This peak is observed
even though neck formation has already taken place in the first
phase of the experiment. In the experiment in which the sample
is unloaded, when the extension of the sample is resumed no new
yield peak is observed: the stress level simply rises to the
original steady-state drawing stress and remains constant at
that value. The initial slope of the reloading curve, which
corresponds to something like an elastic modulus, is also

lower after the interruption by unloading. These results are
illustrated schematically in Fig. 10.

The simplest interpretation of these results is that a
"hardening" of the sample takes place during the interruption
by stress relaxation, whereas a "softening" of the sample takes
place when the drawing is interrupted by unloading. The reason
for these effects is not completely clear, but they indicate
that hardening and softening of the material may be playing a
significant role in the yield process.

In our experiments, the effect of the length of the
interruption period was examined and it was found that the
yield peak gradually builds up as a function of time in the
interruption by stress relaxation. The apparent softening
during the interruption by unloading also disappears gradually
with time and the material regains its normal rigidity when
the sample is allowed to remain unloaded for a prolonged time.
Effects of this sort are known also in metals and other crystal-
line materials, where the behavior is believed to be related
to dislocation multiplication and decay. Some hypotheses
could be formulated on the possible role of some type of
solid state defect or the possible brezkdown of intermolecmlar
secondary bonding as the corresponding phenomena in the case
of glassy amorphous polymers, but this line of speculation will
not be pursued here.
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GEOMEBTRY OF YIELD

In addition to the well-recognized phenomenon of neck
formation in the case of yield of polymers, some other types
of localization of the yielding process are also observed.

In particular, vhat may be referred to as "deformation bands*
have been observed in polystyrene and many other polymers’.8,
The bands observed in polystyrene are extremely thin sheets

(a few microns thick) which form at an angle approximately 45°
to the direction of stress in « sample subjected to tension or
compression. Blectron microscope studies have indicated that
the material in these bands has undergone a shear strain of
approximately unity and the molecular orientation which results
gives the bands a strong birefringence. In samples undergoing
dead load creep, these bands have been observed to form prior
to neck formation but seem to lead directly to the formation of
the madroscopic neck. When neck formation and propagation have
taken place these bands have been absorbed and disappear. How
essential a role these deformation bands play in the formation
of the macroscopic neck has not yét been demonstrated, but

this is a phenomenon which must be kept in mind in any considera-
tion of the detailed geometry of the yield process.

Photographic studies of the shape of the neck® have indi-
cated a complicated dependence of neck sharpness on strain
rate and temperature, since neck sharpness seems to go through
a maximum when each parameter is varied--at least in the case
of PMMA, 8Such photographic studies of neck profile geometry
also allow the derivaticn of a true stress-strain curve for a
polymer as a material, independent of the complications in
stress distribution produced by neck formation when the apparent
stress-strain curve of an overall specimen is measured.

In addition to the localization of the yield process in
a geometric sense, another interesting aspect of the process
is the volume effects associated with it. Some preliminary
measurements of volume changes associated with yield in
compression have been carried out by the use of a morcurx
dilatometer combined with a conventional testing machine 0,
The results for several polymers indicate that & significant
volume increase accompanies the yield process. This volume
increase decays vhen drawing or yield is interrupted by stress
relaxation and reappears vhen drawing is. resumed and the new
yield peak is produced. This leads to the formulation of a
vield criterion in which the critical factor is not simply a
certain value of shear stress, but also invg%vcn a significant
volumetric component in the yield condition™".




e N

&8

' DISCUSSION

One of the basic problem~ associated with the yield
behavior in solid polymers has been to explain how strains of
the order of hundreds of percent coulc be produced in a polymer
below its glass transition temperature, where it is generally
believed that chain segment motion and long range changes of
molecular conformation are impossible because of the rigidity
of the glassy structure. It seems necessary to assume that
the material is actually going through a glass transition as
part of the yield process. One of the first theories of the
vield process, proposed by F.H., Miller in Germany several years
ago, was that neck formation led to localized heating which
raised the polymer above its glass transition teuperature. This
hypothesis was proved to be incogroct by very slow drawing ex-
periments carried out by Vincent®, and also by more detailed
calorimetric measurements carried out by Miller himself. It
seems more reasonable to assume that the glass transition effect
can be produced by stress itself or more exactly by a combina-
tion of stress and temperature. The yield phenomenon might
therefore be reasonably described as a "stress-induced glass
transition®. Examination of the litcratrfo shows that this
idea was also proposed earlier by Bryant™™. This type of
theory would provide a logical explanation of the yield stress
decreasing linearly with increasing temperature and extrapo-
lating to zero at the (thermal) glass transition of the polymer.
However, the magnitude of the strains obtained in the yield
process and also the recoverability of the strain on heating
above the glass transition temperature suggest that this is
only a marginal or partial glass transition, giving a partially
softened structure equivalent to that obtained thermally at
temperatures at the lower limit of the glass transition range.

Some recent cxperimontllz on the drawing of PVC under dead
load creep conditions provide some further insight into the
equivalent effects of stress and temperature in producing the
glass transition. Creep experiinents wsre carried out at a
séries of stresses at a constant temperature, and at a series
of temperatures at a constant stress level. The vesults,
plotted as log compliance vs. log time, are shown in Figs. 11
and 12. The pattern of the family of curves obtained seems
essentially identical in both cases. The rapid-rise region of
the creep curve can be taken as an indication of the drawing
process. At a series of temperatures in the glassy state the
stress was adjusted so that the inflection point of the creap
curve was always at a time value of ten minutes. With the
time parameter standardized in this way, a plot of correspond-
ing values of stress vs. temperature gave the usual straight
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line relation, extrapolating to zero ot the glass transition
temperature. The conclusion can therefore be drawn from these
results that the glass transition is in fact not simply a
temperature but can better be regiurded as a phenomenon which
is a function of stress, temperaturse and time. This opens up
interesting new avenues to the exploration of the yield and
glass transition phenomena since tenperature is a homogeneocus
and isotropic property, whereas strevs can be applied in a
directional way and in various multiaiciial forms. The relation
between temperature and stress in producing yield under these
conditions would be of great interest to explore.
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DISCUSSION ON PAPER NO. 4

Associate Professor Allan S. Hoffman:
Massachusetts Institute of Technology

There are many published studies of the effects of high energy
radiation on polymers; generally, property measurements are made before
and after exposure to the radiation. Recent work in our laboratories
has indicated that there are significant '"temporary' effects of radiation
occurring during exposure of polymers to high intensity radiation fields.
For example, creep -ates of many diverae polviners are greatly accelerated
during'irradiation;'when the samples are removed from the radiation field,
they soon return to a much lower creep rate. This effect has been
noted in our studies for polystyrene, polymethylmethacrylate, polyvinyl,
chloride-vinylacetate copolymer and ﬁolycnrbonate. The samples are also
noted to expand during irradiation (after correction for thermal ex-
pansion) under no stress; this expansion has been directly related to
the accele;acion in creep during irradiation under stress. The samples
are water-cooled and the maximum temperature rise due to the radiation
is never more than a few degrees. We believe that the cause of both
the expansion and accelerated creep is related to the generation of
gases within the specimen during irradiation. The evolved ga;és could
generate local free volume, thus promoting local molecular slip. Cal-
culations show that the average temperature rise which could effect the
expansions noted under no stress is not enough to bring any of the
samples even close to its glass transition region. Therefore, the

sudden acceleration of flow in these polymers upon irradiation does not
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appear to be caused by the same mechanism as is the sudden onset
of flow, i.e., cold-drawing in glassy polymers. We are continuing
our investigations of this unusual radiation effect.
Professor A. V. Tobolsky:

Princeton University

The concept has been put forward by several workers that the
yield point is a point at which the polymer attains a certain value
of fractional free volume, close to the value of fractional free
veluqe at Tg. The key concept is that extra free volume is introduced
by strain. Using a new definition of fractional free volume, Litt
and I were able to compute the yield strain of BPA polycarbonate from
room temperature to 150°C. with fair success.

Dr. I. M. Ward:

University of Bristol, U.K.

I was paréicularly interested in Professor Andrews' remarks on

~ the possible existence of a similarity between cold drawing and the

extension of a molecular network. The postulate of a network in a
glassy polymer has recently proved useful in two different connections.
1. It is well known that the natural draw ratio of a polymer is very
dependent on the degree of pre-orientation prior to drawing, as deter-
mined by birefringence measurements. Dr. Pinnock and I combined stress-
opiical and shrinkage measurements on pre-oriented filaments of

polyethylene terephthalate at temperatures above the glass transitionl,

The behavior was consistent with that of stretched rubber network. It
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2 that subssquent cold drawing appears to extend on

was then shown
initially isotropic network (i.e. the shrunk zero birefringence state)
to a fixed limiting extensibility which is independent of the division
of stretching between the pre-orienting extrusion stage and the cold
drawing stage. This explains why a comparatively low birefringence,
which corresponds to high shrinkage, gives rise to a low natural draw
ratio.

It may well be, of course, that the limiting extensibility of
tbe nfcwork is not a geometrical factor per se, but that it is due to
a sudden increase in strain-hardening.
2. Professor Norman Brcwn and I have recently studied the nature of

3. One feature

deformation bands in oriented polyethylene terephthalate
which we studied in detail was the molcular re-orientation of the
deformation band, as determined by the rotation of the extinction

direction between croesed polarisers. This rotation was compared with

~ the macroscopic deformation of a scratch parallel to the initial draw

direction (which is, of course, the initial extinction direction). A
paradox was obtained in that this scratch rotated in the opposite sense
to the extinction direction. An explanation was obtained for this
paradox, in terms of the shear of a molecular network. Although the
junction parts of the network deform affinely, the individual chains

do not. Thus the macroscopic strain gives rise to a rotation of the

gcratch in one sense, whereas the direction of the major refractive

index rotates in the opposite sense.
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Abstract: |
a‘

A simple form of the strain-energy function of natural rubber 1
results if the latier is expressed in an analytic function of the extension

ratios rather than the invariants. For incompressible isotropic mate-

rials it is postulated that this is a separable symmetric function of the |
extension ratios, i.e., W=W(A])+WAAg)+WAA3). This form has been sub-

stantiated by critical plots using uniaxial and biaxial data reported in the

literature by several investigators, The above form appears to be valid 1
over a wide range of deformations (0.2<A<3.5). An explicit representa- p
tion of W for this range is given in graphical form. In the more limited

range (0,6<A<2.5) W(A) has the analytic form& =2 uA(lInA- 1), : ,




PHYSICAL BASIS OF YIELD AND FRACTURE: CONFRRENCE PROCEEDINOS

7
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P. I. VINCENT

Imperial Chemical Industries Limited, Plastics Division, Welwyn Garden
City, Herts,, England

Abstract. It is proposed that many observed trends in the probability of

fracture of polymers can be understood if the fracture process is treated as an

. instability in deformation, A table summarizes the effects of many variables
{ ;endu.n in order to explain the approach, a few examples are ireated in greater

(i) The inverse relation between maximum attained impact strength and
tenaile yield stress.

(i) Cracking of low molecular weight samples during soliciification.

(ili) Reduction in the rate of orientation hardening at high temperatures.
(iv) Localized temperature rises during high speed deformation.

(v) Differences in behaviour in tension, flexure and compression.

(vi) The eflects on the true stress-strain curve of changes in plasticizer con-
centration, molecular weight and pre-orientation.

It is concluded that the mechanism of polymer fracture is a competition
betwecn localized hardening by molecular orientation and localized softening.
The softening is partly of the normal type which leads to yielding and partly
caused by a rise in temperature in adiabatic deformation at high straining
rates,

1. Introductioa

The ltudy of polymer deformation involves measuring the relation between
stress, strain, time and temperature as a function of all the relevant material variables
and explnmng the effects found in terms of the material structure. The study of
polymer fractures goes one step beyond this and involves determmmg the probability
of fracture at any point on the stress-strain-time-temperature ‘map’. The primary
objective of this,paper is to consider how far changes in the probability of fracture can
be explained as consequences of changes in deformabiiity and so to discover what
additional considerations are necessary. The following reasons are given for believing
that this is a particularly useful approach to the problem of polymer fracture.

. (i) Fracture is inevitably preceded by some deformation and so it seems likely that
one cannot ignore deformability when thinking about fracture.

(i) Many observed changes in the probability of fracture can be at least partly
explained as consequences of changes in deformability. Examples will be given below
but, to take an extreme case, it seems clear that the great difference between the
tensiie breakmg strains of natural rubber and polyltyrene at room temperature is
largely a’ consequence of the great dif2rence in ’heu- defprxmbnlmes at this tem-

perature.

(ifi) During investigations of the mechanical properties of polymers, it is frequently
desirable to be able to discover the reason for observed changes in the probability of
feacture. It has been found in practice that it is a helpful first step to decide whether
or not the change in the probability of fracture is related to a change in deformability.
This decision directs attention to different classes of structural feature as possible
explanatxom As a specific illustration, suppose that a sample of polyvinyl chioride
(PVCQ) pipe were found to be more brittle in impact than a normal control sample.
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Then, if there were an accompanying reduction in deformability, such as an increase
in a modulus or a yicld stress, onc would con “utrate on the possibility that the
brittleness was caused by a change in formulation; there might perhaps be an
unusually large proportion of a soluble stabilizer or lubricant. If, on the other hand,
therc were no parallel change in deformability, it would be more likely that the
brittleness was a consequence of inferior fabrication conditions or of contamination.

(iv) The ultimate aim of fracture studics is the computation of the probability of
fracture from the known material structure; this problem is extremely complex and
full solution is hardly to be expected. It seems more hopeful that fracture probability
could be deduced, at least partly, from a knowledge of deformability, One could
+ theh rely on deformation measurcments as basic data and hope that they will eventu-
ally be deduced from the material structure. Calculation of deformability, though
still complex, is somewhat more tractable than direct calculation of fracture becausc
fewer variables demand consideration.

(v) Fracture mneasurements are notoriously subject to more crror and scatter than
measurements of deformation. It is useful to be able to take advantage of the greater
reliability of measurements of deformation when trying to improve practical and
theoretical understanding of fracture.

2. Hypothesis

A large number of changes in experimental conditions, material variables and
sample fabrication conditions are known to have an effect on the probability of
fracture. Many of these effects can be understood or qualitatively explained on the
basis of the following three principles:

(i) If the experimental conditions or the material are changed in such a way that
the stress is greater at a given strain, then the probability of fracture at that strain is
increased. To put it much more crudely, harder materials tend to be more brittle
than softer materials.

(ii) The probability of fracture increases when there is an increase in the severity
of stress concentrations. The stress concentration may be a consequence of the shape
of the test specimen or of an irregularity in the structure of the material,

(iii) The probahility of fracture is increased by factors which tend to muke deforma-
tion more unstable and decreased by factors which tend to make deformation more
stable.

The working hypothesis referred to in the title of this paper is that these three
principles are adequate to explain the known trends in polymer fracture. The
significance and application of these principles is most readily explained by means of
examples.

3. Examples

Some trends in the probability of fracture can be explained on the basis of a single
one of the three principles but in other cases two or all three of the principles may
combine or compete to produce more complex behaviour. Shortage of space pro-
hibits detailed consideration of all the factors known to affect the probability of
fracture in polymers and their explanation in terms of the three principles. To
overcome this, a table has been constructed to provide a summary of many effects.
Naturally the points made in the table can only be brief and dogmatic. Much more
extended treatment would be needed to prove them and to examine apparently
anomalous or paradoxical instances of behaviour. In order to explain the approach,
a few examples will be treated in greater detail.




Polymers

3.1, Application of the first prinsiple
For all polymers there is a region of behaviour where the tensile elongation to

break and the impact strengths decrease as the ambient temperature is decreased. .

For amorphous polymers this region is below a temperature which is close to the glas
transition; for crystalline polymers the region may be below a temperature between
the glass transitioh and the melting point. Such 'a decrease in temperature always
causes a decrease in deformability—an increase in moduli and yield stresses. Thus,
when investigating the mechanical properties of polymers, it is commonly observed
that the breaking strains and impact strengths decrease when the moduli and yield
stresses increase. This is not only observed when the temperature is varied but also
with changes in crystallinity, concentration of plasticizers and other additives,
'and with many changes in the chemical structure of the polymer.

' &9 B N BB HB by
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Figure | gives a more specific illustration of this commonly observed inverse
relation between, sperking approximately, hardness and toughness. The abscisa of
figure 1 is the tensile yield stress measured at +20 *c and an-initial straining rate of
50% per minute, The ordinate is the Charpy strength at the same temperature
(the energy lost by the ulum was divided by one ninth of the product of span,
width and residual ); the specimens contained sharp, deep notches giving
an elastic strems concentration factor of about 7:6, The results are quoted in § cm-3;
if they are divided by 1:25 they give a reasonable approximation to the A.S.T.M.
impact strength in' the traditional £ lb/in. of notch). Samples of hundreds of
different thermoplastics have been subjected to this combination of tests and it has
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been found that it is comparatively easy to obtain a samplc with a combination of
yicld stress and impact streagth which lics below and to the left of the curve but
extremely rare to find an isotropic sample which gives results which lic above and
to the right. (It is nccessary to make the proviso that the sample should be isotropic
since molecular orientation can cause very high results in impact tests. This aspect
will be discussed later.) Naturally one cannot say from this evidence that it is im-
possible to produce an isotropic thermoplastic sample with, say, a yield stress of
102 dyn cm-2 and an impact strength of 10 j cm-3, but it is clearly difficult.

The question of what can be deduced from this well-established relation now
arises. If it is accepted that ease of deformation and resistance to fracture are fre-
quently correlated, can we say that ease of deformation causes resistance to fracture
‘or should we say that they are independent cffects of the same underlying change?
Or, to revert to the extreme example given earlier, does rubber have a higher
breaking strain than polystyrene at room temperature because it is softer? It is
difficult to obtain definite evidence on this point but, when the complete picture is
discussed later, it will be scen that there is an indication that the relation is one of
cause and effect.

3.2, Application of the second principle

The most straightforward method of demonstrating the influence of stress con-
centrations on the probability of fracture is to perform tests on specimens of different
shapes. It is well known that the impact strength of specimens with machined notches
can be very much less than that of unnotched specimens; the impact strength
decreases as the elastic stress concentration factor increases.

In addition to such deliberate changes in the shapc of the test specimen, numerous
examples have been noted where the fracture of plastics under given test conditions
has been made more probable by the existence of irregularities in the structure.
Some of these are mentioned in the table and include bubbles, cracks, contamination,
machined surfaces and weld lines. Similar effects can be found in compression
mouldings when the temperature or pressure is too low.

Structural irregularities which cause stress concentrations and increase the
probability of fracture can also be created by altering the molecular structure of the
polymer. In an experiment to study the effect of molecular weight changes of the
fracture of polymethylmethacrylate, a polymer was made with an unusually low
molecular weight (reduced viscosity in chloroform 0:2; weight average molecular
weight 36 000F 1000). When this sample was compression moulded, it cracked during
cooling. Attempts were made to produce crack-free samples by careful casting from
chloroform and dichlorethane solutions but figure 2 (plate XIV) shows the type of

résult obtained. In this case at least, reducing the molecular weight gives low.

strength because the sample contains structural irregularities. Later, a suggestion will
be made to explain why such samples crack on solidification.

Clearly it is well established that the presence of stress concentrations increases
the probability of fracture. It is only necessary to make the point that they may be
deliberate, like machined notches, or accidental, like contamination, or inherent in
the material, as with the low molecular weight sample discussed.

3.3. Applications of the third principle

One of the most striking differences that can be observed during tensile tests on
thermoplastics is the difference between the specimens which first neck and then
cold draw to large extensions and those specimens which neck and then break at
much lower extensions without cold drawing. It can be shown (Vince:t 1960) that
necking is an instability of deformation which is caused by softening of the material
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as the strain increases and that cold drawing is a restabilization of :he deformation
which is caused by hardening of the material at high strain.This hardening has only
supetficial affinitics with strain hardening in metals; since it is primarily caused by
molecular orientation it may be preferable to call it orientation hardening.

In the study of ductile metals necking is a plastic instability. Since polymers are
not plastic in the same way as metals, it may perhaps be better to say that necking
in polymers is a psecudo-plastic instability and that cold drawing is a pseudo-plastic
restabilization caused by oricntation hardeniny. There are disadvantages in using
nomenclature of this type but it seems necessary to emphasize the point that the
. mechanisms are different from those in metals.

It is now possible to re-state the third principle to read as follows: the probability
of fracture is increased by factors which tend to cause pscudo-plastic instabilities and
decreased by factors which tend to cause pseudo-plastic restabilization.
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Figure 3. Isothermal true stress-strain curves
of a sample of rigid PVC with an estimated
adiabatic curve (broken curve) from + 20 °c.

As a first illustration, consider :.gain the effect of changes in the temperature of
test. Figure 3 shows true stress—strain curves of a sample of rigid PVC at various
temperatures. (They were obtained by photographing the specimens during exten-
sion after necking and then, from the negatives, measuring the minimum cross-
sectional area. Assuming no change in density, it is then possible to compute the true
stress and the draw ratio at various loads and so to construct the true stress-strain
curves.) It can be seen that, as the temperature is decreased below + 80 °c, the stress
at a given strain increases and the breaking strain decreases; this is a simple illustra-
tion of the first principle. However, when the temperature is increased to + 100 °c,
the breaking strain again falls, in spite of the reduced stresses. Clearly this cannot be
a consequence of the first or second principle but it can readily be explained from
the third principle; the reduced slope of the true stress-strain curve demonstrates that
the rate of orientation hardening is decreased at + 100 °c.
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A second example of an application of the third principle comes from a considera-
tion of the effect of changes in rate of extension. It is well known that increasing the
rate of extension can decrease the breaking strain. For cxample, the specimens of
rigid PVC which were used to provide the true stress-strain curves in figure 3 were
extended at 002 cm sec-! (initial straining rate about 509, per minute); even at
+20 °c, the deformation stabilized after necking and the specimen cold drew.
Similar specimens extended at higher speeds, say 0-7 cm scc-!, do not restabilize but
break in the neck without cold drawing. It is true that the tensile yicld stress is
increased by increasing the straining rate but the effect is not so large that the first
principle gives an adequate explanation of the change from cold drawing to neckirg
“rupture. It is more likely that the explanation lies in the marked local rise in tem-
perature, casily verified by touching the sp.cimen, which accompanies necking in
specimens drawn at straining rates above a few hundred per cent per minute (Vincent
1960). This temperature rise must reduce the yield stress of the material in the neck.
Using simplifying assumptions—constant specific heat, all pseudo-plastic strain
energy converted into heat—it is possible to estimate the shape of the adiabatic true
stress-strain curve from a knowledge of the isothermal true stress-strain curves at
various temperatures. For the sample of rigid PVC starting at +20 °c, this gives
the broken line in figure 3. The detailed shape of this curve is probably inaccurate
because of the simplifying assumptions but it is clear that the adiabatic true stress—
strain curve has a negative slope. It follows that, under adiabatic conditions, the defor-
mation is much less stable than under isothermal conditions. From the third principle,
the probability of fracture increases as the conditions become more adiabatic and less
isothermal. The drop in fracture energy which occurs for several polymers between
0:02 and 0:7 cm su>-! may be considered to be an isothermal-adiabatic transition.

When compriing an adiabatic true stress—strain curve, the slope of the computed
curve depends on the magnitude of the yield stress and its dependence on tem-
perature and on draw ratio (strain). The slope will tend more to be negative with
increase in the yield stress and its temperature dependence and with decreased
orientation hardening. It follows that, as the yicld stress increases, there is more
chance that the deformation beyond yield will become unstable and not restabilize.
In other words, high yield stresses tend to cause iow extensions. This, then, is the clue,
promised above, suggesting that the relation between high stresses and low breaking
strains is one of cause and effect; when the stress is higher at a given strain, there is
a greater probability of unstable adiabatic deformation leading to fracture at lower
extensions.

Williams and Turner (1964) have shown how the conditions for necking of a
tensile specimen may be generalized to a volume element subjected to the more
complex stress at the tip of a crack. They suggest that “‘in many, if not most, problems
of fracture of interest to the engineer, a plastic instability precedes separation of the
material”. Williams (1965) has extended their approach to take account of the
temperature rise at the tip of a crack in fast crack propagation. Williams and Turner
(1964) also point out that this view of fracture throws light on the increased ductility
of materials when they are tested in tension with a superimposed hydrostatic
pressure.

In the same way, one can understand why specimens are more ductile in com-
pression than in tension, Plastic instabiliiies are less likely in compression because
the area of the specimen increases as the strain increases. Further, a tensile specimen
with a machined notch or other stress concentration will be less stable than an
unnotched specimen. It may be, therefore, that the second principle is a special
case of the third principle. Because stress concentrations promote instabilities, it
follows from the third principle that they promote fracture.
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The flexural strength of brittle specimens is gencrally greater than their tensile
strengths. Thic can somctimes be associated with incrcased stress concentrations
causced by irregularities on the surface of the tensile specimen and so derived from
the sccond principle. However, this explanation is incomplete (Vincent 1962), It is
probable that the basic cause of the difference is that cracks develop more slowly
in the flexural specimens in the direction where the stress is decrcasing. That s,
instability is delayed by the stress gradient.

Thus a third general example of the application of the third principle is the
dependence of fracture on the type of applicd stress. Fracture is delayed if plastic
deformation tends to decrcase the applied stress, as in flexure or, more so, in com.-
.pression. Fracture is promoted if plastic deformation tends to increase the applied
stress, as in tension or, morce 80, in tensile tests on notched specimens.

Three more examples of the applications of the third principle may be found by
considering changes in the nature of the samplc under examination.
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Figure 4. True stress-strain curves of samples of
polymethylmethacrylate with different con-
centrations of di-butyl phthalate.

3.3.1. Plasticizers. Figure 4 shows the true stress-strain curves (at +20 °c, 002 cm sec-!)
of samples of polymethylmethacrylate plasticized with various concentrations
of di-butyl phthalate. By comparison with figure 3, it can be seen that changing the
plasticizer concentration has a similar effect on the true stress-strain curves to chang-
ing the temperature. At low plasticizer concentrations, the material has high
stresses and low breaking strains—a simple application of the first principle. At high
plasticizer concentrations, the breaking strains decrease again alti:ough the stresses
are low. As with PVC at high temperatures, the rate of orientation iardening is low
and so the Lreaking strain is decreased, by the third principle.

3.3.2. Molecuiar weight. Reductions in the average molecular weight of the sample
are frequently observed to increase the probability of fracture. It was poiated out
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above that a very low molecular weight sample of polymethylmethacrylate cracked
on solidification and that its low strength, therefore, follows from the sccond principle.
However, there is no evidence that this cxplanation completely covers the cffects
of molccular weight and, in any case, cracking on solidification cocs itself require
explanation. A more complete understanding of the effect of changes in molecular
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Figure 5. True stress-strain curves at -+ 100 °c of four samples of high
density polyethylene with different melt-flow indices.

weight can be obtained from a consideration of figure 5, which shows the true stress-
strain curves of four samples of high density polythene at + 100 °c. It is clear that
the raie of orientation hardening decreases as the molecular weight decreases (melt-
flow index increases). A similar trend can be demonstrated with other polymers and
was found by Flory (1946) in his work on butyl rulber fractions. Assuming, now,
that it is generally true that orientation hardening depends on molecular weight,
one can understand why the probability of fracture, in impact tests, tensile tests and
stress-cracking tests, should depend on molecular weight; it follows directly fror the
third principle. It can also be seen that cracking during solidification could be a
consequence of the third principle. At very low molecular weights there is little or
no orientation hardening so that contraction stresses set up during solidification
. create instabilities which, being unopposed by orientation hardening, iead to
cracking. ~

3.3.3. Molecular orientation. The effects of molecular orientation on fracture are too
complex to be encompassed in a small space. However, one feature can be discussed
which appears to give a clear relation between the shape of the true stress-strain curve
and the probability of fracture. Consider the isothermal true stress-strain curve at
+20 °c given in figure 3 for a sample of rigid PVC. That curve was obtained on an
isotropic sample. A similar sample was rolled at room temperature so that its length
was increased by 23%, in each direction and its thickness was reduced by 319%,. The
true stress-strain curve beyond yield for the anisotropic sample was found to be the
same as for the isotropic sample, provided allowance was made for the pre-orientation
by multiplying the draw ratio of the anisotropic sample by 1:23. This necessarily
implies that the tensile load-extension curves for the isotropic and anisotropic samples
must be different and figure 6 shows this difference. It can be seen that the drop in
load after yield is much smaller for the anisotropic sample and this implies greater
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Figure 6. Tensile load-extension curves of two samples of rigic
PVQ: initially isotropic, ngd biaxially rolled.

stability of deformation. From the third principle it follows that greater resistance to
fracture is to be expected and this is confirmed by the fact that the impact strength of
sharply notched specimens at +20 °c wa:; 38 times greater for the anisotropic sample
than for the isotropic sample. This explains the proviso mentioned in the discussions
of applications of the first principle. '

Although this point has been made in terms of a single pair of specimens, it is a
general finding that pre-orientation reduces the drop. in load after yield in tensile
tests and increases the impact strength and the resistance to fracture in other tests,

4. Conclusions
The examples given above show that many known trends in the probability of
fracture become more comprehensible when fracture is regarded as either consisting

of, or inevitably preceded by, a pseudo-plastic instability. This leads to the following
picture of the tnechanism of polymer fracture:

(i) As the strain increases, the local strain at a notch,. crack or other structural
irregularity increases more rapidly.

. (ii) The material subjected to the highest strain tends to become softer than the
remainder either naturally or because of a local temperature rise or for other reasons.
(iii) The material subjected to the highest strain may tend to become harder than
the remainder because of orientation.

(iv) When the hardening is more effective than the softening, the highly stressed
material is stable and does not break.

(v) When the softening is more effective than the hardening, the highly stressed
material is unstable and either breaks or begins to break and then restabilizes.
On this basis, the study of polymer fracture can be divided into three parts.

(i) It is necessary to have complete knowledge and understanding of polymer
deformation.

(ii) It is necessary to have complete knowledge of the stress-concentrating effect of
structural irregularities, ' |
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(iia) It is nccessary to be able to calculate the behaviour of a specimen with known
deformability and known stress concentrations.

Although this is still a formidable programme, it docs seem rather more tractable
than the problem of calculating the probability of fracture ignoring the detailed
shape of the true stress-strain curves. So we can answer the initial question by saying
that many changes in the probability of fracture can be explained as consequences
of changes in deformability.

FLorv, P, J., 1946, Industr. Engng Chem., 38, 417,
. Vincenr, P, 1., 1960, Polymer, 1, 7.
— 1962, Brit. J. Appl. Phys., 18, 578.
WirLiams, J. G., 1965, Appl. Mater. Res., 4, 104,
WiLLiamg, J. G., and Turner, C. E., 1964, Appl, Mater. Res., 3, 144,

N.B. Discussions will be found on p. 268 fI.
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DISCUSSION ON PAPER NO. 5

Assistant Professor I. V. Yannas:
Massachusetts Institute of Technology

The paper presented to us by Dr. Vincent affords me with the
opportunity to recall previous equally stimulating work reported by
the speaker (Polymer, 1, 7, 1959). Recently, in our laboratory, Dr.
Vincent's proposition that necking in polymers is preceded by "strain-
softening' was taken literally and put to the following test: Polymethyl
methacrylate was subjcected to stress relaxation at 80°C. and at
qiffsrent steps of tensile strain ranging up to the strain level req-
uisite for necking approximately 5.5% (under the conditions employed).
We found that the isochronal and isothermal relaxation modulus of the
glassy polymer was independent of strain up to (approx. 1% strain
apparent upper limit of linear viscoelastic behavior); thereafter, the
modulus decreased by more than a factor of two as the strain increased

from 1.0 to 5.0%Z. This preliminary finding is currently under our

scrutiny.
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CYCLIC STRESS«STRAIN BEHAVIOR OF THE DRY POLYCARBONATE CRAZEL

R. P, Kambour and R, W, Kopp

Genersl Electric Research and Development Center,
Schenectady, New York

Abstract

Equipment and methods have been developed that allow
photomicrographic determination of the stress-strain properties
of the individual crazs. Serial cyclic tensile tests on poly-
carbonate crases are described,

Under stress the typical dry polycarbonate crase thickens
oolcli b; straining; no adjacent polymer of normal density is
converted to crase material, The crase exhibits a yield stress
folloved by a recoverable flow to roughly 40-.50% strain at
6-8000 psi. Returned to sero ltr;ll the crase exhibits cresp
recovery at a decelerating rate. The yield stress and loss
factor of each cycle decrease with increasing initial strain and
cycles initiating at 50% strain or more show completely Hookean
boh;vtor. Creep recovery results in recovery of ?1014 stross
and loss factor also, |

Craze tensile behavior is suggested to be essentially an
extension of the' crase formation pro.ess. Decrease in elastic
modulus and yield stress wt:ﬁ increasing strain are rationalised
in terms of strain-produced decrease in density and resulcant
increase in stress concentration factor on the microscopic
polymer elements of the crase. Polymer surface tension and the
large internal specific surface area of the crasze are suggested
to be important factors in the large creep recovery rates of

the crase.
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CYCLIC STRESS-STRAIN BEHAVIOR OF THE DRY POLYCARBONATE CRAZE

R, P. Kambour and R, W, Kopp

Generai Electric Research and Development Center,
Schenectady, New York

I. Introduction

The fact that crases can have considerable ctrength has been
known for some time. In a 1949 landmark paper Sauer, Marin and
Hsaio noted that polystyrene specimens that were crazed throughout

their cross sections exhibited tensile strengths of 4000 poi.1

2 and also in

It hae also been observed by Spurr and Niegisch
this lab‘oruory3 that crazes in polycarbonate can exhibit tensile
strengths greater than the yield stress of the bulk polymer,

8000 psi., For example, in the case of one specimen extended in

an Instron tensile tester at a constant rate of elongation, cold

drawing initiated in an uncrazed portion of the bar and the .

shoulder ofitho neck propagated through several crazes before

fracture, Moreover fracture finally occurred in an uncrazed

poitton of the specimen. |
These observations on the strength of crazes were often

rationalized in terms of the known orientation of craze material

in the original.nttoln direction since plastically-deformed

polymer specimens generally have greater strengths in the ‘

orientation direction than do unoriented ones. The enhancement

of strength due to orientation was presumed to offset tﬁa

strength reduction inherent in the presence of large numbers of

microcracks or voids. If true, the craze might be expected at

first thought to have a tensils modulus and a loss factor also .- 1

approximating those of bulk polymer or even those of oriented

polymer., It was surprising therefore to observe that the craze
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at the crack tip in polymethyl methacrylate appeared to be highly
deformable in a reversible manner under ltt.ll.‘
On the basis of this observation and the likelihood that such
deformability contributed substartially to the energy of crack
propagation in polymers, a crude appatatus was built to measure
stress-strain properties of the crase. The results, reported

briefly oloowhorc,s

were unsatisfactory in many respects but did
confirm that the crase is markedly wore compliant at low stresses

than is the bulk polymer. Onlcha strength of these data the

‘ .
apparatus describud herein was designed and bduilte,

I1. Experimental

The measurement of polycarbonate crase tensile properties
rests on the ability to grow woll-‘oparat.d solvont crases through
the entire cross sections of tensile qpoetmcnla At the specimen
surface the crase ‘edge is associated with a shallow indentation
having reasonably sharp bou;d@rioo. After drying application of
stress causes the distance boéwoon the boundaries to increase due
solely to extension of material in the crase rather than conver-
sion of nor; bulk polymer to crase material., Thus measurement of
this dtotancd as a function of torc:lappliod to the ends of the
specimen makes possible calculation of a stress-strain curve for
the craze., This should be the case as long as the force is
supported uniformly by all areas of the crasze, which in turn ;
requires that the crasze be well-separated from other craszes and :
have a reasonably uniform thicknese (Fig. 1);

Strain measurements are made more complicated, however, by

" two nonidealities. FPFirst the actual crase surface indentation,

&8s shown in Pig, 2a at the edge of the bar, has been found to be

i
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generally wider than the :tu‘ crase thicknass., This is clearly
demonstrated by Fig., 2b which shows the same craze at the same bar
edge bu on the adjacent bar face. The face shown in Fig. 2b has
been ground down approximately 0,01" and polished using slow speed
and wet abrasives., With the groove gone the crare is seen to
reflect light more strongly than the surrounding bulk polymer.

The craszse/bulk polymer boundary is sharp but the crase width
exhibited 1o ligpificantly smaller than thct shown by Fig. 2a.
Further in Fig. 2b the profile of the still-intact groove on the
adjoining face can be seen; it is clearly wider than the true
craze. The surface groove is wider than it would otherwise be
because of the drawing into the crasze during ite formation of
surrounding surface material.,

Second, at high atresses during tensile testing the surface
groove sometimes enlarges partly by drawing in of more surrounding
surface material,

Both effects must be compensated for in strain calculations,
Such compens~-*~{ions are discussed below.

Specimen axd Craze Preparation

The specimens used here were standard dumbbell tensile bars
8-1/2 inches long, 1/8 inch thick and of 1/2 inch wide test

section, injection molded from chanGD pPolycarbonate resin of

M, = 35,000. They were annealed at 170°C in vacuum for 24 hours,

which resulted in roughly a 1/2 inch decrease in length and a
consequent increase in thickness due to release of molding
orientation. They were cooled over one hour or so to 140°C

(polycarbonate TS) and then quenched to room temperature.

® Registered trademark of the General Electric Company.
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The general crase preparation procedure was as follows. Each
specimen was mounted in a tensile jig, immersed in 95% ethanol
1iquid and subjected to stress using a lever arm and weights.
Experien_e showed that the best chances of success obtained 1if
the initial 10ad was in the range of 2000 pei. If no crases were
seen to initiate after five or ten minutes, the load was increased
by a fev hundred psi and so forth., Once crase initiation was
observed (usually in the range of 3000 psi), the load was usually
held constant and over a period of a few hours crase growth
progr‘ni;d through the bar. When growth was judged complete
enough, the ethanol bath was removed and the bar sllowed to dry
out under strain. When clamped under strain most of the alcohol

evaporates out of the crase in a t;w ninut.la

and drying in this
vway for a few days suffices to provon; crase healing upon release
of stress. Nevertheless because even a sinall residue of alcohol
might markedly affect subsequent tonatlg properties, specimens

to 50 tested were left usually to dry under strain for one to

six months, In some cases the strain was that existent under
the crcztné.forco at the finish of craze growth; in other cases
the stress on the bar was roduc;d cﬁ 1300 psi and the bar'clampod
at the corresponding strain. One specimen received a rather more
complex treatment which is detailed in an appendix.

Crazes suitable for testing were selected wiﬁh the aid of a
microscope. Sometimes a craze which met the aforemantioned
criteria on one side of the bar only, coula be made useful by
cutting away the other wide of the bar selectively. 1In all

cases, however, the bar was reduced in width at the test section

to 1/4 inch or less using a router and a cutting iig.

35




Crase Tensile Tester

The stressing apparatus described beiow was built to allow
the taking of photomicrographs of the craszse edge under controlled
stresses and strain rates. It was designed to allow testing at
constant strain rates or, alternatively, at constant force (i.e.
creep test). Experience with the first tester revealed the
necessity of being able to readjust continually ths longitudinal
position of the test specimen cuused by the fact that the test
crage is virtually never in the strain center of the system and
thus toﬁdo‘to translate from the field of view of the microscope
as the stress is changed. It was also evident that control of
the position of the craze in the two directions orthogonal to
the stress direction was required oinco under stress emall
vertical and lateral movements tend to take place. Lateral move-
ment must be prevented so that the photographs will all be taken
cf the same location along the crase sdge; vertical movement must
be coﬁtrollcd in order to keep the bar surface sharply in focus.
Sharp focus is a critical requirement since even slight defocussing
cazyes enlargement of the craze image and consequent error in the
calculated craze width,

The testing apparatus is shown schematically in Fig, 3. The
test specimen is mounted horizontally between two tensile ~hucks
such that the edge of the craze to be studied 1is 1n.thc f.aeld of
view of a Zeiss GFL microscope. The tensile chucks are attached
to two matched hydraulic pistons. The two corresponding cylinders
(1-1/2" bore, 1" diameter rod, 2" stroke, made by the Parker

Hannefin Co.) are bolted to a rigid frame which is supported via

six roller bearings on three horizontal, 3/4 inch diameter, case-
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hardened steel rods. Although the pistons are closely matched in
size, small differences in cylinder wall smoothness plus the
overall level of friction produced by the rubber piston seals
f~25 pounds force) prevent the piston system from operating
ideally. (If the system were nearly frictionless, any point on
the test specimen could be pinned in the field of view of the
microscope by a light clamping pressure and the difference in
specimenr elongation on each side of the pinning point would be
compensated for by different amounts of travel of the respective
pistons.) As it is the double piston arrangement reduces, but
does not eliminate, the tendency for craze translation from the
field of view, The residual tendency for translation 1is
compensated for by moving the carrtaai on the steel rods, which
is accomplished by light hand pressure.

Force can be applied from either of two sources: a pneumatice-
hydraulic 32:1 pressure booster (Model 4785, Wilton Corp.) which
is connected via a reducing valve to the 80 psi laboratory air
line. Alternatively a third hydraulic piston which sits under
the crosshead of an Instron Universal Tester can be used. The
first source permits constant force application and thus creep
studies; the second permits roughly constant strain rate studies
which are thus similar to cornventional tensile tests,

Between one of the tensile chucks and its piston is fixed a
Baldwin-Lima-Hamilton U-l 500 1b. tensile load cell the output of
which is connected directly to the Instron load recording system.
(Force recorded from the Instron compression load cell, when the

third piston sits upon it, is in error due to the frictional

losses in the three pistons.)

’
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The positioning of the crase in the two directions orthogonal
to the stress direction is accomplished via a clamping frame mounted
on the microscope stage., Two opposed, sharpened steel screws are
tightened by hand against the specimen edges thus controlling the
horizontal location of the crase. The fine adjustment of focus on
the Zeiss GFL microscope is accomplished by movement of the stage
rather than the microscope limb; thus the pinning screws couple the
bar to the stage sufficiently to permit adjustment of focus. During
a test the position and focus of the crase are observed by viewing
through the Qonn splitter of a Bolex 16 mm movie camera used for
taking the photomicrographs.

In the experiments reported here force was applied via the
Instron crosshead. Typically the foréo-ttmc relationship is not
completely linear (Fig. 4). The deviations from linearity are
associated with deformation of the rubber cup seals on the pistons
and are thus unavoidable witlt this equipment. Fortunately these
deviations are confined to the low stress region where time effects
are expected to be less important than at high stress.

Crase Stress-Strain Calculations

The vertical maxks on the curve in Fig. 4 are points at
which individual photographs were taken, The marks were produced
by a microswitch activated by the camera release. Using the
force at each mark and the corresponding craze photo, the craze
stress-strain curve was constructed. Craze width mcalurcmcnt;
Qorc made by projecting each photographic negative onto a flat
white surface and measuring distances thereon with the aid of a

c&ntimctor scale.

TR R 7

TN PR S e

o e

i

DY R

.




Craze strains, corrected for the nonidealities described
esar’iler, vere determined as follows. The apparent crase thickness
IL (1.e. the width of the surface groove) was measured from each
photo. The determination of true crase thlcknc.l.é; vas made
possible by the observation that under stress the surface groove
usually urndergoes a change of profile, becoming flat over the
central rr.gion but leaving the satellite bands of cold drawn
material tilted and thus dark in reflected light, The central
region of the groove image is thus now sharply bounded, has the
same reflectance as does the crasze in Fig. 1b, and is thus
considered to indicate the true craseé thickness at that stress
and time 11’0. The combined width of the two satellite bands,
N ‘(a,a - £ is usually unchan;od' by stress; it can thus be

t,0

subtracted from 41, to obtatn<42 the original true crase thick-

° 0

ness for the calculation of crase strain ¢ = (é% g -,IL Yid, _.
. ' ,O t,O
Typically,jz OLZL o~ 1.4 to 1.6 indicating the importance of such
’ ’
a correction procedure.
In some cases it became apparent that under stress the
satellite bands were enlarging by engulfing more of the adjacent

surface material to,thac.lz,a - # _ was no longer equal to

a,o0
11’0 - Jﬁ,o. Crase thickness chan;co however could still be
determined by measuring the change in distance between any two
surface blemishes, one on each side of the groove and located
far enough away from the groove so that they did not Lccomo
‘cngulfcd. This procedure was not usually necessary.

It is also possible to determine true craze thickness by

grinding and polishing down the appropriate part of the bar
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surface subsequent to the conclusion of testing and taking a .
, micrograph similar to that of Pig. 2b.

III. Results )
' In FPigure 5 are displayed four crase tensile cycles of a
series run on a craze which had been grown at 4100 psi, after
vhich the load was reduced to 1300 psi and the specimen left in
this condition for seven months, It was then left completely
unloaded for seven veels prior to testing. In the first through
the £1ifth cycles the delay between the end of one cycle and the
beginning of the next was one minute or less. Between the fifth
» and sixth cycles the delay was ten minutes, between the sixth
and seventh three hours, between the seventh and eighth two and
one-half days, and between the eighth and ninth one month, 1In

Fig. 5 there is also displayed a conventional stress-strain curve

for normal polycarbonate up to 6200 psi and return for compariscn
purposes. |
In the first cycle the crase exhibits an initial high modulus
region followed by a yield stress at about 2200 psi and a region |
of largely ductile deformation out to 44% strain at 6200 psi, ‘
Upon reversal, drop in stress is accompanied by almost no change 1
in strain down to very low stresses where creep recovery appears 1
to accelerate. The second cycle, begun at a residual strain : 1
¢ " 24%, shows a marked reduction in initial slope and in yield
stress but an imcrease in slope of the ductile region. Finally, \
" the f£ifth cycle shows almost completely elastic behavior; the
strong tendency here for creep recovery upon unloading, in . §

addition to slight differsnces between rates of loading and

unloading, cause the return curve to cross over the ascending
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branch, Creep recovery at sero stress 1s rapid at first bdut
decelerates markedly; nevertheless in one month recovery back to
6 ° 7% has occurred and a ninth cycla exhibits once more a marked
yield stress and hysteresis loop.

Under the best of experimantal circumstances the precision
in crase strain determination is %t 1-2% which precludes accurate
determination of elastic modulus in the initial part of the
ascending branch of cycles exhibiting yield stresses. In the éaoo
of Cycle #1, Einitial "~ 100,000 - 150,000 psi is the best estimate
possible. *ur:hor-oto, in general the yinld stress itself seems
to vary from one cycle to the next in a somevhat irregular way,

perhaps because the onset of yielding may vary in stress and time

from one part of the crase plane to another. Experience shows that
6200
the total strain energy "6200 - ode up to the maximum stress and
. °
the loss factor, calculated as the percentage of strain energy

contained inside the hysteresic loop, are much more consistently
varying quantities., These functions, determined graphically, are
plotted for this series of cyclic tests vs, residual strain at the
start of each cyclae LY in Pige. 6 jnd 7 (Specimen #1)., Both

functions show a recoverable decline with increasing ¢ It e

R®
noteworthy that these cyclic fatigue tests have not, to a first
approximation, damaged the crase at all, if one may tako as
evidence that recovery to a given value of LY confers a quantita-
tive reattainment of corresponding tensile properties.

Shown also here are similar data for two other specimens,

The history of Specimen #3 is detailed in the appendix. Specimen

#2 was crased at 3500 psi, strain-dried (1300 psi initiasl drying




stress) for three and one-half months and testing commenced twelve
hours after release from the jig.

The relationships in Pigs. 6 and 7 are similar in shape to
those for Specimen #1 but are not coincident, It seems likely that
such is the case because the strain scales are not necessarily the
same for all specimens. That is, differences in crase history
prior to testing leave each crase with more or less different

degrees of absolute strain (taking ¢ = 0 to correspond to

absolute
unoriented polycarbonate of normal density). 1In general it has

not been poo%tblc to determine crase index of refraction on these

crases accurately enough to calculate ¢ to vwithin 10 or

absolute
207..3 Hiowever with Specimen #3 the crase was clear enough and of

high enough index to make accurate -oiluro-one possible and a void
content of 397 was calculated for G * 0., 8ince void content =

‘abooluto’(l + Sabsoiute
generated for Specimen #3 crase; it is displayed at the top of

), an absolute strain scale could be

both figures.

Then, on the likelihood that the discrepancy between the
behavior of Specimen #1 crase and of Specimens #2 and 3 crases is
apparent rather than real, due to dt!!drnnctl in absolute strain
values at which esach test series was begun, an iterstive procedure
bao’d on shifting ¢a for Cycle #1 was used to recalculate values
of L for all other cycles, S8Simultaneocusly the required new
values of "6200 were calculated., The procedure was rvrepeated until
Eho fit shown by the crossed squares in FPigure 6 was obtained
('Rl - 1,15 ot «15). The corresponding loss factor data were
also shifted by the same amounts. (Only a horisontal shift is

required here since loss factor is a simple percentags having no

102
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dimensions.) The shifts in loes factor are not as successful in
making data for these specimens coincident; tha improvement in
fi: 1e substantial however.

It will be noted that a point for Specimen #) exists at a
negative value of Cpe Thie point serves to illustrate one of the
initially confusing features of crase behavior. In the first
cycle of this series (c. = 0) stress was raised to 6050 pei at
which point the specimen fractured at a crase some distance awvay
from the test crase. After fashioning a new grip section for the
specimen, toottng recommenced at the point G " «17%, the
contraction in the test crase having bean produced by the sudden
releass of stress upon fracture which exerts enough of a
conpressive impact on the crase to produc. s significant retraction
and density increase. (Indeed in an Instron compressive test most
of the rntlocctv(:y of a crase will disappear in a few minutes or
so under 3000 - 4000 psi pressure.) This behavior is not surprising
once understood. It is most disconcerting at firet however that,
after having applied a programmed tensile stress, one subsequently
finds the crase in a state of negative residual strain.

Finally, two partially open points are to be noted at the
bottom of the Specimen #3 line. These denote incomplete cycler,
as in Fig. 8, which begin and end at about 1000 psi. They were
run in this fashion in order to begin at o higher value of % than
can otherwise be obtainsd, due to the rapid rate of creep recovery
ai stresses below 1000 pei. It is clear from these data and the
trends displayed in Figs. 6 and 7 that, on this time scale, poly-
carbonate craszes behave in a very nearly Hookian fashion sbove

absolute residual strains of about 160-170%., PFrom this curve an
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e¢lastic modulus E = 47,000 psi is calculated which is 15% of the
¢r:3tic modulus of unoriented polycarbonate of normal density.

IV, Discussion

Results of low angle x-ray scattering and electron microscopy
may be intsrpreted to suggest that the void content of the crase is
dispersed in ths form of interconnected sphercidal holes having a

common dimension of 100-200 R, in an oriented polymer -ntr1:.4’6

Oon
this basis we consider here, as s mechanical model for t.. 3 crase, a
polymer foam of d:nsity equal to that of the crase. We consides
furthermores that the holes of the foam nucleate at a finite number
of sites when the local stress reaches a critical value and grow

to a fixed size, further rarefaction taking place by the opsaning

up of new holes., '

Of use in testing this model is the relationship between the
ratio of foam coqotlo-moduluo lf to bulk éolynor tensile modulus 'o
and polymer density developed by Gent and Thpnao.7 It 1is the
contention of these authors, successful in terms of comparison with
experimental data, that rubber foams may be represented by webs of
interconnected filaments of polymer and that neither the specific
gnometry of the filament nor that ofvthi filament junction has much
influence on the ratio Eflno. The cycle showna in Fig. 8 begins at
€.bsolute = 170% which corresponds to a crase void content of 63%.
From $ent and Thomas we have for this density Bt,zo = ,13 and thus
a calculated crase modulus of 42,000 psi which is in excellent
;grocmcnc with the experimental value 47,000 psi aforementioned.

There are, however, two somewhat uncertain factors which cast

a cloud ¢ver this agreement. First, in the craze formation process

the polymer has undergone some degree of molecular orientation as
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1,6 and by crase btro!rtn.onco;a

evidenced by high angle x-ray data
such orientation is possibly as much as is developed dy a
corresponding degree of cold drawing. Molecular orientation
increases the tensile modulus of bulk polycarbonate and should
likewise raise the true modulus of the hypothetical crase filament,
By an admittedly long extrapolation of the relationship of

9 for polycarbonate tensile modulus to 170%

Robertson and Buenker
strain, we calculate a "strain hardening" factor of 2.2, Applica-
tion of this factor raises the calculated crase modulus to a
maximun éookibln value of 90,000 pei.

On the other hand, we have been forced unavoidably to make

comparison of a modulus calculated using the normal polymer

modulus Bo determined at small ltr..‘.l, with a crasze secant ‘

modulus measured at large stresses. At 6000 psi for example the : 4

secant modulus of normal polycarbonate io 190,000 psi. If we use

this value instead of Bo together with tho'n:ratn hardening factor 4

2,2 w‘ obtain: t |
By (320,000 @.2) 55,800 pot “

crase E_ (190,0000

o

which again agrees .well with the ;xpciimcncal value,

Another approach to understanding crase mechanical properties
can be made through consideration of crase yield stress. In Fig.
9 the dependence on absolute strain of the yileld s:r;ua is
exhibited. The data shown were taken from only those cycles
where such a stress could be reasonably estimated. In spite of : b
the degree of scatter the drop in yield stress with increasing

ittain is readily apparent. An attempt to calculate this

| Zependence is set forth as follows,




First ve assume somewvhat arbitrarily that the crase initiation
stress under rate conditions similar to those of the testing cycles
used here would be close to the conventional shear-deformation
yield stress 8000 psi were crase formation to occur in the dry
polymer. Craze initiation under dry conditions actually is
suppressed by the beginnings of homogeneous orientation at lower
stresses so that under these conditions the crase initiation stress
cannot be directly determined. That is, homogensous orientation is
somevhat more effective in making crasing mure difficult than in so
doing to shear deformation, Second we assume that the rarefaction
of an existing crase involves microscopically the same value of
stress as is required in crase initistion but that again the foanm
fnctoi causes the apparent crase ytold stress to be lower than the
microscopic stress. Thus the curves labelled #1 and #2 in Fig. 9
simply represent the reduction in appar;nt crase yield stress due
to rat.f:ction‘brought about by multiplying the arbitrary stresses
8000 and 8800 psi respec:ively by the toaﬁ factor nflno. Agree-
ment appears reasonably good.

According to Robertson, however, preorientation of poly-
carbonate causes an increase in the yiold stress associated with
cold draving %D according to the relationship GCD(Q) -
°CD(°) 1L + b®] where N is the degree of orientation defined
ultimately by birefringence and the constants b and d are found
to equai 1,21 and 1,61 respectively for data up to the maximum
value of L) produced by him (~ 50%). If with some trepidation we
extrapolate this "etrain hardening"” relartcrshi» over the range

of £) from 60 to 140% we calculate a sef =f ¢tyrin hardening

factors which, when combined with Curve #1 produces Curve #3 in

106
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Fig. 9 which gives a decidedly poorer f£it to the data.

At present then it seems fruitless to attempt further
speculation about these aspects of crase mechanical properties.
Data is needed on: (1) the effects of higher degrees of
orientation on bulk polymer modulus and yield stress; (2)
quantitative degrees of molecular orientation in craszes; and (3)

a better understanding of crase microstructure,

Fig. 10 shows the creep recovery behavior of Specimen #3
after the last cycle and also that of a cold drawn bar, After
three and dne-half months, crase recovery appears to be continuing
still, The linear behavior here also means that ¢ 1n (-de/dt)/de =
constant for both bodies; appropriate plotting shows -de/dt for the
bar dropping much more ot.opli with decreasing ¢ and the rates
cross over at ¢ = 106%. The continued recovery of the crasze implies
that it is not only in a higher energy itato than that of the
unoriented pol&mor but that its state is apparently not thermo-
dynamically metastable at any .%rain level. It seems likely that
the driving force for crase-creep recovery arises from the
molecular configurational entropy and from the free energy of the
large specific internal surface nioa.'

We may estimate the otrioo due to molecular configurational
entropy fiom rubber elasticity, At 160°C which is about 15°
above T _polycarbonate exhibits an elastic modulus aﬁ the

8
beginning of the rubber platecu of 800 pni.ll

We suggest then that
in the craze at 1007 absolute strain and at room temperature the
configurational retractive stress is of the order of several

hundred psi. (We make no quantitative calculation because of the

uncertain temperature correction which would have to be applied
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to chain entanglement moiecular weight inter alia.)

One way to estimate crudely the internal retractive stresses
arising from the surface ensrgy is to consider again that the
material in the crase is dispersed in the form of long cylindrical
filaments of radius r and greater length h connected to other
polymer elements at each end. The volume of the filament is then
V = xrzh and its free surface area 2xrh, Keeping the filament

volume constant we may express the filament surface area as

A = 241212102

coA
and any change in area due to change in length at constant volume

dA = 1 2yt 2y -ul2,,

The change in total surface free energy of the filament F is

dF = Faa = Fal/2y1/2,-1/2y,
where F 1is the specific sucface free energy of the polymer, Now
we may donigﬁ.tc the change in energy with decrease in h, dF/dh,
as a free energy gradient corresponding to the net force th acting

in the h direction, Therefore we obtain

£, = dF/dh = Fall2yt/2y-12 _ 7o

The naet retractive stress then acting in the h direction is

o, = fhl(arz) = F/c.

We set r = 50 A and T = 40 crgolcmz a reasonable estimate of the

polycarbonate surface energy (e.g. Ellison and Z£sman12 set the

critical surface tension of polystyrene at 33-43 dynes/cm).,
Consequently,

o, = 1200 psi.

h
The estimated total retractive stress is rather low compared,

TR R
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for example. to the conventional yield stress for polycarbonate.
It must be remembered, howaver, that recovery rate here is much
lower than any of the conventional testing rates at which yield
stress, vhich is rate-dependent, has been measured,

It is conceivable, furthermore, that the degree of polymer
dispersion in the crase also aids chain motion by effectively
lowering the glassy state viscosity. In the Nabarro-Herring
treatment of the vacancy-limited craoep of a crystalline solid,

2 where 5 is the

13

viscosity is considered to increase with b

distance between vacancy sinks. Greet and Turnbull discuss

such a concept in regard to the glass transition and suggest that
in the perfect glass such distance 8 may approach body dimensions.
If such were the case, the viscosity of a 100 2 diameter oriented

craze filament, assuming it to be perfect, would be reduced by a

factor as large as 1 from that of the normal polymer glass.

In studies of the glass transition in polystyrene, Braun and

14 find no decrease in T _ for particles in the range 1000

8
to 10,000 A in diameter. Thus 103 A is probably the upper limit

Kovacs

for d for real glasses and we could therefore expect a reduction
in the viscosity of the crase £1lament of no more than 102.
Considerations of this kind are of course highly speculative
but nevertheless the 1n§1uonco of free surfaces upon the esase of
craze formation is experimentally observable. Craiul are always
more easily initiated at the polymer surface than internally;
although the importance of surface flaws cannot be denied, the
fact that surface initiation is favored even in carefully cast

" and annealed films implies that molecular motion is enhanced by

the presence of a free surface,




Purthermore the reality of surface tension effects is
reinfcrced by the healing record of a bar crased as were the ones
for tensile testing. After completion of crase formation the
specimen was unstressed but left in the alcohol bath for nineteen
hours during which time crase refractive index rose from 1.46 to
1,475, The bar was then removed and the much faster rate of crase
index rise indicated in Fig. 11 observed. Analogous behavior has
been observed here with polymethyl methacrylate crases also. The
role of organic agent in crase formation has variously been
considered to be that of surface agent or alternatively
plasticizer, Were plasticiszation the only role of alcohol here,
then craze healing would have been fastest in the bath where the
source of the agent is unlimited. Once the specimen was removed,
however, alcohol supply in the craze was finite and diffusion awvay
into the bulk polymer probably rooultoa in internal surface area
no longer covered by liquid and thus the crase now was subject to
markedly increased surface retractive £o¥coo. But also crase
healing in the hath is faster than retraction of the completely
dry craze. 'The combinstion of these observetions and the known
7% solubility of alecchol in the ﬁolyﬁcr indicates that the role
of alcohol in so-called solvent crazing is both that of surface
stabilizer and plasticiser.

In general then, we view craze extension as biing qualita-
tively no different from crase formation., The macroscopic yield
stress observed appears co corrncpénd to th§ attainment micré-
scopically of the stress necessary for further hole formation,
"It is primarily the geometric factors of the type involved in

foam properties which cause a lowering of this macroscopic stress

s
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and a reduction in macroscopic modulus, In other words, although
the molecular orientation entailed in craze formation and
extension probably results in some degree of microscopic "strain
hardening," the geometric effect of void formation is overriding
and thus macroscopically crase formation and extension result in

a "strain softened" section of material., One way of some use in
quantitatively describing such softening is to define the ratio

of the crase initiation stress (i.e. 8000 psi ca.) to the absolute
strain produced ultimately at this stress (200% ca.) as a kind of
modulus, l'crnsc formation secant modulus, which in this case then
has the value 4000 psi. At this level of stress the secant
modulus of polycart¢nate is roughly 150,000 psi so that in this
sense the polymer s:ts forty times more compliant {n full crasze
formation than it does elsewhere at this stress level.

We expect that observations and cénotdorattono of the kind
discussed horiin will be of use in analyszsing craze and crack
propagation forces and kinetics. They are also of use in under-
standing the detsails of energy absorption during stress whitening

15 have shown

of rubber modified polymers. Bucknall and coworkers
that massive amounts of crase formation are associated with stress
wvhitening and impact energy ab orption in rubber-modified thermo-
plllticl? Inspection of cyclic tensile curves to stresses above
the craze formation yield stress reveals both an avirugc secant
modulus which drops with increase in crace formation and the
presence at low stresses of a recoverable yield stress which we

identify as the manifestation of the yielding of crazes previously

formed.,
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Appendix

Specimen #3 was crased at 3500 pei and unstressed and removed
from the alcohoi bath simultaneously, Over the following two days
crase index of refraction rose from 1.46 to 1.52 indicating a large
degree of healing. The specimen was then restressed at 3500 pei
in air which caused most of the crases to develop quickly a low
refractive index; raising the stress to 3800 psi caused the
remainder similarly to redevelop. Stress was then removed, crase
refractive index immediately measured (1.33) and the bar left
unotr&nlkd for three weeks during which time crase index did not
change. Tensile testing was then commenced., With this specimen
Aﬁ,o was determined by grinding and polishing down the surface
subsequent to the finish of testing and obtaining a photomicro-
graph similar to Fig. 1b, at known magnification.

The manner of crase rodovclopnoﬁ: under the second stressing
is of considersble interest. Rather thgn gaining high reflectivity
by.a gradual, homogensous openin~ up over the whole craze at once,
the process occurred in a heterogeneous way much analogous to crase
formation itself. That is, one edge of the craze became
"redeveloped" and rodovolopnant'npfond out from this point,
growing through the particular crase in a matter of seconds to
almost, an hour depending on the individual crase. The boundary
between the growing, highly-reflecting region and'thc remainder
of the partially healed region was sharp at all times. Thus in
spite of being '"prenucleated" over the whole craze plane by the
residue of voids, crase redevelopment occurred by abrupt and more
or less complete expansion of each ¢.ement in its turn, Such a

process is understandable by analogy with the reduction in yield

BT L el s




Appendix (continued)
stress of the crase with increase in void content; that is, once
the process begine in a region that region becomes more compliant
and expansion continues until orientation eventually overcomes
the effect of loss of t:ue load bearing crose section through void

formation,
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Figure Captions

Pig. 1. Contrast betveen complete, isolated crase which {is
useful for testing and an incomplete one which is of

Fig. 2. Photomicrographs of bar surface showing: (a) indentation J
associated with crase; and (b) the same crase after
surface grinding and polishing showing that the groove

width is greater than true crase thickness, ‘Thickneus
here 19 o0/ MM)

Fig. 3. Crase tensile testing apparatus.

Fig. 4. Force-time program in the typical cyclic tensile test of
the crase. Vertical marks record stresses at which

photomicrographs were taken.,

Pig. 5. PFour cycles in a series of cyclic tensile tests on a
polycarbonate crase. 8See text for delay times between
cycles. Also included is cyclic tensile curve for
normal polycarbonate. Streesing rate of the crase in
the linear portion of the load-time curve was 500 psi/min

approximately,

Fig. 6. Dependence of total strain energy of crase 06200 up to
" the maximum stress upon residual strain LY for thrae

specimens., 8See text for definition of absolute strain

scale., See text for method of shifting Specimen #1

data.
Fig. 7. Dependence of loss factor of crase upon residual strain
6p at start of cycle, See text for details of Specimen

#1 data shift,




Fig. 8.

Fig. 9.

Pig. 10,

Fig. 11.

Figure Captione (continued)

Incomplete cycle corresponding to one of the partial
circles iu Figs., 6 and 7. Minimum stress betwvaen

preceding cycle and this one was 1000 psi.

Yield stress of the srase ve. absolute strain for three
specimens. Data for speciwen #1 are strain-shifced as

befores.

Qrccp recovery of Specimen #3 crase after tenth cycle

and of cold-drawn polycarbonate bar vs. log time,

Rise in refractive index n with time for polycarbonate
crazes: (a) for a bar which is unloaded and removed
from alcohol simultaneously; and (b) for a bar unloaded

but left in alcohol for first nineteen hours before

removal,
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