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ELEVATED TEMPERATURE DEFORMATION OF TD-NICKEL BASE ALLOYS
Abstract

Sensitivity of the elevated temperature (above 1/2 Tm) deformation
of TD-nickel to grain size and shape was examined in both tension and
creep. LElevated temperature strength increased with increasing grain
diameter and increasing L/D ratio. Measured activation enthalpies in
tension and creep were not the same. In tension, the internal stress
was not proportional to the shear modulus. Creep activation enthalpies
increased with increasing L/D ratio and increasing grain diameter, to
high values compared with that of the self diffusion enthalpy.

It has been postulated that two concurrent processes coﬁtribute
to the elevated temperature defofmation of polycrystalline TD-nickel:
diffusion controlled grain boundary sliding, and dislocation motion.
The contribution of dislocation motion increases with increasing L/D
ratio and increasing grain diameter. Dislocation motion is strongly

influenced by dislocation-dispersed particle interactions arising fré:

m

surface tension effects. The high apparent activation enthalpies
stress sensitivities observed in TD-nickel are a result of these dis-
location-particle interactions.

The deformation and éhnealing response of TD-Nickel-Chromium
(TD-NiCr) was examined. TD—NiCr 0.1 inch thick sheet was longitudinally
and transversely rolled in both the as-received unannealed and annealed
conditions. Grain size was found to decrease with increased rolling
strain and increasing annealing temperature for all material states

tested.

‘High temperature tensile tests between 1100°F and 2000°F were



conducted on TD-NiCr of various grains sizes in the range 0.0037 mm
to 0.0515 mm. Yield and tensile strength was found to decrease with
increasing temperature and decreasing grain size. Ductility as meas-
ured by percent elongation was shown to be very dependent on grain size
especially bétween 1500°F and 2000°F. Ductility increased dramatically
with decreasing grain size over this temperature range.

Limited investigations were conducted by division undergraduates
in the areas of intermediate temperature stress-rupture of TD-Nickel
and texture determinations of TD-Nickel and TD-NiCr. Stress-rupture
properties of TD-Nickel were determined at 1089°k (lSOOOF) as a function
of grain size. The textures of TD-Nickel bar material and TD-NiCr
sheet were also determined as a function of grain size and of the defor-

mation and annealing treatments used to produce the various grain sizes.

ii
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INTRODUCTION

A, Foreword

Dispefsion hardened materials were developed
in order to meet the increasing demands of elevated
temperature applications. Of this genus of materials,
TD~-nickel, which contains thorium dioxide (ThO,)
particles as the inert dispersed second phase iﬁ
a nickel matrix, is among the most well-known. The
dispersion in this haterial is produced mechanically
by powder metallurgy techniques, and suitable thermo-
mechanical working operations. Fabricated sub-
structures are produced which are stable above 0.9 of
the absolute melting temperature of the matrix. This
substructural stability is a contributing factor to
the excellent elevated temperature mechanical
properties of TD-nickel, which has usgful engineering
characteristics as high as 1589°K (2400°F).

While extensive effort has been directed towards
the development and refinement of fabrication
techniques for TD-nickel, relatively few investiga-
tions have been concerned with determination of

the basic factors which produce and control the



elevated temperature mechanical properties of this
material. As a result, these factors have not been

well understood.

B. Literature Survey

The literature is best refiewed by a discussion
of two general topics : 1) properties of TD-nickel;
2) deformation theories for dispersion hardened
materials. All investigations to_be cited are con-
cerned with behavior above one-half the absolute
melting temperature of the material.

1. Properties of Tbh-nickel

a. Tensile Properties

Elevated temperature tensile strength levels in
TD-nickel have been found to be sensitive to the
following factors: 1) grain size; 2) grain 'shape,
and 3) nature of the thoria particle dispersion.

The yieid strength increases with increasing grain

size (1,2)*, increasin§ grain elongation (1,2,3),

and increasing volume fraction of the dispersed

phase (3). Effects ofagrain shape have been restricted

1
!

*Numbers in parentheses indicate references listed
in the Bibliography, Section VI,



to shapes of roughly ellipsoidal geometry, with the
shape index béing the Length-to-bDiameter, or L/D,
ratio. Strength is reported to increase linearly
(2,3) with increasing L/D ratio, until it becpmes
indépéndent of L/D ratio at high values of this
quantity (3).

Fraser and Evans (3) noted that the elevated
temperature tensile strength increased wiéh inéreasing
volume fraction of dispersed phase. A dependence on
f5, where f = volume fraction, was found. No exam-
ination has been made of the effect of particle
radius, Ro' on elevated temperature strength levels.

Ductility varies inversely as strength with
respect to changes in grain size and shape. 'Equiéxed;
fine grained material ( L/D = 1, 0.001 mm average
érain diameter 5 possesses maximum ductility, but
minimum strength. Generally, the ductility decreases
with increasing grain size and L/D ratio. For all
ranges of grain size and shape, both ductility and
strength increase with increasing tensile strain rate
(1) .

Anisotropy of both strength and ductility results
from the elongated grain structures in TD-nickel (1).

Strength levels decrease and ductility increases as




the test direction departs from the direction of
grain elongation. An exception to this behavior occurs

in extremely lérge grained material ( 0.5 mm average

n

grain diameter, L/D 3 ), where strength and ductility
are both maximum for tests parallel to the grain
elongation.

Activation enthalpy measufements made in tensile
tests on TD-nickel have generally vielded high values
as compared to the self-diffusion enthalpy (4) of
nickel ( 3 ev ). Doble (1) obtained values of 7-14 ev
at 1366°K (2000°F) for a wide range of grain sizes and
shapes. No distinct trends in the activation enthalpy
with grain size and shape were discernible. Lasalmonie
and Sindzingre (5) found the activation enthalpy to
increase abruptly with temperature, from values near
3 ev below 1023°k (1382°F) to a value of 12 ev at
1073°K (1472°F). There was no indication that the
measured activation enthglpy would level off at higher

temperatures.

b. Creep Properties

TD-nickel exhibits creep behavior of the classic
kind. Creep begins with a primary stage of decreasing
creep rate, followed by a steady state region of

constant creep rate. Tertiary creep occurs only to a



limited extent in the material. The steady state

creep rate increases with.increasing stress and
temperature. Total creep elongation usualiy increases
with increasing stress and temperature, but its depend-
ence on these variables is not as rigid ‘as that of the
steady state creep rate.

The creep behavior of TD~-nickel is influenced
markedly by grain structure variables (i.e. grain size
and shape). In an examination of 1.27 cm ( % inch )
commercial bar (§.001 mm average grain diameter,

L/D = 15-20), Wilcox and Clauer (6) found the steady

state creep rate to be of the form:

. N -Q/kT
E = A0 e (1)
s
where Es = uniaxial strain rate, A = a constant,
0 = uniaxial true 8tress, N = stress exponent,
Q = activation enthalpy, kX = Boltzman constant, angd
T = absolute temperature. The stress exponent N had

a value of 40, and the activation enthalpy Q was

8.25 ev. The activation enthalpy was reported as stress
independent, although measurements were made by chang-
ing the streés and temperature simultaneously, réther

than varying stress at constant temperature. Effects



of L/D ratio on the stress exponent N were noted by
Wilcok, Clauer and Hutchinson (2). N increased from
a value of 6.7 at L/D = 2.9 to a value of 26.1 at
L/D = 7.8.

In TD-nickel experimental alloys of larger grain
size (v0.05 mm average grain diameter) and equiaxed
grain shape (L/DV1), Clauer and Wilcoi (7) observed
the steady state creep rate to be described by:

. N -Q/kT
e =Ag e (2)

s T
For these alloys, N had a value of 7 and Q a value of
2.78 ev. The alloys were of variable thoria particle
radius and interparticle spacing. Both N and Q were
independent of these parameters.

The creep behavior of TD-nickel is significantly
different from that of pure nickel. The steady state
creep rate of pure nickel is described by Equation 1.
Reported values of N and Q range from 4.6 - 7.0 and
2.82 to 2.89 ev respectively (8-11l). The creep.acti—
vation enthalpy has been observed to be independent of.
grain size and stress. No high activation enthalpies or

stress dependencies have been noted in pure nickel.



C. Déformation_Substructures

The microstructures characteristic of elevated
temperature deformation in TD-nickel show two
phenomena: 1) grain boundary sliding, and 2) inter-
granular cracking. Evidences of grain boundary sliding
have been reported by Doble (1) and Fraser and Evans
(3) in tension, and Wilcox and Clauer (6) in creep.
Intergranular cracking is seen in tension (1) and
creep (6,12), and appears associated with the fracture
ﬁode. Intergranular cracks are observed at grain
boundaries perpendicular to the applied stress.

L}ttle substructural change occurs as a result of
creep deformation.' Wilcox and Clauer (6,7) have
reported only small increases in dislocation density
above that of the uncrept state. Dislocation tangles
or eells are not formed to a large extent. The most
prominent dislocation features noted have been grain
boundary dislocation sources and parallel dislocation
arrays. In both crept and uncrept substructures,
individual dislocations are described as being "pinned"
to thoria particles (6,7).

2. Deformation Theories for Dispersion Hardened

Materials

a. Dislocation Models

Ansell and Weertman (13) were the first to



propose a dislocation model for steady state creep in
a dispersion hardened material. Climb of dislocations
- over second phase particles is assumed to be the rate
controlling process. At low stresses, the steady state

creep rate is given by :

-AH__/kT
v SD
Ys = é_% e (3)
Ro'

where ?s = shear strain rate, A = a constant,
T = shear stress, Ro = particle radius, AHSD = self
-diffusion enthalpy, k = Boltzman constant, and
T = absolute temperature. 1In polycrystalline materials
95 = v2 es and T = 0/2, where €Eg and 0 are the uni-
axial strain rate and stress, respectively. At inter-

mediate stresses, the derived creep rate expression is:

4 42  ~BHgp/kT

.?S = A—l———-—— [ (4)
Rou3 T

where 4 = interparticle spacing and U = shear modulus.

A dislocation climb mbdel similar to that of Ansell
and Weertman was suggested by.Wilcox and Clauer (14).
This model differs in that the density of mobile dis-
locations is assumed to be stress dependent. The
expression obtained is:

(B+1)
A T* 42 —AHSD/kT

Y = e (s)

8 Ry T




where B is a stress exponent describing the effect of
stress on mobile dislocation density in the expression

p = poTB. T* is taken as the effective stress, that is,
T* = T - Ti , Where Ti is the internal stress affect-
ing dislocation motion. Wilcox and Clauer deduced a
value of 4 for B

The thermally activated dissolution of certain
types of dislocation junétion reactions, with sub-
sequent slip of glide dislocations to produce creep
strain, has been proposed by Guyot (15) to explain
high activation enthalpiés in dispersion hardened
materials. Thisbmodel, however, requires a rather
specialized form of dislocation substructure which does
not appear fo develop to the extent required to be a
significant factor in the total creep strain.

High activation enthalpies attributabie to a dis-
location mechanism might more reasonably be obtained
following the arguments of Friedel (16). The thermally
activated bypassing of dislocations past second phase
particles by Orowan bowing was considered. This process
has an activation enthalpy of the form:

3/2 _
AH = 24L{1 - L} (6)
TC
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where AH = activation enthalpy, L = dislocation line
tension, and Tc = theoretical Orowan stress at 0°K,

The activation enthalpy is highly stress dependent, and
becomes prohibitively high unless T = Tc within about
1% for 4 > 102b, where b is the dislocation Burgers
vector. Thus, Friedel's model implies a very high
internal stress. In addition, it is assumed that the
dislocations cannot circumvent the particles by easier
means, such as dislocation climb, which should occur
readily at elevated températures.

Lagneborg (17) has examined the steady state creep
of dispersion hardened materials from the strain
hardening - recovery balance viewpoint. 1In this
approach, steady state creep commences when the rates
of stfain hardening and recovery become egual. The
rate controlling process‘is considered to be that of
recovery. Lagneborg assumes that the presence of the
dispersed phase reduces the recovery rate by impeding
the growth of dislocation networks. After Hillert (18),
a retarding force T-Z is postulated, where Z depends on
the size and distribution of the dispersed phase. This

leads to an expression for the creep rate of:

*

Y = At {T. - z}? (7)
aub
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where o = a constant. No suggestion was given as to
the exact manner in which the dispersed phase might
produce a dislocation retarding force. For a

.recovery process, the retarding force would be expected
to influence dislocation climb.

Tien et. al. (19) have proposed that the high
activation enthalpies observed in dispersion hardened
materials may'be associated with interstitial (rather
than vacancy) formation and migration as the rate
controlling factors in a dislocation creep process.

In their model, jogs on screw dislocations are assumed
to move by the thermally activated absorption or
emission of interstitials. This is predicted to occur
when the density of jogs is high, so.that jog motion
will quiqkly exhaust the local vacancy concéntration.
The interstitial mechanism controls when the dislocation
network structure is "fine mesh” (this is assumed to be
the case for dispersion hardened materials). Tien

et. al. predict that when the dislocation network is
"coarse mesh", dislocation creep will revert to vacancy
controlled mechanisms, and activation enthalpies will

be lower. 'Np explanation is given as to why second
phase particies should promote a “fine mesh" dislocation

network.
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b. Grain Boundary Sliding Models

Fraser and Evans (3) were the first to propose a
model for dispersion hardened materials incorporating
grain boundary effects. Their "fiber composite"”
model considers each grain as a fiber strengthened by
the dispersed phase. Loads must be transferréd
across the grain.boundaries. Thus, the total strength
of the "composite” depends on both the inherent
strength of each grain and the strength of the grain
boundaries. 1If the grain boundaries are stronger than
tﬁe grains (i.e. at temperatures below the "equi-
cphesive" point), then the inherent grain strength
will control the total strength. However, if the grains
are stronger than the grain boundaries (i.e. at
temperatures above the "equi-cohesive" point), grain
boundary effects will determine the total strength.

Introduction of the second phase into the grain
matrix increases its load carrying ability with respect
to that of the grain boundary surface area, because of
the hindrance of dislocation motion. The material will
tend to deform by gréin boundary sliding unless the
grain boundary surface area is increased to the extent
that its load carrying ability is greater than that of

the grain interior. Fraser and Evans propose that this
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can be achieved by producing a highly elongated;
"fibrous"” grain shape. By this means (i.e. increas-
ing the grain elongation), they predict that the
stienqth df the "cémposite" will be increased, with
the upper limit being the inherent strength of the
dispersion hardened graih interior.

A theoretical description of grain boundary
sliding with diffusional accommodation has been
developed by Raj and Ashby (20). This type of deform-
ation might be expected to occur at high temperatures
{above the "equi-cohesive" point) and low stresses.

The shape of the grain boundary sliding path is assumed
to control the sliding process, by dictating the con-
ditions under which acéommodative‘diffusion must occur
to preserve integrity in the material. Using a con-
tinuum mechanics approach, the expression for the creep
rate in a polycrystalline material of equiaxed grain

shape is:

-AH__/kT
¢ SD
Ys = A%— e (8)
g T
where g = grain diameter. Equation 8 applies when volume

diffusion is'predominant. When grain boundary aiffusion

is predominant, the grain size dependence becomes cubic
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and AHSD is replaced by the activation enthalpy for
grain boundary diffusion.

Effects of grain shape on the sliding process
were examined. For L/D ratios much greater than 1
(elongated grains), the creep rate is proportional to
(L/D)—l for volume diffusion controlling, and pro-

portional to (L/D)-H

for boundary diffusion control-
ling.

The influence of a dispersed second phase was
also conéidered.. The presence of such particles is
predicted to reduce the grain boundary sliding rate
only slightly, with large particles more effective
inhibitors than the same volume fraction of smaller
particles. However, Ashby has postulated (21) that
the presence of second phase particles at the grain
boundary may restrict the ability of the boundary to
emit or absorb vacancies (Equation 8 assumes that the
boundaries are perfect sources or sinks for vacancies).
This effect can lead to the introduction of a
threshold stress, below which no grain boundary sliding

will occur.

cC. Purpose of the Present Investigation

No theoretical description of the elevated tempera-
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ture behavior of dispersion hardened materials,
_which is of suitable generality to explain the
behavioral characteristics of TD-nickel, is current-
ly available.' Dislocation models cannot account for
the grain size and shape sensitivity which this material
possesses. Grain boundary sliding models do not predict
the role of the dispersedAphase in the improvement of
elevated temperature properties. Neither class of
models éan satisfactorily cope with the high activation
enthalpies and stress sensitivities measured in
TD-nickel.

The purpose of the present investigation was one
of gaining an insight into the basic deformation
mechanisms operative in TD-nickel--and in dispersion
hardened materials in general--by examining the effects
of grain size and shape variables on tensile and creep
properties. The main focus was placed on the thermo-
dynamic parameters describing the deformation process.
Efforts were made to correlate thermodynamic measure-
ments with substructural features observed by electron

microscopy.



MATERIALS AND PROCEDURE

A. Material

TD-nickel as-extruded 7.62 cm (3 inch) bar
supplied by the Fansteel Corporation was the starting
material for the investigation{ Its fabrication |
history is as follows: A thoria containing nickel
powder is compacted, sintered, and consolidated to
100% density by hot ektrusion, with an 86% reduction
in billet area at temperatures of 1255-1366°k
(1800-2000°F). In the production of TD-nickel products,
as-extruded material represents a state of'minimal
fabrication prdcessing. |

Two different lots of as-extruded bar (both
fabricated by the same procedure) were used in the
investigation. The lots were coded as #3014 and #3555.
Both lots were similar in chemical composition. The
vendor's chemical analysis of Lot 3555 is given in
Table 1.

Grains in the as-extruded material were equiaxed;
with an averaqe-grain diameter of approximately 0.001 mm.
For 0.89-1.02 cm (0.35-0.40 inch) TD-nickel as-extruded

bar produced by the Fansteel Corporation, Wilcox

16
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et. al. (2) have measured values of 100 x 10710 M for
the average thoria particle radius and 1505 x 10-10 y

for the interparticle spacing.

B. Grain Size and Shape Control

Grain size and shape were systematically controlled
by following guidelines for thermomeéhanical processing
established in a previous investigation (22,23).

Material from TD-nickel Lot 3014 was used exclusively

for the production of différent grain sizes. Only
materiél from Lot 3555 was used for grain shape control.
Grain size was varied at censtant grain shape (equi-
axed, L/D ~v 1) as far as possible, while grain shaﬁe

was varied at constant grain size (Vv0.001 mm average
grain diameter).

1. Grain Size Control

The grain size of the as-extruded bar was employed
as a small grain size (v0.001 mm avérage grain diameter,
L/DV1). This as-extruded mate¥ial was given é standard-
ization anneal for one hour at 1589°K (2400°F) in
argon in order to match the annealing conditions of
other grain sizes. The anneal had no apparent effect
on as-extruded grain size or shape.

A large grain size (V0.4 mm average grain diameter,
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L/D"V3) waé produced from the as-extruded stéte by
cold rolling transversely to the extrusion axis
(transverse rolling) and annealing. The rolling
redﬁction was 33% in thickness, with an 11%
reduction per pass. Splitting of the rolling slab
(i.e. "alligatoring") occurred for reductions in
thickness greater than 33%. Rolled samples were
annealed for one hour at 1589°K (2400°F) in argon.
Lower annealing temperatures resulted in material
which was not fully large grained. This procedure
produced material whose §olume was 100% large grained.
Development of these large grains was ;he result of
abnormal grain growth (22,23).

A previous investigation (22,23) had suggested

that an intermediate grain size could be produced by

deformation and annealing, if the starting,materiai

was large grained. This proved to be true, The 100%

large grained material was cold rollgd to a 70%
reduction in thickness at a 10% reduction per pass.

The rolling direction was the same as used in the
production of the large grained'state (transverse to
the_original as—-extruded axis). For this rolling
operation, no slab splitting problems were encountered.

Following rolling, samples were annealed for one hour
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at 1366°K (2000°F) in vacuum to produce an inter-
mediate grain size (v0.02 mm average grain diameter,
L/DVv1), and then for one hour at 1589°K (2400°F) in
argon. | |

The intermediate grain size was established
after the 1366°Kk (2000°F) anneal. This anneal was
employed in order to rapidly heat rolled samples to
.temperature (by room temperature insertion into the
hot zone). Slower heat-up rates promoted the form-
ation of a recovered structure, rather than a
distinct intermediate grain.structure.(no effect of
heat-up rate was noted in the production of the large
grain size). The final 1589°k (2400°F) anneal was
employed for standardization purposes, and samples
were heated with the furnace. This higher tempera-
ture anneal had no influence on the intermediate
grain size produced by the 1366°K (2000°F) anneal.

2. Grain Shape Control

Grain shape control was achieved by swaging and
annealing operations. Swaging changes an equiaxed
grain ghape to one which is approximately that of an
ellipsoid. Thus, the grains increase in length and
decrease in width with increasing swaging reductions

(i.e. they become elongated). Results of a previous
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investigation (22,23) indicated that Length—to-Diaméter
(L/D) ratio.changes produced on swaging would not be
significantly altered by subsequent annealing.
Furthermore, the gfain shape could be altered without
large changes in grain size occurring on annealing.
As-extruded material was cold swaged (parallel to
the extrusion axis) to reductions in area of 78% and
90%, using facilities at NASA*, Reductions were approx-
imately 10% per swaging pass. All swaged samples were
annealed for one hour at 1589°k (2400°F). A one hour
anneal at 1589°K (2400°F) of the as-extruded state
served as the eqﬁiaxed grain shape (L/D'V1). The 78%
swaging redubtion produced an L/D raﬁio of about 5,
while the L/D ratio after the 90% reduction was approx-
imately 11. The grain size for all grain shape samples
was approximately 0.001 mm. ‘No intermediate anneal-~

ing was done between swaging passes.

c. Metallography

In order to describe accurately the various grain

sizes and shapes produced, it was necessary to employ

*Lewis Research Center, Cleveland, Ohio
under the direction of Mr. Charles Blankenship
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the methods of quantitative microscopy. This
required adequate grain boundary delineation. No
single grain boundary delineation technique was
suitable for use over the wide range of grain sizes
used in the investigation. For the intermediate
{v0.02 mm) and large (No.imm) graih sizes, light
optical methods were employed. Electron microscopy
procedures were required for the small (Vv0.001 mm)
grain sizes.

Polishing and etching techniques for light optical
microscopy were surveyed (24) to determine optimum
procedures for grain boundary delineation in intermedi-
ate and large‘grained TD~nickel. Mechanical polishing
by the standard abrasive methods was followed by
electropolishing. Two electropolishes gave good
results for TD-nickel. These were: 1) 35% H 504,

2
40% H3P04, 25% H,O at 5-6 volts; 2) 6 parts ethanol,

2
1 part sto4 at 20 volts.
Grain boundary etching of TD-nickel proved to be
very difficult. Differences in etching behavior
were noted as a function of sample orientation (with
respect to the rolling direction), as well as of grain

size. No chemical or electrochemical etchant surveyed

was found suitable for etching both the intermediate
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and large grain sizes. The intermediate grain size
was. particularly difficult to etch.satisfactorily, as
etchants which were suitable for the large grained
condition did not give satisfactory results for the
intermediate grain size.

Thermal etching gave grain boundary delineation
adequate for gquantitative measurements in both the
intermediaﬁe and large grain sizes. Etching occurs
as a result of grain boundary grooving, which resulted
from surface tension effects. Specimens whose
surfaces had been mechanically polished and electro-
polished were annealed for one hour at 1589°k (2400°F)
in a vacuum of 0.133 N M-2(10-3torr) to produce the
thermal etch. Thermal etching did not exhibit
sensitivity to orientation or grain size, nor. did it
appear to alter the innate grain size. |

Transmission electron microscopy was used to
delineate small graiﬁ structures.. Scanning electron
microscopy for this purpose was not suitable, because
of etching difficulties and limited contrast in the
scanning microscope. Thin foils for transmission were
prepared by the jet-dimple technique (25). The
electropolish used in most cases for both stages of the

of the procedure was 35% H_.SO

250, 40% H3PO4, 25% Hzo at
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5-6 volts. Some conditions of material were prone
toward severe pitting, and for these cases the
6 parts ethanol, 1 part sto4 electropolish (20 volts)

was best for minimizing the pitting problem.

D. Quantitative Grain Structure Measurements

By measurements of L, the linear grain dimension,
in three orthogonal directions, it was possible to
estimate an average grain diameter, as well as
determine L/D ratios (25). The brain dimension L is
the inverse of NL, the number of grain boundary
intersections per unit length of a traverse line.

For rolled specimens, the orthogonal measurement
directions were the following: 1) Direction 1 -
rolling direction; 2) Direction 2 - transverse
direction; 3) Direction 3 - thickness direction.
Measurement directions in swaged specimens were:

l) Direction 1 -~ swaging direction; 2) Direction 2 -
perpendicular to swaging direction; 3) Direction 3 -
perpendicular to swaging direction and Direction 2.
The measurement direétions for those specimens which
'did not receivg mechanical working were the same as
for their mechanically worked counterparts.

In most cases, an average value for the linear
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grain dimension ( L ) was obtained as a result of 30
or more sets of independent measurements. However,
physical limitations with the transmission electron
microscopy technique limited the number of measure-
ments in the long direction of elongated small grains
to under 10.

The average grain diameter was calculated from
measurements using the following expression (25):

1/3

Lv® 0.844(L1 2 3) (9)

where Eav = average grain diametef, fl' fz, f3 are
average grain dimensions in the 1, 2 and 3 Directions,
respectively. For grain shape specimens, the L/D
ratio was defined as Zfl/(fz + r3). The L/D ratio for
rolled specimens was taken as (fl + Ez)/zfs.

Grain size and shape measurements for the various
grain conditions used in the investigation are given in
Table 2. Table 2 also introduces a condition code
(A-F), which will be used from this point forward in
identifying the various grain structures. The vari-
ability in values presented is for a 95% confidence

level of the mean value.

The data in Table 2 show that grain size remains
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constant for changes in L/D ratio (D,E;F). Grains are
reasonably equiaxed for Types A and B, but tend to be
somewhat elongated for Type C. Comparison of Types A
and D indicates that the initial grain structures of
the two loté of TD-nickel used in the investigation
were nearly identical (Type A was from Lot 3014 and

Type D from Lot 3555).

E. Elevated Temperature Tensile Tests

The various material conditions (A-F) were tested
in tension in the temperature range 866°K (1100°F)
(O.STm) to 1589°K (2400°F) (0.92T ). Fabrication
techniques required that a sheet specimen geometry be
employed for grain size specimens (A,B,C), while a
round specimen geometry be used for grain shape
specimens (D,E,F). Specifications of the sheet and
round specimen geometries are shown in Figures 1 and 2.
Sharp radii of curvature at the specimen shoulders were
employed in specimen design to insure that all deforma-
tion took place within a well-defined gage section.

For controlled grain size specimens, the test axis
was barallel to the rolling direction (Direction 1l in
Table 2). However, Type C specimens were also tested

parallel to the transverse direction (Direction 2 in
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Table 2). This became necessary when Type C specimens
tested in the rolling direction exhibited brittle
behavior. 1In further discussions, Type C-1 indicates
C specimens tested in the rolling direction, while
Type C-2 denotes specimens tested in the transverse
direction. For grain shape control specimens, the test
axis was the swaging.direétion (Direction 1 in_Table 2) .
Specimen grips used in the testing were made of
TD-nickel, and suitably designed so that no grip deform-
ation occurred on testing. Grips were oxidized to
eliminate parting problems after testing.
The test apparatus was an Instron-Brew furnace
combination. Temperature was maintained by resistance
heating of a tantalum element, in a vacuum of

2

- - ' -5
6.65 x 10 3 N M {5 x 10 torr). Temperature control

was +2.8° (£5°F). Specimen temperature was measured
with an insulated Platinum-10% Rhodium thermocouple

lin cdntact with the specimen. Thermal expansioﬁ during
heating was taken up by integral movement in the grips.
The grips were also designed for universal joint align-
ment. Tensile tests were conducted at a cross-head
speed of 0.0254 cm/minute (0.01 inch/minute). This
gave an initial strain rate of 0.0l/minute for the

2.54 cm (1 inch) gage length used.
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Differential strain rate and temperature experi-
ments, as well as stress relaxation studies, were made
iﬁ-tension to determine thermal activation parameters.
Differential strain rate tests require the strain rate
to be changed discontinuously at some point in the flow
curve, and the resultant change in flow stress measured.
The two strain rates used were 0.002/minute and
0.02/minute. Differential temperature tests were made
by stopping and unloading the strained specimen,
‘"changing the temperature and equilibrating, and then
reloading the specimen. The change in flow stress with
temperature was then recorded. The temperature change
used was 45°K (80°F). Stress relaxation tests were
conducted by straining the specimen to a selected point
in the flow curve, stopping the Instron cross-head
movement, and recording the stress decay with time. The
stress seemed to be fully relaxed after about five

minutes.

F. Elevated Temperature Creep Tests

Specimens and grips used for tensile tests were
also used in the creep investigation. Creep tests were
performed on Satec Model LD creep units. Furnace-retort

assemblies were used to run tests in an inert argon
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atmosphere. All tests were conducted at 1255°%
(1800°F), with a temperature control of

tl.? K (I3 F). Tests were made at constant stress by
employing the lever arm modifications described by
Fullman (26).

Specimen strain was measured by monitoring the
motion of the load train with an LVDT, whose input
drove é chart recorder. Maximum sensitivity of the
strain ﬁeasurement system was 10.000127 cm (10.00005
inch).

Creep tests were conducted as a function of stress,
with'at least four stresses employed for each grain
condition. Stress levels were determined as fractions
of the yield stresses obtained in tension tests. Aside
from the instantaneous strain on loading, the entire
creep curve was measured.

Thermal activation parameters were examined through
differential temperature and stress tests. In differ-
ential temperature tests, the temperature was changed
as quickly as possible (keeping the stress constant by
compensating for thermal expansion or contraction of
the load train), and the change in creep rate measured.
Maximum equilibration time after a temperature change

was one-half hour. The maximum temperature change
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employed was 45°k (BOOF). Differential stress tests
were made by instantaneously changing the applied load,

and observing effects on the creep rate.

G. ~ Electron Microscopy

Tensile test fracture surfaées were examined with
the scanning electron microscope. High voltage trans-
mission electron microscopy (650 KV) was used for grain
structure determinations, as well as for the examina-
tion of deformation features produced by tensile and

creep deformation.



RESULTS

A. Tensile

1. Tensile Test Data

Elevated temperature stress-strain curves at
1366°K (ZOOOOF) for the various material Conditions
(A-F) are presented ih Figures 3 and 4. Yield stress
(0.2% offset criterion), tensile stress, and per cent
elongation values as a function of temperature are
shown‘in Figures 5-10.

Yield stresses for all material conditions
exhibited significant temperature dependencies.

Yield stress increased with increasing grain diameter
and increasing L/D ratio. The L/D ratio appeared to
have more influence on strength levels than did_the
gréin diameter. Conditions A and D, similar in grain
diameter and L/D ratio, were also similar in strength
level.

Ductility generally decreased with increasing
grain diameter and increasing L/D ratio. Condition C-1
was brittlé over nearly the entire temperature range of
testing. Condition C-2, however, was even more ductile

than Condition B. The ductilities of Conditions A and D

30



31

were somewhat different. This difference may

be attributable to the different specimen geometries
used. In most cases, increased ductility was noted
at the lowest and highest testing temperatures
employed.

Yield stress and per cent elongation at 1366°K
(ZOOOOF) are compared for the various material
conditions in Figure 11. Small, elongated grains
possessed the highest strength, while small, equiaxed
grains had the greatest ductility. Figures 12 and
13 show that there was no positive correlation
between strength and ductility trends at room
temperature (298°K-(77°F)) and elevated temperature
(1366°K (2000°F)). 1Indeed, any correlation present
appeared to be an inverse one. Effects of tensile
strain rate on strength and ductility are shown in
Figure 14 for Condition D. Both gquantities increased
with increasing strain rate. This trend was the same
for all material conditions.

Attempts to correlate the yield stress to the
grain size, according to the Hall-Petch relationship
(27,28) are shown in Figure 15. The Hall-Petch

relationship is:

o =0 + ka /2 (10)
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where 0 = yield stress, 0, = yield stress‘at infinite
grain diameter, d = grain diameter;}and k = a constant.
If the Hall=Petch relationship is obeyed, a plot of

ln 0 versus 1ln 4 will be linear, with a slope of -X.
Figure 15 shows that the Hall-Petch relationship does
not describe the elevated temperature yield strength

of TD-nickel, an observation also made by Wilcox

et. al. (2). At room temperafu;e, a value signifi-
cantly smaller than -&% was obtained.

Wilcox et. al. (2) have suggested that the elevated
temperature yield stress is a linear function of the
L/D ratio. Figure 16 indicates a relationship to the
L/D ratio (although the number of data points is
limited). However, a potential functional relation-
ship may not be linear.

2. Tensile Thermal Activation Parameter

Measurements

The thermally activated deformation analysis of
Conrad (29-31) was adopted for activation parameter
measurements. The apparent activation enthalpy as
measured in a tensile test is given by:

*
30
11

) (aT ) (11)

T £

_ _em2 d1lne
AH = -kT“( 15
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where AH = activation enthalpy, k = Boltzman constant,

T absolute temperature, €

uniaxial strain rate,

Io uniaxial stress, and o*

effective stress.
Effective stress is defined by the following relation-

ship:
O =0 + 0O (12)

where 0 = applied stress and 0j = internal stress.
The internal stress g; is usually assumed proportional
to the shear modulus (32). On this assumption,

Equation 11 may be changed to the form:

_ _wp2,31né g 91 ay
AR kT (—EE—)T{(E?)E - T EF} (13)

where § = shear modulus. Values for the shear modulus
of nickel as a function of temperaturé are given in
Table 3 (33).

Values for (Blné/ac)T were obtained from differ-
ential strain rate change tests. Complications arose
from the occurrence of a strain rate change transient,
as shown schematicallf in Figure 17. On the first
low-to-high strain rate change upon loading of the

specimen, a greater stress sensitivity was observed
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than for subsequeﬁt changes. This was acéompanied by
an increase in stress level, suggesting that the
intérnal structure of the specimen had been altered

by the first strain.rate change. Later unloading and
reloading of the specimen caused the transient to
reappear, although its relative magnitude (i.e.
Acl/Acz where 1 refers to the first strain rate change
and 2 to the second)_was smaller than that occurring
on initial 1oaaing, indicating a possible reduction in
the effect with increasing strain. The transient was
absent if the first strain rate change on loading was
from a high to low strain rate.

The relative magnitude of the transient decreased
with decreasing temperature. At the lowest test
temperature (866°K (1100°F), no transient was observed.
At the highest test temperature (1589°K (2400°F)), the
relative magnitude of the transient was greater than 5.
Transient behavior occurred for all materiél conditions.
The relative magnitude of the transient was nearly
constant with grain diameter, bﬁt decreasedlwith
increasing L/D ratio.

The observed strain rate change transient was
thought to be a real effect associated with the deform-

ation characteristics of the specimen, rather than an
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extrangbus effect due to the testing apparatus.
Propertiés oflthe transient which support this
conclusion are: 1) the transient océurred only on
the first strain rate change upon loading; 2) the
transient was not present when the first strain rate
change was high-to-low; 3) thé transient disappeared
at low test temperatures. - Differéntial strain rate
change transient behavior has not been reported in
the literature (1,5) for TD-nickel, perhaps because
the effegt was ignored, or perhaps because the‘first
strain rate changes were made from high to low strain
rates. Transient values of (Blné/ao)T were not used
in calculations of tensile activation enthalpiés.

Yield stress versus tcmperatu;e plots, as well as
differential temperature change tests, were employed
to obtain values for (30/3T)é' Agreement between the
two measurement methods was good in all cases. The
internal stress Oi was measured using stress relaxation
tests (32) .

Activation enthalpies calculated from Equation 13
are plotted versus temperature for Condition D in
Figure 18. AH increased dramatically with temperature,
to values which can only be regafded as physically

unrealistic. Comparison of the present results with
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those of Lasalmonie and Sindzingre (5) indicates
that such trénds have been observed in the past.

The influence of grain diameter and L/D ratio
on the activation enthalpy calculated from Equation i3
is shown in Figure 19. Condition D was used for both
the small grain size and equiaxed grain shape, as
previous tensile results indicated very little differ-
ence between Conditions A and D. Activation enthalpies
in Figure 19 are high compared to the self diffusion
enthalpy (3 ev), and are in reasonable agreement with
the preQious work of Doble (1).

Measured.internal stresseg are shown as a function
of temperature in Figure 20-for Condition D. The rétio
of the internal stress to the applied stress, Oi/o,
increased with increasing temperature, approaching
values close to 1 at the higher temperatures. Effects

of grain diameter and L/D ratio on the internal stress
may be seen in Figure 21. Oi/c was not strongly
influenced by these variables.

Effects of strain on AH and<&/0 were examined for
Condition D, which possessed a high ductility.

Results are shown in Figure 22. Both these quantities
tended to decrease with increasing strain.

The ratio of the measured internal stress to the
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shear modulus, Oi/u, is shown versus temperature in
Figure 23, for Condition D. The ratio is not constant

with temperature. This means the assumption that ¢gj;

is proportional to the shear modulus does not hold

for Condition D in tension. This is in contrast to

the properties of pure nickel, where the internal
stress has been shown to be related to the elagtic
constants (10). As Equation 13 relied on this
assumption, the results in Figure 23 indicate that
Equation 13 cannot be applied directly to calculate
activation enthalpies. Rather, Equation 11 must be
‘used. As will be shown, this is the source of the
unrealistic activation enthalpies obtained in Figure 18.

Since measurements of Oi were made as a function
of temperature for Condition D, values of 0" could be
obtained through Equation 12. This has been done to
develop the data shown in Figure 24. Values of
(aof/aT)é were derived from Figure 24, for use in
Equation 11. |

Activation enthalpies for Condition D were re-
calculated using Equation 11, and are shown in
Figure 25. Although AH increases above the self
diffusion enthalpy at higher temperatures, the high

values are now at least near the boundaries of
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physical reality.

| o was not measure@ as a function of temperature
for the otﬁer material conditions for which AH was
calculated from Equation 13 (Figure 19). Thus,
(ao*/aT)é could not be obtained for these condifions
from measurements.  However, based on the admittedly
unjustified assumption fhat the ratio of
(30*/3T) 2/ (30/3T) . was the same for these conditions as
for Condition D, values were recalculated using
Equation 1l1. These recalculated values are shown in
Figure 26. They arxe all less than the nickel self

~diffusion enthalpy.

B. Creeg

1. Creep Test Data

Creep behavior was observed as a function of
stress at 1255°K (1800°F) for Conditions B, C-2, D, E,
and F. Condition D served as both the small grain
size and equiaxed grain shape. Creep curves for
Condition D as a function of stress are shown in
Figure 27.

Figures 28 and 29 indicate the stress dependence
of the steady state creep rate. As these figures show,

it was not possible in the present investigation to
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define the functional dependence of the steady state
creep rate on stress. The dependence could equally
well have been exponential in stress or étress raised
to a power.

Slopes derived from Figures 28 and 29 are
presentéd in Figures 30 and 31. <(Conventional values
(Figures 28 and 29) are also compared with data
obtained from differential stress change tests. The
comparison is close except for Conditions C~-2 and F.
Differential data may be more accurate, since
relatively few éreep tests were run to obtain each
conventional value, thus leaving these values
susceptible to normal creep test scatter in the steady
state creep rate. The degree of scatter was greatest
for Conditions C-2 and F.

Assuming a power dependence of steady state creep
rate on stress, Figure 31 indicates that the stress
exponent increased with increasing L/D ratio and
increasing grain diameter. The observed trend with L/D
ratio is in agreement with previous work (2,6), while
the trend with grain diameter is not (2,7). Values for
Condifions D and B were somewhat higher than have
been reported (2,7). For Condition D, differential

tests showed the stress exponent to be independent of
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strain.

Influences of stress level on primary and steady
state creep strain are shown for the various material
conditions in Figures 32 and 33. 1In all cases,
tertiary creep strain was small. Condition D possessed
the largest creep strains, with both primary and
steady state creep strain decreasing with decreasing
stress. For Condition D, the steady state creep strain
appeared to become constant at lower streﬁses. All
other material conditions had much lower creep strains,
and trends with stress were less marked. More vari-
ability in strain values was also noted for these other
material conditions.

Dependence of the steady state creep rate on grain
diameter and L/D ratio was examined in Figures 34 and
35. Creep rate values at various constant stresses were
obtained_by extrapolation of the plots in Figure 28.

To minimize the potential error incurred as a result of
extrapolation, stresses as close as possible to measured
values wereAused.

If diffusion controlled grain boundary sliding is
operative, Raj and Ashby (20) predict that a plot of
1n ésversus ln (grain diameter) will be.a straight line,

with a slope of minus 2-3, Allowing for extrapolation
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errors, Figure 34 may suggest such a functional
relationship, although some slopes are larger thaﬁ
predicted.

In a plot of ln és versus 1ln (L/D ratio), a
linear relationship with slope between -% and -2
is expected for diffusion céntrolled grain boundary
sliding (20). . Fof stresses close to experimental
values, slopes in Figure 35 are much larger than
predicted.

Stfess-rupture characteristics exhibited by the
various material conditions at 1255°k (1800°F) are
shown in Figure'36. Although tests were coﬁducted at
constant stress, strains were small enough so that
constant load conditions very nearly prevailed.
Typical stress-rupture plots were obtained for all

material conditions.

2. Creep Thermal Activation Parameter

Measurements

The apparent activation enthalpy may be calculated
from measurements made in creep with the following

express (29-32):

2 Blné :
AH = kT ( ) (14)
5T U*
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where ¢ is the creep rate. The effective stress
0* is defined in Equation 12. With the assumption
that the internal stress Gi is proportional to the

shear modulus, Equation 14 becomes:

N g
AH = sz{(i};,—‘;é)c + (3%3_5)T(a-i— gy, ) (15)
Equation 15 was used to calculate activation enthalpies
from creep measurements.. This expression incorporates
a correction term for the change in internal stress oi
with cﬁanges in temperature. Values for (Blné/BT)c
were obtained from differential temperature change
tests. Data in Figure 30 were used for (alné/ao)T.
Table 3 was employed for the shear modulus variation
with tempera;ure.

0; was approximated by using the applied stress,
since no internal stress measurements were made in
creep. This is a good approximation in tension
(Figures 20 and 21). However, in tension it was also
found that the internal stress was not proportional to
the shear modulus. Thus, the validity of the internal
stress correction factor in Equation 15 is open to
question. However, since (30;/9T) was not known,

Equation 15 was used as a first approximation to
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internal stress corrections. Corrections to steady
state creep activation enthalpies were never more than
30% of the uncorrected values (given by kT2 (31n€/3T),) .
Upper limits to the creep activation enthalpies are
fixed by simply neglecting to correct for the internal
stress, giving steady state values about 30% larger
than calculated from Equation 15.

Creep activation enthalpies obtained for the
various material conditions are presented as a
function of stress and Qtrain in Figures 37-41.
Tests at different stress levels were made at constant
temperature.

Condition D possessed the greatest ductility of all
material con@itions in creep, thus allowing the
maximum number of AH mc;suromonts as a function of
strain (Figure 37). Low AH values were measured in the
primary creep region. 1In the steady state region, AH
was constant with straiﬂ, and close to the nickel self
diffusion enthalpy. AH vilués for Condition D were
not stress dependent.

The behavior of Cohdition B was similar to that of
Condition D (Figure 38), with AH close to the self-

diffusion enthalpy and independent of strain.

Condition C-2, however, showed some strain dependency
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of AH, and exhibited a value somewhat higher tﬁan
self diffusion (Figure 39).

Activation enthalpies.for Condition E (Figure 40)
were for the most part near the self-diffusion
enthalpy. One value was low and may have been
associated with primary creep. AH did not seem
strongly stress dependent for this condition, and
trends with strain were not obvious, due to the
limited number of measurements.

Condition F contrasted with Condition D in that
activation enthalpies were strongly stress and strain
dependent (Figure 41). AH iﬂcreased with decreasing
stress and increasing strain. At a stress of
9.60 x 107 N M-2 (13,920 psi), all values were below
3 ev and only weakly strain dependent. However, at
8.40 x 107N M-z (12,180 psi), AH increased markedly
with strain, reaching a final value above 10 ev.

Trends in measured creep activation enthalpies
with grain size and grain shape are shown in Figure 42.
AH is constant at smal% and intermediate equiaxed
grain sizes, increasing somewhat at the large grain
size. AH values with grain size are near that of
nickel self diffusion. With increasing L/D ratio,

AH increases to values much higher than the self
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diffusion énthalpy, depending on applied stress
level as was éhown in Figure 41.

Present results are compared With.the literature
values of Wilcox and Clauer (6,7) in Figure 42.
Reasonably close agreement is observed. The results
in Figure 42 show for the first time that high
activﬁtion enthalpies in TD~nickel are associated
with high L/D ratios, and may also be associated with

large grain diameters.

Cc. Fractography

Fracture surfades of elevated temperature tensile
specimens (tested in vacuum) were examined with the
scanning electron microscope. Conditions B, C-1, C-2,
D, E and F were observed. Comparisons were made
between room temperature and elevated temperature
(1366°k (2000°F)) fracture surfaces.

Figures 43 and 44 show the room temperature and
elevated temperature fractufe surfaces, respectively,
of Condition D. Condition D was ductile at room
temperature, and the fracture surface presents a
fibrous #ppearance typical of ductile fractures.

The spacial separation of features in Figure 43 was

smaller than the measured average grain diameter,
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indicating that the room temperature deformation mode
was intragranular.

fhe 1366°K (2000°F) fracture surface of
Con@ition D (figure 44) was markedly different from
thatbof room temperature. The fracture surface had many
smooth areas, and shapes of features suggested the
grain structure of the material. Spacial character-
istics of fracture features matched the measured average
grain diameter. The nature of the elevated temperature
fracture surface suggested an intergranular fracture
mode.

The fracture surface‘of Figure 44 was necessarily
exposed to the elevated temperature, while the room
temperature fracture surface (Figure 43) was not. To
compensate for this difference, the room temperature
fracture surface was given the same temperature
exposure as that of Figure 44. Exposure smoothed out
all the jagged features in Figure 43, but did not
produce the apparent grain outline structure of
Figure 44. The small particles evident in Figure 44
may be thoria, although they were not identified in the
investigation. These particles also appeared when the
room temperature fracture surface was exposed to

elevated temperature.
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Conditions D, E and@ F all exhibited surface
features similar to those of the elevated‘tempetature
fracture surfaces. The spaciai separation of fracture
features decreased with increasing L/D ratio, as
expected of an intergranular fracture mode.

Conditions B, C-1 and C~2 showed intergranular cracks
at magnifications low enough to contain a number of
grain boundariés within the field of view (200-500X).
At the magnification of Figure 44, these conditions

were much less featured than Conditions D, E, and F.

D. Transmission Electron Microscopy

Tensile and creep specimens of Condition D wére
observed by high voltage (650 KV) transmission electron
microscopy. Attention was focused on Condition D,
since this material condition exhibited the highest
ductilities in both tension and creep; thus maximizing
the possibility of observing distinct deformation
features.

Tensile tests at 1366°K (2000°F) were run to
approximately 15% elongation (one-half of the total
elongation), whereupon the test was stopped and the
specimen cooled under load. Creep tests at

12559k (1800°F) and a stress of 2.48 x 10’ N M~2
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(3592 psi) were terminated midway along the steady
étate region, and the specimen cooled under load. For
both tensile and creep specimens, thin foils were
obtained from the center of the gage section.

The most striking substructural feature observed
in both tension and creep was deformation induced
movement of the thoria particles and their collection
at giain boundaries. Examples of this phenomenon
are shown in Figure 45 for tension and Figure 46 for
creep. It appeared that elev#ted temperature deform-
ation caused the thoria particles to move in relation
the grain boundaries. The magnitude of this effect
seemed about the same for both tension and creep.
While the thoria dispersion was not perfectiy random
in the undeformed state, the degree of non-randomness
introduced by deformation was still striking by
comparison.

This phenomenon may explain the difficulty
encountered in preparing thin foils of the deformed
specimens. Electrochemical thinning p;ocedures which
were highly successful for undeformed samples (i.e.
gave brilliant polishes with minimal pitting of the
sample) produced severe pitting in deformed specimens,

even though identical conditions were employed. The

to
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severe pitting-méy have been due to preferential
chemical attack at regions of high (or low) thoria
content produéed by deformation.

The literature contéins no mention of deformation
induced thoria dispersion non-randomness, as observed
by transmission electron microscopy. High voltage
transmission electron microscopy maximizes such an
effect since thicker specimen areas may be observed.
Previous investigations have all been conducted at
100 Kv. 1It ié also possible that previous workers
neglected the phenomenon altogether.

Dislocation substructures were more prominent in
.tension than in creep, although quantitative dislocation
density measurements were not made. Two dislocation
features of interest were noted. These were parallel
dislocation arrays (Figure 47), and grain boundary
dislocation sources (Figure 48). Such features have
been noted in the literature (6,7). 1In tension,
isolated areas exhibited a high density of tangled
dislocations, but there was no uniform formation of a
distinctive dislocation cell structure. Nearly all
dislocations were observed to be "pinned" to thoria
particles (Figure 47). Dislocation segments bowed out

between thoria particles were commonly observed.



DISCUSSION

“A. Model for the Elevated Temperature Deformation

of TD-Nickel

1. Proposal I

To explain the observed behavior of TD-nickel, it
is proposed that two concurrent (parallel) processes
may contribute to elevated temperature deformation.

The first is diffusion controlled grain boundary
sliding, while the second is dislocation motion.

The observation in transmission electron
microscopy that the thoria particle distribution was
altered by dgformation suggests diffusion controlled
grain boundary sliding. Such a result would occur if
thoria particles acted as inert markers with respect to
lattice diffusion. This effect has also been predictesl
by Burton (34), although no observations of the
phenomenon were made. Aside from exceptional circum-
stances (e.g. very high temperatures and very low
stresses), dislocation motion is expected to contribute
to the deformation of metals, since dislocations are
the primary flow defects.

On the basis of Proposal I, the total shear strain

50
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rate will be given by:

(16)

where & = total shear strain rate, ;GBS= shear strain
rate due to diffusion controlled grain boundary
sliding, and iDIs = shear strain rate due to dis-
location motion. The functional dependencies of

QGBS have been described by Raj and Ashby (20).

QDIS will be given by the considerations of
Proposal II.

2. Proposal II

It is proposed that both dislocation glide and
climb are strongly influenced by matrix stresses at
thoria particles, which arise from surface tension
effects at the particle-matrix interface. Appendix A
describes the proposed surface tension effects for
small, incoherent, second phase dispersed particles.

Surface tensions produce a pressure at the
particle-matrix interface, which, in turn, causes a
triaxial state of stress to be present in the matrix
surrounding the particle. Such a situation has also
been postulated for voids in copper by Nolfi and

Johnson (35). The triaxial stress state is purely
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deviational in character (i.e. there is no dila-
tational component). Surface tension effects of the
type in Appendix A are expected to be important only
for very small interfacial radii of curvature. This
is the case in Tb-nickel, where the average particle
radius is 100 x 10710 M, and where many particles
are smaller in size.

Matrix atomic displacements in Appendix A are
radial in nature. Ashby and Brown (36,37) have
calculated diffraction contrast expected in trans-
mission electron microscopy from such strain effects.
"D-lobe" contrast results for elastic strain fields
of reasonable strength (¢ = 0.013, for coherent
particles), with the operative reciprocal lattice
vectbr, ;, oriented perpendicular to the line of no
contrast. Unusually large (anomalous) image widths
occur for particles near the top or bottom of the foil,
with black-white images produced in this case, rather
than "D-lobe"” images (g is still perpendicular to the
line of no contrast). Bright and dark field view§ of
anomalous images are identical for particles neaf the
top of the foil, and complimentary for those at the
bottom of the foil.

Efforts were made to image matrix surface tension
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strain-contrast features at thoria particles with the
high voltage (650 KV) eléctron microscope. Matrix
surface tension effects have elastic strain field
strengths of only € = 0.0002 (as calculated from
Appendix A using values for TD-nickel). Thus,
initial calculations (36,37) as to the visibility of
such features showed‘they would be very difficult to
image except under the most opportune conditions
(high hkl E vector, particles near foil surfaces
where images are unusually wide, very small particles,
large extinction distances).

Potential thoria particle surface tension matrix
strains are shown in Figures 49 and 50. A thin region
of the foil was examined, so that many particles would
be near the foil surfaces. Anomalous black-white
images and some "D-lobe" images are evident. The
reciprocal lattice vector 5520 is perpendicular to the
line of no contr&st in all cases. Complimentary
behavior in bright and dark field images is seen in
some cases. Contrast effects are present for only the
smallest thoria particles.

Figures 49 and 50 suggest a direct observation of
thoria particle surface tension matrix strains.

However, three other effects could also have been
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operative. These are: l) electron beam heating of

the foil, to produce differential thermal expansion
strains at the.thdria particles; 2) présence of

Small dislocation loops, which give contrast effects
identical to surface tension strain contrast;

3) "locked-in" differential thermal expansion Strains
-from prior thermomechanical processing. Foil heating
was not more than 25°K (45°F), which makes differ-
ential thermal expansion strains unlikely

(e = 0.00005). However, small dislocation loop effects
could not be ruléd out, nor could "locked-in" differ-
ential thermal expansio; strains (although specimens
were furnace heated and cooled). For these reasons,
the featuies in Figures 49 and 50 must be regarded with
caution as conclusive evidence for thoria particle
surface tension matrix strains.

If matrix surface tension stresses are present,
then Appendix B describes their interaction with edge
dislocations. Shear stresses and climb stresses
result, which will interact with both the dislocation
glide and climb processes near the particle. Imai
and Miyazaki (38) have obtained similar relationships
for strain effects due to differential thermal

expansion. Appendix B shows that an edge dislocation



55

near the particle will éxperience both glide and
climb "pinning"” forces. The magnitudes of .the
intéractions are not ﬁegligible. Unlike differentia}
thermal expansion stresses at second phase particles,

surface tension stresses cannot be relieved at

elevated temperatures by vacancy diffusion, since

vacancy flow will not reduce surface tension inter-
face stresses. Thus, the dislocation interactions
described in Appendix B will always be operative at
elevated teméératures, the temperatures of interest‘in
the present investigation.

Thermally activated dislocation motion in the
presence of the thoria particle-dislocation inter-
actions discusséd in Appendices A and B is examined in
Appendix C, for edgé dislocations. If thermally
activated dislocation glide is the rate éontrolling

process, then the creep rate will be given by:

. 3 pbrR v _ ~U/kT _
Yy = ()12 700 (17)
6 f1/2
where ? = shear strain rate, p.= mobile dislocation

density, b Burgers vector, Ro = thoria particle

radius, Vo frequency factor, £ = volume fraction of

thoria pérticles, k = Boltzman constant, T = absolute
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temperature, and U = activation enthalpy.

The activation enthalpy U is of the form:

(=
1]

WL - TbA = U, - TbaA (18)

where W = dislocation-particle interaction energy per
unit dislocation length (from Appendix B),.L = length
of dislocation interacting with the particle,

T = applied shear stress, and A = activation area.
Fronm Appendix‘c, Uo is estimated to have avvalue of
12,5 ev., U is stress dependent and decreases with
increasing stress. The high value of Uo suggests that
a portion of the applied stress T will be required to
lower the activation enthalpy barrier to the point
where strain can be observed infinite times. Thus,

T in Equation 18 can be regarded as:

T =T <+ Tj ' (19)

where T may be viewed as an internal stress and T*
as an effective stress. Hence, the presence of an
internal stress in addition to the internal stresses

considered by Conrad (29-32) is implied by Equation 18.

Properties of this internal stress will be dictated by
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the other variables in Equation 18.
A description of thermally activated dislocation
motion if climb is the rate controlling mechanism is

derived in Appendix C. The shear strain rate is of

the form:

. pbMD Qn ' -(AHSD+2F.)/kT
Y= = =5 e ] (20)
on1/273/2 (3 _vyxra >/
where = atomic volume, D, = self diffusion
coefficient pre-exponential, Y = shear modulus,
N = dislocation source density,y,y = Poisson's ratio,
4, = climb distance, M = factor describing the

reduction in climb forces due to surface tension
effects (M<1), AHSD = gelf diffusion enthalpy, and

Fj = jog formation energy. The jog‘formation energy
is 0.59 ev fof nickel, from Appendix cC.

Equation 20 is similar to expressions derived by
Weertman (13,39), except for the introduction of M

and F,, and assumptions concerning the stress
J

dependence of the climb distance dc.

3. Statement of the Model

Appendices A, B and C (Proposal II) showed that

dislocation motion may be a much more difficult
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process in a dispersion hardened material fhan in
one without a dispersed phase. For this'reason, the
system will seek an easier deformation mode if one
is available. Proposal I suggests that an alterna-
tive deformation mode is diffusion contfolled grain
boundary sliding.

From Proposals I and II, the total shear strain

rate will be of the following form:

. 4V2TQD° -AHSD/kT 73 i pro\,o -U/kT
Y = e + (—) ——— e (21)
kTd2(L/D) 2 6 £1/2
where T = shear stress,9‘= atomic volume, D, = dif~-

fusion coefficient pre-exponential, AHSD = self
diffusion enthaipy, k = Boltzman constant; T = abso-
lute temperature, d = grain diameter, L/D = grain
L/D ratio, p = mobile dislocation density,

b = Burgers vector, Ro = dispersed particle radius,

Vo = frequency factor, f = volume fraction of

dispersed phase, and U activation enthalpy. For
polycrystals, ? = /2 € where € is the uniaxial strain
rate, and T = 0/2 where 0 is the uniaxial stress. The

first term in Eguation 21 is §GBS as given by Raj and
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Ashby (20)* and the second term, §DIS is thermally
activated dislocation glide (Equation 17) as
calculated from Appendices A, B and C.

Dislocation glide has been taken as the rate
controlling_process for'dislocation motion. This
assumption is at odds with current theories of
elevated temperature dislocation creep (17,39),
which assume that dislocation climb (i.e. recovery)
is rate controlling. However, thermally activated
dislocation glide is con;idered better suited to
explaining the behavioral characteristics of
TD-nickel, than the corresponding climb process
(Equation 20). The above assumption implies that
dislocation climb occurs at a faster rate than
disloéation glide. For steady state creep, the
dislocation density must be reduced by some means
(e.g. dislocation climb ﬁnd annihilation, motion of
dislocations to grain boundaries) or the material will

monotonically strain harden.

*?GBS is proportional to (L/D)-1 for large L/D
ratios.
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B. Predictions of the Model

1. Effects of Variables on Deformation Mode

The relative proportions of grain boundary
sliaing and dislocation motion that occur (i.e. the
character of the deformationrmode) will, from
Equation 21, be sensitive to: l)lL/D ratio;
2) grain diameter; 3) stress; 4) temperature.
Deformation modes may be different under different sets
of these conditions.

At fixed temperature and stress, Equation 21 shows

that the relative contribution of disiocation motion

will increase with increasing L/D ratio and increasing

grain diameter. For a fixed temperature and grain

structure, the relative contribution of dislocation

motion will increase with increasing stress, since

Yprs 1is more stress sensitive than &GBS- With a fixed
stress and grain structure, the relative propbrtion of
dislocation motion will increase with increasing
temperature, provided U >(AHSD - kT) at the fixed stress
level.

The above discussion suggests that deformation
modes in tensile and creep tests may be different.
Stresses are necessarily higher in tension than in

creep, because of the imposed tensile strain rate,




61

- which is usﬁally much greater than strain rates in
creep. The higher strain rates in tension will favor
dislocation.motion as the dominant deformation mode.

To estimate the degree to which grain boundary
sliding might contribute to the tensile deformation
of TD-nickel, §GBS in Equation 21 was used to calculate
the stresses reguired to drive grain boundary sliding
at tensile strain rates. Except for small, equiaxed
grain sizes (Conditions A and D), calculated stresses
were higher than those observed in tension, and near to
or greater than the theoretical Orowan stress for dis-
location bowing between dispersed particles
(Appendix B), This suggests thaf, in the present investi-
gation, dislocation motion was the dominant deformation
mode in tension, with grain boundary sliding occurring
to a small (but finite) extent.

| At the natural strain rates and lower stresses of

creep deformation, grain boundary sliding should be more
pronounced than in tension. This is especially true
for small, equiaxed grain structures, where it may
become the domiﬁant deformation mode.

Equation 21 suggests that changes in deformation
mode can accompany rapid strain rate changes of the kind

made in differential strain rate change tension tests.
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This would be.especially likely for low-to~high
strain rate changes; which might cause the dis-
location densify to increase. Such effects could
account for the strain rate change transient behavior
‘observed in TD-nickel.

2. Grain Size and Shape Dependence of Elevated

Temperature Strength

For conditions where grain boundary sliding is the
major deformation mode, Equation 21 indicates that
elevated temperature strength will increase with
incfeasing grain diameter and increasing L/D ratio.
Observed tensile yield strengths did ﬁot possess the
sensitivity to these variables predicted by grain
boundary sliding.

When dislocation motion is dominant (é.g. in
tension), strength levels might also be grain size and
shape dependent, but to a lesser degree than for grain
boundary sliding. Raj and Ashby (20) have analyzed the
intgrnal elastic stress distribution present in a poly-
crystal when grain boundary atomic layers are regarded
as fluid. Maximum shear stresses generated by the
applied. stress, which occur at grain boundary triple
points, are proportional to T(L/D)-l. Thus,

TMax

decreases with increasing L/D ratio, for a given
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applied stress. If these stresses are regarded as
driving dislocation motion, the applied stress to
achieve a given strain rate must increase with
inéreasing L/D‘ratio.

Changes in grain size are described as having no
effect on internal shear stress levels (20).
However, if it is assumed that grain boundary triple
points are the major sources of dislocations, then the
dislocation source density decreases with increasing
grain diameter. For a given strain rate, dislocation
velocities must necessarily increase. Therefore, the
applied stress must increase with increasing grain
diameter.

3. Grain Size and Shape Dependence of Elevated

Temperature Ductility

Elevated temperature ductilities will be
controlled by the ffacture process. Fracture strains
and times expected in a dispersion hardened material
when diffusion controlled grain boundary sliding is the
.dominant deformation mode are»derived in Appendix D.
-The fracture shear strain is:

A(Vg=V,)

£ Bd3f
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where A,B = constants, Vf = critical volume of
dispersed particles at grain boundaries produced by
grain boundary sliding, v, = initial volume of
dispersed particles at grain boundaries, d = grain
diameter, and f = volume fraction of dispersed phase.
The value of B increases with increasing L/D ratio.
Ductility decreases with increasing grain diameter,
increasing L/D ratio, and increasing volume fraction
of dispersed phase.

At elevaﬁed temperatures, if dislocation motion
is the major deformation mode, intergranular fracture
may still be the operative fracture mode. The
probability of intergranular cracking should increase
with increasing applied stress., Because of strength
level trends, ductility should then decrease with
increasing L/D ratio and increasing grain diameter.
This was the observed trend foi TD-nickel in tension.

4. Internal Stress

For diffusion controlled grain boundary sliding in
a dispersion hardened material, Ashby (21) has
,suggested that the ability of grain boundaries to
absorb or eﬁit vacancies may lead to the presence of
an internal stress proportional to u/d, where U is

the shear modulus and 4 is approximately the inter-
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particle spacing; The temperature dependence of this
sfress is that 6f the shear modulus, |

The internal siress for dislocation motion .
controlled by glide is discussed in Appendix C. It is
possible that the internal stress can be an appreciable
fraction of the applied stress. Furthermore, the
temperature dependence of the internal stress -depends
on that of the surface energy, rather than the shear

modulus. This dependence is (from Appendix C):

dE

dTy _ 0.646 L _'s (23)
ar A 4aT
where 71, = internal stress, T = temperature, L = dis-

location length interacting with the dispersed particle,
A = activation area, and Es = surface energy.
Using values for L and A in Appendix C and a value
-3 -2° -1
of -0.6 x 10 joule M X (40) for dEs/dT, the
o
calculated value of dr /dT is -3.88 x 104 N M~27k"1,

Measured values of dTi/dT were near -3 x 104 N M’ZOK'l,
This is remarkably good agreement, considering:the
approximate néture of the calculated value.

When dislocation motion is the dominant deformation
~mode, the previous analysis suggests that the tempera-

ture dependence of elevated temperature strength levels
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will be controlled by the temperature dependence of
the internal stress. This accounts for thé‘temperature
sensitivity of tensile yield strengths observed in
TD~nickel. vKuation 23 and Appepdix C also provide
explanations for the high internal stress levels noted,
and the fact that the measured internal stress was not

proportional to the shear modulus.

S. Stress Dependence of Strain Rate
Frém‘Equation 21, the stress sensitivity

dlny /4lnT should be equal to unity when diffusion

GRs

controlled grain boundary sliding is the major deforma-
tion mode. Measured stress sensitivities could
increase, however, if an ipternal stress of the type
discussed by Ashby (21) isbpresent. When

Y = A(T—Ti)N, the measured stress sensitivity will be:

dlny _ Nt (24)
dlnT T-Ti

for T; not a function of T . 'Such an effect may have
occurred for.Condition D in creep, where grain boundary
sliding was thought to be the dominant deformation mode,
but measured values of dln&GBs/dlnT were near 13.

When dislocation motion is the controlling deform-
ation mode, Equations 18 and 21 indicate thét ;DIS is

exponential in stress, rather than having a power law
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stress dependence. This stress dependence is given by:

dln¥pys  pa ~ (25)
at KT

as described in Appendix C;

On the above basis, the expression for
dlﬁ?DIS/dlnT will be TbA/kT. Hence, this gquantity
should increase with increasing applied stress.

For Condition F in creep, where dislocation motion was
thought to be the dominant deformation mode, the
calculated value of d1n§DIS/d1nT is 260. The observed
diffgrential value was 34. The large discrepancy may
indicate that dln?DIs/dlnT = T*bA/kT, where T* is the
effective stress as shown in Equation 19 and discussed
in Appendix C. If this is the case,‘then, from the
above, T*= 0.1 7T, where T is the éppliéd stress.

'Since the quantity dln}DIs/dlnr increases with
increasing stress, this suggests an explanation for
the observation (2) that the stress exponent increases
with increasing L/D ratio in TD-nickel. Applied
stresses were observed to increase with increasing L/D
ratio. The above analysis also provides a basis for

the large values of dld?/dlnT observed in TD-nickel.
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6. Activation Enthalpy

The measured activation enthalpy fot'diffusion
controlled grain boundary sliding is the self-
diffusion enthalpy.. This quantity will be independent
of stress, strain and temperature.

Howe?er, for dislocation ﬁotion, the measured
activation enfhalpy will be stress dependent
(Appendi* c) and will increase with decreasing stress.
It may also be strain §ensitive, if strain alters
internal stresses. Finally, the measured activation
enthalpy will be temperature dependent, increasing
with increasing temperﬁture to a constant value at a
critical temperature where the activation barrier
becomes "transparent" (29-32). This critical
temperature méy be above the mélting point of the
material.

- The above suggests an explanation for the trends
observed in measured activation enthalpies in TD-nickel.
In creep, it is thought that with increasing L/D ratio
and increasing giain diameter, the character of the-
deformation mode changed from diffusion controlled
grain boundary sliding to dislocation motion. The
resultant high activation enthalpies were then re-

flective of the dislocation motion mode. In tension,
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where dislocation motion was expected to dominate, the
measuréd activation enthalpy increased with increasing
temperature, to high levels as compared to the self
diffusion enthalpyf

The question must be raised as to whether the high
measured activation enthalpies attributed to the dis-
locafion motion process are physically real, or
apparent in some manner. ?DIS in Equation 21 was
calculated, using reasonable values for TD-nickel, and
an activation enthalpy of 7 ev. The calculated strain
rate was 10‘18 secl, Measured values were in the range
of 10-8 séc'l. This comparison strongly suggests that
the high measured activation enthalpies are apparent.

The most probable source of apparent measured
activation enthalpies lies in the temperature
sensitivity of the activation enthalpy. - When the

activation enthalpy is temperature sensitive:

AH = xr2{4lny , 1 dAH) (26)
aT kT 4T

for a creep rate of the formy = A e "AH/KT.
The activation enthalpy temperature sensitivity is
usually attributed to the change in internal stress with

temperature, giving (1/kT) (dAH/4aT) = (dln&/dT)(dTi/dT).
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Creep activation enthalpies were calculated with the
internal stress temperature correction shown in.
Equation 15. The analysis indicates that the proper
internal stress temperature correction may be that
given in Eéuation 23. This correction term is
expected to be larger than the shear modulus correction,‘
thus reducing thelmeasured values of activation enthalpy

to realistic levels.

C. - Strengthening of Dispersion Hardened Materials

The proposed model can explain the elevated
temperature deformation behavior of TD-nickel observed
in the present investigation. The model accounts for:
1) grain size and shape dependence of elevated

temperature strength and ductility; 2) differences

between tensile and creep behavior; 3) strain rate
change transient behavior; 4) internal stress levels;

5) temperature dependence of elevated temperature
strength; 6) stress sensitivities; 7) activation
enthalpies. Most importantly, potential explanations
are provided for the high activation enthalpies and
stress dependencies which have been oﬁserved in
TD-nickel (1,2,5,6,7), and the dependence of these

quantities on grain structure.
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The proposed model applies to all dispersion
hardened materials of the same class as TD-nickel
(e.g. SAP alloys, TD-nickel alloys such as TD-nickel-
chromium). For this reason, it is appropriate to
outline means by which the elevated temperature
strengths of these materials may be optimized.

In a single crystal of a dispersion hardened
material, elevated temperature deformation will be
dictated solely by dislocation motion, as described in
Appendices A, B and C. This gives the inherent
(i.e. maximum) strength of the dispersion hardened
material. This inherent strength will be much greater
than that éf a pure metal because of the effects
discussed. Strengths of polycrystalline dispersion
hardened materials may be lower than the inhergnt
strength, due to the occurrence of diffusion controlled
grain boundary éliding as a concurrent deformation
process with dislocation motion. 1In polycrystals,
strength may be maximized by minimizing grain boundary
sliding, through the production of grain structures with
large grain diameters and high L/D ratios.

The inherent strength of the dispersion hardened
material may also be optimized. From Appendices A; B

and C, the inherent strength will increase with
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increasing volume fraction of dispersed phase,.and
decreasing dispersed particle radius (at constant
volume fraction). Inherent strengths will also .
increase as the surface énergy of the matrix material

increases.



CONCLUSIONS

The following conclusions may be drawn from the

results and analysis of the present investigation

concerning the elevated temperature deformation of

TD—nidkel:

Elevated temperature strength levels increase
with increasing grain diameter and increasing

L/D ratio.

The assumption that the internal stress is
proportional to the shear modulus is not
valid for'tensile deformation. Meaéured
tensile activation enthalpies will be
apparent values only if this approximation

is used.

Activation enthalpies in tension and creep

are not the same.

Creep activation enthalpies increase with

increasing L/D ratio and increasing grain

73
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diameter, to‘high values as compared with
the self diffusion enthalpy.  These high

values are apparent.

Two concurrent (parallel) processes may
contribute to the elevated temperature
deformation of polycrystalline TD-nickel.
These are diffusion cpntrolled grain
boundary sliding, and dislocation motion.
The relative contribution of dislocation
motion increases with increasing L/D ratio

and increasing grain diameter.

Dislocation motion is strongly influenced by
matrix stresses at small, incoherent, second
phase dispersed particles produced by
surface tension effects at the particle-

matrix interface.

Characteristics of the dislocation motion
process provide explanations for the high
activation enthalpies and stress sensitiv-

ities which have been observed in TD-nickel.
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The elevated temperature strength of a

‘polycrystalline dispersion hardened

material will increase with increasing

grain diameter and increasing L/D ratio,

td an upper limit of the inherent strength.
The inherent strengtﬁ will increase with
increasing volume fraction of dispersed
phase, decreasing dispeféed particlelraéius,

and increasing matrix surface energy.
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TABLE 1
VENDOR'S CHEMICAL ANALYSIS OF TD-NICKEL

AS-EXTRUDED 7.62 CM (3 INCH) BAR LOT 3555

ELEMENT WEIGHT %
c 0.0063
s 0.0010
Cu 0.002
Ti © 0.001
Co . 0.060
Fe 0.007
Cr 0.001
ThO2 2.6

Ni BAL



80

ZEZ0000°F TZY0000°3 LBCCTOO % b6 € L1000 % adeys

18%9000°0 ¥S69000°0 LOVLOOO €0°TT . 92100°0 urexn d
PLZ0000°F ¥YZV0000'F SEZ000°F vs'F 950000° % edeys
0T9L000°0 £99L000°0 L96E00°0 61°S | ZI100°0 uteIn a
Z60000°F STIT000°F VET000°F LE AL S60000°F -adeys
L9TT00°0 8ZZI00°0 6€£ZT00°0 - TIT°T . SO0T00°0 uFeXD a
1870°% voST % 6EE0" ¥ s 0vo° % | 8zTs
S0TZ"0 LOT6°0 SZTIP°0  PI'€ €9€°0 utexs 5
L000"% 9100°F  ¥Z00°% ST % | Z100°% °zZTS
€2T0°0 88T10°0 8020°0 19°1 €E¥T0°0 urexs q
L60000°% €80000°F S0T000°% 61" % 080000°F 92Ts
TPT100°0 TLOT00'0 €FZTO0°0 ZT°1 1L6000°0 utexs v
(€3 W@y <7 (WW) T3 GIIvY a/7 (UW) NOISNAWIQ JTEVINVA qd00
NIVYD FOVIEAY NAWIDEAS

SINZIWIYNSYAW FAVYHS ANV JZIS NIVID

¢ J149VYL



81

#86°S
#PS°9
+sTT°L
19°¢L
ZLeL
60°8
1s°8
£S5°8
96°8
LE*6
6£°6
0L 6
IT1°01
Ly o1
v8°01
ZZ 11
ZS°TT

€TV
»1S°V
sT6° ¥
sZ°S
£€°S
86°S
L8°S
68°S
81°9
9%°9
8v°9
0L*9
296°9
SZ°L
Sv°L
L L
v6-°L

oove
ooze
ogoz
2e8t
o081
Zs91
00ST
LVl
z6Z1
(AR
0011
z€6
zsL

TLS

Zé6¢t

(A 44

(42

paijetodealixdy

68ST
LLYT
99¢1
€Ll
€Sl
ELTT
680T
€L0T
€L6
€LS
998
€LL
£€L9
£LS
ELY
€ELE
€ELe

(150 G0TX)A [({0TX) (,_W N) R (J,) FunIv¥ddWdal (do) FTUNIVITIWIL

TINDIN 04 IFALVIHIIWIAL SASHIA SNTNAOW AYVYIHS

£ JT49dYL




82

+Ax39wosh uswroads uwwcm_l 1 9anbTa

SNIQWY 28 /1

w_ww.... . / P r
W9/ ,
WOV 7
1 !
I00'f
25/6!

— N

000°-
G100 +
¥313NVIQ,8/€




83

-Ax13owosbh uswroads punoy - ¢ aanbtd

h

200'F
- e

!

1003 ,91/G

Qv3yHL 81 - ,91/6




84

er

(4 0002) ™A
o

or 80 %0 °

142

1 1 T 1 1 1

4/

(4,0002) ¥,99¢I

€9€°0 2-92
€9€°0 1-9
€410°0 g
1460000 v

(WW) N3L3INVIO NIVEO  NOILIGNOD

<
oIx)o0

©O
(z.lW'NL

ol

4

L

4

i

)¢ 3B S22ZTIS utexb snoTiea I0J S9AIND UTBIAIS-SSII3S - ¢ danbryg
) .

14

9l




85

.Amoooomv A 99€T 3e sodeys utexb snotaea I0J $9AIND UTRIFS-SSdI3S - p danb1g

ve 28 og

T T T 7 0O 10
12¢
A
[ L
7 7 e
a
pxd4d9
sl 3
~ »
(3.0002) X_99¢I 18 o
0 [ w w. o
N o
-0l @
€O'11 .4
. 61§ 3 8 1Py
ni a
OlLV¥ G/1 - NOILIONOD
Y 4 ) Lc—
o B ol




35| 24| CONDITION ~ SYMBOL GRAIN DIAMETER (MM)

A o 0.000S?I
ool B 8] 0.0143
30 c-I v 0.363
| oo ©-2 o 0.363
18[0
250
= 6l0
<
N~

8
*

@®
I

YIELD STRESS (x 10° PSI)
&
1
YIELD STRESS (x IO
3
T T
/CDO
/

o
Q

/

&
/;
/

5} \ \V
2} | o
oL o 1 4 . 1 1 ' T
900 1100 1300, 1500
TEMPERATURE ( K)
1 1 1 [ 1 1 1 L.l 1 1 [ L

00 1300 1500 1700 1900, 2100 2300
TEMPERATURE ( F)

Figure 5 - Yield stress versus temperature for various
grain sizes.
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Figure 6 - Tensile stress versus temperature for various
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grain sizes.
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Figure 8 - Yield stress versus temperature for various
grain shapes.
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average grain diameter and L/D ratio
at 1366°k (2000°F).
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trends with average grain diameter at
298°k (77°F) and 1366°k (2000°F).
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Figure 25 - Activation enthalpy versus temperature
for Condition D. AH was calculated from
Egquation 11, using the data in Figure 24.
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L/D ratio, for both conventional and
differential tests. Conventional values are
from Figure 28,
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various material conditions.
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stress levels.
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Ln(L/D ratio) for various stress levels.
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Figure 38 - Creep activation enthalpy versus strain
for Condition B.
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Figure 40 - Creep activation enthalpy versus strain
for Condition E at various stress levels.
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Figure 41 - Creep activation enthalpy versus strain

for Condition F at various stress levels.
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Figure 43 - Room temperature fracture surface of
Condition D.
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fe— SAM —=]

Figure 44 - Elevated temperature (1366°K (2000°F))
fracture surface of Condition D.
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Figure 45 - Changes in the thoria particle
distribution due to elevated
temperature tensile deformation.
No crystallographic boundary separates
the low and high thoria density regions.



127

Figure 46 - Changes in the thoria particle
distribution due to elevated
temperature creep deformation.
Note thoria particle collection
at grain boundaries.
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Figure 47 - Parallel dislocation array. Note
dislocations "pinned" to thoria
particles.
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Fe— 14 M—

Figure 48 - Grain boundary dislocation source.
Note source operation in center of
micrograph.
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Figure 49 -

220

Bright field micrograph of possible
thoria particle surface tension matrix
strains. The direction of the operative
reciprocal lattice vector is shown.



Figure 50 - Dark field micrograph of possible
thoria particle surface tension matrix
strains (same area as Figure 49). The

direction of the operative reciprocal
lattice vector is shown.




APPENDIX A

MATRIX SURFACE TENSION STRESSES AT SMALL, INCOHERENT,

SECOND PHASE DISPERSED PARTICLES

Consider the small, second phase dispersed
particle shown in Figure Al-a. The particle is
assumed incoherent withvthe surrounding matrix (i.e.
there is no continuity of lattice planes between
particle and matrix). A surface tension 0 exists at the
particle-mattix interface. This surface tension is
taken as equal to the surface energy Es‘

with respect to the matrix, presence of the
particle serves to create an interface with a negative
radius of curvature. In effect, the particle produces
a "void" in the matrix material. For the small matrix
surface .element in Figure Al-b, mechanical equilibrium
requires that surface tension forces be balanced by a
pressure P. P may be calculated by slicing the "void"
in half and equating forces, as in Figure Al-c. Thus,

P is given by:

mR2P = 27RO (A1)

132
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2E
p = 29 _ £ , for 0 = E_ (r2)
Ro Ro

Existence of the pressure P produces radial strains in
the surrounding matrix (Al) . Stresses can be
describéd as those for a cavity with internal pressure
in an infinite, isotropic solid (A2)..AWhether the
internal pressure in the cavity is tensile (outward
radial displacements) or compressive (inward displace-

ments) depends on the sign of g . ¢ will be assumed

negative*. Stresses in the matrix are:

2E R
. - - 8¢ 0,3 :
RR ——-Ro (---R ) (A3)
E R 3
= = - ,l = __f'; _2 (A4)
060 0'¢¢ 2 ORR R (R )

The stress field is triaxial and purely deviational in
character (there is no dilatational component). This

stress field is shown in Figure A2,

REFERENCES:

Al. F. V. Nolfi, Jr., and C. A. Johnson:
' Acta Met., 1972, vol. 20, p. 769.

A2, A. Eringen: Mechanics of Continua, p. 222,
John Wiley & Sons, New York, 1967.

*A positive surface tension O is probably more
physically realistic. Use of a positive 0 changes only
the signs of Orr+ 0900 and O¢¢.
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Figure Al - Surface tension stresses at the
particle-matrix interface,

positive surface tension O.
are

for a

Stresses
reversed when O is negative.
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' 2E; , R, \3
" - (R

Figure A2 ~ Matrix stress field due to surface
tension effects.



APPENDIX B

DISLOCATION-PARTICLE INTERACTIONS DUE TO MATRIX

SURFACE TENSION STRESSES AT SMALL, INCOHERENT, SECOND

PHASE DISPERSED PARTICLES

1. Interaction with Dislocation Glide

A. surface Tension Shear Stress

A shear stress will result in the plane shown in
Figure Bl as a consequence of the existence of the
surface tension stress field in Appendix A. For a

triaxial stress state (Bl):
| 2
12 = (0,-05) “12M2 4+ (0,-04)2L282 + (0,-0,)2M282 (B1)

where L, M and N are the direction cosines of the
normal to the plane in gquestion with the 1, 2 and 3

principal stress axes, respectively. Let:

917 %%rrr %2 7 %0r 3 7 ¢y (B2)

L = cos(90°-6), M = cosf, N = cos90® = 0

as given in Figure Bl and Appendix A.

136
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Therefore:

1., = —BR___60 ;. -9 (B3)

Converting to the cartesian coordinate system shown in

Figure Bl, T becomes:
Xy

XY }

IS > SN B4
%2 + v2)572 (B4)

- (- 2,
Ty ( BEBRO){

This expression for Tt applies étrictly only for the

xy
case where 2 = O (the Z = 0 X-Y plane in Figure B1l).
For points where Z ¥ O, the shear stress defined by
Equation B3 is different in direction than that shown
in Pigure Bl. Thus, its component Txy will be
different. For simplicity in the present analysis,
only Equation B4 will be considered, since thirad
dimension effects will not alter basic trends.

The shear stress Txy changes sign as X and Y
change sign. A schematic description of the shear
stress field is shown in Pigure B2. Imai and Miyazaki
(B2) have obtained a like rxyAéxpression, for sfress

fields similar to those in Appendix A, but resulting

from differential thermal expansion effects.
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B. Edge Dislocation Interaction with the

Surface Tension Shear Stress

Figure B3 shows an édge disloaction moving toward
the particle. If the dislocation is of proper sign,
work will be done by its motion in the field of Txy
(i.e. it will be attracted toward the particle).

The work done per unit dislocation length when thg dis-
location moves a distance dx in the direction of Txy
is: |

dw = Txy b dx (BS)

The total work done may be found by integrating d4dw

from X = ©» to X = X* in Figure B3. However, thé limit
of infinity is unrealistic for the case of a dispersed
second phase particle. The maximum outer integration
limit should be one-ha;f the interparticle spacing,
since the shear stress fields of the-particles overiap.
In reality, the actual outer limit may be less than
one-half the interparticle spacing due to the presence
of internal stresses. If the outer integration limit

is set at some distance dO:

X
W= [ T b dx (B6)
xy
a, :
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Therefore, using Equation B4:

2 1 1 - _
W = E_R2Yb{ - } (B7)
8o
(x*? + ¢%)3/2 (a2 + y2)3/2

The maximum interaction occurs when X* = 0O

(i.e. ¥ = Ro). For this case:

3,1 1
W=E Rb{2_ - _ : (B8)
8o g3 (a2 + r2H3I/2

The maximum interaction energy thus depends on both
do and Ro. Considering do as fixed and varying Ro'

the interaction energy is:

o W = 0.646 Egdb (B9)

d°>> RO: W = Egb

The interaction energy increases with decreasing R

and has a maximum possible value of Esb’

C. Estimate of the Magnitude of Surface

Tension-Dislocation Glide Interactions

Consider an edge dislocation gliding on the plane
Y = R, in Figure B3. It experiences a maximum

attractive interaction (i.e. maximum binding energy)
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when it reaches the point (O,Ro). For the dislocation
to move away from this point, work will have to be
done by an iﬁposed (i.e. external) shear stress.

A rough estimate of the shear stress required to
move the dislocation away from the particle may be
obtained in the following manner. Let the dislocation
in Figure B3 be at position (0,R,) and apply an
.external shear stress T , to move the dislocation
away from the particle by a distance R,. Then:

E
Egb = TbR,, T = EE ' (B10)
o
where E b is the work required to move the dislocation
per unit dislocation length, and 'rbR° is the work done
by the dislocation in moving a distahce R, (per gnit
length). For this calculation, the maximum possible
interaction energy with the particle has been employed.
- Using values of Es = 0.62 joule/M2 (620‘ergs/cm2)
(B3) and R, = 100 x 10719 M (B4), the calculated value

of T is 6.2 x 10’7 N M~2 (9000 psi).



141

By way of-comparison, the stress required to

operate a Frank-Read source is (B5) :
T = %E (B11)

where ;; = shear modulus, b = Burgers vectﬁr, and

d = distance between pinning points. Using values of
p = 5.33 x 1010 N M~2 (7.72 x 10% psi)(B6) at

1255°K (1800°F), b = 2.50 x 10~10 M (B7), and

d = 1505 x_10'1° M the interparticle spacing‘in
TD-nickel (B4), the Frank-Read stress for bowing
between particles at 1255°K (1800°F) is

8.85 x 10’ N M~2 (12,800 psi). This compaiison
indicates thaf the dislocation-particle glide inter-
action’is not negligible.

2. Interaction with Dislocation Climb

A. Surface Tension Climb Stress

The climb stress for the edge dislocation

pictured in Figure B4 is axg' For simplicity oxx

will be calculated here as a function of X and Y only,
although it is also a function of 2. Again, third
dimension effects are not critical to the basic

arguments.
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For a triaxial stress state (Bl):

.2 2 2
0 = 0,L° + 0,M° + O,N (B12)

where L, M and N are the direction cosines of the
normal to the plane in question with the 1, 2 and 3

principal stress axes, respectively. Let:

L =cos 06, M = cos (90°- 0), N = cos 90° = 0

as shown in Figure B4 and Appendix A. These values of

L, M and N are for Z = O. The climb stress Oyx is then:

Oux = ORRc0329 + 0990082(900- 0) (B14)

Converting to the cartesian coordinate system shown in

Figure B4, Oxx becomes:

2 2
2r Y - 2X
o = E R{ } (B15)
XX 8 O
(%5:"£f;§72

The field of oxx is shown in Figure BS5. The climb

stress is zero for |Yl = /2 |x|.



143

B. Edge Dislocation Interaction with

the Surface Tension Climb Stress

The climb force per unit dislocation lenéth,
F , is related to ¢ in the following way:
Yy - xx

F = -0 b. (Bl6)

Yy xx
Therefore:
2 2
2 Y - 2X
F._ = =-E Rb{ } (B17)
YYy 8 O (x2+ Y2)5/2_

The field of Fyy is shown in Figure B6, for the disF

location senge indicatead. Foy is zero for |Y]| = /7 |x].
The inﬁeraction energy due to the presence of the
surface tension climb force may be calculated in the
following manner. Place the dislocation in Figure B4 at
the point (O,RO). In this position, the surface tension

climb force is downward, and given by:

= -k r?p (L B18

Fyy(o,v) ESROb(;s) ( )
But the dislocation cannot climb downward because the
particle is in the way. Work will be required for the

dislocation to climb upward against the surface tension
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climb force. This work is givén by:
a
W= Pyy(O,Y) dy (B19)

As was done previously, Equation Bl9 is integrated to

some outer limit dozv

R?-i-do
W = F
yy(o,Y) dy (B20)
R
[+
Therefore:
2
E_R“b
Wa _B 0O { 1 - L3 (B21)
2 R+ a2 RZ
o o’ o

The interaction energy W is dependent on do and Ro.

Holding do fixed and varying R,:

W=20

do << RO
a, = Ryt W= -(0.75)E_b/2 (B22)

do >> Ro: W= -Esb/2

The interaction energy increases with decreasing Ro

and has a maximum value of -Esb/z.
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C. Egstimate of the Mégnitude of Surface

Tension-Dislocation Climb Interactions

The driving force for dislocation climb in pure
metals is thought to be the attraction between dis-
locations of opposite sign (B8). For edge dis-

locations, such attractions produce a climb force:

2 A
Fyy = Zﬂ(lgg)Ls (B23)

where Ls is the separation distance between oppositely
signed dislocations. Now consider a dislocation at
position (O,Ro) in Figure B4 and an oppositely signed
one at a distance R, + Lg along the Y axis. The dis-
location at (O,Ro) will experience a positive climb
force due to the other dislocation given by

Equation B23. It will also be acted on by a negative

climb force resulting from the surface tension given by:

Fyy = & (B24)

The dislocation separation distance at which these two
climb forces are equal is (equating Equations B23 and

B24):

- ub Ro

L —_—
$ 21t(1-\>)13B (B25)
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. Using values in Section 1-C and v = 0.3, the dislo-
cation separation distance for equality of climb
forces is 49_x 10-10 M. This separation is_extremely
small as compéred to those usually encountered in the

climb of puré metals.

3. Implications of Appendix B

The previous analysis has shown that the presence
of matrix stresses due to surface tension effects
postulated in Appendix A will influence both dislocation
glide and climb, and that thesg influences will not be
negligible. Results of Appendix B indicate that an edge
dislocation will experience interactions tending to
"pin®” it to the particle, in both the glide and climb
regimés. Appendix B suggests that small, incoherent,
second phase dispersed éarticles will not be inert with
respect to dislocation interactions, because of matrix
surface tension stresses.

Unlike differential thermal expansion matrix
stresses at second phase particles, surface tension
matrix stresses cannot be relieved at elevated temper-
atures.by vacancy diffusion. Thus, dislocation-
particle interactions of the type described in

Appendix B will occur at elevated temperatures.
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Figure B6 - Field of the surface tension climb
force (schematic), for the dislocation
sense shown.



APPENDIX C

" THERMALLY ACTIVATED DISLOCATION MOTION IN THE PRESENCE

OF DISLOCATION-PARTICLE INTERACTIONS DUE TO MATRIX

SURFACE TENSION STRESSES AT SMALL, INCOHERENT, SECOND

PHASE DISPERSED PARTICLES

1. Thermally Activated Edge Dislocation Glide

Consider the edge dislocation at the position
shown in Figure Cl. In this position it is at the
point of maximum binding energy to the particle, with
respect to surface tension stresses (Appendix B).

The thermal activation enthalpy for dislocation glide
motion is the work required to move the dislocation
minus the work which the dislocation does on moving.

The activation enthalpy U may be expressed as:
U=a WL - TbA = Uo - TbA (Cl)

where W = dislocation-particle interaction energy
(Equation B8 in Appendix B), L = length of dislocation
interacting with the particle, T = applied shear stress,

b = Burgers vector, and A = activation area.
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The shear strain rate is given by:
Y = pbv N (c2)

where p = mobile dislocation density and V = average
dislocation glide velocity. The dislocation velocity
V is of the form:

-U/kT
vV = VOBCe (c3)

where vo = frequency of vibration of the dislocation
involved in the thermal activation event, B = area
swept out per successful thermal fluctuation, C =
number of places where thermal activation can occur per
unit dislocation length, k = Boltzman constant, and
T = absolute temperature.

Therefore, the shear strain rate becomes;

. -u/kT
Y = pbv _BCe : (c4)

The area swept out per successful thermal fluctuation B
is estimated from FPigure C2 ag B = wdz/z, where 4 is
the interparticle spacing of the dispersed second phase.

Also from Figure C2, the number of thermal activation
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locations per unit dislocation length is taken as
c = i/d. For a dispersed phase of spherical

particles (C1):

1/2
a = (27 / Ro (c5)
3 €172

where Ro = particle radius and f = volume fraction
.0of dispersed particles.
With the above values, the final expression for

the shear strain rate is:

. 3 -U kT
Yy = (@ 1/2 pbR_V . / (c6)
6 f1/2

An estimate of the value of U° in Equation C1
cankbe obtained from Appendix B. Let W = 0.646 Esb
and L = 2R°. Then, using the values shown in
Section 1-C of Appendix B, the calculated value for
U, is 12.5 ev.

The activation enthalpy U..in Equation Cl is stress
dependent, and decreases with increasing stress. It
is of interest to calculate the stress required to

lower U to some level, say 3 ev.
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Then, from Equation Cl:

3 ev = 12.5 ev - TbA

9.5 ev
ba

(c?)
T =

In order to calculate T , the activation area A must

be estimated. The activation area is given by:

A =1LX (C8)
where L = dislocation length involved in the activation
event and X = distance moved by the dislocation length

during the activation event. Let L = 2Ro and X = R .
(]

Then from Appendix B, Section 1~C, the value of A is

-12.,2, using this value in Equation C7, the

2 x 10
stress required to lower the activation enthalpy to 3 ev
is 3.04 x 107 N M~2 (4410 psi).

It seems likely that because U, has a high value,
a portion of the applied stress will be required to
lower the total activation enthalpy U to values such
that measurable strain can be observed in finite times
(the previous calculation). This suggests that the

total applied stress T in Equation Cl1 will be the sum of

two factors:

T=T + T4 (C9)
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where T = applied stress, 1:1 = gtress required to

lower the activation enthalpy U (i.e. in effect, an
internal stress), and T* = gffective stress in the
thermal activation event.

2. Thermally Activated Edge Dislocation Climdb

For edge dislocations the climb velocity Vo is
given by (C2):
Dvﬂ?c

v =
(o]

(c10)

b2xT

where D, = volume diffusion coefficient, = atomic

volume, b = Burgers vector, k = Boltzman constant,

T = absolute temperature, and Pc = climb force. For
the attraction of dislocations of opposite sign, the
climb force is given in Appendix B, Equation B23.

Using this expression, the climb velocity becomes:

v = D, fiu
° 21r(1-V)dec

(Cll)

where d, is the dislocation separation distance.
Equation Cl1 has been used to describe creep in

a pure metal where dislocation climb is rate controlling

(C3). The creep-dislocation climb situation in a

dispersion hardened material is shown in Figure C3.
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Dislocation sources with some separation dc generate
dislocations which glide for a distance L past
dispersed par;icles, then climb and annihilate. This
situation is analogous to that described by
Weertman (C3), where creep strain is produced by glide,
but climb is the rate controlling process for creep. |
For the system in Figure C3, it seems possible
that surface tension effects at the particles can
influence climb in two ways. First, the presence of
restraining climb forces discussed in Appendix B will
reduce the total cliﬁb force F, in Equation C10.
Second, the surface tension stresses may cause the
climb process to require double-jog nucleation (C4).

These two effects give:
Fé = MF M<1 (c12)

where Fc is given in Equation Cl1ll, and:
-2Fj/kT
V=V_e (Ccl13)
o
where Fj is the jog formation energy.
Thus, the climb velocity with these modifications

becomes:

MD Qu '2F-/kT
vV = v e (c14)
2T (1-V) kTd,
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The shear strain rate is given by Egquation C2.
Equation C2 contains the‘dislocation glide velocity.
The dislocation glide velocity is related to the

climb velocity by:

-~ L
Vg1ide © a, Velimb L >4, (c15)

where L and dc are shown in Figure C3. If N is the
‘ )

dislocation source density, then L = 1/(Nﬂdc) .

Therefore, from Equation C2:

PbMD Qu -(AHSD+2rj)/kT

Y = e
2N1/2n3/2(1-v)krd272

(cle)

where D° = diffusion coefficient pre-gxponential andq
AHgy = self diffusion enthélpy.

If Equations C1l2 and Cl1l3 are valid, Equation C16
indicates that the climb activation enthalpy will be

increased by 2F, and that the pre-exponential term will

3
be reduced by the factor M, compared to the case for
creep climb processes in pure metals (C3). Thus, creep
controlled by climb will be slower in dispersion
hardened materials than in pure metals. Equation C1l6

indicates that the activation enthalpy will not be

stress dependent. For dispersion hardened materials,
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the quantity dc is not necersarily related to the
interparticle spacing, but rather to the spacing between
dislocation sources, as shown in Figure C3. From
Appendix B, the value ofAM might be expected to

decrease with decreasing particle radius R,. The jog
fdrmation energy Fy may be calculated (C5) and has a

value of 0.59 ev for nickel.

REFERENCES:
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1968. '
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appuep T

Figure Cl ~ Edge dislocation at a particle. The
dislocation is at the position (O,Ro).
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Figure C2

- Glide motion of the dislocation after
a successful thermal activation event
in a dispersion hardened material.
Circles denote dispersed particles.



164

‘TerIojzew pauopaey uoTsxadsIp ® ut dsaxd QqUITO UOTIBDOISIA - €2 dxnbta




APPENDIX D

FRACTURE IN A DISPERSION HARDENED MATERIAL WHEN

DEFORMATION IS BY DIFFUSION CONTROLLED GRAIN BOUNDARY

SLIDING

The diffusion controlled grain boundary sliding
process in a pure metal is shown schematically in
Figure D1l. sliding is controlled by the diffusion of
atoms from boundary locations of compressive normal
stress to those of tensile normal stress (D1).

For this process to occur in a dispersion hardened
material, dispersed particles must collect at grain
boundaries, Figure D2, since the second phase particles
will act as inert markers with respect to lattice
diffusion (D2,D3,D4).

It is proposed that collection sites for particles
at grain boundaries may also be sites for potential
cracks, as shown in Figure D3. If this is the case,
then the fracture strain and fracture time may be
calculated in the following manner.

The grain boundary area is assumed to become a
propagating crack when the volume of dispersed

particles collected there reaches a critical value Vee
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Ve is calculated for the idealized system shown in
Figure.b4. Consider the sliding path in Figure D4.
Ssliding is occurring at a rate 6 under the action of
an applied shear stress. The volume of atoms removed

from the shaded region in time dt is:

AV_coms = (U at) (h) (2) (p1)

where Z is the boundary dimension into the paper.

If £ is the volume fraction of second phase particles,

then:

a £ av (D2)

vparticles = atoms

where dvparticles is the volume of particles collected

at the region shown in the time det.

Assuming that fracture occurs when Vparticles = Vg:
Vf te
S 4V articles " / dhzf at (D3)
Vo Y

where vo is the initial volume of particles at the

boundary before sliding deformation. The fracture time

is then:

(D4)
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The fracture displacement (Figure D4) is given by:

In a polycrystalline material, the sheaf strain rate

is:
: al s
Y=..—.’ U = =— D6
d ( )

where A = a constant and 4 is the grain diameter
(? = V2 € , where € is the uniaxial strain rate).
The guantity hZ is taken as a fraction of the total

boundary surface area per grain:

hz = Ba2 (D7)

The parameter B will increase with increasing

amplitude of the boundary in figure D4. This means

that B will increase with increasing L/D ratio, the
grain elongation index. Using the above approximations,

the final expressions are:

_AWVg - V)

(D8)
BYd3f
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for the rupture time, and:

Yeg = (D9)
£ Ba3s

for the fracture shear strain. Equation D9 indicates
that the fracture strain will decrease with increasing

grain diameter and increasing L/D ratio.

REFERENCES:
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Figure D2 - Collection of dispersed particles at grain
boundaries as a result of diffusion
controlled grain boundary sliding. Black
dots represent dispersed particles.
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Figure D3 - Potential cracks at sites where dispersed
particles have collected.
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SECTION II

DEFORMATION AND ANNEALING
RESPONSE OF TD~-NICKEL-CHROMIUM

by

RUSSELL D. KANE
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INTRODUCTION

The past years research included not only the coﬁ-
pletion of the mechanical-tésting on TD-nickel, but.-
also the initiation of the.work on thoria dispersed
nickel—chromium')TD—NiCr). The major direction of the
research giﬁudxﬂ on TD-NiCr sheet material thus far
have been as follows:

1. A full and complete charécterization of the
deformation and annealing response of TD-NiCr,
starting state 0.1 inch thick sheet.

2. An evaluation of the role of grain size of
TD-NiCr in determining the high temperature
tensile properties of the TD-Niér sheet
material.

Previous work conducted in this program has shown
that the grain size and éhape in TD-nickel can be con-
trolled by various deformation and annealing treatments*,
Since the elevated temperature mechanical prOpérties
of TD-nickel have been observed to be very much depen-
dent on grain size and shape**, the characterization of

the deformation and annealing response and eventual

A detailed discussion of this work can be found in
the Annual Status Report for the period of January
1969 to January 1970.

** A detailed discussion of this work can be found in
the first section of this Status Report, pages
1-172.

*
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contfolrof these parameters is of the greatest'impof%
tance. | |

Even though it is-apparentvthat TD~-nickel is
not a classical prototype of all TD-nickel base ‘alloys,
the previous work in this program has served as a |
basis for the research‘being conducted on the TD-NiCr
sheet material. 1In turn, it-is hoped that the present,
research wili aid future investigations in TD-nickel
base alloys.

The research on TD-NiCr tovdate is perhaps more
importantly the first step in the evaluation of the
high temperature flow characteristics of this mate-
rial. With the completion of this segment, high
temperature tensile, creep and creep rupture data will
data will be collected as a function of material and
testing related parameters, in order to evaluate the
mechanisms of elevated temperature deformation found

in TD-NiCr sheet material.



MATERIALS AND PROCEDURE

Material:

For the present investigation, TD-Nickel—Chromium_
(TD—NiCr) was supplied by the Fansteel Company in the
form of 0.1 inch thick sheet. The material was a
nickel-20 weight percent chromium, single phase‘matrix
containing 2 volume percent thoria as a dispersion of
fine particles; it was produced by the standard powder
metallurgical techniques. The material used in the
study was received in the fully dense, unannealed
condition in the form of a 12 inch x 12 inch x 0.1

inch sheet.

Deformation and Annealing:

The'deformaﬁion and annealing response of TD-NiCr
0.1 inch sheet was determined by longitudinal and trans-
verse rolling of the material without varying the roll-
ing plane from that of the as—réceived material. These
rolling operations were then followed by annealing
treatments. The rolling was performed in step reductions.
of approximately 10 percent per pass. All annealing was
done in an argon atmosphere for 1 hour at 2400°F unless
specified otherwise. The material was allowed to heat

and cool at furnace heating and cooling rates.
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The as-received, unannealed TD-NiCr, as well as
the annealed material, was rélled to various reduc-
tions, annealed at 2400°F and observed in the etched
condition with light-optical microscopy. Unannealed,'
as-received TD-NiCr was reduced 10%, 28%, and 44% by
separate longitudinal and transverse rolling opera- |
tions. As-received and annealed material was rolled
12%, 21%, 28%, 48% and 67% in the transverse direction
and 53% longitudinally. Some of. the TD-NiCr that was
transversely rolied 48% was annealed and rerolled 35%.

To study the dependence of grain size on annealing
temperature the as-received TD-NiCr was annealed at
temperatures between 1550°F and 2400°F in argon for 2
hours. Specihens were observed with light-optical mi-

croscope in the etched condition.

Grain Size Determinations:

The grain size in the annealed materials was deter-
mined as a function of the degree and mode of deforma-
tiqn and of the annealing temperature. The grain sizes
were determined by quantitative metallography employing
line intercept measurements in three mutually perpendi-
cular directions. The three directions were the roll-
ing direction, rolling plane transverse direction and
the thickness plane transverse direction. This procodure‘

was necessary so that grain size, grain shape and grain
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.vélumc could be.characterized accuarately; Each grain
size measurement was the result of more than 25’sepa—
‘rate observations.

The TD-NiCr specimens that were rolled to various
reductions and then annealed were metallographically
polished and etched in order to reveal their grain
structures. The etch for TD-NiCr was an electro-etch
consisting of 6 parts ethanol, 1 part H5580, and 21
parts water. The etchant delineated the grain boun-

daries when the etching voltage was 5 volts.

Elevated Temperature Tensile Testing:

Tensile tests were conducted on TD-NiCr sheet
material over a temperature range of 1100°F to 2000°F.
Four grain sizes of TD-NiCr sheet were chosen for study:;
the average grain dimensions ranged from 0.0037mm to
0.0515mm. These material states were produced by trans-
Verse rolling of the as-received and annealed TD-NiCr
0.1 inch sheet. All tensile specimens. were in the an-
nealed condition when tested. The tensile specimen
design is shown in Figure 51.

The elevated temperature tensile tests were carried
out in a vacuum of approximately 10~% torr. The tem-
perature was monitored by a thermocouple at the center

of the gage section. For all specimens tested, the strain
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rate was 0.01 inches per inch per minute (cross-head speed,

0.005 inches per minute).



RESULTS

Deformation‘and‘Annealiqg:

Upon rolling and subsequent annealing of the as-
received, unannealed TD-NiCr sheet, the average grain
dimension was found to decrease with increasing severity
of deformation for both longitudinal and transverse
rolling, as shown in Figure 52. True rolling strain
has been used to indicate deformation to permit.a more
. accurate representation of the data. Transverse roll-
ing is observed to have a somewhat greater effect on
reducing the grain size when followed by an annealing
treatment than does longitudinal rolling under the |
same conditions. |

The grain shape was that of a oblate spheroid with
a tendency for the thickhess dimension of the gfains to
be less than the other two dimensions. The transversely
rolled, as-received TD-NiCr and L/D ratios between 2.2
and 1.6, showing decreasing L/D for increased rolling
severity. The longitudinally rolled material had L/D
values varying between 1.8 and 2.9. The ratio initially
increased from 2.2 for the asfreceived and annealed
material to 2.9 for a 28% longitudinal reduction. Fur-
ther longitudinal rolling proved only to decrease the

L/D ratio.
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Figure 53 shows the dependence of the average grain
dimension on deformation severity for longitudinal and
transverse rolling of the as-received and annealed TD-
NiCr sheet. The average grain dimensions decreased with
increasing deformation severity. However, transverse
rolling produces a somewhat smaller annealed grain size
than does longitudinal rolling.

For both transverse rolling of the as-received TD-
NiCr and the as-received and annealed TD-NiCr, the
smallest grain size observed was 0.0036mm. This value
occurred at a 44% reduction for the as-received material
and at 67% for the as-received and annealed material.

In both cases the limiting factor was: the cracking 6%
the material upon further reduction.

Grain shape for the as-received and annealed TD-
NiCr which had been transversely rolled and reannealed
was observed to be a oblate spheroid with a tendency
for the thickness dimension to be less than the other
two and a slight elongation in the rolling direction.
The L/D ratios varied between 1.3 and 3.4. The maximum
L/D occurred at approximately 12% reduction. Longi-
tudinal rolling produced a slightly more elongated
annealed grain, L/D equal-to 3.5, after 53% reduction.

The TD-NiCr that was reduced 48% transversely, an-

nealed and rerolled 35% again transversely showed
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evidence of increased grain size upon annealing. After
48% reduction, the average grain dimension was 0.0037mm.
With continued‘roiling reductions of 35% the annealed
grain size increased to 0.0067mm.

Figure 54 shows the effect of the annealing temper-
ature on the average grain dimension determined in the
as-received and annealed material. The grain size is
observed to increase with decreasing annealing tempera-
ture over the temperature range 1750°F to 2400°F. At
1550°F the material showéd no evidence of recrystalli-

zation after a two hour anneal.

Elevated Temperature Tensile Testing:

From the tensile tests performed on various grain
sizes of TD-NiCr sheet material over the temperature
range 1100°F to 2000°F, the féllowing data was recorded:
1) tensile strength, 2) 0.2% offset yield strength and
3) ductility in terms of percent elongation. Figures
55 and 56 show the tensiie and yield stress, respective-
.ly, as a function of testing temperature for the four
maumjal: states tested. All stress levels were observed
to decrease with increasing temperature and decreasing
average grain dimensions.

The dependence of the ductility on the testing
temperature is shown in Figure 57. At liOO°F, all elonga-

tions are clustered around 4 percent. As the testing
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temperature ié indreased, the ductility varies with the
grain size. Between 1800°F and 2000°F, the ductility
increases with decreasing grain size..

Figures 58 and 59 show the tensile and yield
strength as a function of the average grain dimension.
Over the range of grain sizes tested, it was observed
that there iS‘a relatively large increase in strength
with increasing grain size in the smalle: grain size
region (average grain dimension from 0.0037mm to 0.0067mm)
which then tends to level off at larger grain sizes.

This initial increase in the strength properties with
grain size is more pronounced at the lower temperatures,
1100°F to 1500°F.

Ductility as measured by the percent elongation
tends to be largest for the fine grain TD-NiCr, especially
at the higher temperatures as shown in Figure 60. The
larger grain size materials appear to have a consistently
low duCtility.between 0 and 5 percent at all temperatures

between 1100°F and 2400°F.



184

AYIIWNOTD NAWIDHAAS IAFHS 1S TINDIA

-n
le——— 1000 ¥ "_—; 200032 jooos £f ———
-+ +—
2
1000 = 8

r_oo.o«. lwli

—

000 - | 8 =
2000 + vig T sniavy S



185

0.05
E
E oo4f}
2
o A LONGITUDINAL ROLLING
2
= 003 | ® TRANSVERSE ROLLING
o
.\
=~ A
O

Q02 |-
&
&
W
>
<

000| — .

A
\.\A-
e @ =
1 i |

0.2 04 0.6

TRUE ROLLING STRAIN
€=1n (To/T)

FIGURE 52: AVERAGE GRAIN DIMENSION VERSUS TRUE
ROLLING STRAIN FOR ROLLING IN THE
UNANNEALED CONDITION.



186

“NOILIANOD QHATIVIANNY HHIL NI
ONITIOY ¥0d NIVYLS ONITIOY dANIL SNSHAA NOISNIAWIA NIVYO AOVHAAY €S MINOIJI

( L70oLl}] ul =5 )
NIVYLS ONITI0d 3n¥L

ozl 00l 080 09 0 ob0 020
T ] _ T T I
v
¢

-1 100 »
<
m
o)
P
(")
m

—Hz200
()]
20
2
. 2

ONITI08  3ISYIASNVYHL @ —1 €00
(w)
ONITION  TTVNIGNLIONOT W w_
2
4vo0 ©
&
4
? _mo.o 3
.—/o 3

P-




187
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FIGURE 54: AVERAGE GRAIN DIMENSION VERSUS ANNEALING
TEMPERATURE FOR THE AS-RECEIVED MATERIAL.
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FIGURE 55: TENSLLE STRENGTH VERSUS TESTING TEM-
PERATURE FOR VARIOUS GRAIN SIZES.
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FOR 'VARIOUS GRAIN SIZES,
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SECTION IIT

STRESS—RUPTURE’OF’TD—NICKEL’AT'INTERMEDIATE'TEMPERATURES

A very limited investigation of the stress-rupture
behavior of TD-nickel was conducted at 1089°K (1500°F),
to determine intermediate temperature stress-rupture
properties as a function of grain size. This examina-
tion constituted the Senior Project (Spring 1972), of
W.A. Johnson, an Undergraduate in the Division, and was
an extension of the primary elevated temperature pro-
perty investigation (Pgs. 1-172).

Experimental details were the same as outlined for
the primary investigation, except that: 1) tests were
run at constant load; 2) tests were run in air. Two
specimen conditions, A and B, were examined (refer to
Table 2, Pg. 80 forvgrain structure details). Tests
were conducted at various stress levels, taken as frac-
tions of the yield stress measured in tension. At 1089°K
(1500°F) , the yield stress for Condition A was 4.11 x
107 N M=2 (5960 psi), while the yield stress for Condi-
tion B was 11.7 x 107 N M~2 (16,900 psi). Specimen strain
as well as time to rupture were recorded.

Strain-time curves for Conditions A and B are
shown in Figures 61 and 62, respectively. Strain rates
decreased with decreasing stress. Stress-rupture be-

havior is indicated in Figure 63. The 100 hour rupture
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stress of Condition B was significantly greater than
that of Condition A. Thus, at 1089°K (1500°F) stress-

rupture properties improve with increasing grain size.



196

*{de00ST) Mob80T LV ¥V NOILIANOD ¥Od SHAMND IWIL-NIVILS INEIL 19 TENOIJ

(S3LNNIN ) - IWIL

000l 006 008 00L 009 00 OO QO 002 OOt O

T T T T j T Y T T T 0000

SA090 SAG80 2000
SAQL'O
po00
C
m
SA 080 2000
l
: 2
' .IBo.o =
40100
<2100

SA 060 100




197

*{do00ST) d0680T IV € NOILIANOD ¥O4 SHAIND AWIL-NIVNIS HOIIL g9 FEAOIA

(S3LNANIN) 3NWIL

0o0bZ 0022 000Z 0081 009! OOl O0Z2I 00Ol 008 009 OO 002 OOOOO
1 T T T 1T 1 T T T T

v000

NIVYlS 3NYl

S000

-1900'0

1000

8000



198

"(d000ST) ¥o680T IV € ANV ¥ SNOILIANOD ¥Od SIOTd FINLANY-SSTULS €9 MINOTA

(S3LOANIW) 3WIL 3dNLdNY 901

000'001 0000l 000" 00! ol
_ = T 1 T T 0
o'z

- N
v zo_tosz B R <]
— 2l
oo AT ¥4
R
Hooos | 3
vT 9~
8 NOWNOD — —*=g—— podor= 1| =,
® . ~

/O LAHU.N_. + 8




SECTION IV
TEXTURE STUDY ON TD-NICKEL AND TD-NICKEL CHROMIUM
The annealing textures of various grain sizes of
TD-nickel bar starting material and TD-nickel chromium
(TD~NiCr) sheet material were determined by combination
X~ray transmission and back~reflection methods. This
technique using existing x-ray facilities, was incor-
porated by R.D. Kane during the summer pf 1970 as part
of an undergraduaﬁe research program sponsored by the
National Science Foundation. The textures of the TD-
nickel and TD-NiCr materials were determined as a
function of the rolling and annealing operations used
to produce the various grain sizes. The texture deter-
minations on the TD-nickel bar material constituted the
Senior Project of R.D. Kane (Spring 1971). The TD~-NiCr
material was investigated by P.L. Flynn (Spring 1972)
also in fulfillment of his Senior Project.
The three material states of TD-nickel examined
were:
1) The as-received, as-extruded bar material,
grain size 0.001lmm.
2) The as—-extruded material rolled 33% trans-
verse to the original bar axis, and annealed
1 hour at 2400°F in argon, grain size 0.4mm.

3) "Material state 2 followed by continued trans-
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verse rolling to a reduction of 79% and an-

nealed 1 hour at 2400°F in argon, grain size

0.02mm.
The pole figures for these grain states of TD-nickel
are shown in Figure 64 through 66. The diffracted
x-ray intensity from the (1ll1l) planes was used in both
transmission and back-reflection. 1In transmission the
first order reflections were monitored in order to
determine the outer region (0°-55°) of the pole figure.
The inner portion (60°-90°) was determined by monitor-
ing the second order (ill)vreflections in back-reflec-
tion.

TD-NiCr was also examined in three material states:

1) The as-received, 0.1l inch sheet material an-
nealed 1 hour at 2400°F in argon, grain size
0.0515mm.

2) The as-received sheet material, rolled 28%
transverse to the original rolling direction,
annealed 1 hour at 2400°F in argon, grain size
0.0067mm.

3) The as-received sheetvmaferial, rolled 48% in
the transverse direction,_annealed 1 hour at
2400°F in argon, grain size 0.0037mm.

The (lll).pole figures for these grain states of

TD-NiCr are shown in Figures 67 through 69. These pole
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figures were determined by the same technique discussed

previously for the TD-nickel bar material.
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FIGURE 64: (111) POLE FIGURE FOBR AS~RECEIVED, AS+
EXTBUDED TD<NICKEL; GRAIN S$IZE 0,001lmm.°
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FIGURE 65: (111) POLE FIGURE FOR AS-~EXTRUDED TD-NICKEL
ANNEALED 1 HOUR AT 240Q°F, ROLLED TRANSYERSE
33% AND ANNEALED 1 HOUB AT 24Q00%F; GRAIN
SIZE Q,4mm,
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FIGURE 66: (111) POLE FIGURE FOR AS-EXTRUDED TD-NICKEL
ANNEALED 1 HOUR 2400°F, TRANSVERSE ROLLED
33% ANNEALED 1 HOUR 2400°F, CONTINUED TRANGS~
VERSE ROLLING 79%, ANNEALED 1 HOUR 2400°F;
GRAIN STZE Q.Q2mm.
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FIGURE 67:; (111) POLE FIGURE FOR TD-NiCf. 0.1 INCH
SHEET ANNEALED 1 HOUR AT 24009, GRAIN
SIZE 0,0515mm.
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FIGURE 68: (111) POLE FIGURE FOR TD-NiCr 0.1 INCH
SHEET, ANNEALED 1 HOUR 2400°F, TRANSVERSE
ROLLED 28%, ANNEALED 1 HOUR 24Q00°F; GRAIN
SIZE 0.0067mm.
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FIGURE 69;

(111) POLE FIGURE FOR TD-NiCr 0.1 INCH
SHEET ANNEALED 1 HOUR AT 2400°F, TRANSVERSE
ROLLED 28%, ANNEALED 1 HOUR AT 2400°F;
GRAIN SIZE 0.0037mm.




