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SUMMARY

.Literature survey was conducted to determine the effects of different
microstructural features and different load histories on fatigue crack initi-
ation and propagation of aluminum alloys. Comparison of microstructure and
monotonic and cyclic properties between powder metallurgy (P/M) and ingot met-
allurgy (I/M) alloys is presented. -The two alloys that are representative of
each process on which the comparison is focused are X7091 and 7050.

Included in the report is a detailed description of the microstructure
produced through the P/M and I1/M processes. The effect of each pertinent
microstructural feature on monotonic and cyclic properties, such as yield
strength, toughness, crack initiation and propagation is discussed. Also dis-
cussed are the proposed mechanisms for crack initiation and propagation, as
well as the effects of aggressive environments on these cyclic properties.
Included is a discussion of the effects of variable amplitude loading on fa-
tigue crack propagation and the various models proposed to predict load inter-
action effects.

1. Introduct1on

The continuous evolution of the military and civillan aircraft structures
has lead to significant Improvements in the aircraft performance. However,
the improvements in the design characteristics of the newly developed aircraft
structures are 1imited by the properties of the presently used materials.
Thus, there exists a well-defined need to understand and 1mprove the properties
of current]y used aircraft materials.

, In recent years, the main focus in aluminum alloy development for air-
craft structures has centered on both P/M alloys as well as optimization of
composition of I/M alloys. Two of the best known new alloys developed by
these processes are P/M X7091 and I/M 7050. Due to differences in processing,
they have very different microstructures (e.g., grain size, inclusion, dis-
persoid and oxide composition and distribution). Significant amount of re-
search has been performed recently in order to obtain a better understanding
of the effects of different microstructures on both monotonic and cycliic™
properties of metallic materials in general, and aluminum alloys in particular.

Implementation of the newly developed alloys and processes into advanced
aircraft structures requires a careful characterization of cyclic properties
such as fatigue crack initiation and propagation. Much effort has been ex-
pended in order to attempt to understand and predict fatigue crack propagation
rates which are subject to variable amplitude loading.



However, 1iterature search revealed no comprehensive ‘source of information
readily available which reviewed all these pertinent areas of ongoing re-
search. Thus, this detailed 1iterature review was developed to fi111 this
niche. It is intended not only to help ongoing research, but also to point
out areas where further work is requ1red o

-_2. Discussion
2.1 History of Alloy Development
2.1.1 1I/M 7050

- Ingot metallurgy (I/M) alloy 7050 comes from a 1ong l1ine of 7XXX pre-
cipitation hardened aluminum alloys based on the Al-Zn-Mg-Cu system. The best
known. and the most frequently utilized alloy of this series is 7075 ' :

. Unti] the 1960's, the 7XXX alloys were used.strictly in the T6 temper
(peak aged). The high strength to weight ratio of the 7XXX alloys made them
‘poputar with designers, but exfoliation corrosion and stress corrosion
problems created intolerable maintenance prob]ems when these alloys were used
in the T6 temper (ref. 1). . .

An overaged heat treatment (T73) was 1dent1f1ed in 1960 which.sub--
stantially alleviated the stress corrosion problems, however the corresponding
alloy strength was significantly reduced. In addition, 7075-T73 alloy suffers
from relatively poor fracture toughness and high quench sensitivity meaning -
the inabi1ity to retain both strength and ductility in the mid-thickness

sections. of thick rol]ed or forged products (ref. 1). However, the properties ;:

of 7075-T73 alloy were adequate to make it the dominant alloy of the 1960's
and 1970's for aerospace applications.

The rapid progress in the designing of more advanced aircraft structures
places an increasingly larger demand on improvements of material properties.
Thus, the development of new high strength I/M aluminum alloys in the past
fifteen years has been focused on improvement in the fo]lowing areas (ref. 1):

1. Provide high resistance to stress corrosion crack1ng (SCC) 1n the
short transverse direction of thick products

2. Produce thick p]ates and forg1ngs which will retain. h1gh strength and
ductility. :

' 3. Improve toughness and short-transverse ductility while ma1nta1h1ng v
high strength. :

4. Improve fat1§ue crack growth (FCG) resi§tance.w1thout sacrificing
other properties. - » ’

Researchers at Alcoa Laboratories, in conjunction with Navy and Air Force
personnel developed alloy 7050 to meet the above criteria (ref. 2). The"
quench rate sensitivity of this alloy was improved, thus allowing thick
sections to be produced while retaining high strength and ductility (refs. 2
and 3). Better fracture toughness, increased resistance to stress corrosion




cracking (SCC) and slower fatigue crack growth (FCG) rates were obtained for
the 7050-T73 alloy in comparison to 7075-T73. A detailled description of the
microstructural characteristics of the 7050 alloy as well as the postulated
mechanisms responsible for improvement of the critical properties of this
alloy are found further on in this section.

~The opt1mization of a11oy1ng elements in order to maintain high strength .
as well as the other improved properties, has resulted in a nominal compo-
sition of 7050 as A1-6.2Zn-2.3Mg-2.3Cu-0.1Zr.

As a result of these improvements, 7050 has been widely accepted by air-
craft manufacturers, and has already replaced 7075 as the main structura1
alloy on such advanced aircraft as Navy's F-18.

2.1.2 X7091

An alternative method of producing high strength aluminum alloys is
through the utilization of powder metallurgy (P/M) process. In addition to.
substantially greater alloying freedom, this process offers excellent mechani-
cal properties, superior SCC resistance, a fine homogenous m1crostructure and
absence ,of large, brittle intermetallic’ 1nc1usions

Some of the early work in the development of this process and the ap-
plicable alloy compositions was performed by Roberts (refs. 4 and 5). Among
the 110 A1-Mn, A1-Mg, A1-Mg-Cu and A1-Zn-Mg-Cu alloy compositions, he found
that only A1-Zn-Mg-Cu alloys, containing more Zn and Mg than commercial I/M
alloys, offered higher strength than those of the strongest commercial alloys.

Important improvements to the P/M process were made by Towner (ref. 6).

He developed a process by which prealloyed atomized powders could be made into
extrusions, free of blistering and voids, with longitudinal and transverse
elongation equal to those of a comparable I/M product. He also found that the
A1-Zn-Mg-Cu system was the most promising for producing superior P/M alloys.
In addition he found that alloys containing Co and Fe + N1 were more resistant
to grain coarsening during fabrication than those with Cr, 71, V, Zr, Mo and W
additions. -

Haarr (ref. 7) found that A1-Zn-Mg-Cu alloys conta1n1ng Co or Fe + Ni had
better combinations of strength and SCC resistance than commercial I/M ex-
“trusions. In an effort to optimize the mechanical properties of the P/M
alloys, Cebulak (ref. 8) identified a composition of A1-6.5Zn-2.4Mg1.6Cu-
0.4Co. This alloy is presently known as X7091 (previously termed MA87 and
CT91). The final processing optimization of this alloy was performed by Otto
(ref. 9).

A more detailed description of the microstructural characteristics, P/M
process, and the mechanisms controlling mechanical properties is found further
on in this section.

2.2 Processes

The high strength aluminum a]]oyé, ut114zed presently in aircraft struc-
tures, are produced through the I/M process. The process is typified by
melting and alloying, casting into a large relatively slow cooled ingot,



homogenizing the ingot and fabricating the desired products. The slow cooling
rates during casting of approximately 0.1 to 1 K/sec (ref. 3) result in a
coarse microstructure and large constituent particles. The dendritic cell

. size (DCS) of cast ingots is approximately 50 um (ref. 10).

One of the more promising alternate approaches of producing high strength
aluminum alloys is the emergence of P/M process. The major reason for using
P/M instead of I/M processing is that much higher solidification rates can be
obtained. The typical solidification rates for atomized powders are .
105-10% K/sec (ref. 11). Rapid solidification results in significantly
finer DCS, and due to supercooling, considerably less precipitation of undis-
solved particles than the cast structure. The DCS has been measured (refs. 10
and 11) to be from 0.5 to 2.5 ym, and 1s thus more than an order of magnitude
smaller than the DCS for the cast structure. Alloying flexibility 1s gained
since large amounts of alloying elements can be added without macrosegregation
(ref. 12). ' co

P/M methods also eliminate other problems encountered in manufacturing:
large ingots such as cracking due to high thermal stresses during casting,
~ cooling and homogenizing. Very long homogenizing times which are required in
materials having coarse DCS are not necessary when the P/M process is applied
(ref. 10).

The P/M process (schematically shown in fig. 1), as optimized by Otto
{ref. 9), consists of melting and alloying, followed by air atomization to.
achieve an average particle diameter of 15 um. The resultant powder is cold
isostatically pressed at 207 MPa (30 ksi) into cylindrical compacts having a
theoretical density of approximately 70 percent. The compacts are encapsulated
in a welded aluminum alloy can. The compacts are hot vacuum degassed at 521°
C (970° F) under a vacuum of 35 mm Hg, sealed and hot compacted at a pressure
of 620 MPa (90 ksi) to >99.9 percent theoretical density. After the can is
removed, the compacts can subsequently be hot worked and aged to a final
desired product and temper.

2.3 Phys1ca1:Meta11urgy
2.3.1 Prec1b1tat1on»React10ns

_ Both of the alloys to be evaluated in this program are based on the
- Al1-Zn-Mg-Cu alloy system. Early work by Mondolfo (ref. 13) identified the age
" hardening sequence in this system to be: T o

a solid solution » spherical G.P. zones » n' » n (MgZnp) - . (1)
where G.P. zones = Guinier Preston zones.

The intermediate transition phase n' has a hexagonal close packed
structure with lattice constants of a = 4.69 A and ¢ = 8.68 R. The equi-
11brium phase MgZnp also has a hexagonal close packed structure with lattice
constants: a = 5.15 A and ¢ = 8.48 RA. A more recent study of aging kinetics
by Lyman and VanderSande (ref. 14) revealed an extra step in the precipitation
reaction identified as the formation of spherical ordered, hexagonal zones.
This newly identified precipitation step follows formation of spherical G.P.
Zones. The shape of ‘the metastable n' phase is platelike, while the n



phase is in the shape of rod or lath-like. partic]es The particles undergo
coarsening at the rate of: A N

r«_t”3 | - (2) -

at 150° C (ref. 14).
where ’
r = part1c1e radius
t = time

G6.P. zones nucleate homogenously, and the different precipitates develop
sequentially within the matrix. The presence of high angle boundaries and low
angle subgrain boundaries may alter the free energy to such as extent that
heterogenous nucleation may occur (ref. 15).

In changing from G.P. zones to =n during aging, coherency between the
matrix and precipitates progressively disappears. G.P. zones are coherent,
whereas n' 1s semicoherent and =n 1s incoherent (ref. 16). Sanders et al.
(ref. 17) has shown that metastable phase, n', nucleates directly on dis-
locations and subgrain boundaries, while the equilibrium =n phase nucleates
on grain boundaries. A more clear explanation of the nucleation mechanism of
n' and - n phases emerges from work done by Smith and Grant (ref. 18). They
suggested that below G.P. solvus temperature, the G.P. zones act to homo-
genously nucleate n' and v, however at temperatures above G.P. solvus, the
nucleation of n' and n can only occur on dislocations or grain boundaries.

Copper additions to the Al-Zn-Mg system are made in order to increase
strength and decrease the susceptibility of the alloys to SCC (ref. 16). A
study by Sanders and Starke (ref. 19) revealed that copper raised the critical
temperature for homogenous decomposition by increasing the G.P. solvus tem-
perature in comparison to a ternary Al-Zn-Mg a]]oy Thus copper stimulates
homogenous ‘precipitation in the matrix, thereby reducing the size of the pre-
cipitate free- zones (PFZ) at the grain boundaries.

2.3.2 Formation of PFZ

Formation of PFZ and grain boundary prec1p1tat1on are 1mportant charac-
teristics of some Al-Zn-Mg alloys. :

Two mechanisms have been postulated to explain the formafion of PFZ (ref.
20):

1. Vacancy-Depletion. It was postulated that the excess vacancies in
the region adjacent to the grain boundaries migrate to the grain boundaries,
which are sinks for vacancies. These regions have therefore a lower concen-
~ tration of vacancies than the balance of the grain.. Hence, a precipitate free
but solute-rich region exists adjacent to the grain boundar1es

2. Sb]ute—Dep]etion{ It was proposed that the gré1n boundary precipi-
tate depletes the adjacent grain regions of solute atoms and thereby lowers
the solute supersaturation, hence precipitation is prevented in these regions.



Work by Smith and Grant (ref. 18) indicated that below the G.P. zone
- solvus, both of these mechanisms can be involved in the formation of PFZ,
while for aging temperatures above the G.P. solvus, the vacancy dep]et1on
mechanism is responsible for formation of PFZ.

‘Because of the nature of the grain boundary, the incoherent n»n can pre-
cipitate directly at these interfaces (ref. 16). In addition to grain bound-
aries, the n particles can also act as sinks for vacancies, thus decreasing .
the vacancy distribution near grain boundaries and increasing the size of
PFZ. To a 1imited extent the precipitation of the =n phase at the grain
boundaries can be minimized by rapid quench rate. Thus, 1f a rapid quench
rate is utilized, followed by an aging sequence where precipitation of G.P.
zones ‘throughout the matrix is maximized, a material with a narrow PFZ can be
formed.

2.3.3 Pparticle Types and .Their Effect

The 7XXX series I/M alloys, such as 7050, contain three types of second .
phase particles: (1) precipitates, (2) dispersoids, and (3) constituents.
These part1c1es influence both the mechanical and physical properties of the
material. The powder metallurgy X7091 alloy does not contain large constitu-
ent particles, but it does contain, in addition to dispersoids and precipi-
tates, a significant amount of oxide particles. »

Constituent particles are large (1 to 30 um), brittle and are formed
during the solidification by the combination of the impurity elements Fe and
S with A1 and the solute elements (refs. 1 and 17). The composition of the
constituent particles has been identified as AljCupFe and MgpSi (ref
17). -

In addition to having these insoluble particles, most high strength I/M
aluminum alloys contain intermetallic constituents such as AloCuMg (ref. 21)
which are at least partia]]y soluble and may be as large as the insoluble
particles.

Reduced concentrations of impurity elements Fe and Si decrease the
volume fraction of the constituent particles. For instance, low Fe and Si
content commercially processed 7050, was found to have a 0.3 percent volume
fraction of constituent particles (ref. 21), while a high Fe and Si content
commercially processed 7178, contained 4.8 percent of these particles (ref.
22). Sanders and Starke (ref. 21) also reported that the cooling rate plays
an important role in-determining the volume fraction of the constituent
particles. In their study, a slowly cooled 7050 alloy which underwent inter-
mediate thermomechanical treatment (ITMT) contained 1.8 percent constituent
particles, while rapidly cooled, commercially processed 7050 of the same com-
position contained only 0.3 percent of these particles.

Due to high cooling rates, the constituent particles are not formed in
the P/M X7091 alloy.



Dispersoid Particles

A second class of smaller particles (0.02 to 0.5 um), called dispersoids,
forms by solid state precipitation of Cr (in 7075), Zr (in 7050) and Co (in
X7091) (refs. 10 and 17). The primary role of all the dispersoids is to
control grain growth and prevent recrystallization from occurring.

In the case of I/M alloys, the additions of Cr and Zr are retained in
supersaturated solid solution during solidification, but they precipitate out
during the preheat treatment (ref. 1) as AlyoMgoCr and Al3Zr dispersoid
particles. Sanders and Otto (ref. 11) have suggested that in the case of P/M
X7091, the CooAlg dispersoids are formed during powder solification and
are probably not affected by subsequent processing.

~The A112M92Cr dispersoids, found in 7075 alloy, are approximately 0.1
pm in diameter and are incoherent with no fixed orientation relationship with
the matrix (ref. 17). In contrast, Al3Zr dispersoids, present in 7050, are
coherent spherical precipitates with a diameter of approximately 0.05 ym and a
cube/cube orientation relationship with the matrix. These dispersoids are
distributed throughout the matrix (ref. 17).

The AlgZr particles inhibit but do not completely suppress recrystal- :
11zation. Sanders and Starke (ref. 21) found that approximately 40 percent of
the commercially processed 7050 alloy underwent recrystallization.

Staley (ref. 2) and Thompson et al. (ref. 3) indicated that a replacement
of AlypMgoCr dispersoids found in the typical 7XXX series alloys, such as
7075, by AlgZr dispersoids will significantly reduce quench sensitivity of
the 7050 alloy. Thus, 0.1 percent Zr was added to the composition of 7050
allowing thick yet strong I/M products to be cast. ' '

Since the solubility of Co in aluminum 1s negligible (ref. 23), only
through rapid solidification P/M process could the CopAlg particles pre-
cipitate out as fine dispersoids in the X7091 alloy. The CopAlgq particles
are spherical and range in size from 0.1 and 0.5 um. They are extremely ef-
fective in preventing recrystallization and grain coarsening as was shown by
Sanders and Otto (ref. 11). 1In their study 0.4 percent Co in X7091 resulted
in an almost completely unrecrystallized structure. The excellent SCC re-
sistance properties of X7091 were partly attributed by Otto (ref. 9) to the
CopAlg dispersoids which are the most cathodic of all phases present and
thus may reduce stress corrosion attack by inhibiting formation of atomic
hydrogen. ' :

Sskinner et al. (ref. 24) suggested that the CopAlg dispersoids aid in
promoting nucleation of G.P. zones. '

Hardening Precipitates

‘Age hardened precipitates are in the form of G.P. zones, n' and »n
phases. The size of the precipitates ranges from 0.001 um for G.P. zones to
about 1 wm for course, n type, grain boundary precipitates formed during slow
cooling or drastic overaging (ref. 1). No noticeable difference has been
observed between hardening precipitates in the 7XXX I/M and P/M alloys. The



character ‘and microstructure of the precipitates has alreédy been described in
this sectjon;‘ '

Oxide Particles

The metal powders, utilized in the processing of X7091, are produced by
air atomization and are very fine with the average particle diameter (APD)
being ~15 um (ref. 11). Auger analysis of the powders by Otto (ref. 9) re-
vealed that the two main surface oxides formed during atomization are
A1203 and Mg0. The depth of both surface oxides was measured to be from
50 to 100 angstroms. Ouring compaction, the oxide layer breaks up resulting
in fine oxide particles (0.01 to 0.04 um) dispersed throughout the matrix
(ref. 10). The oxides are most often found as clusters of stringers in the
matrix or at grain boundaries (refs. 10 and 11).

2.3.4 Grain Size

The average grain size of the 7050 alloy has been measured to be 30 um
wide by 100 ym long in the longitudinal direction (ref. 17). It has been re-
ported that approximately 40 percent of the commercially processed 7050 is
recrystallized (ref. 21). In the unrecrystallized regions, recovery has for
the most part taken place, resulting in the formation of fine, low angle
boundary subgrains (ref. 21). :

The grain size of P/M X7091 alloy has been measured to be from 1 to 15 um
(ref. 11) and is thus an order of magnitude smaller than that of comparable
7XXX I/M alloys. Low angle subgrain boundaries have also been noted in the
X7091 alloy (ref. 12) even though the structure has been reported to be almost
fully unrecrystallized (ref. 11).

2.4 Effect of Microstructure on Monotonic and Cyclic Properties

An extensive amount of work has been performed in an effort to understand
the ‘influence of microstructural characteristics and the test environment on
-monotonic and cyclic properties. The most important monotonic properties
being investigated are strength, toughness and resistance to SCC, while the
research on cyclic properties has been focussed on crack initiation and
propagation. -

2.4.1 Strength

The increase in strength of age-hardenable aluminum alloys over that of
the pure metal is due to the interaction of dislocations with precipitates
(ref. 25). The primary strengthening agents in 7XXX alloys are G.P. zones,

n' and n precipitates (ref. 21). For the maximum strength temper, T6,
these partially coherent phases are penetrated by dislocations during plastic
flow. As the particles grow, coherency strains build up and thus increase the
strength of the alloy by increasing the stress required for the dislocations
to penetrate the particles. For this cutting mechanism, the critical resolved

shear stress (CRSS), t, can be represented by an equation of the form (ref.
25): .

v = cfMrP (3)



= alloy constant depending on particular strengthening mechanism
= volume fraction of precipitates

= particle radius

= positive exponents.

The strength increases according to this relationship with both vo lume
fraction and particle size.

Further aging past the T6 temper results in loss of coherency to a point
where transformation of n' to n occurs and the precipitates become in-
coherent (ref. 16). This is accompanied by a change in particle-dislocation
interaction from shearing to dislocation looping mechanism termed Orowan
hardening. For this mechanism the CRSS can be represented by (ref. 26):

. O.BGb\/f_]/z n 1;6r (4)
2n{2(1 - »)r] 0
where
G = shear modulus
b = Burgers vector
vV = Poisson's ratio
ro = inner cut off ratio of dislocation
r = particle radius
f = volume fraction of precipitates.

Consequently the strength increases with a volume fraction of parti-
cles. A double aging treatment used to obtain stress corrosion resistant 773
temper, results in a incoherent particle radius of 40 A, whereas single aging
treatment to achieve the same temper results in n and n' particles hav1ng
radil of 80 A and lower tensile strength (ref. 25)

Sanders and Starke (ref. 19) found that in Al-Zn-Mg type alloys, homo-
genous deformation occurs in the early stages of aging. This fact was
attributed to the small resistance to dislocation motion offered by these very .
. small precipitates. Upon further aging the deformation was localized on

“narrow slip bands paral]e] to {111} planes.

In an effort to 1ncrease the strength of 7XXX alloys in the T6 temper
Ludtka and Laughlin (ref. 27) studied the effect of increasing the volume
fraction of strengthening precipitates. They showed that the increase in
strength with higher volume fraction of precipitates is associated with
coarsening of slip bands and an increase in the slip step height. The in-
" creased localization of slip with the higher volume of precipitates might
result in decrease in ductility and toughness.:

The dispersoid phases are thought to only slightly contribute to the

strength while the brittle intermetallics do net contribute to the strength of
the alloys (ref. 16).

The reduction in the grain size of the order of magnitude for P/M X7091
in comparison to 7075 resulted in an increase in strength of only 5 to 10
percent (ref. 9).  This lack of a pronounced Hall-Petch effect has been at-
tributed (ref. 21) to the fact that G.P. zones, n' and =n phases are



primarily responsible for strengthening in these types of alloys. The small
grain size of P/M alloys is still very large in comparison to the spacing of
precipitates, and thus grain refinement has consequently only a m1nor
strengthening effect. _

Thermomechanical treatments (TMT) offers different method of achieving
high strengths. TMT includes both intermediate thermomechanical treatments
(ITMT) and final thermomechanical treatments (FTMT). The FTMT processing
normally consists of solution heat treatment, quench, preaging, cold or warm
work, and final aging. The dislocation structure introduced during the work-
ing operation is stabilized by heterogenous precipitation during final aging.
The FTMT have produced increased strength levels in 7XXX materials (ref. 28).

The ITMT involves specialized ingot processing techniques prior to the
final working operation. It is primarily used to control grain structure and
dispersoid size and distribution. Sanders and Starke (ref. 21) showed that
ITMT results in almost completely recrystallized grain structure which leads
to a small increase in tensile strength. A

2.4.2 Fracture Toughness

It has been well established (refs. 16, 21, 29, and 30) that second phase
particles act as crack initiators and thus are detrimental to the fracture
toughness of aluminum alloys. These large (up to 30 um) particles are pri-
marily insoluble iron and silicon rich intermetallics (Al1;Cuyfe, Mg251)
and partially soluble intermetallics such as Al CuMg.

The coarse, br1tt1e, secondary intermetallic particles fracture or sepa-
rate preferent1a]1y from the matrix when the local strain exceeds a critical
value (ref. 16). These broken particles initiate voids, which grow and coa-
lesce resulting in final failure when the critical stress intensity is reached
“(refs. 29 and 30). Hahn and Rosenfield (ref. 29) experimentally correlated
the decrease of toughness with the increased vo]ume fraction of constituents
to be of the form:

- -1/6 -

_KIC = fe _ ' o : - (9
where
fe = volume fraction of secondary particles.
Kic = fracture toughness.

Limiting the content of Fe and Si, and thus 1imiting the number of sec-
ondary intermetallics has been shown conclusively to increase the fracture
toughness of aluminum alloys (refs. 25 and 29). Thus the typical toughness of
low impurity 7050-T73 1s 35 to 40 MPa:+/m, while that of high 1mpur1ty
7075-T73 s 25 to 30 MPa /m.

There ¥s sti11 some controversy over the effect of dispersoids on
fracture toughness in aluminum alloys. Hahn and Rosenfield (ref. 29) contend
that dispersoids are more resistant to cracking and are not injurious to
toughness. Van Stone and Psioda (ref. 30) disagree with that assessment by
pointing out that they have observed formation of void sheets initiated by

10



dispersoids. Sanders et al. (ref. 17) found that dispersoids affect tough-
ness. Comparing Al3Zr dispersoids found in 7050 and Aly,MgoCr disper-
soids present in alloys containing Cr, they found better toughness with the
alloy containing Al3Zr dispersoids. They concluded that the coherent

Al3Zr dispersoids are less effective nucleating sites for microvoids than
the corresponding incoherent A1yoMgoCr particles found in alloys contain-
ing Cr. : »

There 1s a general consensus (refs. 21 and 29) that reduction of grain
size leads to a better fracture toughness. Sanders and Starke (ref. 21)
" hypothesized that this is due to more homogenous deformation occurring in
small grain size material. However, they also showed that if the small grain
size is a result of ITMT treatment, which leads to formation of large inter-
metallic particles at the recrystallized grain boundaries, a low energy inter-
‘granular fracture will occur. Thus the presence of intermetallics is more
important than the grain structure. :

There is a substantial loss of fracture toughness with increasing yield
strength level for the same volume fraction of inclusions (ref. 29). This #ts
attributed to a reduction in the work needed to 1ink the voids in the high
strength alloys. Thus the toughness of overaged (T7-type) alloys is greater
than that of peak aged (T6-type) alloys.

The fracture toughness of X7091 alloy has not been well established.
Otto (ref. 9) reported fracture toughness for X7091 in the T73 temper to be as
high as 50 MPa +/m, which is considerably higher than equivalent 7050 alloy.
However, Lyle and Cebulak (ref. 10) found toughness of X7091 alloy to be equal
to 7075 but somewhat lower than that of 7050. They attributed the lower
fracture toughness in X7091 to a higher content of dispersoids and oxides as
compared to 7050. '

2.4.3 Stress Corrosion Cracking

Considerable effort has been directed towards determining the causes of
SCC. The work has been focused on examination of such microstructural
features as PFZ (ref. 31), matrix and grain boundary precipitates (ref. 32),
and equalization in electrochemical potentials between the grains and grain
boundaries (ref. 33). No clear explanation of the SCC process has emerged and
there are great differences in opinion concerning the relative importance of
electrochemical and microstructural aspects of the SCC failures. However, the
SCC studies have identified several means of improving SCC in aluminum alloys.

A heat treatment was developed which significantly improves the re-
sistance of 7XXX alloys to SCC.  This heat treatment, termed T73, consists of
aging the alloys to maximum strength (76), followed by higher temperature
aging. The overaging produces a 10 to 20 percent reduction in strength.
However, SCC resistance and toughness are improved significantly (ref. 25).

It was also observed that the resistance to SCC increases with increasing
copper content. Consequently, alloys containing more copper than 7075 were
Investigated with the aim of developing both high strength and high resistance
to SCC (ref. 34). The product of these studies was the development of the
current state of the art I/M alloy 7050. This alloy contains 2.3 percent Cu.
compared to 1.6 percent Cu for 7075.

n



The 7XXX P/M alloys have been shown repeatedly to have a better SCC re-
sistance than equivalent I/M alloys (refs. 9, 10, 12, and 21). This was also
shown to be the case for the X7091 alloy (refs. 9 and 10). Lyle and Cebulak
(ref. 10) postulated that the improvement in SCC resistance for the P/M alloy
could be due to a combination of favorable grain morphology, and the presence
of CopAlg dispersoids and oxide particles. They hypothesized that in
small grain X7091, the stress corrosion cracks more frequently encountered
grain boundaries which were not normal to the tensile stress, and the resolved
tensile stress in the boundary under attack dropped. The CojyAlg disper-
soids are the most cathodic phase and thus may play an electrochemical role in
reducing SCC. Oxides are believed to shift the corrosive attack to a more
alkaline condition. Since none of these mechanisms have been conclusively
proven to occur,. and there 1s a good probability that other mechanisms might
also be involved. More work in this area is needed in order to better under-
stand the factors affect1ng SCC resistance.

2.5 Crack Initiation and Propagation

The fatigue of metals involves cyclic plastic deformation which 1s
usually strongly influenced by both microstructure and environment. Much
effort has been focused on understanding the effects of microstructure and
environment on crack initiation and propagation.

2.5.1 Crack Initiation
2.5.1.1 Effects of S1ip Character

Crack initiation during cyclic deformation generally occurs in regions
where strain has become localized. Strain localization may occur at pre-
‘existing stress concentrations such as notches or corrosion pits, steps
produced during fatigue by fretting or by coarse slip offsets at surfaces, and
localized regions such as PFZ (ref. 35).

Often, crack initiation is associated with formation of well defined

. extrusions and intrusions (ref. 36 and 37). Cottrell and Hull (ref. 36) pro-
posed a model (fig. 2) to explain the formation .of these features by sequen-
ti1al duplex slip on two intersecting slip bands. Formation of extrusions and
intrusions is associated with the presence of slip bands (refs. 38 and 39).
S1ip bands are an indication that localization of the sliip has occurred
resulting in localization of the accumulated damage in the slip planes. Since
it is easier for slip to occur on the already activated siip planes, slip
bands intensify with continuing cycling and result in formation of persistant
s1ip bands (PSB). Due to damage accumulation, cracks ultimately form in the
PSB's, multiply and 1ink up to form the fatal crack (ref. 38).

- It has been generally recognized that in each stage of fatigue, micro-
structures that homogenously distribute the strain are desired. However, this
is not always the case. The same mechanism may have different effects on
various materials. For instance, it has been recognized that inhomogenous
planar slip can cause softening in the s1ip bands, resulting in strain local-
jzation (ref. 40). However, as was demonstrated by Saxena and Antolovich
(ref. 41) in low stacking fau]t Cu-Al alloy planar s]1p may improve fatigue
crack propagat1on res1stance
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In Al1-Zn-Mg-Cu alloys the two most mportant microstructural features.
which can result in strain localization are shearable precipitates and PFZ
(ref. 39). These features can lead to early crack nucleation and enhanced
environmental interactions.

2.5.1.2 Coherent Precipitates

Depending on the size and degree of coherency, precipitates are either
sheared or looped by dislocations under an applied stress. These interactions
are the primary strengthening mechanisms. Subsequent strengthening is reduced
when the coherent particles are sheared by dislocations. This results in a
Tocal decrease in resistance to dislocation motion, concentration of slip and
crack nucleation on slip bands (ref. 39).

As was documented by Papazian et al. (ref. 42), seventy-five percent of
the G.P. zones, in the peak aged 7050 alloy, were modified by dislocation
“interactions when the alloy was fatigue tested in a plastic strain region.
Thus localized strains can destroy coherency of the precipitates to an extent
where softening occurs (ref. 39). :

Overaging reduced the coherency of thé precipitates with the matrix and
thus reduced strain localization by promoting homogenous slip (ref. 39).
Crack nucleation has been shown to be delayed for overaged alloys (ref. 39).

Addition of nonshearable dispersoids intermixed with shearable pre-
.cipitates has also been shown (ref. 43) to somewhat promote homogenous defor-
mation without the loss of strength which results from overaging.

Sanders and Starke (ref. 21) reported that crack initiation resistance is
.better with a reduction in grain size for alloys containing shearable pre-
cipitates. This was attributed to the reducttion of s1ip length and therefore .
the stress concentration by reducing the number of dislocations at the grain
boundary pile up. The relationship between s1ip length, number of dislo-
cations at a pile up and stress concentration is as follows (ref. 44):

Gnb - ' _
L=+ A o (6)
7 20a .

‘where
L = Tlength of dislocation pile up
G = shear modulus
b = Burgers vector
o3 = applied stress
n = number of dislocations at the pile up
and ) 1/2 ,

G = (i) %a - ' ()
where '
‘o stress concentration

X distance from pile up.

In addition it s generally believed that as grain size 1s reduced the
corresponding deformation changes from nonhomogeneous to homogenous (ref. 39).
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2.5.1.3 Precipitate Free Zones

Heterogenous precipitation can occur concurrently with the homogenous
precipitation. Nucleation of stable incoherent precipitates occurs prefer-
entially at grain boundaries (ref. 17) and forms solute depleted PFZ adjacent
to the boundary. Without the presence of strengthening precipitates, these
zones are softer than the matrix and thus lend themselves to localized defor-
mation (ref. 45). The magnitude of stress concentration at PFZ is the function
of the grain boundary length, and the difference in strength between the
denuded zone and the matrix (ref. 45). Overaging does not homogenize the de-
formation. , A

Since the stress concentration is a function of grain boundary length, a
reduction in grain size s effective in reducing early crack nucleation (ref.
45). The result can be a change in fracture mode from intergranular to a
higher energy transgranular mode.

TMT processing can also reduce the deleterious effects of PFZ on crack
initiation (ref. 46). By the introduction of cold work during the processing,
step-1ike ledges can be created at the grain boundaries. This causes reduction
in effective s1ip length within the PFZ and improves the resistance to crack
initiation due to lower stress concentration (refs. 39 and 46).

2,5.1.4 Additional Effects on Crack Initiation

In addition to coherent precipitates and PFZ, there are other effects
which influence crack initiation. Sanders and Starke (ref. 19) showed the
deformation mode in the overaged 7050 alloy may be controlled by the amount of
plastic strain. For the samples tested at Tow plastic strains, formation of
inhomogenous dislocation bands was the primary deformation mode. However, at
high plastic strains the precipitates were bypassed by a cross-slip mechanism
and dislocation cells were formed. When the same alloy was aged to contain
only shearable precipitates, deformation mode was unaffected by plastic strain
amplitude. :

Lin (ref. 47) showed that aggressive environments play an important role
in decreasing the resistance to crack initiation. The aggressive H0 en-
~vironment decreased the fatigue 1ife of an alloy having shearable precipitates
by an order of magnitude in comparison to inert environment for the same
plastic strain amplitude. ' '

Sanders and Otto (ref. 11) showed that notched fatigue properties of
X7091 alloy were substantially higher than that reported for the 7050
extrusion. They attributed these results to the increased strength and homo-
geneity of deformation of the P/M alloy. For the same total strain, the
higher strength P/M alloy undergoes smaller amounts of plastic strain during
each cycle with a resultant increase in total fatigue 1ife before initiation.
As mentioned previously, homogenized microstructure reduces stress concen-
tration and inhibits crack nucleation in the P/M alloy.

2.6 Fatigue Crack Propagation
With the realization that most airframe structures contain flaws, the Air

Force implemented the damage-tolerant design. The new philosophy (ref. 48)
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rejects the unrealistic assumption that no flaws exist, and forces designers
to assume that flaws exist in critical structural components. It also places
considerably more importance on understanding the factors controlling fatigue
crack propagation in metals. Two stages of crack propagation have been recog-
nized and will be discussed in the following sections.

2.6.1 Stage I

This stage is regarded as essentially an extension of the crack nucle-
ation process (ref. 49). In this stage, the crack propagates along crystal-
lographic s1ip planes {111} with the highest resolved shear stress. Thus,
Stage I cracks are usually present on planes oriented 45° to the applied
stress. It also has been shown that Stage I cracks often change into Stage II
cracks at grain boundaries. Lynch (ref. 35) as well as Nageswararo and Gerold
(ref. 49) showed that a Stage I crack propagates by the formation of crystal-
lographic cleavage-l1ike facets. The facets are aligned along the <110> crack
propagation direction (ref. 49).

The actual mechanism of Stage I crack propagation is not well understood
even though a number of possible mechanisms have been proposed. Laird's (ref.
38) model of Stage I crack propagation is very similar to the various crack
initiation models where surface extrusions and intrusions are formed on the
s1ip planes. He suggests that the main difference between the initiation and
propagation models 1s that the screw dislocation carrying PSB strain are dis-
tributed equally on all slip planes in case of the initiation model, however,
in the Stage I model these screw dislocations are concentrated around the few
active s1ip planes around the notch. By this model, the volume of the crack
is exactly balanced by the volume of extrusion.

Lynch (ref. 35) did not find a substantial volume of extrusion in com-
parison to the volume of the crack. He suggested that intrusions are formed
in the s1ip bands during the tension portion of the cycle. However, noting
that Stage I striations are present on the fracture surface, he suggested that
the process does not reverse itself during the compressive part of the cycle
and instead slip is activated on adjacent slip planes causing deformation be-
hind the crack tip and creating striations which are analogous to Stage II
. type striations.

Since 1t has been observed (refs. 35 and 49) that under certain con-
~ditions extensive Stage I cracking can occur resulting in a wide range of FCP
rates and fracture modes, it is quite possible that more than one mechan1sm is
responsible for Stagé I crack1ng

2.6.2 Stage II .

Transitions from Stage I to Stage II crack growth probably occur when
increasing stress intensity or increasing constraint on plastic flow (or both)
result in extensive s1ip on more than one slip plane around crack tip (ref.
35). The transition is accompanied by the change of crack orientation from
45° to ~90° to the stress axis. A more detailed description of microstructural
features assoctated with Stage II crack growth is found further on in this
section.
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The fatigue crack propagation curves of Stage II crack growth are usually
represented on a log-log plot of growth rate (da/dN) versus stress intensity
range (AK). -This plot usually is divided into three separate regions (fig.

3). In region I, for low AK, the crack growth rate decreases rapidly with
decreasing &K and approaches lower 1imit at AKyp. Below this thresh-
old (AK¢p) no crack propagation takes place. In reg1on II, midrange of
crack growth rates, a power law dependence prevails. In region III, crack
growth accelerates as maximum stress intensity (Kpax) approaches fracture
toughness (K¢) (ref. 50).

2.6.2.1 Region I
Re]at1ve1y 11ttle work has been performed in the low growth rate region

primarily due to the relatively long testing time and high expense of test-
ing. Recent work on aluminum (ref. 51), iron (ref. 52), and titanium (ref.

" 53) base alloys suggests that microstructure has a stronger influence of FCG

resistance at near threshold AK 1levels than at moderate to high &K
values. '

Buccl et al. (ref. 51) made two interesting observations regarding FCG
behavior at low AK. 1) The FCG resistance of 7075 and 7050 tends to -
converge at AK below 5.5 Mpa /m, whereas at higher aK, alloy 7050 is
significantly superior to 7075 when tested under constant amplitude loading.
2) A crossover occurs for both alloys at low aK, below which peakaged
temper (T76) alloys are superior in FCG resistance to overaged (T77) alloys. At
intermediate AK values the situation is reversed. They hypothesized that
since near-threshold crack growth occurs, in part, by siip band decohesion
(ref. 54), precipitates represent a major barrier to cyclic slip, and hence
crack growth. Thus FCG resistance should deteriorate with increasing inter-
particle spacing which results from aging. This hypothesis appears to be
rather simplistic because it does not take into account the slip mechanism,
coherency of particles or the effect of environment. ,

It 4s very important to observe that certain microstructural features
which might improve resistance to crack initiation, can be detrimental to FCP
resistance. For example, as Fine and Ritchie (ref. 55) point out, refining
grain size leads to better resistance to crack initiation, however it sub-
stantially decreases the resistance to near-threshold crack propagation. The
reasons for the decrease in FCG resistance with decreasing grain size have not
been well established, even though several models have been suggested.

Lindingkeit et al. (ref. 56) suggested that decrease in grain size created
more obstacles for dislocation movement thus decreasing the slip reversibility
with decrease in the grain s1ze The Jack of slip reversibility increases

"dislocation density and increases FCG rates.

Antolovich et al. (ref. 57) noting that deformation structure is similar
for both FCP tests (at the crack tip) and LCF tests, tried to explain FCP be-
havior in terms of cumulative damage type models. They assumed that the
cyclic damage accumulation occurs in the process zone, just ahead of the crack
tip. Since this process zone would be equal to the grain size for materials
exhibiting planar slip, the damage per unit area would be smaller for larger
grain size and thus produce slower FCP rates. This model does predict cor-
rectly the effect of grain size on FCP. 1In addition, since Coffin-Manson
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exponent B 1s presented as an inverse of Paris exponent, m, this model also -
implies that materials with superior LCF behavior, might be inferior in terms .
of FCP behavior. Further work based on this i1dea 1s needed, to qualify the
deformation modes for which this model is valid, and to determine the inter-
action of the deformation structure with the crack itself. This should shed
better 1ight on the influence of the deformation structure on fractorgraphic
features. .

The two above described models are applicable for both Region I and II
-crack propagation regimes.

Fine and Ritchie (ref. 55) also point out that environment plays. an
important part on near threshold propagation. Testing in vacuum resulted in
substantially slower crack growth rates in steel, titanium and aluminum a]]oys
as compared to tests performed in ambient atmosphere

. In most a]]oys the fracture morphology characteristic of low &K

regime is in the form of crystallographic transgranular or intergranular
facets (ref. 55). 1In the case of 7XXX alloys tested in high humidity environ-
ment, the fracture characteristics are typified by the presence of crystal-
lographic cleavage facets as well as the presence of noncrystallographic flat
and featureless plateaus (ref. 51). Striations are usually not present in the
low AK regime. ’ :

2.6.2.2 Region II
At the intermediate crack growth rates the crack propagation rate has
been found to follow a power law relationship.. This relationship was develop-

ed by Paris and Erdogan (ref. 58) and shows the dependence of crack growth
rate on the applied stress intensity range (aK)

= R(aK)™ (8)

Q.
zl

where

R,m material constants.

Th1s relationship accurately describes FCP data for many materials at the
intermediate aK Tlevel.

A In this iIntermediate stress intensity range region, Stage II crack growth
usually prevails and is accompanied by the formation of surface striations -
(ref. 59). Striations represent the propagation distance of a fatigue crack
during each stress cycle (ref. 38).

Numerous models have been proposed to account for the mechanism of
striation formation during FCP. The two most prominent models are that of
Laird (ref. 60) and Tomkins and Biggs (ref. 61). .Laird's model is known as
the "plastic-blunting process” (fig. 4). This model basically consists of
plastic-blunting/alternate shear process at crack tip during unloading by slip
behind the crack tip. The Tomkins-Biggs model (fig. 5) involves "s1iding off"

of material in flow bands at the crack tip which is controlled by strain.
hardening.
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Environment has been shown to influence both FCP rate (refs. 17, 35, and
62 through 64) and fracture topography (refs. 1, 35, and 62) in aluminum
alloys tested in the intermediate crack growth rate regime. Some of the
general conclusions obtained from these studies are 1isted below:

1. Resistance of alloys 7050 and 7X75 in comparable tempers to FCP is
similar in dry environment. However, in ambient and moist atmospheres or in
aqueous and salt environments, intermediate FCG rates of alloy 7050 are gener-
ally slower than those of 7X75-type alloys of comparable temper (ref. 17 and
64).

2. Overaging 7XXX alloys from the peak strength T6 temper to T7-type
tempers increases resistance to FCG in the presence of moisture (refs. 17, 63,
and 64).

3. Increasing copper content in 7XXX alloys reduces constant ampiitude
fatigue crack growth rates in the presence of moisture (refs. 17 and 64).

The variables which increases alloys resistance to SCC (i.e., overaging,
Cu content) also increase the resistance to FCG in the intermediate stress
intensity range. However, it 1is also important to notice that even in the T73
temper, which 1s resistant to standard SCC tests, the FCP in aqueous environ-
ment is faster than that in ambient environment (ref. 63).

_ It should be noted that the influence of the microstructure is not the

same at intermediate 4K, as it i1s at low AK. While aging from 76 to T7
temper reduces FCP rates by a factor of two at intermediate AK, it increases
FCG rates up to ten times at low aK (ref. 51).

The fracture topography is very dependent :on environment in the inter-
_mediate crack growth rates regime. 1In the inert environment the fracture sur-
face is noncrystallographic and essentially striation free (refs. 35 and 39).

With the presence of aggressive environments such as water vapor or liquid
metal, the fracture surface becomes highly crystallographic (refs. 35, 50, and
62). The fracture takes place on the cleavage planes on which striations can
easily be identified (refs. 35, 50, and 62). The identification of the
cleavage planes on which fracture occurs has been controversial. The cleavage
planes have been identified as either {111} (ref. 65), {100} (ref. 35)

or {110} (ref. 62). Hertzberg (ref. 50) indicated that fracture on

{100} planes and <110> direction is in the agreement with theoretical con-
siderations. A detailed evaluation by Lynch (ref. 35) showed that the stri-
ations tended to form on {111} s1ip planes parallel to <110> direction.

This resulted in a macroscopical crack propagation on {100} cleavage

planes in the <110> direction.

As the environment becomes progressively more aggressive, a corresponding
change in the topography of striations takes place. The profile of striations
changes from well developed "ductile" striations to less developed "brittle"
striations with more aggressive environments (refs. 35, 62, and 65).

Various mechanisms such as adsorption (ref. 66), chemisorption (ref. 35)
and hydrogen embrittiement (ref. 62) have been proposed as the cause of
embrittling the fracture surface and increasing FCP rates. Lynch (ref. 35)
argues persuasively that ductile striations are formed when extensive slip at
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the crack tip is possible. Limitations in operative slip systems result in
"brittle" striations. He further argues that chemisorption 1imits three of

the five slip systems from being operative thus resulting in the presence of
" "prittle” striations. Corroborating evidence that only a 1imited number of
s1ip systems are operative in an aggressive environment s contalned ‘n the
observations (refs. 35 and 49) that the plastic zone size is both reduced and
“localized in the aggressive environments.

In the case of 7XXX I/M alloys no significant effect of constituent
-particles, dispersoids or other microstructural features was observed in the
intermediate AK region for constant amplitude testing (refs. 17 and 64).

At intermediate crack growth rates the FCP resistance of X7091 alloy has
been shown to be inferior to that of comparable I/M alloys (refs. 10 to 12).
Sanders and Otto (ref. 11), noting that the fracture topography of X7091 was
smoother and less tortuous than that of comparable 7050 alloy, attributed the
inferior FCP behavior of X7091 to its finer and more homogenous microstructure,
which offered nothing to divert the crack from its macroscopic growth di-
rection. In 7050, second phase particles and nonhomogenous grain structure
lead to crack diversion and slower FCG rates. .The extent to which this change
in topography affects FCG rates has not been quantified, and therefore this
phenomenon may only be of a secondary importance.

Sanders and Otto (ref. 11) further argue that to understand the FCG
results, the size of the plastic zone (ry) and its relation to the size and
spacing of pertinent microstructural features should be considered. If the -
size of rp 1s significantly greater than given microstructural feature,
then that ?eature should have relatively 1ittle effect on FCG rate, since the
microstructure behaves as a continuum. By using this hypothesis they tried to
explain superior FCP behavior of 7050 at low AK ,regime. However, this
does not explain the superior 7050 behavior in the intermediate AK regime,
where their own calculations show that both alloys should act as a continuum
according to the hypothesis. Also, considering that resistance to SCC plays a
very important role in determining the FCG behavior at intermediate &K,
and that X7091 has been shown to have superior SCC resistance (refs. 10, 12,
21, and 22), it is puzziing why FCP of X7091 is inferior to that of 7050.

It is also worthwhile to point out again that microstructural features
which lead to a better resistance to crack initiation, may be detrimental
towards crack propagation. X7091 alloy shows superior resistance to crack
initiation (ref. 11)-and yet the same microstructure leads to infertor FCP
behavior.

2.6.2.3 Region III

The crack propagation at high AK is not as important as it is for the
other two regions because the proportion of the total 1ife spend in the region.
is miniscule in the comparison with regions I and II.

Region III 1s characterized by acceleration of crack growth resulting
from local fracture as Kpax approaches toughness, xg (ref. 50). Since
fracture toughness plays an important role in determining FCP rates at high
AK, 1t can be expected that the microstructural features which lead to high
toughness, will also result in superior FCP behavior at high ak.
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Sanders and Staley (ref. 16) showed that fracture surface at high aK
had a considerably higher percentage of constituent particles than a randomiy
cut plane through the specimen. The fracture surface at lower 4K revealed
approximately the same percentage of constituents as the randomly cut plane.

" Consequently, the brittle constituents provide preferential crack path ahead

of the crack tip at higher stress intensities.

‘The typical fracture surface at high AK 1s similar in appearance to
monotonic failure and consists of separation between large intermetallic
particles and the matrix. Cracks are formed, which join by coalescence of
voids (ref. 16).

2.7 Load History

In airframe structures, the load history typically encountered is of
variable amplitude (also known as spectrum loading) rather than constant
amplitude loading. Variable amplitude loading resulting from aircraft
maneuvers or severe gusts can affect crack growth and 1ife predictions con-
siderably. Research in the last two decades (refs. 16, 63, and 67 through 76)
has shown that load sequences have a considerable effect on FCP rates. Most
of the work was focused on understanding the effect of single and block over-
loads and underloads on FCG rates (refs. 17, 63, and 67 to 72). The basic
findings of these studies are summarized below:

1. Positive overloads introduce significant crack growth delays. 1In
general, longer delays are obtained by increasing the magnitude of the over-
load and app11cat1on of blocks of overloads instead of single overloads.

2.' The retardation need not immediately follow the overloads, further
growth may occur before retardation.

3. Negative overloads have a relatively small detr1menta1 effect on
crack growth. However, a negative overload added immediately after positive
overload can sign1f1cant1y reduce crack growth retardation. Thus there is an
apparent sequence effect.

4. Hi-lo load sequence (number of high loads followed by smailer loads)
has similar results as overload cycles. Lo-hi sequence interaction effects
are hardly detectable.

5. In general, a lower yield strength alloy will produce longer delays
than high strength alloy. .

6. Aggressive environment acts to reduce the crack growth retardation.

7. The number of delay cycles decreases with an increase of thickness
(1.e., change from stress to plane strain).

2.7.1 Vvariable Amplitude Loading Prediction Models
Two types of models have been developed to account for the crack growth
delay following overloads. Plastic zone size models developed by Willenborg

(ref. 77) and Wheeler (ref. 78) account for the retardation following an over-
load by the presence of residual stresses in the crack tip plastic zone.
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Thus, in the Willenborg model the residual stress has to be subtracted from
the appliied stress in order to obtain the lower effective stress intensity
(AKefg) which results in lower FCG rates. The aKege 1s then inputed

into the Paris equation to predict the FCG rate. Neither Wheeler's nor
Willenborg's models account for the effect of negative stresses. The model by
Wozumi et al. (ref. 79), also based on the plastic zone size considerations,

~ makes an attempt to account for the negative overloads.

The plastic zone size-type models fail to account for two experimentaily
observed phenomena: (1) delay in crack growth retardation after an overload,
and (2) increase in retardation with the number of applied high load cycles
(ref. 72).

The other class of models which have gained increasingly wider recog-
nition and acceptance are the crack closure models (refs. 80 through 82).
These models, first postulated by Elber (ref. 80), show that a crack remains
closed for a portion of the load cycle after an overload is applied. They
predict the observed delayed retardation by pointing out that retardation only
takes place when the crack penetrates the plastic zone created by the over-
Joad. These models also predict an increase of retardation with the number of
applied overloads. A AKges 1s calculated by subtracting the stress
jntensity needed to open the crack from the applied stress intensity. As in
Willenborg's model, the AKegfs 1s then fed into the Paris equation to
obtain FCG rate pred1ct1ons. Both overloads and underloads are accounted for
in the crack closure models.

The crack closure models have become increasingly more sophisticated and
complex. For example, D111 and Saff (ref. 81) developed a model based on the
potential interference of the crack surfaces. The potential interference is
treated as a wedge acting behind the crack tip and the contact stresses
created by this wedge are computed through an elastic plastic analysis. Due
to high complexity of the calculations, extensive and expensive computer usage
is required to perform the analysis.

A more quantitative description of both the plastic zone size and crack
closure models is provided in appendix A. ° ,

In order to simulate crack growth under more realistic loading history
conditions, more emphasis has been placed recently upon the evaluation of
fatigue crack growth under complex spectra (refs. 73 through 76, and 83).

Since these complex spectra contain usually thousands of load points, it
is very important to understand the load interactions. D111 et al. (ref. 75)
and Albekis (ref. 76) examined numerous variations of the base 1ine spectra to
determine their effect on spectrum FCG rates. Di11 et al. (ref. 75) found
that the greatest effect on FCP was the addition (or removal) of the highest
peak load. Truncations of cycles below that of 45 percent of the maximum had
no significant effect of FCG rate. Truncations of cycles at higher levels,
significantly decreased FCG rates. Elimination of compressive loads only
s1ightly decreased the FCG rates. Albekis (ref. 76) observed similar effects
occurring. The spectrum results were analyzed by the use of both plastic zone
size and crack closure models. The analysis revealed that no single model was
able to predict crack growth for all the spectrum vartations. Thus various
aspects of load interaction phenomena lack satisfactory explanations.
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Retardation phenomena, using even a simple spectrum are complex, and must be
systematically investigated before a reliable procedure for predicting fatigue
1ives under actual spectra can be developed.

The major weakness of all these models is that they do not take into
account elither metallurgical or environmental factors. For instance,
Willenborg's model (ref. 77) predicts that materials with the same‘yie]d
strength will exhibit similar retardation behavior. Chanani (ref. 63) found
that this was not the case for 2024-T8 and 7050-T73 heat treated to the same
yield strength. He concluded that metallurgical variables such as precipitate
morphology, dislocation interactions, and cyclic. hardening have to be taken
into account to explain the disparity in crack growth rates.

2.7.2 Constant Amplitude Versus Spectrum FCG Behavior

Ranking of aluminum alloys with respect to FCG resistance under both
-simple and complex spectrum loading is not always the same as the ranking
achieved under constant amplitude loading. Comparison between spectrum and
constant ampiitude loading is difficult, due to the fact that it is trouble-
some to pinpoint the equivalent stress intensities for which a comparison of
FCG rates can be established. However, a study (ref. 83) of seven 2XXX and
TXXX alloys exposed to both complex spectra (two highly different spectra) and
constant amplitude loading, at various stress intensities, revealed that even
though some similarities in ranking were observed, in general the rankings
could not be correlated at any stress intensity. Interestingly, the rankings
of these seven alloys were the same when compared for the two very different
load spectra utilized in the program. ' _

Sanders et al. (ref. 17) showed that even though the FCG resistance of
7050 is better than that of 7075 under constant amplitude loading, under
simple spectrum loading the ranking of the alloys changed. They attributed
the better spectrum FCG resistance of 7075 to large amount of secondary
cracking in the front of the crack tip which in turn reduced the applied
stress intensity and thus reduced the FCG. The secondary cracking originated
at the brittle constituent particies thus pointing out that a microstructural
feature thought to be detrimental to FCG resistance, may in some cases
actually improve FCG resistance.

It 1s clear that FCG under constant amplitude and especially under
spectrum loading is a very complex phenomenon to analyze. Different competing
mechanisms, whether they may be related to microstructural, environmental or
load history effects, have to be considered. However, a large amount of good
research, especially in the area of constant amplitude loading, provides a
good foundat1on required to pursue an understanding of the FCG under spectrum
loading..

3. Conclusions

Literature survey was conducted to determine the effects of different
microstructural features and different load histories on monotonic and cyclic
properties of aluminum alloys. Comparison of micrestructure between P/M and
I/M alloys was made. The two alloys on which the comparison is focused are
X7091 and 7050. Based on the survey the following conclusions are made:
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1. Alloys produced by rapidly solidified P/M process exhibit fine grain
structure, dispersoid and fine oxide particles, and very few brittle inter-
metallic inclusions. The slowly solidified I/M alloys possess grain size on
the order of magnitude larger than P/M alloys, dispersoid particles and large
brittle intermetallic inclusions. The strengthening precipitates present in
both type of alloys are similar and depend on the aging treatment.

2. P/M alloys exhibit 5 to' 10 percent h1§her strength than the cor-
responding I/M alloys. The lack of pronounced Hall-Petch effect in P/M alloys
has been attributed to the dominance of strengthening precipitates.

3 Fracture toughness is inversely proportional to the volume fracture of
brittle inclusions. Small grain size also has been suggested to improve
toughness by the presence of homogenous sl1ip, which reduces stress concen-
trations.

4. P/M alloys have a better resistance to SCC than comparable I/M
alloys. Several mechanisms have been proposed to explain this behavior, how-
ever none have been proven.

5. Crack initiation is enhanced by localization of strain. Thus, small
grain size, which reduces inhomogeneous slip, increases crack initiation
resistance. Overaging or addition of nonshearable dispersoids improves crack
initiation resistance by also promoting homogenous slip. Decrease in PFZ also
improves crack initiation resistance.

6. Two stages of fatigue crack growth have been recognized. In stage I,
cracks propagate along crystallographic s1ip planes, with the cracks being
approximately 45° to the applied stress direction. Stage II cracks propagate
by striation forming mechanism and are approximately 90° to the applied stress.

7. FCG rates are increased by a reduction in grain size thus P/M alloys
- show inferior FCG behavior. Aggressive environments increase FCG rates. '
Various mechanisms such as adsorption, chemisorption and hydrogen embrittle-
ment have been proposed to account for influence of environment of FCG
behavior.

8. Load sequence, environment and thickness have a considerable effect
on FCG behavior of a given alloy.

9. The two main types of models used to predict spectrum FCG behavior
are crack closure and plastic zone size models. No single model was able to
satisfactorily predict FCG rates for all load histories. It is suggested that
microstructural features have to be taken into account in order to fully
explain FCG behavior.
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APPENDIX A

This’ append1x contains definition and discussion of two retardat1on
models.

1) Willenborg Model

Since the rate of propagation of a fatigue crack is controlled by the
stress intensity factor at the crack tip, the magnitude of the stress in-
tensity factor is a good indication of extent of crack tip deformation.
Willenborg et al. (ref. 77) proposed an "effective stress" concept which may
differ form the applied stress and thus change the applied stress intensity.

Willenborg Nomenclature:

Rp = plastic-zone size due to overload cycle

Re = remaining distance across plastic zone after a period of cyclic
growth rate

Ry = calculated plastic zone size for the next load

An accepted expression for plastic zone is

2 .
K _
R = (A1)

P N ndy2

where Np varies from 1 for plane stress to 3 for plane strain. After a
~period of cyclic crack growth:

Re = N;ﬁo : (A2)
y

where Kreq 1s the stress intensity required to reach the previous plastic
zone boundary.

If Ry for the next load s less than Re, the stress intensity
should be reduced by the amount it falls short of reaching RE

Keff = Knext - (Kreq - Knext) = 2Kpext - Kreq (A3)
So]v1ng_for Kfeq from (A2) and substituting to‘(AB) leads to:

Keff ='2Knext - °p Re X NR N (A4)

The Willenborg model states that any load causing a plastic zone less
than 50 percent of the load required to extend the plastic zone will have no
crack-growth. For loads between 50 percent and 100 percent of that required

to extend the plastic zone, retardation varies from fully arrested at 50
percent to fully unretarded at 100 percent.
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2) Generalized Crack Closure Model

tlber (ref. 80) observed that the surface of the fatigue crack closed
during FCP tests under cyclic tension loading. Based on these observations,
he suggested that the tip of a fatigue crack closes while specimens were still .
subject to a tension load, and that the crack propagates only during that
portion of the load cycle in which it is fully open. Thus the effective
stress range, Aoeff 1Is:

Boeff = 9pax - % (AS)

where opax 1s the maximum mum applied load and oo s the crack opening
load. Also,

Bogff = omax (1 - Cf) (A6)

where Cg¢ 1s the closure factor defined as

C, = —> (A7)

Bell et al. (ref. 82) use the Elber crack closure to modify the Paris
equation as:

a N

da _[o “max - % o " - (A8)
an R o)
. |

for the case of through crack in an infinite sheet. The coefficients R and
m are determined by Paris equation. C is the closure factor at R = 0,

and is the half crack length. fo
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