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Introduction

Ceramics are generally stable to higher temperatures than most metals and alloys. Thus the
development of high temperature structural ceramics has been an area of active research for many
years. While the dream of a ceramic heat engine still faces many challenges, niche markets are
developing for these materials at high temperatures. In these applications, ceramics are exposed
not only to high temperatures but also aggressive gases and deposits. In this chapter we review
the response of ceramic materials to these environments. We discuss corrosion mechanisms, the

relative importance of a particular corrodent, and, where available, corrosion rates.

Most of the available corrosion information is on silicon carbide (SiC) and silicon nitride (SizNy)
monolithic ceramics. These materials form a stable film of silica (Si0,) in an oxidizing
environment. We begin with a discussion of oxidation of these materials and proceed to the
effects of other corrodents such as water vapor and salt deposits. We also discuss oxidation and
corrosion of other ceramics—precurser derived ceramics, ceramic matrix composites (CMCs),
ceramics which form oxide scales other than silica, and oxide ceramics. Many of the corrosion
issues discussed can be mitigated with refractory oxide coatings and we discuss the current status
of this active area of research. Ultimately, the concern of corrosion is loss of load bearing
capability. We discuss the effects of corrosive environments on the strength of ceramics, both
monolithic and composite. We conclude with a discussion of high temperature wear of ceramics,

another important form of degradation at high temperatures.

The durability of ceramics is studied with a variety of techniques. Isothermal oxidation studies in
air can be carried out in a simple box furnace. Formation of a protective surface oxide results in a
weight gain, with oxidation kinetics determined by weight gain as a function of time.

Alternatively these kinetics can be derived from oxide thicknesses measured as a function of time
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via optical (Ref. 1) and electron-optical techniques. Tube furnaces allow the use of controlled
exposure environments. Thermogravimetic analysis (TGA) permits weight change to be
continuously monitored (Ref. 2). Thermal cycling can be introduced to more accurately model a
real application. High velocity, hydrocarbon-fueled burner rigs subject potential engine materials
to an environment which closely approximates actual operating conditions. After these exposures
samples are typically analyzed with a variety of techniques including optical microscopy, x-ray
diffraction (XRD), and scanning electron microscopy (SEM) to determine composition and

morphology of the corrosion products.

High Temperature Oxidation and Corrosion of Silica-Forming
Ceramics

Isothermal Oxidation

In this section we discuss the kinetics of SiO, formation on Si, SiC, and Si5N, in oxygen;

Sis) + Oy(g) = 8i0x(s) (N
SiC(s) + 3/2 O4(g) = SiOs(s) + CO(g) @)
SisNy(s) + 3 Ox(g) = 3 SiOx(s) + 2 Na(g) 3)

Figure 1 illustrates the formation of a protective oxide scale. The amount of oxide formed can be
described in three different ways: the net weight change of the sample, the thickness of the oxide
formed, and the recession into the starting material. Conversion of these quantities is given in
Table I, assuming the loss of C or N from SiC and Si;N,, respectively. Figure 2 illustrates typical
TGA results for high purity SiC and Si3Nj at 1300°C in pure oxygen. The raw data for this plot
were taken as weight gain and the plot is in the form of scale thickness to provide a comparison

between the two materials.



Material Scale Thickness Weight Gain Recession
(um) (mg/cm?’) (wm)
Si-Si0; (am) 1 0.1173 0.4406
5i-Si0; (cr) | 0.1237 0.4647
SiC-Si0; (am) | 0.0773 0.4808
SiC-SiO; (cr) 1 0.0733 0.4583
SisN4-8i0; (am) 1 0.0516 0.6235
Si3N4-Si0; (cr) 1 0.0489 0.5969

Table I. Conversion of scale thickness to weight gain and to recession for Si, SiC, and SizN,.

(am) = amorphous; (cr) = cristobalite

A good deal can be learned from the oxidation of pure silicon to form surface SiO,. This process
has been extensively studied by the semiconductor industry (Ref. 3) and is relatively well-
understood. The oxidation of silicon will be briefly summarized to provide a basis for the

discussion of SiC and Si;N, oxidation.

Silicon oxidation is described by reaction (1). Kinetic data can be accurately described with the

linear-parabolic model of Deal and Grove (Ref. 3):

xl+Ax, =B(t+7) (4)
Here x, is the thickness of the oxide, # is the time, 7 is a shift in time to correct for the initial
oxide layer, and A and B are constants related to the linear and parabolic rate constants. At short
times, equation (2} reduces to:

B
=—(t+ 5
X, (t+7) 5)

Thus the quantity B/A is the linear rate constant. It is generally agreed that in the early stages of
oxidation, the rate controlling step is the chemical reaction (1). The linear rate constant can be fit

to a standard Arrhenius expression:
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Here (z) is the pre-exponential, O, is the activation energy for the linear rate constant, R is
[

the gas constant, and T is the absolute temperature. Table II lists a fit for some measured silicon

linear rate constants. At longer times, equation (2) simplifies to:
x’ = Bt (7

Here the quantity B is the parabolic rate constant. In this case the rate controlling step is diffusion
through the oxide scale. Similarly the parabolic rate constant can be expressed with an Arrhenius

rate expression:

O

B=B_ exp| — (8)
p( RT

Here B, is the pre-exponential and Qp is the activation energy for the parabolic rate constant.

These are given in Table I1.

Silica exists in crystalline as well as amorphous forms. Consider first the amorphous form which
grows on silicon in pure oxygen at temperatures less than 1200°C. The network of silicon and
oxygen atoms is sufficiently open so that there are channels for diatomic oxygen to permeate.
Based on this concept, Deal and Grove (Ref. 3) derive the following expression for the parabolic

rate constant:

5 2D C
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Here Doy is the effective diffusion coefficient for permeation, C” is the equilibrium concentration
of oxidant in the oxide, and N, is the number of oxidant molecules incorporated into a unit
volume of the oxide layer. Using the permeation rates of diatomic oxygen through amorphous
silica measured by Norton (Ref. 4}, Deal and Grove are able to derive the oxidation rates of Si.

These calculated rates show good agreement with measured parabolic rates.

Figure 3 is a standard Arrhenius plot of silicon oxidation compared to the oxidation rates for
alloys which form other common protective oxides—alumina, Al,O; (Ref. 5) and chromia, Cr,0,
(Ref. 6) . This illustrates the unique properties of the silica scale. Note that the rates of silica
formation are very low. More importantly, the activation energy for silica growth is low as
permeation of oxygen through the silica network does not involve bond breaking, as a lattice
diffusion process would. Thus the data indicate that SiO, is one of the best protective oxides in a

pure oxygen environment.



Oxidation of SiC also follows linear-parabolic kinetics. The linear rate constant has only been
measured by a few investigators and is listed in Arrhenius form in Table II. Linear regimes are

only observable at temperatures less than about 1200°C. Oxidation occurs via the following

reactions:
SiC(s) + 3/2 Ox(g) = Si0«(s) + CO(g) (10a)
SiC(s) + 2 Ox(g) = Si0xy(s) + CO4(g) (10b)

Motzteld (Ref. 7) was the first to point out that the oxidation rates of SiC should be 1.5 to 2 times
slower than the oxidation rates of silicon due to the additional oxygen needed to oxidize the
carbon, as shown in reactions (7a) or (7b) respectively. This has been verified experimentally
(Refs. 1,7). Further, as indicated in Table I the activation energy for the parabolic rate constants

of Si and SiC are similar, suggesting a permeation mechanism for diffusion control through the
Si0- scale.

Parabolic rate constants for SiC are also listed in Table II (Refs. 1,8). One important observation
with SiC is the oxidation rate dependence on crystallographic orientation (Ref. 1). The reasons
for this are controversial. Harris (Ref. 9) suggested this occurs only during the linear oxidation
period and is due to different chemical reaction rates. Costello and Tressler (Ref. 10) and Zheng
et al. (Ref. 11) observe this during the parabolic regime. Ramberg et al. (Ref. 1) see evidence of a
silicon oxycarbide subscale, which may influence the diffusion rate, though its existence has not

been clearly established.

At short times and temperatures below ~1200°C, the thermally grown SiO; film is amorphous. A
number of factors lead to crystallization of Si0,, including longer times, higher temperatures, and
impurities. A key question becomes the effect of crystallinity on oxidation rates. Ogbuji (Ref.
12) has performed experiments on oxidation of SiC at 1300°C with an in-sifu, long-term anneal to
transform the scale from amorphous to crystalline. Oxidation rates decrease by a factor of ~30X
upon crystallization. Further, even though crystalline scale occupies a portion of the total scale,
new amorphous scale is continually growing. Thus crystallization decreases oxidation rates, but
only by a small amount. This contrasts with Al,O5 scales where crystallization from the € phase

to the o phase leads to a two order of magnitude decrease in oxidation rates (Ref, 13).

The discussion thus far has been on coupons and plates of Si and SiC. Generally, the oxidation

rates of powders scale accordingly with surface area (Ref. 14). However, nano-particles of Si (20



to 500 nm) have been shown to oxidize more slowly than expected (Ref. 15). The observed rates
do not fit the classical models (Ref. 3) and the reasons for the slower oxidation rates remain an

interesting question.

Table II also lists oxidation rates for CVD and additive-containing SisN4 (Refs. 8,16). Itis
instructive to first examine high purity SisN4 and compare its rate to that of Si and SiC. The
oxidation rate of Si;N; is slower than that of SiC (Figure 1) and has a different activation energy
than that of Si and SiC. This suggests that a different oxidation process occurs, although the
exact mechanism has been an area of some controversy. High purity SizN4 forms an intermediate
silicon oxynitride layer of composition Si;N,O. The role of this intermediate is still unclear.
Some investigators (Ref. 17) believe it acts as a diffusion barrier, leading to the slower reaction
rates; other investigators (Ref. 18) believe it contributes to mixed diffusion/chemical reaction
control of the oxidation process. Ogbuji and Jayne (Ref. 19) show evidence that the silicon
oxynitride, written as SiN;.,Os.y, is actually a graded composition from Si3N, to SiO». They

propose that oxidation occurs in this material as a progressive oxygen-for-nitrogen substitution.
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Most commercial forms of SizN4 contain additives, typically refractory oxides, to promote
densification. It has been shown that the effects of these impurities dominate oxidation (Refs. 20-
22). In these cases movement of the additive cation (e.g. Mg+2 or Y*) outward into the growing
oxide film is the rate-controlling step for oxidation. Typically these materials oxidize faster than
high purity Si;N, as shown in Table II. Many commercial forms of SiC also contain additives. In
general boron and carbon additives in SiC lead to materials with oxidation rates comparable to
those of high purity SiC (Ref. 10); however refractory oxide additives lead to materials with more

rapid oxidation rates (Ref. 23).
Cyclic Oxidation

The discussion thus far has dealt with isothermal oxidation. However, many applications involve
temperature cycling. This leads to stress from the thermal expansion mismatch between the
substrate and the growing oxide scale. Figure 4 is a plot of the thermal expansion of crystalline
Si0; (cristobalite), SiC, Si;Ny4, and amorphous SiO; (Ref. 24). As noted, for most practical
applications the scale will contain at least some amount of crystalline SiO;. Assuming a stress-
free scale at temperature, the larger thermal expansion of the crystalline SiO, means that on
cooling the scale on a SiC or Si;N, substrate will be in tension. This leads to cracks on cooling,
but these cracks heal in the next temperature increase. This behavior is in contrast to superalloys
where the oxide is in compression on cooling, leading to oxide buckling and spallation. Thus
cyclic oxidation behavior of SiC and Si;N, tends to be good, as illustrated in Figure 5 (Refs.
25,26).

Corrosion of Silica-Forming Ceramics by Water Vapor

Many high temperature environments contain water vapor. In general, combustion of
hydrocarbon fuels in air leads to an environment with ~10% water vapor (Ref. 24). At one bar
total pressure this is ~0.1 bar water vapor and it scales accordingly to higher total pressures.
Clearly the effects of water vapor on silica-forming ceramics must be understood to utilize these

materials in such environments.

The fundamental studies of pure Si are again helpful to understand the effect of water vapor on

SiC and Si3N, oxidation. Deal and Grove (Ref. 3) have shown that silicon oxidizes more rapidly



in water vapor. The diffusivity of water vapor in silica is less than the diffusivity of oxygen in
silica; however the solubility of water vapor in silica is considerably higher than that of oxygen.
According to equation (9), this leads to a net increase in oxidation rate. A similar effect is

observed for SiC oxidation (Ref. 27).

A second important effect of water vapor is that it can transport impurities from the environment
to the sample (Ref. 27). As will be discussed, the oxidation of silica-forming ceramics is quite
susceptible to secondary elements. Thus the study of water vapor effects requires a clean furnace,

e.g. a silica furnace tube and pre-heating of any alumina parts to remove sodium impurities.

Perhaps the most important effect of water vapor at high temperatures is the formation of volatile
species from the thermally grown SiO; scale (Refs. 28,29):

510,(s) + H.0(g) = SiO(OH)x(g) ey
Si04(s) + 2 H,O(g) = Si(OH)4(g) (12)
Thus as the scale grows, it is also volatilized by the water vapor in the stream. This leads to
paralinear kinetics where the scale grows according to a parabolic rate law and the scale
volatilizes according to a linear rate. The parabolic rate constant, k,, has been discussed in an
earlier section. In a flowing gas, volatilization is limited by the boundary layer. The rate of scale
removal is linear with time according to the following expression for laminar flow ever a flat
plate (Ref. 30):

k, = 0.664(Re)™( Sc ) % (13)

Here £ is the linear rate constant, Re is the Reynolds number, S¢ is the Schmidt number, D is the
interdiffusion coefficient of the volatile specie (primarily Si{OH),(g)) in the boundary layer, p, is
the density of the volatile specie in the boundary layer, and L is a characteristic dimension of the

specimen. Combined parabolic growth kinetics and linear volatilization kinetics leads to:

&% g (14)
d x

Here x is the scale thickness and ¢ is time. Figure 6 illustrates this behavior via TGA
measurements in a 50% 0,/50% H,0 environment (Ref. 25) at 1200°C. The SiO, specimen
shows a linear weight loss. Both the SiC and SizN, initially show a weight gain, followed by a
weight loss at a rate similar to that of the SiO; specimen. Note the initial weight gain of SiC is

greater than that of Si;N, due to the faster oxidation rate of SiC. It is important to note that over
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long times, the SiC and Si3N, substrate will exhibit greater recession as a result of this

oxidation/volatilization process relative to oxidation alone.

The above description of scale volatility can be extended to a hydrocarbon fuel burner (Refs. 31-
33). Figure 7 illustrates some kinetic results for SiC under these conditions. These weight losses
are primarily due to the volatility of the SiO; film according to reaction (12). From equation (13)

the key dependences on velocity, v; temperature, T; and pressure, P can be extracted:

0.5

v
ki o s

total

P(Si(OH), )o< v PLS (15)

total

Here v is the gas velocity, P,u is the total pressure, and P(Si(OH),) is partial pressure of
Si(OH)4(g). According to equation (12), the partial pressure of Si(OH), is proportional to the
square of water vapor pressure, which is proportional to total pressure for hydrocarbon fuel
burners. This fact leads to the simplified expression on the right hand side of equation (15) The
linear rate constant would be expected to have an exponential dependency on temperature as the

vapor pressure, P(Si(OH),), varies exponentially with temperature.

The normalized Arrhenius representation of k; in Fig. 8 was obtained from multiple linear
regression over a range of pressure, gas velocity, and temperature test conditions, yielding an
empirical weight loss equation in a form similar to equation (15):

108000J / mol]

o7 PI.S v0.5 (16)

total

k,(mg/cm® —hr)=2.06exp
i

Here T is temperature in degrees K, P is pressure in atmospheres, and v is velocity in meter/sec.
Equivalent relationships were measured (and derived) for recession of SiC in pun/ hr, represented
by multiplying equation (16) by 2.9 (3.1, for the derived equation). Rates for three types of SiC
composites were found to be equivalent to CVD SiC or sintered SiC (Ref. 34). The volatility
rates determined for CVD and sintered Si;N4 were both found to be 1.8 times those of SiC, with

no apparent effect of additives or the oxynitride interface layer (Ref. 35).

Equation (16) must be modified to include slightly different water vapor contents in actual turbine
engines (changes in fuel-to-air ratio and/or water injection). By normalizing to the calculated
equilibrium water content in the burner rig (0.10-0.12 atm.), equation (16) can be re-written in

general form as:
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Total
Active Oxidation

In addition to condensed phase SiO», silicon-based ceramics also form a stable volatile sub-oxide,
SiO(g). In a flowing gas stream at low oxygen partial pressures, formation of SiO(g)—known as

active oxidation—can be a rapid mode of degradation (Refs, 36,37):

Si(s) + 1/2 Ox(g) = SiO(g) (18)
SiC(s) + Ox(g) = Si0(g)} + CO(g) (19)
SizN4(s) + 3/2 O5(g) = 3 SiO(g) + 2 Ny(g) (20)

It is essential to delineate the conditions when SiO; formation (passive oxidation) no longer

occurs and a transition to SiO(g) occurs. There are many studies of these transitions in the

literature.

It is again useful to begin with an understanding of the active/passive transition for silicon, as
discussed by Wagner (Ref. 36). An important point is the difference between the active-to-
passive and passive-to-active transitions, with the former generally several orders of magnitude
greater than the later. As oxidant pressure is gradually raised, silicon first oxidizes to SiO(g) and
eventually undergoes an active-to-passive transition when SiOx(s) forms. Wagner derives this
based on the condition that there be sufficient oxygen to form the SiO(g) required by the
equilibrium between Si and SiO;:

172 Si(s) + 1/2 SiO4(s) = SiO(g) 21
Wagner assumes that the flux of oxygen approaching the bare silicon surface is boundary-layer

limited and develops expressions for P { O, ) based on this. On the other hand,

active—to— passive
the passive-to-active transition occurs as pressure is gradually decreased to the point where
8i0,(s) decomposes:
Si0,(s) = SiO(g) + 1/2 Ox(g) (22)

Thus a transition oxygen pressure can be calculated from the above equation.

This general approach has been extended to SiC and Si;N, by a number of investigators (Refs. 26,
37-45). Conditions for scale/substrate equilibrium analogous to equation (21) can be written as:

SiC(s) + 25i0,(s) = 3 SiO(g) + CO(g) (23)
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SizN4(s) + 3 SiO,(s) = 6 SiO(g) + 2 Nax(g) (24)
Figure 9 illustrates the transitions for SiC with the two boundaries indicated (defined by reactions
(23) and (21) above) listed and experimental data presented from selected studies. There is a
good deal of research in this interesting phenomenon and many theories exist on the details of the
transitions. However the important issue is that at low oxidant pressures, SiC and Si;N; are not

stable and can rapidly degrade due to volatile SiO(g) formation.

Related to active oxidation is the actual reaction of the SiO, scale and SiC or Si;N, substrate at

very high temperatures, according to reactions (23) and (24) (Ref. 46). This is near the melting
point of the Si0; scale (1996 K), which is well-above the useful application temperature of these
ceramics, These reactions lead to extensive gas generation and scale bubbling and could lift the

oxide scale.

Effects of Low Level Impurities

In various applications low levels of metallic impurities are very common. These can induce
crystallization of amorphous silica. In addition, alkali cations necessarily provide additional
oxygen anions and act as network modifiers, creating non-bridging oxygen anions which open up
the structure of the silica network. This translates to higher oxygen permeation rates. Small

amounts of sodium cations will increase oxidation rates by an order of magnitude (Refs. 47-50).

Recent studies (Refs. 51-53) indicate that optimized levels of implanted aluminum can counter
this effect of sodium by bridging the oxygen anions. This leads to lower oxidation rates and more
uniform Si0; scale morphologies. In addition, aluminum implanted ions can decrease the
oxidation rates of additive-containing Si;N; (Ref. 53). As discussed in section II, outward
diffusion of the additive cations such as Mg*? is rate controlling. It appears that Al retards this
outward diffusion at temperatures of 1000°C or less. However at higher temperatures, the effect

is limited due to the appearance of liquid-like phases.

Molten Sait Corrosion
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In many practical situations such as heat engines and heat exchangers, condensed phase deposits
will form. The most important type of deposit is sodium sulfate (Na,SO4) which forms from the
combination of sodium impurities in the air or fuel with sulfur impurities in the fuel (Ref. 54):

2 NaCl(g) + SO,(g) + 0.5 O(g) + H,O(g) = Na,SO4(1) + 2HCI(g) (25)
This type of deposit-induced corrosion is termed “hot corrosion™ and there is a large amount of
literature on the hot corrosion of metals (Refs. 54,55). In addition to Na,SO;,-induced hot
corrosion, other deposits, such as calcium sulfate, sodium vanadate, and oxide slags can induce
corrosion (Ref. 26). The focus here will be on Na,SOy-induced corrosion; however, the basic

principles discussed carry through to other systems.

Hot corrosion attack occurs in two steps (1) deposition and (2) corrosive attack. Generally
Na,S0O; is most corrosive above its melting point (1157 K) but below its dewpoint. The dewpoint
is related to sulfur and sodium contents together with the total pressure. Dewpoints can be
calculated using a free-energy minimization code (Refs. 57) and are shown in Figure 10 (Ref. 58).
In general the range of Na;SO, attack is narrow (typically only 100 K, with higher pressures

increasing the dew point and temperature range), but it can be quite severe when it does occur.

A laboratory simulation of deposition and corrosive attack is challenging and various methods
have been used. Important issues include continuous deposition as well as temperature, pressure
and velocity effects. The closest simulation to a heat engine is a fuel burner seeded with salt to
form Na,SO, (Ref. 59). However such tests are expensive and it is difficult to control all
parameters. The most common laboratory test is airbrushing an aqueous Na,SOy solution on the
sample and allowing the water to evaporate and leave a thin film of Na,SQ,. The sample is
exposed in a furnace, ideally with a set pressure of SO; (or SO,/O,) to establish a fixed activity of
Na,O (Ref. 60). Such a test is easily conducted and allows accurate control of parameters, but a
one-time deposition of Na,504 may not be an adequate simulation of an actual heat engine
situation. Other laboratory tests involve a two zone furnace where a container of salt is heated in
one zone and the sample is placed in another zone (Ref. 61). Such tests are more complex, but

create a more realistic continuous deposition situation.

Hot corrosion is generally described both by a sulfidation and/or an oxide fluxing mechanism
(Ref. 56). Condensed phase silicon sulfide is not a thermodynamically stable compound so the

sulfidation mechanism is not applicable to silicon-based ceramics. However the process is
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described very well by an oxide fluxing mechanism. The reactive component of Na,S0, is Na,O
formed by:

NazSO4(1) = Na,O(s) + SOs(g) (26)
Consider the acid/base properties of oxides (Ref. 62). A low thermodynamic activity of Na,O
[a(Na,O)], set by a high partial pressure of SO; [P(SO,)], is termed an acidic molten salt. A high
thermodynamic activity of Na,O, set by a low P(503), is termed a basic molten salt Given a
P(503), the thermedynamic activity of Na,O follows from the free energy for reaction (26) (Ref.
63).

AG =526500—-118T =-RT InK , = -RT Ina(Na,0)P(S0; ) (27)

Si0; is a strongly acidic oxide (Ref. 62} and it reacts readily with basic Na,O:
2810,(8) + Na,O(s) = NayO-2(Si0)(1) (28)

Figure 11 is a calculated phase diagram for the Na,O-5i0; system and indicates the various
sodium silicates formed at a particular temperature and activity of Na,O, using the free energy
minimization code and databases described in Ref. 63. Consider the bold line between the most
silica-rich sodium silicates and silica. This boundary provides a convenient method to predict
dissolution of silica. If the P(SO;) over the Na,SO, deposit leads to a(NayO) greater than that
given by the boundary in the figure, then dissolution will occur. This method has been used in a
model situation in a burner to predict the behavior of quartz and fuels with different sulfur levels.
The higher sulfur fuel (i.e. diesel) led to a low a(Na,O) and hence limited attack; whereas the
lower sulfur fuel (i.e. Jet A) led to a higher a(Na,0O) and hence dissolution (Ref. 58). While the
use of higher sulfur fuels is not a practical way to control corrosion, it does confirm and illustrate

the mechanism described by equations {26) and (28),

The concept of acid/base reactions with oxides is central to understanding hot corrosion of
ceramics. It has been shown that free carbon will drive sodium sulfate more basic, by creating a
larger concentration and therefore activity of Na,O (Ref. 58). This is important as many ceramics
contain carbon. In general SiC tends to corrode more readily than Si;Ny in NaySOy, primarily

because the carbon drives the Na;SQ. more basic.

Reaction (28) above indicates the conversion of a solid, protective SiO; film to a liguid sodium
silicate. Transport rates of oxygen through the liquid sodium silicate are much faster than
transport of oxygen through solid SiO,, so the underlying SiC or Si;N, oxidizes readily creating

more SiO; for dissolution. Hot corrosion is best described coupling of reactions (2) or (3) with
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reaction (28). With a one-time deposition of a basic Na,O-containing deposit, it has been shown
that these reactions continue until the liquidus boundary of Na,O-x(Si0;)(1)/Si0O«(s) is reached
(Ref. 64). After the corrosion products are enriched in SiO; to reach this boundary, the reaction
slows. The resultant structure is shown in Figure 12. However, in a continuous deposition
situation, there is no limit on the coupled oxidation/dissolution reactions. This leads to very thick
scales and substantial consumption of the ceramic. Figure 13 is a macro-view of two coupons of
SiC—one oxidized in a burner with no added salt and one oxidized with 2 ppm Na. Note the very

thick sodium silicate layer on the second coupon.

As Figure (13) suggests, the kinetics of this process are rapid due to presence of a liquid film.
The thick film formed in Figure 13 suggest rates of consumption several orders of magnitude
greater than pure oxidation. Sun et al. (Ref. 61) have performed controlled experiments on the
corrosion of SizNy, using NaNO; as a source of Na,O. They found linear reaction rates,

indicating that diffusion is so rapid that the interface oxidation reaction controls the rate.

Other deposits result in similar behavior. The major issue is that basic salt or slag deposits
dissolve Si0; and lead to consumption of SiC and SisN4. This has been observed with basic
oxide slags from coal (Ref. 65). In these low oxygen situations, localized metal silicides also

form from reaction of the silicon component with iron and nickel.

Oxidation of Precursor-Derived Silica-Forming Ceramics

Silicon carbonitrides are a new class of amorphous ceramic materials derived from polymer
precursors. With the addition of boron, glass transition temperatures are as high as 1800°C (Ref.
66). Initial oxidation kinetic studies of these materials by weight change methods alone
suggested extremely low oxidation rates (Ref. 67). However it is important to recognize that
weight gains alone do not indicate oxidation behavior as concurrent volatilization of B, C, and N
constituents would reduce the measured weight gains (Refs. 68,69). Also, in their present state
these materials are porous, so the effects of internal oxidation must be understood (Ref. 66).
Finally, inhomogenieties lead to non-uniform oxidation behavior. Nontheless there are
methodical studies (Ref. 68) of these materials which separate the various contributions to

observed weight losses. These indicate that the oxidation rates are comparable to those of high
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purity SiC and Si3N,. As processing of these materials improves, more systematic studies of this

interesting class of materials should be possible.

Oxidation of Composites and Non-Silica-Forming
Ceramics

Oxidation of Silica-Forming Composites

The monolithic ceramics discussed thus far are generally low toughness materials, i.e. show
limited resistance to failure from a pre-existing crack. A variety of composite materials based on
silica-forming ceramics have been developed with the goal of increasing toughness (Refs 70,71).
These include various types of fiber or particulate reinforcements, though the largest increase in
toughness is attained with continuous fiber reinforcements. The matrix may be SiC or, SisNy; the
fibers are typically high strength SiC or C. The fibers deflect matrix cracks, which will increase
toughness. However the fibers must not bond with the matrix. Carbon fibers do not bond with a
SiC matrix, while SiC fibers are typically coated with either graphitic carbon or boron nitride to
prevent bonding. Thus the system contains both slowly oxidizing phases (SiC, Si;N) and rapidly
oxidizing phases (C or BN). Understanding the oxidation behavior of these complex systems is

essential to their application.

Consider first the situation of carbon fiber reinforced SiC. Several investigators (Refs, 72,73)
have shown that at low temperatures oxidation is controlled by the chemical reaction rate of
oxygen with carbon. At intermediate temperatures diffusion through the crack becomes rate
controlling. At the highest temperatures the matrix is sealed due to SiO, formation. Reaction
control leads to more uniform attack of the carbon fibers throughout the material, whereas

diffusion control leads to localized attack of the carbon fibers.

Figure 14 illustrates weight loss curves for a composite of carbon-coated SiC fibers in a SisN,
matrix (Ref. 74). Note that at 1400° and 1200°C, oxidative attack of the carbon coating is rapid
and the composite quickly seals. At 600, 800, 1000°C, oxidative attack is less rapid and at 600
and 800°C the composite does not appear to seal. Filipuzzi et al. have modeled oxidation of
carbon-coated SiC fibers in a SiC matrix (Refs. 75,76). They develop an analytical model for

diffusion of oxygen into the pore between the matrix and fiber, created as the carbon fiber coating
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oxidizes. They include the growth of silica on the matrix and fiber, which eventually seals the

pore. Their analysis indicates that thinner fiber coatings give better performance.

In theory, BN fiber coatings should be an improvement over C coatings as the oxidation products
of BN are not all volatile:

2BN(s) + 1.5 Oy(g) = B,03(1) + Na(g) (30)
However, the problem here is the liquid B,O; product. The B,0Os(1) can further react with SiO, to
form low melting silicates or it can react with water vapor to form highly stable volatile boron
hydroxides (Ref. 77). This is illustrated in Figure 15, which shows (a) liquid borosilicate

products and (b} absence of BN coating due to oxidation/volatilization.

The high toughness of these CMCs make them one of the most promising high temperature
materials. However, understanding and mitigating their oxidation properties remains a critical

1ssue.

Oxidation and Corrosion of Non-Silica-Forming Nitrides, Carbides,
and Borides

In dry oxygen, aluminum nitride (AIN) oxidizes at rates comparable to Ni-Al alloys (Ref. 78).
However, even small amounts of water vapor lead to rapid oxidation due to the formation of 20-

100 nm micopores in the alumina scale. This issue has limited the application of AIN ceramics.

As noted, boron nitride (BN) is a potential fiber coating in ceramic matrix composites. It has
been shown that the oxidation rates are quite dependent on such factors as porosity, oxygen
content, and crystallinity of the starting material (Ref. 79). BN oxidizes to B,0Os, which is not a

desirable protective oxide due to its low melting point and high reactivity with water vapor.

Transition metal carbides, nitrides, and borides have a number of important properties including
high melting points, hardness, wear resistance, and high temperature strength. However, these
form oxides with high oxygen diffusivities and short circuit oxygen paths such as cracks and
pores. The range of recession rates is given in Figure 16 (Ref. 80). More details can be found in

a recent review and references contained therein (Ref, 26).
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Corrosion of Oxide Ceramics

In general, oxides are the most stable ceramics. Useful oxide ceramics include silica, alumina
(ALzOs5), mullite (3A1,05-28i0,), various stabilized zirconia (ZrO,) compositions, and composites
with either oxide or non-oxide reinforcements in an oxide matrix. Luthra and Park (Ref. 81) have
shown that SiC reinforced Al,O; oxidizes rapidly at temperature of 1375-1575°C to form a

complex reaction product mixture.

The interaction of common oxides with water vapor has been reviewed (Ref. 82) with
volatilization rates in the following order: SiO; > ALO; > ZrO,. The following thermodynamic

data (Refs. 29,83,84) can be used to estimate the vapor pressure of the primary volatile specie:

Si0x(s) + 2 H,0(g) = Si(OH)(g) AG =-RTInK , = 56700 +66.2T (31a)
0.5 ALOx(s) + 1.5 H,O(g) = AIOH)s(g) AG =~RTInK, = 210600 -7.7T (31b)
Zr0Os(s) + H,O(g) =ZrO(OCH),(g) AG =-RTInK , =434100-87.6T (31¢)

Here AG is the free energy change, R is the gas constant, T is the absolute temperature, and Kj is

equilibrium constant.

The effect of deposits on oxide ceramics has been reviewed by Pettit et al. (Ref. 85). In general
the effects are less than those from deposit-induced corrosion on metals or silica-forming
ceramics. Deposits of Na;SO,lead to grain boundary attack of Al,O;. Stabilized zirconias are
used as coatings for both metals and ceramics. An important issue here is the possible attack of

the stabilizing oxide by vanadate deposits (Ref. 86).
Environmental Barrier Coatings

Environmental barrier coatings (EBCs) protect silica-forming ceramics and composites from
attack by corrosive species in combustion environments (Ref. 87). The key requirements for a
successful EBC (Ref. 88) include: i) environmental stability, especially in water vapor; ii)
coefficient of thermal expansion (CTE) match to the substrate; ii) chemical compatibility with the
substrate; iv) phase stability; v) low thermal conductivity. Table III lists the CTE of SiC, SizN,,
and current EBC materials (Ref. 89). A low thermal conductivity is needed to minimize coating

thickness. Table IV lists the thermal conductivity of current EBC materials in their hot-pressed
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forms. No material has yet been identified that satisfies all the requirements. As a result current

EBCs have multi-layers in which each layer has a specific role.

Table ITI. CTE of Si-based ceramics and current EBC materials

Material | SiC | SizN, | Si Mullite* | BSAS** | Y,8i0s | Sc28i05 | ErSiOs | Yb,SiOs

CTE 45~(3~4 [35 [5~6 4~5 5~6 |5~6 5~7 35~
10%C) |55 ~ 45
4.5

* 3 Al,05-2 Si0O,
** 1-xBa0-xSr0-AlL,0,-28i0,,0<x £ 1

Table IV. Thermal conductivity of hot-pressed current EBC materials at 200 °C - 1400°C
determined by a high heat flux laser rig

Material YSZ | Mullite | BSAS | Mullite | Y,SiOs | Sc,Si0s | Yb,SiOs | Er,SiOs
+BSAS

Thermal 22 ~|22 ~|25 ~|20~23|16 ~[23 ~[13~14 [14~15

conductivity |29 |28 3.0 1.9 3.5

(W/m-k)

Processing

Currently plasma spraying is the most successful and most widely used process to apply EBCs
(Refs. 88-90). The process is relatively cost-effective and can readily deposit both metals and
ceramics with a wide range of compositions. Plasma-sprayed coatings typically exhibit excellent
strain tolerance due to the layered microstructure and high porosity. One limitation is the
difficulty in applying coatings on complex structures and on small inner surfaces due to the line-
of-sight nature of this process. Electron beam physical vapor deposition (EB-PVD) has been used
with great success for processing thermal barrier coatings (TBC) for metallic components in
various heat engines, signifying its potential for EBC processing. Other coating processes being
explored include chemical vapor deposition (CVD) (Refs. 91,92), sol-gel, and slurry coating (Ref.
93). The non-line-of-sight nature of these processes allows the application of EBCs on complex-

shaped components.
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Performance

EBCs with a Mullite-Based Layer

Muilite and Mullite+BSAS. Mullite has a good CTE match and chemical compatibility with SiC
and Si3N, ceramics (Refs. 87-90) and therefore constitutes a key component in most current
EBCs. Conventional plasma-sprayed mullite coatings contain a significant amount of metastable,
amorphous phase due to the rapid cooling of molten mullite during solidification on a cold
substrate (Ref. 90). A subsequent exposure of the mullite coating to a temperature above
~1000°C causes crystallization of the amorphous phase. Shrinkage accompanies the
crystallization, leading to cracking and delamination of the mullite coating. A modified plasma-
spray process enables the deposition of crystalline mullite coating which dramatically improves
its crack resistance and adherence (Ref. 90). A plasma-sprayed mullite coatings on SiC showed
improved resistance to Na,SO4-induced corrosion as compared to uncoated SiC (Ref. 94). A
CVD mullite showed similar results (Ref. 95). Further improvement in the crack resistance of
plasma-sprayed mullite coatings is achieved by adding a second phase BSAS (Refs. 88,96). The
improved crack resistance of the mullite+BSAS composite coating is attributed to the reduced
coating tensile stress from the low modulus BSAS phase (Ref. 97). Introduction of a silicon bond
coat further enhances the durability of the mullite coating, by improving its adherence (Refs.
88,96). The relatively high silica activity of mullite (0.3 ~ 0.4) causes the selective volatilization

of silica and the partial recession of mullite in high velocity combustion environments (Ref. 98).

Mullite/YSZ. A water vapor-resistant overlay coating is applied over the mullite coating, where
the overlay coating provides water vapor stability while the mullite coating provides the
adherence. YSZ is a logical candidate for a top coat because it has been successfully used as a
TBC for metallic components in gas turbine engines, indicating its water vapor stability. Figure
17 compares the weight change of SiC, plasma-sprayed mullite-coated SiC, and plasma-sprayed
mullite/YSZ-coated SiC in a high pressure burner rig (1230°C, 6 atm, gas velocity = 24 m/s) (Ref.
97). Note the absence of weight loss in the mullite/YSZ-coated SiC, indicating the water vapor
stability of YSZ in a high velocity combustion environments. However there are critical
disadvantages of YSZ, including a high CTE and sintering. The stress due to the CTE mismatch
and sintering causes severe cracking which provides an easy path for water vapor penetration,

resulting in rapid oxidation and premature coating delamination (Ref. 97).
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Mullite/BSAS and Mullite+BSAS/BSAS. BSAS has a low silica activity, a low CTE, and a low
modulus (~100 GPa), key attributes for a successful EBC. The low silica activity leads to stability
in water vapor, while the low CTE and low modulus lead to a low EBC stress. These EBCs
exhibit dramatically improved durability compared to the mullite/YSZ EBC. Figure 18 shows a
cross-section of plasma-sprayed Si/mullite+20 w/o BSAS/BSAS on a SiC/SiC composite after
1000 h at 1316°C (1h cycles) in 90% H,0O-balance O, furnace testing (Ref. 87). The EBC
maintained excellent adherence and crack resistance. Pockets of glass developed within the BSAS
top coat. These EBCs were applied on SiC/SiC composite combustor liners for Solar Turbine
(San Diego, CA) Centaur 50s gas turbine engines under the Department of Energy (DOE)
Ceramic Stationary Gas Turbines (CSGT) Program (Refs. 99,100). One engine used by Texaco
in Bakersfield, CA, successfully completed a 14,000-h field test (~1,250°C maximum combustor

liner temperature).

However, BSAS still tends to volatilize at high velocities and high temperatures. The EBC on
Solar Turbine engines suffered significant BSAS recession in some areas after the 14,000-h test
(Ref. 100). Another key issue is the chemical reaction between BSAS and the silica thermally
grown on the Si bond coat. The BSAS-silica reaction produces a low-melting (~1300°C) glass,
causing EBC degradation and premature failure at temperatures above ~1300°C (Ref. 96).
Therefore, it is desirable to avoid the BSAS second phase in the mullite layer for long-term

exposures at high temperatures (T > 1300°C ~ 1350°C)

Mullite/RE,8i0;s and Mullite+BSAS/RE;Si0;s. Some rare earth silicates are excellent EBC top
coat materials due to their low CTE, phase stability, and low silica activity. Volatility data (Refs.
89,101) indicate that rare earth monosilicates (RE,SiOs; RE = rare earth element) are significantly
less volatile than BSAS in water vapor, by at least an order-of-magnitude, while the volatility of
rare earth disilicates (RE;Si;O,, RE = rare earth element) is similar to that of BSAS. Figure 19
shows a cross-section of plasma-sprayed Si/mullite/Yb,SiOs on a SiC/SiC composite (1000 h) at
1380°C (1h cycles) in 90% H-O-balance O;. The EBC maintained crack resistance and superb

adherence to this substrate, as well as to SizNy.

EBCs without a Mullite-Based Layer
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BSAS. As indicated earlier, BSAS is reactive with the silica thermally grown on SiC or Si3;Ny,
forming a low melting eutectic (mp ~ 1300°C). This chemical reaction causes the build-up of a
thick reaction zone and pore formation at the BSAS/substrate interface which renders a single

layer of this material unsuitable for an EBC.

RE,SiOs, RE,5i,0; and Ta;0s Plasma-sprayed RE,Si05 (Ref. 88) and Ta,;0s-based EBC (Ref
103) show good adherence on Si-based ceramics under thermal cycling in air. However, these
coatings do not maintain the adherence in water vapor environments. Consequently, the substrate
suffers rapid oxidation, forming a thick and sometimes porous scale. CVD Ta,Os is unstable in an
environment containing Na,SOy, rapidly reacting to form NaTaQ; which subsequently interacts

destructively with the underlying Si;N, substrate to form a molten phase (Ref, 104).
Water Vapor Resistance of Candidate EBC Materials

As noted, one of the key issues in development of suitable oxide EBCs is water vapor resistance.
As discussed in an earlier section, the necessary thermodynamic data are only available for a few
oxides. However screening-type studies have been done for a range of systems using high water-
content furnaces or pressurized burner rig tests. These are summarized in Table V (Ref. 105-
110). This table indicates the superior performance of hafnia and zirconia compounds, followed
by rare earth hafnates or zirconates, and then rare earth monosilicates. Rare earth disilicates are
near the midrange of the spectrum, as are barium aluminosilicate, alumina, aluminum titanate,
and aluminum silicate. Finally silica, chromia, and boria are among the common oxides most
rapidly attacked by water vapor and are provided as a lower reference point. It should also be
noted that this Table is a summary of data from several sources using different techniques and
represents our current state of understanding. Nonetheless it provides some general guidelines in

the development of EBCs.

It is generally agreed that silicon-based ceramics and composites will require some type of EBC
for engine/combustion environment applications. The development of such coatings is still an

active area of research.
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Oxide Reference

Zr(), (metastable tetragonal— 98, 105-108

8(Y1203) (Zr0y))

2(Lu,05)-3(Zr0O;) 109

2(Y203) -3(Zr0y) 109

3(Yb,03) -5(A1,03) 106

3(Y,03)-5(AL0;) (YAG) 106, 107

Lu,05-510, 89, 108

Yb,05-Si0, 89, 108

Y,05-Si0, 89, 108

Al 05 TiO, 105

2(Lux05) -3(HfO,) 105 Decreasing
Lu,052(5i02) 104, 105, 108, 109 f/‘gf;
Y,0532(810;) 106, 109, 110 Resistance
Yb,05-2(Si0y) 89, 104-106

Ba(Sr)O-Al,05-2(5i0;) (BSAS) | 96,99

SrO-Al,05-2(Si0;) (SAS) 99

AL O;

33, 104-106, 108, 110, 111

3(AL03)2(Si02) (mullite)

96, 99, 104-108

TiO, 105
Ca0-2(Yb,05)-3(Si07) 104, 105
x(Ce0y)(ZrO;) 110

Si0, 28, 29, 31, 33,110
Cr,0; 82

A\

Table V. Approximate order of water vapor resistance for a range of current EBC candidate

oxides.

Effects of Oxidation and Corrosion on Mechanical

Properties
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Current silicon nitrides have room temperature flexural strengths of 600-800 MPa (Refs.
112,113), with sintered a-SiC ~ 400 MPa (Ref. 114). Because these ceramics are inherently
brittle, strength is a function of surface morphology. After 4500 h at 1200°C, sintered o-SiC
exhibits a strength increase due to flaw healing, while alumina-containing SiC experiences a
50% strength loss due to pitting and oxide penetration along the grain boundaries (Ref. 115).
Oxidized SizNy4 has exhibited short term strength increases due to blunting of crack tips, though at
longer exposure times strength decreases due to oxidation pit formation (Ref. 116). High
temperature oxidative environments can also adversely effect crack growth and enhance creep
(Ref. 117). Sintering additives play a major role in oxidation rate and mechanical properties. An
addition of 12.5 w/o Lu,Os to Si3N, significantly improves its high temperature (> 1400°C)
strength due to formation of a high temperature grain boundary phase which extensively

crystallizes during processing (Ref. 118).

As discussed earlier, both active oxidation to SiO(g) and water vapor reactions to form
Si(OH)4(g) lead to material consumption. After 20 h at 1400°C and a P(O,) = 1.5 x 10° MP4, o-
SiC exhibits a 50% reduction in strength due to pit formation from active oxidation (Ref. 43). In
a high velocity combustion rig, the surface oxide is continually swept away by its reaction with
water vapor. For SisN, after 100 h at 1400°C, exposure with 5 bar total pressure in a natural gas
burner (and corresponding water vapor content) results in strength reductions of 20-70% (Ref.
113).

Corrosion of SiC by molten salts, either by thin films (Ref. 119) or continuous deposition (Ref.
120), results in surface pit formation and resultant strength loss. Pits occur where gas bubbles
form at the substrate-liquid silicate interface, continually exposing the substrate to corrosion.
Burner rig hot corrosion of a Y-containing SizN, results in modification of near-surface grain

boundaries and subsequent strength loss (Ref. 121).

Due to the complex nature of CMCs, differing modes of attack occur as a function of
temperature. As discussed, the major issue with continuous fiber reinforced CMCs is the easily
oxidizable second phase (e.g. C or BN). If the second phase is exposed to oxygen and/or water
vapor due to a crack or discontinuous outer protective oxide, degradation will occur, Stress
rupture life of a crack-free, as-produced SiC/SiC composite with BN fiber interphase at 815°C in

air under 140 MPa tensile load is 50h. Stress-rupture life of the pre-cracked material under the
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same conditions was less than 5 h (Ref. 122). For a carbon-fiber reinforced SiC matrix, attack of
the fiber has an adverse effect on stress rupture behavior (Ref. 123). The effect of environment on

mechanical properties of CMCs is a critical area of research.

High Temperature Wear of Advanced Ceramics

The brittle nature of most monolithic ceramics has largely precluded their use in applications
where high tensile stresses occur. One such example is in dry sliding contact, where high friction
forces can result in significant tensile stresses, even under modest loads, leading to fracture and
subsequent wear (Ref. 124). The development in recent decades of advanced ceramics with
engineered microstructures has resulted in markedly improved strength and toughness properties
(Ref. 125). Certain ceramics, such as silicon nitride, achieve excellent toughness by tailoring the
grain size and composition of grain boundary phases (Ref. 126). Others, such as alumina, are
strengthened by the addition of secondary phases based upon zirconia and silicon carbide
whiskers intended to enhance favorable residual compressive stresses and deflect and halt crack
propagation (Ref. 127). The engineering promise of advanced ceramics has been further
enhanced by improved finishing technologies capable of generating precise and complex part
geometries with significantly reduced flaw sizes. The emergence of these new ceramics in the

early 1980’s enabled consideration of several demanding high temperature applications.

Two such applications involved heat engine components; ceramic gas turbines and adiabatic
diesels (Refs. 128,129). An important characteristic for these and other applications are
tribological, or friction and wear, properties particularly in sliding contact at high temperatures
under dry, non-lubricated conditions. Unfortunately, extensive and reliable data regarding the
high temperature tribological properties of advanced ceramics has not been available, due to a
lack of suitable test capabilities and lack of characterization of these newer ceramics and

composites.

Initially, many in the research community hypothesized that advanced ceramics might exhibit
favorable high temperature friction and wear properties because of their high hot hardness and
low achievable surface roughness characteristics. This concept was loosely based upon the
premise that friction and wear, for self mated steel for instance, was due to local surface asperity

interactions in which contact points of surfaces resulted in local hot spots, adhesive welding and
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material oxidation. Therefore, it was considered that the hard, smooth and chemically non-

reactive ceramics would not suffer from such wear mechanisms.

More recent tribological studies of many classes of nitride, carbide, oxide and composite
ceramics, however, have revealed that, in general, ceramics exhibit high friction and wear in non-
lubricated, high temperature sliding contacts (Refs, 130-135). Table VI summarizes measured
friction and wear factor coefficients for a variety of ceramics from self mated ceramic pin-on-disk
tests at temperatures from 25 to up to 1200°C. Typical tests are 1 hr for a total sliding distance of
9.7 km. Observed steady state friction coefficients range from about 0.5 to 1.0 or above. Often,
during initial sliding especially at room temperatures, lower values are cbserved. Typically these
are attributed to surface contamination and adsorbed layers being quickly removed by the sliding
process leading to the higher steady-state friction values. Wear factor coefficients, defined as the
wear volume(mm?®) per distance slid(m) per load(N) are also very high but, as is typical for wear
data, are more scattered and range from about 107 to 10> mm®/N-m. By comparison, oil

lubricated steel sliding results in friction coefficients of 0.1 or less and wear factors less than 10

mm>/N-m.

Microscopic analyses of worn ceramic surfaces reveal two major modes of wear: brittle fracture
and tribo-oxidative wear. High friction coefficients during sliding generate high tensile stresses
in the wake of the contact area (Ref. 124). If sufficiently large flaws exist, cracks form, grow and
ultimately lead to faceted wear debris formation. Figure 20 shows such features. Brittle wear
predominates at lower temperatures for all ceramics and at high temperatures brittle behavior is a
common feature for oxide materials like alumina. Nitride and carbide containing ceramics,
however, when sliding at high temperature in air form complex and often glassy oxide surface
layers which are removed by the sliding counter-face revealing fresh, non-oxidized surfaces.
These then oxidize, resulting in an oxidative type wear process. The wear debris from these tests
is often characterized by smeared oxide layers and sometimes even “rolled up” layered debris.
Figure 21 shows an example of such oxide layer wear debris. In both cases, brittle fracture or

oxide layer removal, wear rates are high.

Notwithstanding their poor self-lubricating properties, ceramics possess useful thermal, physical
and chemical properties enabling their use in high temperature applications,
provided their shortcomings are accommodated. For instance, using silicon nitride at lower

temperatures in the presence of oil has enabled long life diesel engine components such as fuel
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injectors and valve train components. The generally high stiffness and low density of ceramic

materials also reduce dynamic forces in high speed components such as bearing balls. Hybrid

ceramic bearings utilizing silicon nitride rolling elements and steel races are capable of

significantly higher speeds than comparable all steel bearings under oil-lubricated conditions.

Further, if contact loads can be sufficiently reduced, friction coefficients of 0.5 or higher can be

tolerated in order to take advantage of ceramics excellent chemical inertness and dimensional

stability. Finally, efforts are underway to add self-lubricating materials to ceramics such as

graphite and boron nitride to mitigate high friction and wear without adversely affecting strength

and other properties. As these research efforts progress, advanced ceramics will find ever

increasing applications in engineering and technology.

Pin Disk Test Friction Average Observed Wear | Reference
Material | Material | Temperature, | Coefficient | Wear Mode
°C Coefficient,
mm*/N-m
ALO; AlLOs 25 0.84 107 microfracture 131
Al,O, Al,O4 1000 0.50 10; microfracture 131
SiC SiC 25 0.75 100
SiC SiC 1000 0.77 10° Oxide-layer 131
removal
SiaN, SiaN, 25 0.60 107 microfracture 130
Si;N, SisN, 1000 0.70 10° Oxide-layer 130
removal
*Al,O;- ALOs- 25 0.74 107 microfracture 134
SiC,, SiC,,
AlLQOs- AlQOs- 1200 0.58 10°¢ microfracture- 134
SiC,, SiC,, oxidation
Zr0, Zr0, 25 0.68 10 microfracture 135
Zr0, 710, 800 0.65 10 microfracture 135

*Aly03-SiC,, is alumina with 25 volume percent silicon carbide whiskers added

Table VI- Friction and Wear Summary for Pin-on-Disk Sliding of Ceramics
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Figure Captions

1. Schematic of oxidation of a monolithic ceramic illustrating scale growth and substrate
recession.

2. Oxidation kinetics for CVD SiC and CVD Si3Ny at 1300°C in oxygen. These data were taken
with a TGA and converted to oxide thicknesses. (Source: Opila and Ogbuji, Ref. 8).

3. Arrhenius plot showing comparison of silica growth rate on silicon to those of growth rate of
Cr,0; on Cr and AlO; on Ni-Al

4. Coefficient of thermal expansion for cristobalite and amorphous SiO,, SiC, and SizN,.
(Adapted from: Jacobson, Ref. 24).

5. Cyclic oxidation weight change kinetics for SiC and SisN, in air at 1300°C with 5 h cycles. NT
154 SisNy contains about 4 w/o Y,0;. (Adapted from Opila, Fox, and Barrett, Ref. 25)

6. Volatilization of SiO, and paralinear behavior of CVD SiC and CVD Si3N, in 50% H,0/50%
O, at 1200°C and a flow rate of 4.4 cm/sec. (Source: Opila and Jacobson, Ref. 26).

7. Weight loss of CVD SiC in a fuel-lean high pressure burner rig with gas velocities of 20 m/sec.
(Adapted from Robinson and Smialek, Ref. 31).

8. SiC recession rates in a pressurized burner under fuel-lean conditions, 1200-1450°C, 4-15 atm,
10-27 m/s (Adapted from Robinson and Smialek, Ref. 31).

9, Measured and calculated active/passive transitions. The upper boundary PY(O,)-W was
calculated from Wagner’s approach (equations 21,23; Ref. 36) and the lower boundary P{(O;)-1
was calculated from equation 22. Results are for the various types of SiC shown—chemically-
vapor-deposited (CVD), single crystal (SC), and hot-pressed (HP). (Adapted from: Narushima et
al., Ref. 38).

10. Calculated dew points for sodium sulfate deposition as a function of Na and S content in the
fuel. (Source: Jacobson, Ref. 24).

11. Calculated phase diagram for Na,O-SiO, showing phases as a function of Na,O activity and
absolute temperature. The critical boundary for stability of SiO; is in the lower portion of the
diagram.

12. Polished cross section showing microstructure for sintered SiC (B, C additives) + one-time
deposition of NayCOs as a source of Na,O after 48 h at 1000°C in 0.1% CO,/O; (Source:
Jacobson, Ref. 24).

13. Optical micrographs of sintered SiC (B, C additives) after exposure in a Jet fuel burner rig at
1273 K (a) 46 h with no sodium (b) 13.5 hr with a sodium chloride seeded flame. (Source:
Jacobson, Ref. 24),
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14. TGA oxidation curves for a SiC fiber/Si;N, matrix composite in flowing oxygen. Note the
weight losses at the lower temperatures and protective behavior at the higher temperatures.
(Source: Bhatt , Ref, 74).

15. Micrographs illustrating two types of behavior observed for oxidation of a SiC fiber/BN
coating/SiC matrix composite. (a) Borosilicate glass formation after 100 h in oxygen at 816°C
and (b) Volatilization of BN due to reaction with water after oxidation at 500°C in humid air
(Source: Jacobson et al., Ref. 77).

16. Surface recession in 100 hours from isothermal oxidation for various ceramics, classified
according to the protective oxide formed. (Adapted from: Shaw et al., Ref. 80)

17. Weight loss for coated and uncoated SiC in pressurized burner rig at 6 atm and 1230°C.
Weight losses are due to formation of volatile hydroxides. (Source: Lee, Ref. 98)

18. Cross section of a Si/mullite + BSAS/BSAS coating on a SiC fiber/SiC matrix composite
after furnace exposure, 90% H,0/0,, 1000 h, 1316°C, 1 h cycles. (Source: Lee, Ref. 89)

19. Cross section of a Si/mullite/Yb,SiOs coating on a SiC fiber/SiC matrix composite after
furnace exposure, 90% H,0/0,, 1000 h, 1380°C, 1 h cycles, showing good adherence, crack
resistance and environmental stability.

20. TEM photomicrographs of cracks and faceted wear debris following room temperature sliding
of an Al,O;-SiCy, whisker reinforced ceramic composite (Source: Dellacorte et al., Ref 136).
21. Ceramic wear debris formed from oxide layer removal on Al,05-SiC,, disk specimen

following 1200°C sliding in air (Source: Dellacorte et al., Ref. 136).



	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	
	



