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Abstract 
Increasing temperatures in aero gas turbines is resulting in oxidation and hot corrosion attack of 

turbine disks. Since disks are sensitive to low cycle fatigue (LCF), any environmental attack, and 
especially hot corrosion pitting, can seriously degrade the life of the disk. Application of metallic coatings 
is one means of protecting disk alloys from this environmental attack. However, the presence of a metallic 
coating can degrade the LCF life of a disk alloy. Therefore, coatings must be designed which are not only 
resistant to oxidation and corrosion attack, but do not significantly degrade the LCF life of the alloy.  

Three different NiCr-Y coating compositions (29, 35.5, 44 wt% Cr, all with 0.1 wt% Y) were applied at 
two thicknesses by Plasma Enhanced Magnetron Sputtering (PEMS) to two similar Ni-based disk alloys. 
One Ni-35.5Cr-0.1Y coating also received a thin ZrO2 overcoat. The coated samples were also given a short 
thermal anneal in a low partial pressure of oxygen to encourage bonding of the coating and substrate as well 
as initiating formation of a chromia scale. Without further environmental exposure, the LCF life of coated 
and uncoated samples was evaluated at 760 °C in air. The LCF lifetime of all coated samples was less than 
that of uncoated samples. The LCF life scaled with the Cr content and the high-Cr, thin coating showed the 
highest LCF life. Pre and post-test characterization of the various coatings, including identification of crack 
initiation sites, will be presented and the effect of the coating on the LCF life discussed.  
 

                                                      
*Retired 
†Formerly with NASA Glenn Research Center 
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Introduction 
Temperatures in aero gas-turbine engines continue to rise in order to improve fuel efficiency and 

reduce NOx emissions (Refs. 1 to 5). Although these higher temperatures can have operational and 
efficiency benefits, the elevated temperatures can also result in increased environmental attack. In the 
turbine section of current engines, peak blade temperatures can reach 1050 to 1200 °C (Refs. 5 and 6). 
Because of the high temperatures, turbine blades and vanes are typically protected by metallic coatings 
for protection from oxidation and hot corrosion. Metallic coatings for blades, either aluminides or 
MCrAlY (M = Ni,Co) overlays, typically form alumina (Al2O3) surface scales which provide excellent 
oxidation protection at the elevated temperatures associated with the blades (Ref. 5). Hot corrosion of 
blades or vanes in modern aero engines is often not a problem because the high temperatures prevent salt 
from condensing on the blades, and cleaner fuels have significantly reduced S levels. Where corrosion 
might be an issue, such as for airlines servicing airports near oceans or seas resulting in the ingesting of 
sea salt, the Cr in MCrAlY coatings or modifications to an aluminide coating (e.g., Pt-aluminides) help to 
provide corrosion protection (Refs. 7 and 8).  

Although turbine disks operate at significantly lower temperatures than blades and vanes, the push for 
higher efficiencies and cleaner exhausts has resulted in disk temperatures in advanced commercial aero 
engines reaching temperatures of 704 °C (Refs. 9 and 10) with goals for achieving temperatures of 760 °C 
(Refs. 2, 9, 11, and 12). At these higher temperatures, disk alloys will experience oxidation attack, and in 
certain environments, hot corrosion as well (Refs. 1, 4, 13 to 15). Unlike turbine blades and vanes, turbine 
disks have historically remained uncoated due to their lower operating temperatures, however options to 
provide environmental protection for higher temperatures without use of coatings are limited. One 
obvious possibility is to increase the amount of environmentally beneficial elements, such as Cr, Al, and 
Ta to the alloy. However, for both blade and disk materials, the alloys have already been compositionally 
optimized to increase the mechanical strength by maximizing the volume fraction of the ordered γ' phase 
while also increasing the amount of refractory elements (e.g., Ti, Ta, W, and Nb) to strengthen both the γ 
and γ' phases (Refs. 6 and 16). Unfortunately, this increase in mechanical strength has come at the 
expense of the environmentally-beneficial Cr level (Refs. 5, 6, and 16). 

The alternative to alloying is typically to apply coatings, which, as stated above, have been 
successfully used for many decades with blades and vanes (Refs. 5, 17, and 18). But, applying the same 
coatings developed for blades onto disks could degrade critical properties of disks. Blades, operating at 
higher temperatures than disks, are more susceptible to creep. To counteract this mechanical mode of 
degradation, blades in advanced engines are cast and directionally solidified or solidified as single 
crystals (Ref. 6). However, disks are limited by low cycle fatigue (LCF) (Refs. 9, 19, and 20). Hence, 
advanced disks are fabricated by powder metallurgy techniques to improve microstructural uniformity 
and provide a fine grain microstructure for both high strength and fatigue resistance (Refs. 12 and 21). 
Grain boundaries are furthered strengthened against cracking by formation of carbides (primarily M23C6). 
Since fatigue damage starts with crack initiation, disks are susceptible to any type of defect that could 
initiate a crack. Therefore, great effort has been expended to minimize any internal oxide inclusions or 
surface defects, which might initiate a crack (Refs. 22 to 24). Furthermore, shot peening of the surface is 
routinely used to induce a compressive stress in the near-surface region of the disk to inhibit both crack 
initiation and crack propagation (Ref. 25). Alumina-forming aluminide or MCrAlY coatings, designed for 
higher temperature protection of blades, could be too brittle or have too high of a surface roughness, 
which could initiate fatigue cracks. 
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Hence, a coating optimized for disks is required to provide environmental protection. Since disks 
have not been routinely coated, previous relevant work on the effect of environmental exposures and the 
effect of coatings on the fatigue life of various Ni-base superalloys will be briefly reviewed. This review 
will then be followed by specific requirements for a disk coating and conclude with the purpose of this 
study.  

Effect of Oxidation and Hot Corrosion on Fatigue Life 

Oxidation has been clearly shown to reduce the low cycle fatigue life (LCF) of Ni-based superalloys 
(Refs. 3, 9, 26 to 37). Not surprisingly, surface initiated cracking typically increases with increasing 
oxidation attack (Refs. 31 and 32), where cracking eventually initiates in thicker, brittle oxide scales and 
propagates into the substrate (Refs. 26, 29, and 35). In addition, the selective oxidation of the oxygen-
active elements, such as Al and Ti, at the surface result in the formation of a near-surface γ layer depleted 
of the strengthening γ' phase. This weaker γ phase can be susceptible to enhanced crack initiation and 
growth (Refs. 14, 26, 29, 35, and 38). Once cracks initiate at the surface, oxidation and corrosion within 
the crack and at the crack tip produce brittle crack propagation paths accelerating the crack growth 
(Refs. 39 to 42). When the cracks propagate in an intergranular fashion, this oxidation along the grain 
boundaries can remove grain boundary carbides and produce fine voids as well as fine, recrystallized 
grains (Refs. 4, 31, 39, and 40). The end result of the oxidation exposure is that both crack initiation and 
crack propagation is accelerated.  

Hot corrosion of Ni-base alloys can occur in the presence of certain salts (e.g., Na2SO4, NaCl) and 
sulfur (S). This hot corrosion is typically separated by mechanism and morphology into two temperature 
regimes: Type I occurring at higher temperatures generally in the range of 800 to 950 °C, and Type II 
occurring in the temperature range of disk operation of 650 to 800 °C (Refs. 1, 18, 43 to 45). Because of 
the higher temperatures, Type I attack in aero engines has usually been associated with blades and vanes 
whereas Type II attack has been observed in cooler regions of the blade, such as below platforms. 
Because of the higher gas temperatures being experienced in aero engines, Type II hot corrosion attack is 
beginning to be observed in the higher-temperature regions of disks (i.e., the rim). The trademark of this 
lower temperature Type II attack is a layer of non-protective Ni and Co oxide above a layer or pit filled 
with metal sulfides, but without the internal sulfide particles such as are present with Type I attack 
(Refs. 4, 5, and 46). Although the traditional trademark for Type II corrosion is pit formation, other 
studies have shown that the corrosion morphology can vary from isolated pitting to a more uniform 
surface attack based on the environment (e.g., SO2/SO3 concentration) (Ref. 47) or exposure time 
(Ref. 48). Other studies have shown that for a given set of conditions, sulfides can be present below the 
sulfate layers and with the addition of stress, V-shaped notches can be formed rather than the traditional 
rounded pit (Ref. 46).  

Hot corrosion has long been known to reduce the LCF life of Ni base alloys (Refs. 1, 13, 46, 49 to 
58). Specifically, Type II hot corrosion resulting in pits was shown to shorten fatigue life due to crack 
initiation at the bottom of pits (Refs. 15, 55, and 59). Although current aviation fuels have reduced S 
levels below that in past decades, air quality over certain industrialized cities has worsened resulting in 
the intake of S-containing gasses into the aircraft engines servicing those cities (Ref. 20). As a result, hot 
corrosion has been reported on the higher temperature, outer rim area of disks in certain engines. Once 
cracks initiate, continued corrosion, or oxidation in the crack can accelerate crack propagation. The effect 
of hot corrosion on reducing the fatigue life has been shown to be affected by many variables including 
the temperature, salt chemistry and salt loading, SO2 pressure, and stress/strain range (Refs. 46 and 49). 
Although the operating temperatures of disks (e.g., 650 to 700 °C) is relatively low in comparison to that 
of blades, it is apparent that both oxidation and hot corrosion can significantly degrade the LCF life of 
disk alloys.  
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Effect of Coatings on Fatigue Life 

Many coatings have been investigated for providing environmental protection for various Ni-base 
superalloys undergoing fatigue. Without any environmental exposure, the effect of the coating on the 
fatigue life has varied from detrimental to beneficial, sometimes changing behavior for the same coating 
with temperature, stress, or strain range (Refs. 38, 60 to 66). It is commonly observed that significantly 
higher amounts of cracking occur with coated specimens than with uncoated specimens (Refs. 26, 60, and 
67). Some of these coating cracks propagate into the substrate resulting in earlier failure before that for 
uncoated specimens (Refs. 10, 64, and 65). Some of this cracking can be attributed to a lack of ductility in 
the coating. However, increased cracking is also observed in the more ductile MCrAlY coatings as well. 
In these cases, the increased cracking has been attributed to a mismatch in material properties (Ref. 26). 
In certain studies, although increased cracking was present, the benefit of the coating was only observed 
at low stresses; at higher stresses there was no difference between coated and uncoated samples (Ref. 68).  

Other causes of premature failure due to the coating, primarily with aluminide coatings, is reported 
due to crack initiation at defects such as undesirable phases (Ref. 62) and Kirkendall-type porosity formed 
in the coating (Ref. 69). Other researchers have reported premature failure due to crack initiation at small 
grit particles remaining at the interface between the coating and substrate after a standard pre-coat grit 
blast treatment (Refs. 66 and 70). Although this latter cause of failure is not directly caused by the 
coating, it should be noted that even a routine and accepted pre-coat treatment such as grit blasting, 
commonly used before overlay coating deposition by plasma spraying, can have a detrimental effect on 
the fatigue life.  

Coating Requirements for Disks 

Since coatings appear to be the most promising means of protecting disks from oxidation and hot 
corrosion attack, these coatings must be carefully chosen so as to provide adequate environmental 
protection while minimizing any detrimental effect on the fatigue life (Refs. 5 and 17). Obviously, the 
overall coating requirement is that the coating must provide oxidation and hot corrosion protection 
(Ref. 7). This implies formation of either an alumina or chromia scale on the surface. However, 
coating/substrate interdiffusion, especially for thin coatings, can reduce the level of the Al or Cr in the 
coating as it diffuses into the substrate, while undesirable elements (e.g., Mo or Ti) from the substrate can 
diffuse to the coating surface degrading the oxidation and corrosion protection. Therefore, a desirable, but 
challenging requirement for a coating would be low interdiffusion rates between the coating and 
substrate, or the inclusion of a diffusion barrier (Ref. 5).  

The second general requirement of a coating is that it must have a minimal detrimental effect on the 
LCF life of the disk (Refs. 19 and 61). This requirement has several aspects. First, surface cracking in the 
coating must be minimized since oxidation and hot corrosion attack can occur within the cracks resulting 
in more rapid crack propagation leading to failure. Therefore, since brittle coatings are more likely to 
crack, coatings with a high ductile-brittle transition temperature (DBTT) are to be avoided. Similarly, 
cracking can result from a mismatch in the materials properties between the coating and substrate. Hence, 
material properties (e.g., Young’s modulus, yield strength, coefficient of thermal) between the coating 
and substrate should be matched as best as possible.  

Another requirement is that coating formation (e.g., for aluminides), or post-coat interdiffusion of the 
coating and disk, should not produce any deleterious phases, such as topologically close-packed (TCP) or 
acicular-shaped (Ref. 62) phases which could initiate or help propagate cracks in the coating. Likewise, 
any coating deposition process or pre-coat treatment, which results in cracks, pores, or foreign debris 
within the coating or at the coating/substrate interface, should also be avoided or the defects minimized. 
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These internal defects, which can initiate cracks, have been observed as Kirkendall porosity associated 
with aluminide formation (Ref. 69), oxide particles within the coating associated with plasma spraying, 
and oxide grit remaining at the coating/substrate interface following a pre-coat grit blast of the surface 
(Refs. 66 and 70). Another requirement concerns the roughness of the surface after coating. It is well 
known that oxidation and hot corrosion will typically result in surface initiated cracking since the 
environmental attack can change the surface morphology (e.g., pitting or grain boundary oxidation) 
(Ref. 14). The number of potential crack initiation sites at the surface is enhanced with a rough surface. 
Therefore, the coating surface should be as smooth as possible before any environmental exposures in 
order to minimize surface initiated cracking (Ref. 13). This requirement also applies to the surface 
roughness following a post-coat processing treatment, such as shot peening, so that any benefit of the 
treatment be balanced with any potential increase in surface cracking due to increased surface roughness 
(Ref. 13). Furthermore, coating/substrate interdiffusion (C/S) should not result in the recrystallization of 
the disk, which can result in less-than-optimal grain sizes or loss of important grain boundary 
strengthening carbides reducing the resistance of the substrate to crack initiation and propagation. Lastly, 
temperatures during coating formation or post-coat anneals must not significantly affect the disk 
microstructure (i.e., grain size, grain boundary carbides, etc.) which has been optimized for strength and 
fatigue resistance. For instance, some aluminide processing, or MCrAlY post-coat diffusion anneals are 
carried out at temperatures at or above 1000 °C which could coarsen the size of the fine γ' particles of the 
disk alloy.  

Hence, some obvious coating requirements for protecting disks are: 
 
(1) Coatings must provide oxidation and hot corrosion protection at the temperatures of interest with 

low rates of C/S interdiffusion. 
(2) Coatings must not significantly degrade the LCF behavior of the disk substrate. 

a. Ductile coating with a low DBTT  
b. Good coefficient of thermal and material property match to the disk substrate  
c. Minimal pore or deleterious phase formation 
d. Surface must be as smooth as possible to minimize surface initiated cracking 
e. No substrate recrystallization 
f. Coating deposition or post-coat processing must not significantly affect the disk microstructure. 

 
Since it is generally recognized that aluminide coatings are more brittle (higher DBTT) than MCrAlY 
coatings (Ref. 17), the latter may be preferred for disks where fatigue is critical. For MCrAlY coatings, 
CoCrAlY coatings are generally better than NiCrAlY or NiCoCrAlY for providing Type II hot corrosion 
protection at lower temperatures (Ref. 17). However, CoCrAlY coatings tend to be more brittle than 
NiCrAlY coatings and possess higher DBTT (Ref. 17) suggesting Ni-based MCrAlY coatings may be 
preferable for disk applications. The composition of a NiCrAlY-type coating can be adjusted to give a 
balance between the corrosion resistance and the coating ductility (Ref. 5). In addition, since disk 
operating temperatures are generally below 750 °C, coatings with significant Cr may be better candidates 
for hot corrosion protection since Cr is known to provide the best protection against low-temperature, 
Type II hot corrosion (Refs. 5, 7, 8, 17, 18, 71, and 72). At these intermediate temperatures, higher Cr 
with lower Al levels should also provide sufficient oxidation protection while increasing ductility. 
Addition of small amounts of oxygen-active elements (e.g., Y) enhance oxide-scale adhesion and can 
reduce the oxide growth rate (Refs. 5, 7, and 18).  
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Consequently, in the present study, NiCr-Y coatings were selected for oxidation and hot corrosion 
protection of disk alloys. These coatings were selected following the design philosophy stated by Misra 
(Ref. 11) that a disk coating should be “thin and ductile”. Presumably, a NiCr-Y coating would be one of 
the most ductile of the MCrAlY’s while forming a protective Cr2O3 scale for both oxidation and hot 
corrosion protection in the temperature range of interest (700 to 760 °C). It was hoped that the low 
operational temperatures associated with disks (650 to 750 °C) would minimize interdiffusion since most 
diffusion barriers consist of thin refractory, oxide, or nitride layers (Ref. 5) which could be brittle, crack 
and initiate cracks into the substrate. As suggested above, small additions of Y were included primarily to 
improve oxide scale adhesion (Ref. 7). Interdiffusion of a NiCr-Y coating and typical Ni-base disk 
superalloys was not expected to precipitate any deleterious phases. Lastly, deposition by physical vapor 
deposition (PVD) would allow relatively low processing temperatures which would not degrade the 
microstructure of the disk alloy as well as produce a relatively clean coating free of oxide particles.  

Three basic NiCr-Y coating compositions and two different coating thicknesses were examined to 
determine the effect of both coating composition (Cr content) and coating thickness on the LCF life. 
Varying the Cr content allowed not only the environmental resistance to be evaluated at three different 
Cr levels, but also the coating ductility assuming the lower Cr level would be more ductile. Varying the 
coating thickness would confirm the premise that thin coatings were preferred over thick coatings when 
evaluating the LCF life. The thinner coating thickness selected in this study (~20 µm) was generally less 
than that for most MCrAlY overlay coatings (>75 µm). There was also some indication, based on early 
studies with ZrO2-Y2O3 thermal barrier coatings used in marine engines, that these coatings helped protect 
against hot corrosion even though the outer portion of the coating spalled leaving only a thin ZrO2-Y2O3 
layer. Hence, a thin, outer ZrO2 layer over the NiCr-Y coating was also examined.  

This study is being reported in two parts. This first report describes the coating microstructure and 
morphology and measured LCF lifetimes with and without the NiCr-Y coatings. Post-test characterization 
determined the role of the coating in the primary crack initiation site. A following report describes the 
LCF life after shot peening, oxidation and hot corrosion exposures. Comparison of the LCF lifetimes in 
both reports was used to identify the most promising coatings for protecting disk alloys.  

Experimental 
Alloy Composition and Geometry 

Two compositionally similar disk alloys, designated LSHR (Ref. 73) and ME3 (Refs. 32 and 74), 
were used in this study. Typical analyzed compositions are given in Table 1. LCF specimens of these 
alloys were machined from heat-treated rectangular specimens taken from forged disks. Details of the 
disk consolidation, heat treatment, and LCF specimen fabrication are given elsewhere (Refs. 15, 16, 73, 
and 74). Two sizes of the LCF specimens were used; a larger specimen with the ME3 alloy with a test 
section diameter of 6.35 mm and a smaller, threaded specimen for the LSHR alloy with a test section 
diameter of 4.80 mm. In addition, 1-2 characterization pins of the ME3 alloy were also coated with each 
set of LCF specimens. The diameter of the pins was the same as the larger LCF specimen (φ = 6.35 mm). 
Macrographs of the two LCF specimen sizes and a characterization pin are shown in Figure 1. Machining 
in the reduced diameter test section of the LCF specimens was performed by low stress grinding (LSG) to 
a surface finish of 0.8 µm Ra (~32 µin. RMS) leaving circumferential grinding marks on the surface 
which can be detrimental during LCF testing. Hence, the final machining step for both LCF specimen 
sizes was mechanical polishing in the longitudinal direction to a specified surface finish less than 0.2 µm 
Ra (~8 µin. RMS) such that all polishing marks were in the longitudinal direction as can be seen in 
Figure 1(b).  
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TABLE 1.—COMPOSITION OF LSHR AND ME3 ALLOYS (wt%) 
 Ni Co Cr Al W Ta Mo Nb Ti Zr B C S O2 

LSHR 50.14 20.4 12.3 3.49 4.24 1.59 2.72 1.51 3.48 0.05 0.027 0.047 0.0011 188 ppm 

ME3 50.48 20.6 13.0 3.23 1.97 2.38 3.73 0.89 3.59 0.048 0.02 0.057 Not 
analyzed 

Not 
analyzed 

 

 
Figure 1.—(a) Pin, small and large LCF specimens, (b) SEM image of the reduced gage section of an LCF specimen 

showing the longitudinal polishing marks on a finished LCF specimen. 
 
Typical surface roughness measured on a specimen after the longitudinal polishing was 0.147±0.011 µm 
Ra1. Measurement of the depth of the most prominent scratches on the surface showed depths as great as 
1 to 1.3 µm, however, because of the longitudinal orientation of the fine polishing marks, they have not 
been observed to be a factor in crack initiation of uncoated specimens.  

LCF specimens and pins were coated by plasma enhanced magnetron sputtering (PEMS) at the 
Southwest Research Institute (SwRI) in San Antonio, Texas. The PEMS coater contained two opposing 
targets in a horizontal orientation so that the samples could be hung and rotated between the targets. For 
sample fixturing, the coater contained a planetary fixture with six positions, which allowed up to six 
specimens to be uniformly coated during a single coating run. However, by coupling some of the smaller 
LCF specimens and pins, up to six specimens (two large, four small) and two pins (coupled to two small 
specimens) were coated in a single run.  

Table 2 shows the coating designations, targets used, resulting coating thicknesses, measured Cr 
content and the order for the six coating runs. A target of Ni-27Cr-0.1Y was used for five of the runs. For 
three of these five runs, a pure Cr source was used as a second target. By varying the power to the pure Cr 
source, higher Cr concentrations in the coatings were produced. For the sixth run, a Ni-35Cr-0.1Y target 
was used in one target and a Zr source was used as the second target to produce a thin, outer layer of 
ZrO2 over the NiCr-Y layer by reactive sputtering with oxygen. Although it is possible that the as-grown   
                                                      
1Roughness (Ra) measured using a Zygo NewView 7200 optical profilometer using a 20X objective, Res. 1.10 µm, no filters. 
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TABLE 2.—COATING DESIGNATIONS, TARGETS, COATING THICKNESSES, 
CR CONTENT OF DEPOSITED COATINGS AND RUN ORDER 

Coating designation Target 1, 
wt% 

Target 2, 
wt% 

Coating thickness,a 
µm 

Cr content of 
deposited coating,b 

wt% 

Run order 

Low Cr, Thin Ni-27.3Cr-0.12Yc ----------- 20.4±0.6 29.1 1 

Med Cr, Thin Ni-27.3Cr-0.12Y 100% Cr 21.5±0.9 37.0 2 

High Cr, Thin Ni-27.3Cr-0.12Y 100% Cr 19.8±1.9 44.4 3 

Low Cr, Thick Ni-27.3Cr-0.12Y ----------- 37.6±4.2 28.9 4 

Med Cr, Thick Ni-27.3Cr-0.12Y 100% Cr 41.0±0.8 35.2 5 

Med Cr+ZrO2, Thin Ni-35Cr-0.15Yd 100% Zre 19.3±1.0 34.8 6 
aThickness measured on pins after 16N-200 percent shot peen and 8 hr low PO2 diffusion anneal 
bComposition measured by EDS 
cAnalyzed composition, nominal given as Ni-28Cr-0.15Y 
dNominal composition 
eOxygen was bled into the chamber to reactively sputter a thin ZrO2 layer 
 
Zr-O layer was oxygen deficient after sputtering, it is expected to form stoichiometric ZrO2 after the short 
anneal at 760 °C described below and will be referred to as ZrO2 hereafter. Longer sputter times, as well 
as higher power to the guns, produced thicker coatings. Hereafter, coatings will primarily be referred to 
by the coating designation shown in the leftmost column of the table. The Low Cr, Thin coating will be 
considered the baseline for both Cr content (29.1 wt%) and thickness (20.4±0.6 µm).  

Ends of the LCF specimens were masked with two layers of metal foil so no coating would be 
deposited on any threaded area or where the grips for LCF testing would be attached (Figure 2). 
Metallographic cross-sections of the coated pins were used for characterization of the coating 
composition using a scanning electron microscope (SEM) with energy dispersive spectroscopy (EDS). 
Coating thicknesses were measured using both optical microscopy and SEM.  

Low PO2 Diffusion Anneal 

Each of the coated specimens and pins were given a short thermal anneal at 760 °C for 8 hr in an 
environment with a low partial pressure of oxygen (PO2). The purpose for this anneal was two-fold, 
firstly, to allow some interdiffusion and bonding between the coating and substrate prior to further 
processing, and secondly, to promote the formation of a Cr2O3 oxide scale on the coating surface. The low 
PO2 environment was achieved by flowing ultra-high purity (99.999 percent) Ar gas (UHP Ar) past a coil 
of Ni foil at 760 °C. This procedure was performed in a horizontal tube furnace capable of being 
evacuated to a pressure <30 mTorr, with repeated backfilling with the UHP Ar. The Ni foil established an 
equilibrium partial pressure of O2 equal to that of the free energy of formation of NiO at 760 °C, given as 
1.4×10–15 atm (Ref. 75) (SGPS - SGTE pure substances database). At this oxygen pressure, only the Cr 
and Y would oxidize on the surface of the coating. Furnace ramp for heating to 760 °C was 4 hr. The Ni 
foil was “rejuvenated” approximately every eighth run when annealed samples began showing some 
tarnish on the surface which usually appeared on the upstream end of an LCF specimen. The Ni foil was 
rejuvenated by passing Ar-5%H2 over the coiled Ni at 1000 °C for 6 hr.  
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Figure 2.—Large fatigue specimen showing 

the inner and outer metal masks with 
exposed test section to be coated. 

LCF Testing 

Fatigue cycling was conducted in air on all test specimens using a servo-hydraulic test machine with a 
resistance heated furnace integrated to enclose the specimen and specimen grips. Stress was consistently 
cycled between maximum and minimum stress values of 841 and –427 MPa in each cycle using a 
saw-tooth waveform at a frequency of 0.33 Hz. These stresses corresponded to the stabilized maximum 
and minimum stresses produced by tests run on this material with strain cycled at a strain range of 
0.76 percent and strain ratio (minimum/maximum strain) of 0 at 760 °C. However, in the present tests, 
stress was cycled, and an extensometer was not used to contact the coated specimen surface for measuring  

strain so as to avoid any contact and interaction with the coating. Previous testing of the ME3 alloy at this 
strain range at 760 °C resulted primarily in surface-initiated cracks leading to failure (Ref. 32). Hence, 
this strain range was selected in order to magnify the effect of the coating with regard to surface-initiated 
cracking leading to failure. Two specimens of each of the six coating compositions were tested. For 
comparison to a baseline, uncoated specimens were also tested with the longitudinal surface polish. The 
uncoated specimens did not receive the 8 hr low PO2 diffusion anneal. After testing, the fracture surfaces 
were examined using the SEM to examine the location of the primary crack leading to failure. The 
fractured specimen was then rotated in the SEM and the surface of the LCF specimen was examined in 
the same area as the primary crack initiation point. This location was selected such that as the primary 
crack propagated into the specimen, stress in the coating along the axis in either direction from the crack 
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was relieved and likely showed minimal further growth whereas the cracks opposite the initiation site of 
the primary crack usually showed wide crack displacements which likely occurred shortly before fracture.  

Following the SEM examination of the fracture surface and the side of the specimen, cuts were made 
in the specimen to allow metallurgical mounting and polishing and the coating. Specimens were 
examined both perpendicular to the specimen axis as well as parallel to the specimen axis using optical 
microscopy and SEM, in order to sufficiently evaluate the coating morphology and cracks which had 
developed in the coating and substrate.  

Results 
Coating Surface 

SEM images of the as-deposited surface of each coating are shown in Figure 3. Small oval defects, 
commonly referred to as spits (a.k.a. droplets, nodules or macros) (Ref. 76) are evident on each of the 
coatings with the largest number on the High-Cr, Thin coating. These spits are believed to occur when 
molten droplets of the target material are ejected due to arcing within the sputtering gun. They are often 
poorly bonded and lost from the coating becoming a source of a common “pinhole” defect (Ref. 76). It is 
also apparent in Figure 3 that some of the coatings show fine black lines along the LCF specimen axis. 
Higher magnification images in Figure 4 show that, in addition to the spits, there is a distinct coating 
texture following the rod axis with the presence of what appear to be occasional fine cracks along the 
axis. Since these fine “cracks” form during coating deposition, they will be referred to as linear gaps to 
differentiate them from fatigue cracks which form perpendicular to the specimen axis during fatigue 
testing. It appears that the fine texture in the coating, apart from the linear gaps, is reflecting the 
longitudinal polishing marks originally on the surface of the LCF specimen. This reflection of the 
substrate surface by the coating was further confirmed by examining the surface of some of the 
characterization pins, which did not receive a final longitudinal polish but had fine polishing marks 

 

 
Figure 3.—Low magnification BSE-SEM images of the coated surface for each of the coatings. (a) Low Cr, Thin, 

(b) Med Cr, Thin, (c) High Cr, Thin, (d) Low Cr, Thick, (e) Med Cr, Thick, (f) Med Cr+Zr-O, Thin. The LCF 
loading axis is vertical for each of the images as indicated in the inset.  
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Figure 4.—Higher magnification (a,c) SEI and (b,d) BSE SEM images of the coating 

surface for the Low Cr, Thin coating showing the “cracks” and coating texture oriented 
along the loading axis. The LCF loading axis is vertical for each of the images.  

 
around the circumference, perpendicular to the pin axis. For these pins, the surface texture and the linear 
gaps were in the circumferential direction following the polishing marks. For growth of a typical thin 
sputtered coating (<1 µm thick), it would be expected that the coating morphology would follow that of 
the surface, however it was somewhat surprising to see the same fine texture of the substrate reflected in 
the surface of such a thick (~20 µm) coating. 

The spits, as is commonly observed, did not appear to be well bonded to the surrounding coating and 
later processing indicated that they were sometimes dislodged and lost from the coating. Figure 5(a) 
shows a linear gap passing around a spit indicating a weak bond with the coating. A linear gap passing at 
the edge of a spit, shown in Figure 5(b), shows little interaction between the spit and the linear gap. The 
spits were not uniformly located across the specimen surface. Varying densities of spits on the surface are 
shown in Figure 5(c) and (d). For environmental protection (oxidation and hot corrosion), both the linear 
gaps and the weak interface at the spits were a concern, especially if loss of a spit during later processing 
could expose the substrate to corrosive reactants. Since the linear gaps ran parallel to the specimen 
loading axis, it was not known if these defects would have a detrimental effect on the LCF life. Certainly 
any cracks or linear defects in an orientation perpendicular to the specimen loading axis would be a major 
concern.  
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Figure 5.—SEM images (a,b) showing the linear gaps interacting with spits, and (c,d) 

showing the non-uniformity of spits on the surface. The LCF loading axis is vertical for 
each of the images. Coating ID’s are shown in the upper left corner of each image. 

Coating Microstructures 

Representative polished cross-sections of the six coatings are shown in Figure 6. Unfortunately, 
cross-sections of the as-deposited coatings were not available, so the images shown are after an 8 hr low 
PO2 diffusion anneal and LCF testing to failure, both at 760 °C. The total exposure time at 760 °C is 
noted in the lower left corner of each image. Images are arranged according to Cr concentration at the 
same approximate thickness in Figure 6(a) to (c) with the thicker coatings shown in Figure 6(d) and (e). 
Hence, comparing Figure 6(a) and (d) shows the thickness variation for the low Cr concentration 
(29 %Cr) and the thickness variation at the intermediate Cr composition (35 to 37 %Cr) in Figure 6(b) 
and (e). The Ni-35Cr coating with the thin ZrO2 outer layer (Med Cr+ZrO2, Thin), which was also the 
thinnest overall coating, is shown in Figure 6(f). The darker appearance of the High Cr, Thin coating 
(44 %Cr) is due to the presence of a second phase (Figure 6(c)). Because these views are perpendicular to 
the LCF specimen axis, the linear gaps, which mirror the polishing marks along the pin axis, are apparent 
in most of the coatings. Some of these linear gaps intersect the surface while others appear to initiate at 
the coating/substrate interface or appear within the coating and indicate the columnar growth of the 
coating.  
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Figure 6.—SEM images of polished cross-sections for each of the coatings after the 8 hr, 760 °C low PO2 diffusion 

anneal and LCF testing. The total time at 760 °C, including the 8 hr diffusion anneal and the LCF testing, is shown 
with the coating ID in the lower left of each image. The section was made perpendicular to the LCF loading axis 
away from the fracture surface. The micron marker shown in (a) applies for each image. 

 
The second phase particles in the High Cr, Thin coating are shown more clearly in Figure 7(a) and 

(d). EDS analysis (Figure 7(b)) showed these particles to be very high in Cr and are the BCC α-Cr phase 
(Ref. 16). The phase diagram (Ref. 77) shown in Figure 7(c) shows a relatively good match between the 
expected Cr concentration of the γ FCC matrix phase and that measured using EDS. It is somewhat 
surprising that the α-Cr particles are somewhat larger in the inner half of the coating (Figure 7(a) and (d)). 
A spit, which penetrates over a third of the coating depth, is also evident in Figure 7(d). The α-Cr phase 
was also observed at a much lower volume fraction in the Med Cr coatings, as shown in Figure 8(a) and 
(b) and a slightly lower volume fraction of this phase was observed in the Low Cr coating (Figure 8(c) 
and (d)). Although particles were distributed throughout the Low Cr coating, it was somewhat surprising 
to see a slightly higher volume fraction near the outer surface, with particles at, or within microns of the 
surface (Figure 8(d)). Oxidation at the surface would be expected to selectively form Cr2O3 and reduce 
the near-surface Cr concentration and result in a layer depleted of the high-Cr α phase. Perhaps because 
of the relatively short exposure time (~18 hr at 760 °C), there was little consumption of Cr in the coating. 
The α-phase recession after 500 hr oxidation will be clearly shown in a companion study (Ref. 78). 

The thin Zr-O layer on the Med Cr-ZrO2, Thin coating is shown in Figure 9(a) to (c). EDS analysis of 
the outer layer showed a high Zr and O concentration and was likely ZrO2-x where the x indicates the 
possibility of some oxygen deficiency. There was a very thin, dark layer of Cr-rich oxide below the ZrO2 
layer. It is not known if this layer formed during deposition of the Zr, or by oxygen transport through the 
ZrO2 layer during the low PO2 anneal or during LCF testing. Cr-rich oxide was apparent in one of the 
linear gaps that intersected the surface. The cusps bordering the top of this gap further suggest that these 
linear gaps develop during growth of the Ni-35Cr-Y coating and not by some fracture or cracking of the 
coating following coating deposition. The Cr2O3 formation in the gap (Figure 9(c)) may have formed as a 
result of excess oxidation during the deposition of the ZrO2 layer or during the 8 hr low PO2 diffusion 
anneal.  
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Figure 7.—(a) BSE image of the High Cr, Thin coating showing the second-phase particles (dark). (b) Comparison of 

EDS spectra, normalized to the same Cr peak height, and ZAF analysis results showing that the dark particles are 
high in Cr (~87%) while the matrix is ~36 %Cr. (c). Ni-Cr phase diagram showing that the high-Cr particles are the 
BCC α-Cr phase and the Cr concentration in the γ-FCC matrix phase is ~34 wt. (d). Image showing a spit (circled) 
and the uneven distribution of the α particles. 
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Figure 8.—BSE images showing the second phase α-Cr particles (medium gray) distributed throughout the (a,b) 

Med Cr, Thin coating, and (c,d) Low Cr, Thin coating. Yellow arrows indicate the location of some of the 
particles. (b,d) Magnified views of the red boxes shown in (a,c), respectively. The total time at 760 °C, including 
the 8 hr diffusion anneal and the LCF testing, is shown with the coating ID in the lower left of images (a,c). 

 

 

 
Figure 9.—(a-c) BSE images of the Med Cr+Zr-O, Thin coating showing progressively higher magnifications of the 

thin Zr-O layer and one of the linear gap defects which contains some Cr-rich oxide. There is also the indication 
of a Cr-rich oxide (thin dark layer) below the Zr-rich layer. 
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There were many other coating defects observed in these coatings. Some of the linear gaps were 
observed to penetrate to the substrate (Figure 10(a)). Spits were observed at the surface as well as interior 
to the coating (Figure 10(b)), and on the High Cr, Thin coating regions were observed where the coating 
appeared missing/lost (Figure 10(c)). The Med Cr, Thick coating showed regions with large numbers of 
wide linear gaps (Figure 10(d)). 
 

 
Figure 10.—(a-d) BSE images showing various defects observed on several of the samples. LCF specimens were 

sectioned after the 8 hr low PO2 diffusion anneal and LCF testing. The section was made perpendicular to the 
LCF loading axis away from the fracture surface. 
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LCF Testing 

LCF testing at 760 °C was performed on LSHR-coated specimens with each of the coatings, and 
comparisons were made by testing the ME3 substrates with the Low Cr, Thin coating. All coated LCF 
specimens were tested after receiving the 8 hr low PO2 diffusion anneal. For further comparisons, 
uncoated LSHR specimens were also tested under the same LCF test conditions but without the 8 hr low 
PO2 anneal. The fatigue life results for the coated and uncoated specimens are shown in Figure 11. The 
LCF lives for each specimen are given in Table 3 as well as the total time at 760 °C for each specimen 
which includes the time during LCF testing as well as the 8 hr diffusion anneal for the coated specimens. 
Clearly, in comparison to the uncoated specimens, applying the coatings and giving the 8 hr low PO2 
diffusion anneal degraded the LCF life of the coated disk alloy. The High Cr, Thin coating showed the 
best LCF life whereas the Low Cr, Thick coatings yielded the lowest LCF life. There was no significant 
difference in the LCF life between the LSHR and ME3 substrates coated with the Low Cr, Thin coating. 
Clearly, the LCF life increased with Cr content for the thin coatings. Although the LCF lives were lowest 
for the thick coatings, the lives also increased slightly from the Low Cr to the Med Cr samples. The 
addition of the ZrO2 top layer to the Med Cr, Thin coating had little effect on the LCF life, as seen by 
comparing the Med Cr, Thin coatings to the Med Cr+ZrO2, Thin coatings. It should be noted that 
although the uncoated specimens did not receive the 8 hr low PO2 diffusion anneal, time at 760 °C for the 
specimens was similar when the time of LCF testing at 760 °C was taken into account, as shown in the 
“Total Time at 760 °C” column in Table 3. Hence, it is unlikely that the 8 hr low PO2 anneal given only to 
the coated specimens significantly degraded the LCF life of those coatings.  
 

 
Figure 11.—LCF life for the uncoated and coated specimens. The coated specimens were tested after the 

low PO2 treatment. Note the logarithmic scale.  
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TABLE 3.—ALLOY, COATING DESIGNATION, CR CONTENT, THICKNESS AND LCF LIFE, TOTAL TIME AT 760 °C 
Alloy Coating designation Cr content, 

wt%a 
Coating 

thickness, 
µmb 

LCF life, 
cycles 

LCF test time, 
hrc 

Total time at 
760 °C, 

hrd 
LSHR Uncoatede ---- --- 55,123 45.9 45.9 
LSHR Uncoatede ---- --- 46,025 38.4 38.4 
LSHR Uncoatede ---- --- 49,879 41.6 41.6 
LSHR Low Cr, Thin 29 20 11,833 9.9 17.9 
LSHR Low Cr, Thin 29 20 13,201 11.0 19.0 
ME3 Low Cr, Thin 29 20 11,362 9.5 17.5 
ME3 Low Cr, Thin 29 20 15,371 12.8 20.8 
LSHR Med Cr, Thin 37.0 21 17,648 14.7 22.7 
LSHR Med Cr, Thin 37.0 21 16,039 13.4 21.4 
LSHR High Cr, Thin 44 20 32,161 26.8 34.8 
LSHR High Cr, Thin 44 20 33,979 28.3 36.3 
LSHR Low Cr, Thick 29 38 9,878 8.2 16.2 
LSHR Low Cr, Thick 29 38 10,090 8.4 16.4 
LSHR Med Cr, Thick 35 41 11,000 9.2 17.2 
LSHR Med Cr, Thick 35 41 11,755 9.8 17.8 
LSHR Med Cr+ZrO2, Thin 35 19 15,452 12.9 20.9 
LSHR Med Cr+ZrO2, Thin 35 19 18,600 15.5 23.5 

aComposition measured by EDS 
bThickness measured on pins after 16N-200 percent shot peen and 8 hr low PO2 diffusion anneal 
cTotal time at 760 °C during LCF testing 
dTotal time at 760 °C including 8 hr diffusion anneal 
eUncoated specimens did not receive the 8 hr diffusion anneal 

Fracture and Coating Surfaces 

Following the LCF testing, failure initiation sites were identified for each failed specimen. For these 
specimens, crack initiation sites were relatively easy to identify optically at relatively low magnifications, 
as shown in Figure 12. In both specimens shown in this figure, failures were initiated by a single crack 
identified as the primary failure crack. The initiation site for this crack is indicated by the yellow triangle 
in the figure. However, in Figure 12(b), several other secondary cracks (red triangles) had obviously 
initiated at different locations in addition to the primary failure crack. SEM was used to follow typical 
crack growth patterns for fatigue failures to identify and examine the initiation site of the primary failure 
crack. The intent was to identify whether the crack initiated at the surface, or at an internal flaw within the 
substrate. The failure initiation site of one of the Low Cr, Thin coated specimen is shown in Figure 13. 
The initiation site for this specimen was at the surface. A closer examination of the site indicated the 
presence of two spits in the coating, which are seen to penetrate nearly through the coating (Figure 13(c)). 
It is likely that these spits initiated the fatigue crack which grew to become the primary failure crack.  

After identifying the crack initiation site for the primary failure crack, the specimen was rotated and the 
coated surface of the specimen was also examined in the region where the primary failure crack initiated. 
Although linear gaps parallel to the loading axis were observed after coating (Figure 3 and Figure 4), 
numerous fatigue cracks perpendicular to the loading axis can also be seen in Figure 14. A closer 
examination indicated that most of these cracks are associated with large and small spits (Figure 14(b) to 
(d). Hence, based on Figure 13 and Figure 14, it appears that for this specimen, fatigue cracks initiated at 
spits in the coating with one crack propagating into the substrate as the primary failure crack. However, for a 
small number of specimens, one of the longitudinal linear gaps appeared to be the primary crack initiation 
site, as shown in Figure 15. A close examination of Figure 15(b) shows that this linear gap extended through 
the coating to the substrate. Because these linear gaps are parallel to the loading axis, they were not expected 
to significantly contribute to the perpendicular fatigue crack growth but may have  
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Figure 12.—a,b. Optical images of the fracture surfaces after LCF testing showing crack initiation sites with 

the primary failure crack initiation site oriented to be at the top (yellow triangle). Other significant cracks are 
indicated with red triangles. 

 

 
Figure 13.—BSE images of the fracture surface showing the crack initiation site (yellow triangle). Clearly 

visible in (c) is the location of two spits in the coating which appear to penetrate most of the coating. 
(Low Cr, Thin coating).  
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Figure 14.—BSE (a-c) images of the surface of the LCF specimen after testing showing the formation of cracks 

parallel and perpendicular to the LCF loading axis. (d) SEI image showing cracks associated with two spits. 
(Low Cr, Thin coating). 

 
precipitated crack initiation of a perpendicular fatigue crack, as suggested in Figure 15. However, it is not 
certain whether the linear gap initiated the primary fatigue crack, or was simply present near the primary 
crack initiation site. EDS of the specimen gage surfaces indicated elevated Cr and O levels, consistent 
with the formation of principally chrome oxide on both uncoated and coated specimen surfaces.  

For the Low Cr, Thin, Low Cr, Thick, and Med Cr+ZrO2, Thin specimens, spits were clearly 
identified at the primary crack initiation sites, similar to that shown in Figure 13. For the Med Cr, Thin 
and Med Cr, Thick specimens, linear gaps parallel to the loading axis were apparent at the primary crack 
initiation sites. Each of the specimens had obvious fatigue cracks on the surface perpendicular to the 
loading axis, similar to those seen in Figure 14(b) and Figure 15(c). Many of these perpendicular fatigue 
cracks were associated with a spit on the surface, as shown in Figure 13 and Figure 14. Unlike the other 
coatings, the Med Cr, Thick coating showed a gap between the coating and substrate in views of the 
fracture surface (Figure 16(a)) and evidence of a poor bond between the coating and substrate near the 
site of the primary crack initiation (Figure 16(b)). On the side of the gage section, there were large 
numbers of longitudinal cracks in the coating running parallel to the loading axis as well as the expected 
fatigue cracks running perpendicular to this axis (Figure 16(c)). Cracks both parallel and perpendicular to 
the loading axis appeared longer and wider for this coating. In contrast to the extensive surface cracks for  
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Figure 15.—BSE (a,c) and SE (b) images of the fracture surface of the LCF specimen showing the site of crack 

initiation at a linear gap parallel to the loading axis which has penetrated through the coating (see arrows in (b)). 
Fatigue cracks perpendicular to the loading axis are shown in (c) where two of the linear gaps parallel to the 
loading axis (vertical in the image) are highlighted by the yellow arrows. An EDS spectra (d) of the surface in (c) 
shows that the surface oxide is high in Cr. (Med Cr, Thin coating). 

 

the Med Cr, Thick coating, far fewer perpendicular fatigue cracks were observed with the Med Cr+ZrO2, 
Thin coating (Figure 17). This thin, two-layer coating again mirrored the pattern of the longitudinal 
polishing marks on the LCF specimen (Figure 17(b)). Fine, linear gaps (vertical in the image) were 
present but could only be discerned at higher magnification (see yellow arrowheads in Figure 17(b)).  

For the two specimens with the High Cr, Thin coating, which exhibited the highest LCF lives of the 
coated specimens, a spit-like defect was observed in the coating at the primary crack initiation site in one 
of the specimens (Figure 18(a) and (b)) but no obvious spit or linear gap was observed in the second 
specimen. Examination of the coated sides of both specimens showed an unusually high number of 
perpendicular fatigue cracks (Figure 18(c) and (d)). In the one specimen (Figure 18(c)), the cracks appear 
much wider than for other specimens. Since these two specimens experienced nearly twice the number of 
fatigue cycles as other specimens, the high number of fatigue cracks may be related to this higher number 
of cycles. However, it may be that the High Cr coating has a higher propensity for developing fatigue 
cracks.  
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Figure 16.—SE images of the fracture surface of the Med Cr, Thick coated specimen showing (a) a gap between 

the coating and substrate, and (b) coating sections indicating a poor bond to the substrate (yellow oval) at a 
location near the crack initiation site (yellow arrow). (c) BSE image showing large numbers of longitudinal cracks 
parallel to the loading axis in addition to the expected perpendicular fatigue cracks. 

 

 
Figure 17.—BSE images of the coated surface of the Med Cr+Zr-O, Thin coating after LCF testing showing 

few spits, few perpendicular fatigue cracks, and fewer vertical (parallel to loading axis) cracks (indicated by 
the yellow arrowheads). 
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Figure 18.—BSE (a,c,d) and SE (b) images of the fracture surface and coated surface after LCF testing of the 

High Cr, Thin coating. A defect in the coating (yellow circle in (b) was located at the primary crack initiation 
site. An unusually large number of perpendicular fatigue cracks are shown in (c,d) which were taken on 
different tested LCF specimens with the High Cr, Thin coating. (Note the difference in magnification 
between (c) and (d).) 
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Uncoated Specimens 

For comparison, the fracture surfaces of the three uncoated specimens were also examined, and the 
fracture surfaces of two specimens are shown in Figure 19(a) and (b). The primary crack initiation site for 
all three specimens was at the surface, similar to the coated specimens, although a second, smaller 
internally initiated site was observed for one of the specimens (circular area in Figure 19(b)). On the 
surface of the specimens, very small cracks were apparent which were easily identified by the growth of 
oxide protruding from the cracks (Figure 19(d) and (e)). Magnified views of the surface (Figure 20) 
shows that the oxide formation follows the pre-test texture of the longitudinal polishing lines aligned with 
the loading axis. This oxide formed during the LCF testing since it should be noted that the uncoated 
specimens received no low PO2 diffusion anneal prior to testing. The hot exposure time at 760 °C for each 
of the uncoated specimens was 38.4 to 45.9 hr (Table 3). Because the oxide scale was relatively thin, EDS 
spectra of the overall surface at lower magnifications (e.g., Figure 19(d) and Figure 20(a)) generally 
reflected the overall alloy composition with somewhat enhanced peaks for Cr, Ti and Al (Figure 21(a)). 
EDS spectra of the somewhat thicker oxide at the cracks showed dominant peaks for Cr with enhanced 
peaks for Co or Ti (Figure 21(b)). It was unknown what role the fine, longitudinal polishing marks had, if 
any, in helping to initiate the fatigue cracks. The location of the primary failure crack initiation site for 
one of the specimens is indicated with the yellow arrowhead in Figure 22(a). The most distinguishable 
polishing marks in this image are indicated by red arrowheads and lie on either side, but not at the site of 
crack initiation suggesting the longitudinal polishing marks may play little or no role in the initiation of 
the primary failure crack. Magnified views of the surface show that small polishing marks are present 
across the surface and typically pass through most of the fatigue cracks. Hence, for the uncoated specimens, 
it is not expected that the fine polishing marks play any significant role in initiating the fatigue cracks. 

 

 
Figure 19.—BSE (a-c) images of the fracture surface of two of the uncoated specimens after LCF testing. The 

primary crack initiation site is indicated with yellow markers. Note the second, smaller internal initiation site in 
(b). SE (d) and (e) BSE images of the surface of the specimen near the primary crack initiation site showing 
oxide growths which identify cracks. 
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Figure 20.—SE (a-c) and BSE (d-f) images of the side of one the uncoated specimens after LCF testing. Oxide 

protrusions on the surface (red arrows in a,b) mark most of the cracks which are more apparent in the BSE 
images (yellow arrowheads in d-f). No oxide protrusion is evident for the smallest crack shown in (f). The oxide 
growths follow the texture of the pre-test longitudinal polishing lines (vertical in the figure). 

 
 
 
 

 
Figure 21.—EDS spectra for (a) the overall surface, and (b) a typical spectra for the Cr-rich oxide protrusions at the 

cracks. 
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Figure 22.—BSE images (a) of the side of one the uncoated specimens showing the site of the primary 

crack initiation (yellow marker). The most obvious polishing marks are indicated by red arrowheads. 
(b,c) Magnified images of the highlighted boxes in (a). 
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Polished Cross-Sections 

Sections were cut from one of the tested specimens for each of the six coating compositions as well as 
for one of the specimens in the uncoated condition. Three cuts of each specimen were made to allow 
views of the coating, or near-surface region in the case of the uncoated specimen, both perpendicular and 
parallel to the loading axis, as shown in Figure 23. The perpendicular cuts allow viewing the linear gaps 
parallel to the loading axis, and the parallel cuts allow views of the fatigue cracks, which lie perpendicular 
to the loading axis. The parallel cut was made to view the area where the primary crack originated, as 
indicated in Figure 23(a) (left). For the parallel mounted face shown in Figure 23(b), it was usually easy 
to identify the side where the crack initiated from the fracture morphology. In addition, the fatigue cracks 
on the side where the crack initiated were almost always narrower than the cracks where the specimen 
eventually failed, as shown in Figure 23(b) (right). This is due to the initial crack relieving stress on the 
side where the crack initiated, whereas the last portion of the sample to fail underwent significantly higher 
strains prior to failure. The one exception to the different crack widths on the two sides of the specimen 
was for the High Cr, Thin specimen where the cracks were very wide on both sides, as will be shown 
below.  
 

 
Figure 23.—(a) Macrophotos showing the orientation and position of the three cuts made on one half of the 

fractured LCF specimen. Two cuts perpendicular to the loading axis were made and one cut parallel to the 
loading axis. (b) optical images of the parallel mounted section showing the site of primary crack initiation 
(lower left) and representative cracks from the two sides of the specimen (upper and lower right).  
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Images for the Low Cr, Thin coated specimen are shown in Figure 24. From the perpendicular views 
(a) to (d), (a) shows a cross-section of a typical spit, which penetrates nearly through the coating. Since it 
is unknown whether the spit was cut through the spit axis, it could have extended to the substrate. In (b), 
there is oxidation of an area representative of the shape of a spit. It could be that a loosely bonded spit 
was lost from this location and the exposed coating oxidized. The “crack” shown in (c) is one of the linear 
gaps running parallel to the rod axis which was present prior to LCF testing (see Figure 4). In (d), there is 
a large oxide formation in the substrate with scattered oxide particles in the coating. If the fatigue crack 
grows from the surface at an oblique angle to the rod axis, then the perpendicular cut can pass through the 
fatigue crack. If the crack was significantly oxidized, an image similar to that in Figure 24(d) could result. 
Hence, it is believed that the oxide in the substrate in Figure 24(d) is the result of the perpendicular cut, 
mount and polish plane passing through an oxidized fatigue crack. Images in Figure 24(e) to (h) are views 
taken along the parallel cut (Figure 23(a) and (b)) showing fatigue cracks passing through the coating and 
penetrating into the substrate. Extensive oxidation is present in the cracks, especially in the substrate. 
Since these cracks form during LCF testing, the oxidation occurs only during that period of LCF testing at 
760 °C in air. It is apparent that oxidation has occurred at the crack tip. It should be noted that there was 
generally little oxidation in the coating due to the protective Cr2O3 formation. However, when oxygen 
penetrated down a crack into the substrate, significant oxidation of the substrate alloy was observed, 
typically filling the crack. Figure 24 also highlights the difference between the linear gaps (Figure 24(c)) 
and the fatigue cracks (Figure 24(e) and (g)). Since the linear gaps form during coating formation, 
oriented along the axis, they do not propagate during fatigue testing but remain only in the coating. Cr2O3, 
and likely some NiCr2O4 form on the walls of the gap, based on EDS indications.  
 

 
Figure 24.—BSE images of the Low Cr, Thin coating after LCF testing showing (a-d) typical defects in the mount 

perpendicular to the loading axis, (a) spit penetrating most of the coating, (b) oxidized region (loss of a spit?), 
(c) linear gap defect parallel to the loading axis, and (d) large oxide formation in the substrate with some oxide 
particles in the coating. (e-h) BSE images from the mount parallel to the loading axis showing two fatigue cracks 
(e.g.,) (perpendicular to the loading axis) penetrating through the coating and into the substrate. (f,h) show that the 
crack tip in the substrate is oxidized.  
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Figure 25.—BSE images of the Low Cr, Thin coating after LCF testing showing (a,b) a spit in the coating. The 

second phase high in Cr is evident in the magnified view in (b). EDS measurements (Table) show that the 
composition of the matrix phase in the spit is the same as that of the surrounding coating. 

 
However, fatigue cracks, being oriented perpendicular to the loading axis, propagate through the coating 
and into the substrate, as shown in Figure 24(e) and (g). Figure 25 shows the cross-section of a polished 
spit also in the Low Cr, Thin coated specimen. The darker, high-Cr α phase is evident in the spit 
(Figure 25(b)). Surprisingly, EDS measurements of the FCC matrix phase in the spit and outside the spit 
show similar compositions. The Ni-Cr phase diagram shown previously (Figure 7(d)) indicates an 
equilibrium Cr concentration in the two-phase region of 34 wt%. It seems possible that the ejected spit 
was high in Cr resulting in the presence of the α-Cr particles, but the Cr concentration both inside and 
outside the spit (~28 wt%) appears lower than expected from the phase diagram but close to the measured 
Cr composition of the Low Cr coating (Table 2). 

Each of the images shown in Figure 26 for the Med Cr, Thin coated specimen are views from the 
parallel mounted face and show areas of oxidation around spits (a,b,d) and fatigue cracks of various 
lengths. The fatigue cracks appear to follow a more tortuous path in the coating than for the Low Cr, Thin 
coating shown previously. Again, oxidation at the crack tip is evident. Images of the High Cr, Thin 
coating from the perpendicular mount are shown in Figure 27. Oxidation around and below the spit in 
Figure 27(a) is likely the polishing plane passing through one of the wide fatigue cracks previously shown 
for this coating (Figure 18). An oxidized linear gap is shown in Figure 27(b) and (c). The large crack 
openings and high frequency of fatigue cracks observed on the surface of the specimen after LCF testing 
are apparent in the images of the parallel mounted face (Figure 28). Many of the wide cracks have 
penetrated into the substrate and are oxidized Figure 28(b) to (d). Given the width of the cracks 
penetrating into the substrate, it is somewhat surprising that this coating (High Cr, Thin) showed the 
longest LCF life with 2 to 3 times the number of cycles than for the other coated specimens.  

Images from the perpendicular cut of the Low Cr, Thick coating are shown in Figure 29(a) to (c). 
Oxidation of one of the linear gaps is shown in Figure 29(a) and (b). What appears to be a deep trough in 
the coating, likely caused by the loss of a spit, is shown in Figure 29(c). In views along the parallel face, 
typical fatigue cracks are shown in Figure 29(d) to (g). It was not clear whether these cracks exhibited 
any more or less a tortuous path than those shown previously. The large linear gap defects parallel to 
the loading axis in the Med Cr, Thick coating are seen in the views of the perpendicular mount in 
Figure 30(a) to (c). The poor bond between the coating and substrate is evident by the gap between the  
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Figure 26.—BSE images taken along the parallel face of the Med Cr, Thin coating after LCF testing showing (a,b) 

oxidation around a spit and down a crack penetrating into the substrate, (c-h) perpendicular fatigue cracks 
penetrating through the coating and into the substrate. Oxidation of the crack in the substrate is obvious. 

 

 
Figure 27.—BSE images of the High Cr, Thin coating after LCF testing (perpendicular 

mount) showing (a) spit with oxidation (b) linear gap defect (c) higher magnification of the 
linear gap defect in (b), (d) spit defect, and (e) higher magnification image of the coating 
showing the α-Cr particles. The red arrowheads indicate the coating/substrate interface. 
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Figure 28.—BSE images of the High Cr, Thin coating after LCF testing taken in the direction parallel to the loading 

axis showing (a) the close spacing of the fatigue cracks. (b-h) Various views of the fatigue cracks showing the 
wide gap. Oxidation of the cracks in the substrate is evident. The red arrowheads indicate the coating/substrate 
interface. 
 

 

 
Figure 29.—BSE images of the Low Cr, Thick coating after LCF testing showing (a,b) a linear gap defect in the 

coating filled with oxidation (perpendicular mount), (c-g) perpendicular fatigue cracks penetrating into the substrate 
(parallel mount). 
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Figure 30.—BSE images of the Med Cr, Thick coating after LCF testing (a, b) showing a poor bond of the coating to 

the substrate, (c) linear gap defects parallel with the loading axis, (d) a large spit in the perpendicular mount. 
(e-h) Images from the parallel mount showing fatigue cracks oriented perpendicular to the loading axis. Debonding 
of the coating is also evident. 

 
coating and substrate. A linear gap and spit are clearly seen in Figure 30(c) and (d). In views along the 
parallel mount Figure 30(e) to (h), fatigue cracks are evident but it appears some of the cracks have been 
blunted by the poor bond of the coating. Some smaller fatigue cracks, not aligned with the cracks in the 
coating, can be seen penetrating into the substrate. Lastly, similar defects to those previously observed 
were also apparent in the polished sections of the Med Cr+ZrO2, Thin coating. Figure 31(a) shows a 
linear gap with the outer ZrO2 layer, Figure 31(b) and (c) shows a spit and a highly oxidized region which 
appears associated with a spit. Oxidized fatigue cracks, similar to those shown above, are evident in the 
parallel views in Figure 31(d) to (f). There were several crack-like defects that appear totally within the 
coating, as shown in Figure 31(g). Most of these defects appeared to be highly angled with respect to the 
surface.  

Representative images of the uncoated specimens after LCF testing are shown in Figure 32. In the 
views of the perpendicular cut Figure 32(a) to (d), small oxide-filled cracks or defects are obvious. The 
origin of these features is not clear since the depths of the polishing marks are much less than the depths 
of these defects. They may be the result of the polishing plane passing through a fatigue crack, or they 
may be related to oxidation of a substrate feature (e.g., carbide). In the views parallel to the specimen axis 
(Figure 32(e) to (h)), very small fatigue cracks, approximately 10 µm deep, are apparent. As indicated 
earlier by the views of the specimen surface (Figure 19, Figure 20, and Figure 22), perpendicular fatigue 
cracks on the uncoated specimens were much less frequent than for the coated specimens.  
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Figure 31.—BSE images of the Med Cr_Zr-O, Thin coating after LCF testing showing (a-c) oxidized linear gap 

defect, spit and an oxidized defect with oxide penetration into the substrate (perpendicular mount). (d-f) Typical 
perpendicular fatigue cracks and (g) a linear defect in the coating seen in the parallel mounts. 

 

 
Figure 32.—BSE images of one of the uncoated LCF specimens after LCF testing, (a-d) perpendicular cut showing 

oxide filled axial cracks, and (e-h) parallel cut showing oxide filled fatigue cracks running perpendicular to the 
loading axis. 
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Discussion 
The design philosophy followed in this study was to examine coatings that were relatively thin and 

ductile. It was believed that a thin, ductile coating would easily deform with any strains in the substrate 
and minimize any effect on the LCF life. Ni-Cr coatings were selected both for ductility and as Cr2O3 
formers for oxidation and corrosion protection. However, it is clear that the presence of the coating alone, 
without any significant environmental exposures, degraded the LCF life of the disk alloy. In addition, it 
was surprising that the LCF life increased with Cr content, contrary to what was anticipated based on the 
expected ductility of the coatings. As stated earlier, this debit due to the presence of a coating has been 
observed in other fatigue studies. T.N. Rhys-Jones, in an early overview, referred to this coating debit as a 
“fatigue strength and life penalty,” stating that this penalty with the coating was acceptable in comparison 
to the very significant degradation, which occurs during environmental exposures without the coating 
(Ref. 61). Hence, the real value of these coatings cannot be assessed until after observing the effect of 
oxidation and hot corrosion on the coated and uncoated samples, which has been delayed until Part II. 
However, there are several interesting observations to discuss, including the high incidence of cracking in 
the coatings, the observation that most of the cracks were arrested at the coating/substrate interface, and 
the observation of more cracking in the High Cr, Thin coating yet which showed the highest LCF life.  

It might appear that the debit in the LCF life in the current study is due to the multitude of cracks 
initiating at the surface and propagating through the coating resulting in a “premature” failure in 
comparison to the uncoated case. However, although several other studies have reported an increased 
number of secondary cracks in the coatings (Refs. 26, 63, 67, and 68), some of those studies have also 
reported an increase in the LCF life in spite of the additional cracks (Refs. 26, 63, and 67). Wood, in an 
early study with MCrAlY coatings, observed significant secondary cracking in the coating at high 
temperature (800 °C) yet without a detrimental effect on the LCF life, whereas testing at room 
temperature resulted in significantly less cracking in the coating, but a lower LCF life in comparison to 
the uncoated case (Ref. 79). Hence, the effect of increased cracking in the coating is uncertain and does 
not always result in early failures.  

Comparing the mechanical properties and structure of the current NiCr-Y coatings with that of the 
substrate helps explain the increased cracking in the coatings. The coatings, without specific 
strengthening elements or grain boundary strengtheners, are obviously much weaker than the disk alloy 
which is optimized for mechanical strength (Ref. 19), includes carbides as grain boundary strengtheners, 
and is processed to produce fine grains, all of which help resist crack initiation and propagation. In 
addition, recent room temperature residual stress measurements showed that as-machined LCF specimens 
of the LSHR disk alloy possessed compressive stresses at the surface which remained after thermal 
exposures at 760 °C (Refs. 19 and 27). In contrast, room temperature residual stress measurements of the 
as-deposited, High-Cr coating revealed a tensile stress at the surface of the coating (Refs. 19 and 27). 
However, following shot peening, which compressively loaded the coating, the coating relaxed after 
thermal exposures at 760 °C with a tensile surface stress again at room temperature. In contrast, the 
substrate, after identical shot peening and thermal exposures, retained some of the compressive loading 
emphasizing the significant difference in the mechanical strength of the coating in comparison to the 
substrate. The total relaxation of the coating after exposures at 760 °C suggests the coating is relatively 
stress-free when undergoing LCF testing at 760 °C whereas the substrate likely remains under 
compressive stress. Hence, due to the strength, morphology and compressive loading of the substrate, it is 
not surprising that most of the cracks in the coating arrest at the coating/substrate interface.  
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The cause of the tensile stress in the coating when cooled to room temperature is likely due to the 
CTE mismatch between the coating and substrate. Recent measurements have shown that high-Cr NiCr 
alloys have a higher CTE than that of the disk alloy (Ref. 19). Since the coatings are likely stress free at 
760 °C, cooling to room temperature results in a tensile stress in the thin coatings. It should also be noted 
that the CTE mismatch and tensile stress in the coating at room temperature does not appear to be 
sufficient to cause cracking since thermal cycling of ME3 pins coated with the High Cr coating 
underwent 1020 1-hr cycles at 760 °C in air without any cracking of the coating (Ref. 16). Hence, stress 
associated with LCF cycling is necessary to produce the cracks observed in the coating.  

Returning to the causes of increased cracking in the coating, the morphology of the coating itself 
could promote this increased cracking. PVD coatings, when deposited at intermediate homologous 
temperatures (Tdeposition,K ∼0.4-0.8Tmelt,K), as in the present study, often have a columnar microstructure 
(Ref. 76). This columnar structure is indicated by the vertical gaps shown in the polished microstructures 
(Figure 6). Obviously, this columnar structure allows easier crack propagation through the coating along 
the columnar grain boundaries and along the columnar gaps. Although it is possible to deposit a PVD 
coating at very high homologous temperatures (Tdep ≥ 0.9Tm,K) resulting in recrystallization with finer, 
equiaxed grains, those deposition temperatures could result in significant interdiffusion during coating 
deposition as well as coarsening of the fine grain structure of the disk alloy (Ref. 57). Hence, the coating 
morphology produced by the PVD process likely enhances crack propagation through the coating.  

Lastly with respect to increased cracking of the coating is the presence of the spit defects on the 
surface. These defects, attributable to the coating process and dispersed across the surface, provide 
preferred sites for crack initiation. There was significant evidence that the spits were weakly bonded to 
the surrounding coating, such as oxidation at the interface of the spits, “holes” in the coating indicating 
the loss of a spit and the observation that many of the longitudinal cracks/defects passed around the spits. 
In addition, most of the fatigue cracks shown on the surface in Figure 14, Figure 15, Figure 17, and 
Figure 18 are associated with a spit. During the post-test failure analysis of the fracture surfaces, spits 
were often observed at the primary crack initiation site. Hence, it seems clear that the poorly bonded spits 
on the surface act as initiation sites for fatigue cracking. Therefore, given the fact that the coatings are 
relatively weak in comparison to the substrate, are stress-free at the test temperature, possess a columnar 
morphology and contain spits, it is not surprising that the coatings exhibit significantly more cracks than 
the uncoated disk alloy specimens. Although it is apparent that the spits need to be eliminated from the 
coating, different techniques to eliminate the spits have been proposed by the coating vendor but have not 
been totally successful to date. It is likely that some different processing procedures will reduce the 
number and impact of these defects.  

It is not surprising that most of the cracks were arrested at the coating/substrate interface, given the 
differences in strength, residual stress, and morphology/microstructure between the coating and substrate 
stated above. Whereas the coating cracks easily due to the spits, columnar morphology, and stress-free 
condition, the substrate is designed to resist cracking with a fine grain microstructure, grain boundary 
strengtheners and with the additional benefit of a residual compressive stress remaining from processing. 
As indicated above, there have been many studies which report a large number of secondary cracks in 
coatings (Refs. 26, 63, 67, and 68), and where stated, most of those cracks were arrested at the coating/ 
substrate interface (Refs. 63 and 68). 

In contrast to the increased cracking in the coating and crack arresting at the substrate, it was 
surprising that the most cracking was observed in the High Cr, Thin coating and that this coating showed 
the highest LCF life. Furthermore, the High Cr coating would be expected to have the lowest ductility of 
the three coating compositions. As stated repeatedly above, NiCr-Y coatings were selected in the present 
study for their oxidation and hot corrosion protection as well as their high ductility. Whereas the strength 
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of a Ni-Cr coating would be expected to increase with Cr content, the ductility, typically being inversely 
related to strength, would therefore be expected to decrease with Cr content. Hence, it would be expected 
that the ductility would be highest for the Low Cr coating and lowest for the High Cr coating. 
Conversely, since the matrix of the High Cr coating is saturated with Cr and contains a higher volume 
fraction of the α phase, it is likely that this coating is mechanically the strongest of the three coating 
compositions. Hence, the results of this study were contrary to expectations since the coating with the 
highest ductility (Low Cr, Thin) exhibited the lowest LCF life and the coating with the highest strength 
and lowest ductility (High Cr, Thin), exhibited the highest LCF life. Consequently, the LCF life of a 
coated disk alloy does not appear to scale with coating ductility but with coating strength, or perhaps 
coating strength is a stronger factor than ductility affecting LCF life.  

It is also surprising that the coating with the highest LCF life also showed the most surface cracking. 
Moreover, the amount of surface cracking appears to scale directly with the Cr content (and presumably 
strength), as can be seen qualitatively by comparing Figure 14(c) (Low Cr, Thin), Figure 15(c) (Med Cr, 
Thin), and Figure 18(d) (High Cr, Thin), all shown at the same magnification. Hence, the variation in the 
amount of cracking in the coating could, at least in part, be related to the coating ductility or coating 
strength linked to the coating composition. However, other factors could be controlling the amount of 
cracking in the coatings. A closer examination of the surfaces in the above referenced figures shows that 
the number of spits on the surface of the coating is also highest in the High Cr, Thin coating. In the Med 
Cr and High Cr coatings, the higher Cr concentrations were produced by increasing the power of the 
second target of pure Cr. It is possible that additional spits were produced as the power was increased to 
this second target. As stated previously, the poorly bonded spits present sites for easier crack initiation, 
which explains why nearly every fatigue crack in the preceding figures is associated with a spit. Hence, 
the fabrication process resulting in increasing spits with increasing Cr content could contribute to the 
observed increase in the surface cracking in the Med Cr and High Cr coatings.  

The role of oxidation in the fatigue cracks is uncertain but likely increases the crack propagation rate. 
Oxidation of the cracks in the coating was generally much less than the oxidation, which occurred when 
the cracks penetrated the substrate. This is expected since a thin, protective layer of Cr2O3 was likely 
formed in the NiCr-Y coating whereas Cr2O3, Al2O3 and TiO2 (Ref. 33), likely formed in the substrate. 
However, there were some significant regions of oxidation in the coating primarily associated with spits 
(Figure 24(b), Figure 26(a), (b), Figure 27(a), Figure 28(e), and Figure 31(c)). There was also more oxide 
in the linear gaps in the coating, which formed along the longitudinal polishing marks (Figure 29(a), (b), 
and Figure 31(a)). The increased oxidation in these gaps is reasonable since these linear gaps existed 
following coating formation and underwent the 8 hr low PO2 diffusion anneal as well as being oxidized at 
the start of fatigue testing whereas the fatigue cracks do not oxidize until the cracks initiated and 
propagated. In one recent study with the High Cr coating, which had been shot peened, fatigue cracks 
were not observed until half of the fatigue life of the specimen (Ref. 19). Hence, the linear gaps could 
have more than twice the exposure time as a fatigue crack. Note that since oxidation of the cracks only 
occurred after crack initiation during the fatigue testing, specimens which experienced a longer fatigue 
life also experienced a longer oxidation exposure, as indicated in the “LCF Test Time (hr)” column in 
Table 3. 

The cracks which penetrated the disk alloy appeared to penetrate into the substrate in a largely 
transgranular manner (Figure 24, Figure 26, Figure 29, and Figure 31) although some cracking started 
intergranular over the first grain boundary (Figure 28). It is interesting to note that there appears to be no 
γ' depletion surrounding the crack tip (Figure 24(f), (h), and Figure 26(h)). This is likely due to the rate of 
crack growth and the low temperatures reducing diffusional transport of the oxygen-active elements (Cr, 
Al, Ti) from the surrounding area from moving to the crack as was observed in other studies at higher 
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temperatures (Ref. 35). This is significant in that γ'-depleted zones are often credited with weakening the 
matrix locally and contributing to the crack growth (Refs. 14, 26, 29, 35, and 38) which does not appear 
to be relevant in the present case. It is well known that oxidation reduces the fatigue life of Ni-base alloys 
and it is generally proposed that oxidation occurs ahead of the crack tip via oxygen diffusion within the 
grain boundaries or by a stress-enhanced mechanism (Refs. 39, 41, and 42).  

The longitudinal polishing marks in the substrate that resulted in the formation of the linear gaps in 
the coating are considered of secondary importance. In the present study, the linear gaps, aligned along 
the loading axis, were observed at the primary crack initiation site indicating a possible role in primary 
crack initiation. In addition, many of these linear gap defects extended through the coating allowing 
oxygen to easily reach the substrate. However, recent research with various pre-coat surface treatments 
has resulted in a coating morphology without these undesirable features (Ref. 80). Without a coating, the 
polishing marks appear to be inconsequential in fatigue testing. Hence, current studies with PVD NiCr-Y 
coatings show no indications of the linear gaps. 

It is unknown why the coating/substrate interface was so weak for the Med Cr, Thick coating. After 
the Low PO2 diffusion anneal, the coating showed regions of debonding with many of the linear gaps 
extending through the coating to the substrate. Hence, issues with bonding were present before the LCF 
testing. After LCF testing, the lack of bonding was more apparent with gaps between the coating and 
substrate (Figure 16). The primary crack initiated in an area where the coating was bonded to the substrate 
(Figure 16(b)), which shows the potentially deleterious effect of the coating where early cracking can 
penetrate into the substrate. In regions where the coating was only weakly bonded, or not bonded at all, 
any cracks that propagated through the coating were arrested at the weak coating/substrate interface 
(Figure 30). Although it is well known that thicker coatings may possess greater stress after deposition, 
the Low Cr, Thick coating, with a similar thickness, showed no coating/substrate bond weakness. It is 
possible that with a lower Cr content, this latter coating was mechanically weaker and able to deform and 
relieve stresses produced by the thick deposit. However, it is also possible that something occurred 
before, or early during the coating run affecting the specimen surfaces resulting in the poor 
coating/substrate bonding. It should be noted that there was no issue with bond adherence in the coating 
run following the Med Cr, Thick coating run (Med Cr+ZrO2, Thin). Additional work would be needed to 
determine whether the weak bond was associated with that particular coating composition and thickness 
combination, or whether a different issue caused the lack of bonding.  

It appears that the thickness of the coating, for the thicknesses examined, plays a small role. Since the 
cause of the bonding issue with the Med Cr, Thick coating is unclear, only the Low Cr, Thin and Low Cr, 
Thick coatings can be compared indicating a slightly higher life with the thinner coating, although the 
increase is small. Lastly, the Med Cr+ZrO2, Thin coating showed a similar LCF life to the Med Cr, Thin 
coating indicating the thin ZrO2 layer on the surface had a negligible effect on the LCF life. As stated 
above, the value of the thin ZrO2 layer will have to be evaluated after oxidation and hot corrosion 
exposures.  

Conclusions 
1. Application of NiCr-Y coatings by PEMS reduced the LCF life of the disk alloys.  
2. The LCF life increased with increasing Cr content of the coating. 
3. There was significantly more secondary cracking in the coating than in the uncoated substrate, 

with the amount of this secondary cracking increasing with Cr content of the coating. 
4. Most of the secondary cracks were arrested at the substrate. 
5. Oxidation down cracks into the substrate likely enhanced crack growth.  
6. Spits (aka “molten droplets”) ejected from the target and deposited on the surface act as crack 

initiation sites.  
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