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ABSTRACT
The developing roles of damage mechanisms in the failure response of SiC/SiC minicomposites was investigated by the characterization of microscale damage accumulation with respect to  microstructure. A multi-modal approach combining spatially resolved acoustic emission (AE) with tensile testing in-SEM (scanning electron microscope) was used to simultaneously examine surface (observed in-SEM) and bulk damage (monitored via AE). Strong agreement was shown between the evolving crack density estimated by AE and in-SEM measurements. The following were observed: (i) in-plane matrix content and distribution impacted crack growth; (ii) spatially- distributed matrix cracks generated varying stress-dependent AE; and (iii) certain individual cracks became more probable failure locations due to unique combinations of damage mechanisms that drove their growth. This approach enabled characterizing potential failure determinants and suggests that early damage behavior is related to certain microstructural features (e.g. surface flaws), while subsequent damage behavior is coupled to interactions of local mechanisms evolving with stress.
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I. [bookmark: _Hlk531116726]INTRODUCTION
[bookmark: _30j0zll]Silicon carbide / silicon carbide ceramic matrix composites (SiC/SiC CMCs) are structural ceramics characterized by low weight, high specific strength, and creep and oxidation resistance at temperatures exceeding 2000°F (1093°C) [1,2]. Due to these characteristics, CMCs are being increasingly considered for use as damage-tolerant structures in a broad range of applications including aircraft engines, power generation, ground transportation, and the nuclear sector [3].
[bookmark: _Hlk531116738]When damage occurs in CMCs, accumulated strain energy releases, generating elastic waves that propagate into the surrounding medium. The analysis of these waves as acoustic emission (AE) events can be used to locate damage sources such as matrix cracking, and to characterize damage evolution in the bulk [4–13]. Cumulative AE energies have been used to estimate transverse matrix crack density evolution (CDE) [5–7], with concentrated regions of AE generally correlating with final failure location in SiC/SiC CMCs [14]. AE has been captured for CMC structures ranging from simple, unidirectional geometries [5,6] to laminates [15], fabrics [16], braids [17]. Successful capture of AE activity in more complex geometric structures primarily requires an appropriate number of AE sensors for the geometry of interest and their placement sufficiently close to damage sources. For decades, researchers have captured AE well below the CMC proportional limit (PL) [18–20], with the AE signals thought to largely correspond to matrix microcracking; however, in situ observations of early microscale damage accumulation are relatively recent [21]. In combination with modern computing, AE has the potential to identify and quantify individual damage mechanisms in CMCs by relating specific features of AE signatures (waveform characteristics, frequency spectra, etc.) to their corresponding damage sources [6,8,22,23]. However, there is thus far limited work to establish correspondence between signal and mechanism.
Two critical areas in CMCs that are not well understood are the influence of the local constituent landscape (constituent properties and geometry, loading conditions, porosity, processing choices, environmental effects, etc.) on microscale damage mechanisms, and the evolving interactions of these mechanisms up to failure. While previous in situ observations of CMCs have provided valuable insights about early damage and its evolution [21,24], the limited fields of view (FOVs) characterized in these studies may not represent damage phenomena across the composite. Experimental characterization of evolving damage phenomena across broader FOVs is needed to clarify the interactions between damage mechanisms and their relationships with the local CMC landscape.
Minicomposites (idealized units of CMCs) provide a well-suited, simplified architecture that enables the evaluation of fundamental damage mechanisms (i.e. matrix cracking, fiber bridging, and fiber breakage). Various studies have used SiC/SiC minicomposites with unidirectional fiber reinforcement to examine and predict the initiation and evolution of damage in CMCs [5,6,25–27], as they exhibit stress-strain behaviors analogous to macrocomposites. Almansour et al. [5] related the experimental matrix cracking strength of minicomposites to well-established models [28,29] and predicted the stress on the matrix at the onset of matrix cracking. Chateau et al. [24] captured microscale damage progression in minicomposites using computed tomography (CT) measurements and tensile testing in-SEM (scanning electron microscope), to develop and validate a 1D probabilistic model of damage evolution based on matrix and fiber failure probability laws. Maillet et al. [6] classified various minicomposite damage modes using multivariate analysis of acoustic information. Such studies have shown that the experimental damage behavior of minicomposites can be directly compared to micromechanical models [28–32] and have validated their continued use for the characterization of CMCs.
In this work, a unique multi-modal approach combining in-SEM tensile testing for high-resolution surface analysis with AE for bulk damage analysis was used to characterize early damage initiation and its evolution to failure along the gage length of SiC/SiC minicomposites. Surface damage was captured at incremental stresses by in-SEM imaging, and AE was continuously monitored throughout loading. An alignment scheme was created to correlate SEM-observed damage with corresponding AE events to a high spatial resolution (±100 µm of cracks). AE events were divided based on their contribution to failure: (i) high-energy, dominant activity (e.g. matrix crack initiation and fiber breakage); and (ii) low-energy, non-dominant activity (e.g. matrix crack propagation and interfacial debonding) [20,33]. While sliding and pullout are active at all crack locations (as a result of fiber elastic deformation and bridging), these non-dominant mechanisms likely accounted for only a small number of the AE events generated in these studies as they are extremely low-energy and low-frequency, making them difficult to discern [34–36]. 
In this work, AE-generating mechanisms are correlated to the failure response. This included investigating how damage (for example, spatially distributed matrix cracking) evolved with respect to architectural features, through observations and analyses of the AE signals attributed to each damage event and their proximity to the failure location. Building on previous studies, which have either relied exclusively on AE waveform characteristics or statistical tools to determine damage mechanisms [8,37], the presented work lays a foundation of characterizing surface damage in CMCs at a high spatial resolution (with the validation of in situ monitoring) with a simultaneous framework to analyze point-by-point AE information. The characterization of microscale damage in minicomposites is a building block towards comprehensive understanding of the relationships between microstructure and damage.

II. 	EXPERIMENTAL METHODOLOGY 
2.1 | Materials
[bookmark: _3dy6vkm]SiC/SiC minicomposite specimens were manufactured by Rolls-Royce High Temperature Composites (Cypress, CA), and consisted of a single tow of 500 Hi-Nicalon Type STM (HNS) (Nippon Carbon, Tokyo, Japan) SiC fibers, coated with a chemical vapor infiltrated (CVI) boron nitride (BN) interphase and an overlayer of CVI SiC matrix. Fiber (Vf), interphase (Vi), and matrix volume fractions (Vm) were determined and used to calculate the nominal cross-sectional area of each specimen following [5], using fiber, interphase, and matrix densities of 3.1 g/cm3, 1.5 g/cm3, and 3.2 g/cm3, respectively. 
[image: ]
Figure 1. Cross-section of a) HFC minicomposite, b) LFC minicomposite, c) and d) close-ups of the cross-section showing the interphase thicknesses and matrix coating.
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1 column fitting image
[bookmark: _2s8eyo1][bookmark: _Hlk531116845]Two minicomposite systems were studied and are referred to as High Fiber Content (HFC) and Low Fiber Content (LFC) (Figure 1). HFC specimens had BN interphase thicknesses of 1.9 µm ± 0.6 µm and fiber loading of 34.1% ± 1.3%. LFC specimens had a thicker overlayer of SiC matrix, interphase thicknesses of 0.30 µm ± 0.08 µm, and fiber loading of 22.8% ± 1.0%. Cross-sectional areas of HFC specimens measured ~34% less than LFC specimens. Constituent volume fractions of four HFC and LFC specimens are given in Table I. As observed from Figure 1b, LFC minicomposites had a characteristically compact fiber tow wrapped in a continuous overlayer of SiC matrix. In contrast, HFC minicomposites were more non-uniform; the fiber distribution was more heterogenous with lower matrix volume content around and within the tow (Figure 1a). As is described further in Section 3.2, the HFC minicomposite configuration can be thought of as a series of parallel microcomposites, where pillars of densely-packed fibers are bonded along the specimen length by limited matrix content.        
Table I: Constituent properties of two minicomposite systems studied in-SEM. From the cross-sections of each system (Figure 1), average BN thicknesses and fiber diameters were measured, and used to determine a nominal cross-sectional area following [5]. 
	Specimen ID
	Vf (%)
	Vi (%)
	Vm (%)
	Area (mm2)

	HFC -1
	33.5
	24.6
	41.8
	0.169

	HFC-2
	35.9
	26.4
	37.7
	0.157

	HFC-3
	32.5
	23.9
	43.6
	0.174

	HFC-4
	34.4
	25.3
	40.3
	0.164

	LFC-1
	22.7
	2.3
	74.9
	0.249

	LFC-2
	21.3
	2.2
	76.5
	0.266

	LFC-3
	24.2
	2.5
	73.3
	0.233

	LFC-4
	23.0
	2.4
	74.7
	0.246



As further discussed in Sections 3.1-3.3, characterizing the damage progression and resultant AE in two minicomposite systems with constituent variations facilitated relating known differences in microstructure to the observed damage response. Certain insights were made possible by comparing a standard CMC system (LFC SiC/SiC minicomposites) to a non-standard CMC system (HFC SiC/SiC minicomposites). The absolute effect of the interphase content (Vi) on the mechanical behavior of LFC and HFC SiC/SiC minicomposites could not be determined as the fiber and matrix volume fraction also vary in the two minicomposite systems.  
2.2 | Fiber Push-in Testing
[bookmark: _Hlk38969334]Fiber push-in tests were performed on mounted specimens using an iMicro Nanoindenter (Nanomechanics, Inc., Oak Ridge, TN). SiC/SiC minicomposites were mounted in epoxy that was subjected to an overpressure of 7.6 MPa. The cross-sections of the minicomposites were polished to a 0.5 µm diamond finish. In each fiber push-in, the sphero-conical indenter contacted a single fiber. The debond toughness (Γ) and sliding stress (interfacial shear stress) (τ) for the HFC and LFC systems were determined (Table II) following a procedure developed by Weaver et al. [38], which modified the established fiber push-in test of Marshall et al. [39] detailed in [38,39]. The approach detailed in [38] induced only fiber elastic deformation by use of a blunt indenter and utilized quantified hysteresis loop widths for analysis of interfacial properties rather than absolute displacements. The use of the aforementioned approach to calculate interfacial parameters in SiC/SiC minicomposites has been extensively described by Callaway et al. [40]. Standard deviation values are also provided. Between 40-50 fibers were indented in each specimen, accounting for 8-10% of the fibers in the tow. 
Table II: Properties of minicomposite systems determined from fiber push-in testing.
	
	Sliding Stress (τ)
	Debond Toughness (Γ)

	HFC
	34.5 ± 13.0 MPa 
	5.5 ± 3.9 J/m2

	LFC
	18.1 ± 4.8 MPa
	1.2 ± 0.5 J/m2



For LFC specimens, the interfacial values determined were in accord with prior values reported in the literature [12,40,41]. In the HFC system, a bimodal distribution of debond toughness values (Γ) was found, in contrast with the small deviation in debond toughness properties exhibited by the LFC system (Table II). The HFC Γ values were distributed as follows: Γ < 0.05 J/m2 or Γ > 1.5 J/m2. The negligible Γ values observed at some fiber locations in HFC specimens were attributed to either: (i) partial debonding of fibers prior to push-in, or (ii) the propagation of debond cracks to nearby fibers during push-in testing, which were then already partially debonded when subsequently tested. An average LFC Γ of 1.2 ± 0.5 J/m2 was calculated. The measured interfacial properties and BN thickness in the LFC system reflected the interfacial conditions of standard macrocomposites [42], whereas the HFC system provided a contrasting microstructure with which to relate damage phenomena in both systems.
[image: ]
Figure 2. a) Dark interfacial regions were observed in pre-tested areas of the HFC specimens, correlating with possible longitudinal cracks (micrograph via nanoindenter objective). b) Longitudinal cracking was observed in untested areas of the cross-section after fiber push-in testing, leading to debonded fibers which exhibited near-zero debond toughness (micrograph via SEM).
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1 column fitting image
Dark interfacial regions were observed in the HFC sample cross-section prior to push-in testing (shown by arrows in Figure 2a), likely indicating pre-existing (prior to push-in testing) longitudinal cracking. While these cracks possibly formed as a result of residual strains or from the mounting and polishing procedure, this observation indicates how readily such cracking could occur under tensile loading conditions. In untested areas of the cross-section (post fiber push-in testing), longitudinal crack formation (along the fiber) was evident as networks of partially debonded fibers resulting from cracking along the fiber-BN interface (on the order of tens of fibers) (Figure 2b). The lower end of the HFC Γ distribution was attributed to these fibers. This extended debond cracking was not an issue in the LFC system, where the debond cracks from fiber push-in were limited to the individual fiber tested, as a result of a compliant BN interphase. Thus, only the debond toughness of isolated, initially fully bonded fibers within HFC specimens were considered in the computation of Γ listed in Table II, which gave an average Γ of 5.5 ± 3.9 J/m2 based on 20 measurements.
The fiber sliding mechanism acted independently of the fiber debond condition (whether the fiber was bonded to its interphase or not). The average interfacial sliding stress (τ) was higher for fibers tested in HFC specimens (34.5 ± 13.0 MPa) compared to LFC specimens (18.1 ± 4.8 MPa).
2.3 | in-SEM Tensile Testing
[bookmark: _Hlk531116899]Tensile testing was performed at room temperature in-SEM (MIRA3, Tescan, Kohoutovice, Czech Republic) using an in situ tensile stage (Kammrath & Weiss, Dortmund, Germany) with a 500 N load cell. The ends of 45-50 mm long minicomposites were mounted using 12 mm x 10 mm aluminum tabs with a centerline groove for aligning the sample. They were secured using a high temperature epoxy-resin system (Duralco 133 two-part epoxy and resin) and cured at 121ºC ± 2ºC for 4 hours. The tabbed specimens were clamped into custom gripping fixtures (Kammrath & Weiss MSZ-3 grips) that then interfaced with the tensile stage. The in-SEM experimental setup is shown in Figure 3. Global stresses were determined by dividing the applied loads by the calculated cross-sectional area. The crosshead displacement of the tensile stage was compliance corrected using a titanium bar of similar geometry and known properties, which exhibited only elastic behavior for loads exceeding those tolerated by the SiC/SiC minicomposites.
[image: ] 
Figure 3. Tensile load frame mounted in-SEM. AE sensors were coupled with vacuum grease underneath the sample and located near the grips. The area investigated with SEM was the largest observable length of the gage not obscured by vacuum grease.
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1 column fitting image
Minicomposites were incrementally loaded and imaged at load holds until failure, in order to capture damage initiation and progression. The sample was first imaged in the unloaded state (0 N); it was subsequently loaded until AE activity was first generated, and afterward in 20 N increments until failure. Samples were loaded under a globally-applied uniaxial displacement rate of 2 µm/second, corresponding to a strain rate of 6.7∙10-5 - 8∙10-5 s-1 for gage lengths ranging from 25-30 mm. SEM images were captured at 8-10 loading increments, depending on the failure load. Each panoramic image captured the sensor-to-sensor sample gage of approximately 15-20 mm. Stress relaxation, resulting in load drop, was observed at load holds above the PL, which was approximately 250 MPa in the LFC system and 400 MPa in the HFC system. Initially, this relaxation resulted in load drops on the order of 1-2 N, but at higher loads, load drops on the order of 3-5 N were observed. AE events were occasionally detected during load holds; therefore, the sample was only imaged after a lack of AE activity and load stabilization was observed over a few minutes.
SEM micrographs with 1:1 aspect ratios were captured using an accelerating voltage of 5 kV at a working distance of nominally 17 mm. Image size was maintained at 8192 x 8192 pixels, while magnification and FOV were varied to accommodate variations in the specimen width. Panoramas of the gage were generated with a 12% overlap between FOVs, using the Image Snapper correlated stitching feature of the SEM. The resolution limit was approximately 150-200 nm/pixel, depending on the FOV (micrograph axis length 1200-1500 µm). 
2.4 | Acoustic Emission 
[bookmark: _35nkun2][bookmark: _1ksv4uv]AE was captured in-SEM during specimen loading using a four-channel fracture wave detector acquisition system (Digital Wave Corporation, Centennial, CO). AE waveforms were recorded using two miniature S9225 piezoelectric AE transducers (Physical Acoustics, Princeton, NJ) with 300-1800 kHz sensitivity, that were coupled to the minicomposite surface using vacuum grease. Each sensor was connected to an electrical feedthrough flange on the SEM chamber, through which signals were transmitted to the Digital Wave system. Commercial software (Digital Wave Corporation) was used to analyze the recorded waveforms. Each AE signal was recorded at a sampling rate of 10 MHz with a pre-trigger length of 256 data points (recorded before the first threshold crossing) and an overall length of 1024 data points (corresponding to 102.4 µs).
Acoustic events were filtered using a location analysis approach to correlate AE activity to the SEM-captured specimen gage. The location of each AE event was determined by [43]: 
[bookmark: _Hlk529994294]					(Eqn 1)
[bookmark: _44sinio]where x is the distance between the two sensors, Δt is the difference in the arrival times of waveforms at each sensor, and Δtx is the maximum difference in arrival times determined from AE events that occurred outside the sensors. The location analysis method (Eqn 1) has been used extensively for macroscale AE studies of bulk damage [33,43–45]. However, the spatial inaccuracy when mapping AE events to local damage using this approach can be ± 1 mm [7]. One contributor to this error is the use of a threshold voltage, where a minimum voltage is set to define the generation of a real AE event (interpret signal arrival time). If this voltage is set too low, the arrival time determined may be within the pretrigger noise regime; if set too high, the onset of the real signal may be missed. Misinterpreting the arrival time of a signal (on the order of µs) can skew the location of that AE event by the order of millimeters. 
In this work, each parameter for location analysis (Eqn 1) was measured to a high resolution. Sensor separation distance (x) was measured to a sub-mm resolution in-SEM. The difference in waveform arrival times for each event (Δt) was measured by manually determining the first peak of the extensional wave. The initial maximum difference in arrival times (Δtx) was measured by using Hsu-Nielsen sources [46] to determine the transmission time across the AE window (from sensor to sensor) in the unloaded state. As the sample was loaded, matrix crack formation and fiber breaks degraded the cross-section, decreasing the acoustic waveform velocity and increasing the transmission time for waveforms to reach the sensors. Therefore, as the sample was loaded, AE events generated outside of the AE window were selected to determine the maximum difference in arrival times as a function of the stress. Waveforms generated within the AE window were similarly impacted by specimen degradation, so a reliable measure of the maximum waveform propagation time across the AE window was needed to triangulate AE events accurately.
To minimize the effects of energy attenuation, signal energies from both sensors of a single event were averaged and considered as the energy of that AE event [43]. For AE energy characterization, each average AE event energy was normalized by the maximum average AE event energy for that specimen. This normalization was performed in order to compare specimens within and between each minicomposite system. 
The AE-estimated crack density evolution (CDE) was determined by multiplying the rupture state crack density (CDrupture) by the normalized energy accumulation (as a function of event number) up to crack saturation [45]:
	          	(Eqn 2)
where N is the event number and CDE(N) is the evolution of crack density. This equation estimates the number of cracks/mm that have formed at the point when a particular AE event (N) is recorded. Signals generated beyond crack saturation were not taken into consideration in the AE-estimated CDE, as they presumably consisted of fiber-dominated damage. As further described in Section 3.3, the point of crack saturation was estimated by a decrease or plateau in AE activity. This was experimentally verified by the unchanging population of surface cracks observed in-SEM beyond this point. The experimental CDE was calculated by counting the through-width cracks in panoramic micrographs from each loading increment hold and dividing by the number of cracks by the imaged sample length. As further described in Section 3.4, the AE-estimated CDE was found to be in good agreement with the in situ measured crack density.
2.5 | Correlated AE Response and in-SEM Damage Evolution
Accurate correlation of in-SEM damage with its corresponding AE was critical to: (i) track the relative AE activity of transverse matrix cracks along the sample gage up to failure; and (ii) characterize the relationships between the local evolution of damage and the underlying mechanisms responsible. An alignment protocol (Figure 4) was thereby developed that improved the alignment of surface damage observed in-SEM with global AE (the total AE accumulated by the specimen during loading up to some stress) data to ± 0.10 mm.
[image: ]
Figure 4. A framework for improved spatial alignment of in-SEM observed damage and AE information: a) AE activity was generated by loading a specimen to stress σ1; in the sample reference frame, observed surface damage at σ1 produced AE. Grey arrows indicate the distance between the surface damage, which correlates with the spatial distribution of some AE events. b) The matching spatial distribution between surface damage in the sample reference frame and AE events in the AE reference frame, are used to shift the sample reference frame to its absolute position. There is a direct mapping of the surface damage onto the corresponding AE. c) This alignment was validated with continued loading; at stress σ2, new surface damage was correlated to its AE events and AE generated in the vicinity of existing damage was tracked. d) Alignment was validated at failure, where a high density of AE activity was observed near the final failure location (boxed in black). 
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1.5 column fitting image
The need for this alignment scheme stemmed from image obstructions caused by the vacuum grease, which serves as a coupling agent between AE sensors and the composite, but limits imaging of the full sensor-to-sensor gage in-SEM. The consequent reduced window had unknown upper and lower bounds (i.e. where the top and bottom of the panoramic image are relative to the sensors). As described below, the alignment scheme shifted the in-SEM maps to their absolute position in order to directly correlate observed surface damage in-SEM with the corresponding AE events.
In Figure 4, the AE generated by a minicomposite under load is mapped to the observed surface damage using this new alignment scheme. On the left in each subfigure, the sample and sensor orientation are shown (vacuum grease is shown as the circles around each sensor). From the imageable minicomposite surface, a series of SEM micrographs are taken, forming a panoramic image of the surface (depicted in Figure 4a); this can be thought of as the sample reference frame. On the right in each subfigure, the AE generated up to the current globally-applied stress of the specimen is mapped for the full sensor-to-sensor distance; this can be thought of as the AE reference frame. In Figs. 4a and 4b the stress on the sample is the same, and in Figs. 4c and 4d, the sample is loaded further, generating additional damage and producing more AE. The alignment scheme proceeds as follows: 
· STEP 1: AE events were located to a high spatial resolution following the measurement protocol detailed in Section 2.4.  
· STEP 2: The SEM-mapped damage was correlated to its corresponding AE. In Figure 4a, surface cracks were initiated and/or propagated during loading to σ1. While holding the sample at that stress, a panoramic micrograph of the gage was created, documenting the damage present on the top surface of the minicomposite. The spatial distribution of this early, visible damage measured on the sample reference frame was correlated to the equivalent positional spacing of AE events that had been detected during the initial loading, in order to shift the sample reference frame to its “actual” position relative to the AE reference frame and align the two (Figures 4a and 4b).
· STEP 3: This alignment was validated at each loading increment up to failure as follows: AE activity generated between two loading increments was used to map both the formation of new, observable surface damage and to track activity in the vicinity of existing cracks (Figures 4c and 4d).
While all surface damage could be directly mapped to AE activity, it was not uncommon at early stresses to detect AE activity that could not be directly mapped to damage observed in-SEM. In such instances, either (i) AE was generated by damage initiating subsurface or on the opposite surface, or (ii) such damage, if at the surface, was below the imaging resolution of the micrographs. In either case, at higher loads, surface damage was observed in AE-generating regions.
III. RESULTS AND DISCUSSION
3.1 | Early Cracking Behavior
AE activity was captured below the PL in both systems, in agreement with prior macroscale observations by others [7,47]. In previous studies, excellent agreement was found between the minicomposite PL and the globally-applied stress when the first “loud” AE event occurred, corresponding to the first recorded event within the specimen gage with an energy among the highest order magnitude of all events recorded [5]. It is hypothesized that such AE events indicate the onset of major cracking in the material [19]. This measure of the AE-estimated PL was employed here. 
For the first time, early AE activity was mapped to microscale surface damage (Figure 5). Microcracking at stresses below the PL was due to the propagation of flaws that were present prior to loading. Small surface cracks, such as those shown in Figure 5, were observed in some samples prior to loading and propagated at low stresses. In general, early AE events were low-energy (below 10% of the maximum energy event for a given specimen). When these microcracks first propagated, they typically arrested; rarely did such cracking traverse the horizontal specimen dimension under these low stresses. This behavior suggests that early damage was limited to partial cracking of the transverse plane. 
[image: ]
Figure 5. High resolution mapping of AE activity enabled correlation of early AE with observable surface damage in-SEM for an LFC specimen. Left) Global AE activity mapped along the sample gage as a function of stress, where the PL was approximately 190 MPa. Three AE events generated below the PL are highlighted. Right) Unloaded state surface defects (a, c, e) and microcrack propagation observed by increasing stress to 173 MPa (b, d, f), respectively, correlated with the early AE events.
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 2 column fitting image
3.2 | Global Damage Response
For the purpose of discussion, the CMC damage chronology can be considered in terms of two domains: the matrix-dominated and fiber-dominated regimes. The transition between these domains occurs at crack saturation, which was approximately 600-650 MPa for the LFC system and 800-850 MPa for the HFC system, where there was a plateau in the AE energy S-curve as fibers were being elastically loaded (Figure 6). The AE energy release rate initially increases when significant matrix cracking occurs. This rate remains steady through the matrix-dominated regime and tapers with crack saturation. Beyond saturation, the AE energy release rate again increases as fibers are broken. From the onset of AE generation up to specimen failure, nearly twice the number of AE events were produced in similarly sized HFC specimens compared to LFC specimens. The majority of this difference in AE occurred within the matrix-dominated regime as is shown in Figure 7.
[image: ]
Figure 6. Normalized cumulative AE versus stress curves for an LFC and HFC specimen. Crack saturation was approximated by a plateau in AE activity, due to elastic fiber loading prior to fiber breakage, and occurred at approximately 600-650 MPa in the LFC system and 800-850 MPa in the HFC system.
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1 column fitting image
Prior to crack saturation, matrix crack initiation and propagation, interfacial debonding, and possible early fiber failures were all responsible for the generation of AE. In the HFC system, the greater number of AE events detected before crack saturation was attributed to its lower matrix content, which led to the presence of pseudo-discrete pillars of smaller, closely spaced sub-minicomposites that effectively acted as microcomposites (as shown in Figure 1a). The presence of these microcomposite pillars likely prevented through-thickness, continuous cracking, and crack propagation thereby occurred in increments across pillars as a function of the globally-applied stress. When matrix cracks propagate through a minicomposite but lack an in-plane matrix pathway to propagate through the discontinuous cross-section, they can deflect and propagate along the specimen length until a new pathway becomes available. In general, load transfer to other regions of the minicomposite due to the initiation of a crack likely occurred out of plane from the original damage source. Such discontinuous cracking was observed in-SEM (Figure 8a). In HFC specimens, each crack propagation step resulted in a distinct AE event. In contrast, the higher CVI SiC matrix content in the LFC system provided a connected matrix pathway for cracking (Figure 1b). As observed in Figure 8b, when the CMC cross-section was connected by a coherent matrix network, a single crack could readily initiate and propagate through-thickness. In the LFC system, this through-plane matrix network for cracking resulted in the generation of fewer AE events associated with matrix crack propagation. 
[image: ]
Figure 7. Global AE data for an a) LFC specimen and b) HFC specimen aligned with a map of transverse matrix cracks observed in-SEM. The failure location (indicated by the red box) correlated with the last AE event, and the progressive surface cracking at and near the failure location is shown by the micrographs. 
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 2 column fitting image

[image: ]
Figure 8. Matrix cracking was captured prior to failure in an a) HFC specimen and b) LFC specimen. In a) discontinuous transverse matrix cracking was a result of incremental crack propagation. Cracks initially propagated through one or more isolated portions of the CMC cross-section (i.e. microcomposites). When no further in-plane matrix pathway existed for propagation to through-thickness, these cracks deflected along the specimen length until a pathway emerged for continued transverse cracking. In b) an interconnected matrix network facilitated crack propagation to through-thickness. These cracks bypassed small areas that were disconnected from the bulk, as shown by the disconnected fiber in (b).
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1.5 column fitting image
Beyond crack saturation, AE was largely generated by fiber failure. Both systems shared fiber characteristics (the same fiber tow was used to fabricate samples), but the distribution of fibers was more random in the HFC versus the LFC system. While the initial mechanism of fiber breaks was the same between systems (i.e. fibers were strained elastically in the vicinity of a matrix crack until they broke [48,49]), the subsequent response varied. In HFC specimens, the fiber-dominated regime up to failure took place at higher globally-applied stresses (from approximately 850-1150 MPa), whereas this regime occurred in LFC specimens from approximately 650-850 MPa. In part, this was an effect of the higher fiber content of the HFC system, in agreement with previous work by Almansour et al. [5]. However, the fiber distribution may have also played a role. In LFC systems where fibers were more closely packed, the stress profile in each fiber under a globally-applied stress was more similar; here, the impact of a fiber break would shed load to all nearby fibers, with subsequent fiber breaks following the initial ones. In contrast, individual microcomposites in the HFC system experienced unique stress profiles under the same globally-applied stresses throughout loading, as further evidenced by the staggered propagation of transverse matrix cracking (Figure 8a). In the HFC system, fiber breaks locally shed load (in-plane) within the microcomposite where the initial break occurred. As a result, there was a weaker effect of the initial fiber break on the HFC system’s continued ability to bear load compared to the LFC system. As a result, the range in stresses over which fiber breaks occurred (i.e. the stresses the specimen withstood beyond crack saturation) was larger, as depicted in Figure 10.
The improved correlation of AE with in-SEM observed microscale damage was used to analyze AE activity in the vicinity of spatially distributed transverse matrix cracks. It was found that:
1. In both the LFC and HFC specimens, the highest density of AE events was generated within ± 1 mm of the failure location and at stresses immediately prior to failure (Figure 7). In this ± 1 mm region, AE was consistently generated at one or more matrix cracks throughout loading, indicating that clustered local dynamic events (i.e. matrix cracking, interfacial debonding, early fiber breaks, etc.) strongly correlated with failure. In both systems, a number of matrix crack locations away from the eventual failure plane became inactive (stopped generating AE) prior to the matrix crack saturation stress. These trends suggest that some cracks accumulated more damage (generated a greater number of AE events) and evolve as more probable failure locations.
2. The relatively weaker interfacial properties in LFC minicomposites facilitated non-dominant mechanisms such as fiber sliding and pullout. Crack opening resulted from elastic deformation and sliding of the fibers during fiber bridging and load sharing; such mechanisms were active at all evolving cracks. Both near and away from the eventual failure plane, it was observed that some crack locations did not generate AE at intermediate stresses (typically 450-600 MPa), as shown in Figure 7a. This trend suggested that crack opening at intermediate stresses was driven by non-dominant sliding and pullout mechanisms in the LFC condition. 
In the HFC system, stronger interfacial properties impeded these non-dominant phenomena (i.e. fiber sliding to relieve locally high stresses in the vicinity of matrix cracks). Initially, incremental transverse matrix crack growth resulted in a series of AE events at the same axial location, sometimes with multiple AE events occurring over the course of a single loading increment. Once transverse cracks were observed as through-width (at which point, they were presumed through-thickness), continued crack opening was observed. At intermediate stresses (650-800 MPa), AE was often generated by cracks other than the failure crack to a higher degree than observed in LFC system. These AE events may be a result of local fiber failure due to the lack of debonding and sliding, in addition to progressive cracking. As a result, there was no apparent drop-off in AE activity away from the failure plane, or dominance of the failure crack (in terms of quantity of AE generated) prior to crack saturation (Figure 7b).
3. A correlation was observed between high-energy AE (HEAE) events, which exceeded 10% of the maximum energy event, and proximity to failure location in both HFC and LFC specimens. The highest density of HEAE occurred at cracks within ± 3 mm of the failure location (Figure 9). In HFC specimens, outside of this range cracks generated mostly low-energy AE (LEAE) events (below 10% of the maximum energy event). In LFC specimens, HEAE occurred beyond the eventual failure location, where it was likely a result of large crack formation. LEAE events were observed in both systems throughout loading. Often, LEAE occurred in the vicinity of observable matrix cracks, likely due to crack propagation and interfacial debonding mechanisms. AE events generated during load holds always qualified as LEAE, although it is currently unclear if these AE events arose from the same non-dominant mechanisms captured during loading. Further work is needed to determine if there are differentiating characteristics of LEAE that correlate to different non-dominant damage mechanisms.
[bookmark: _Hlk27649257]HEAE was observed at: (i) stresses near and at failure, where these events were attributed to significant quantities of near-simultaneous fiber breaks, and (ii) stresses prior to crack saturation, where these events were associated with matrix crack initiation. Ultra-high-energy AE (UHEAE) events, which exceeded 30% of the maximum energy event, were more frequently observed in the LFC system. Considering the fewer AE events generated by LFC specimens compared to HFC specimens, and the stress regime where they were observed, the propensity for UHEAE observed in LFC specimens is hypothesized to be the result of in-plane matrix crack initiation and propagation to through-thickness or nearly through-thickness. In HFC specimens, a high density of HEAE was also observed during the matrix-dominated regime, which is hypothesized as partial matrix cracking events of the CMC plane. However, as shown in Figure 9, in HFC specimens, the highest energy event is typically observed at the fracture location where significant fiber breakage occurs. In LFC specimens the majority of UHEAE events occur at stresses in the matrix-dominated regime, including the highest energy event (occurring around 300 MPa), which is generated at the crack where the specimen eventually fails. While further investigations are underway, one hypothesis for this trend is that the relative magnitude of these UHEAE and HEAE signals may correlate with the surface area created by the formation of matrix cracks and the quantity of fiber breaks, as evidenced by [50].
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Figure 9. a) and c) A correlation was observed between high-energy AE (HEAE) activity (exceeding 10% of the maximum energy event) and the failure location for all HFC specimens (left, shown in blue) and three of four LFC specimens (right, shown in red). The majority of these events typically occurred within ± 3 mm of the failure location (boundaries shown with dotted gray lines in Normalized AE Energy versus Location curves). HEAE was generated throughout the stress profile, shown by b) and d). Ultra-high-energy AE (UHEAE) events (exceeding 30% of the maximum energy event) were more commonly observed in LFC specimens compared to HFC specimens. The highest energy event is highlighted for each sample. 
Note: Intended for color reproduction on the web and black-and-white in print.
Note: 2 column fitting image


3.3 | Crack Density Evolution
[bookmark: _Hlk12966583]Two independent measurements of crack density evolution (CDE) as a function of stress, made by in-SEM and AE characterization, showed a strong correlation for both LFC and HFC specimens (Figure 10). In past efforts, the characteristic S-shape of both the CDE curve [31] and the AE energy accumulation curve [7] has been used to justify the use of AE in the characterization of transverse matrix cracking [45]. However, this is the first time that these two curves have been generated simultaneously and compared.  
[image: ]
Figure 10. Agreement between two independent measurements of crack density evolution (CDE), made by in-SEM and AE characterization, shown for LFC and HFC SiC/SiC minicomposites. The matrix crack saturation is indicated by the dashed line. 

Note: Intended for color reproduction on the web and black-and-white in print.
Note: 1 column fitting image
Higher crack densities were observed in the HFC (3.5 ± 0.1 mm-1) versus LFC specimens (2.5 ± 0.1 mm-1). This was attributed to higher sliding stresses in the HFC system, which led to smaller sliding zones around matrix cracks and shorter regions over which load could be recovered away from the crack plane; therefore, a smaller inter-crack spacing was observed [30]. Typically, a higher crack density was observed near the failure location in LFC systems, while the crack spacing was fairly periodic in the HFC system.
[bookmark: _GoBack]For the HFC system, the two CDE measurements strongly correlated throughout loading, indicating that transverse matrix cracking was the dominant damage mechanism (and AE source) until crack saturation. The interfacial conditions caused limited non-cracking phenomena, and non-dominant toughening phenomena critical to the composite response were restricted. High sliding stresses limited fiber mobility once cracks had propagated to the interfacial region, and crack deflection at fully bonded interfaces was impeded by high debond toughness. 
In the LFC system, variations were observed between the two CDE measurements as a result of non-matrix cracking phenomena. While a strong correlation was observed at low stresses (< 400 MPa), indicating that matrix crack formation was the initial mechanism generating AE, small overestimations in AE-estimated CDE compared to the cracking response of specimens were observed at intermediate stresses (450-600 MPa). This suggested that after major matrix cracking, other non-dominant damage phenomena (i.e. crack deflection, debonding, etc.) generated AE, and these signals were incorporated in the CDE calculation because of an inability to decouple them from the global AE data. At these intermediate stresses, AE data mostly consisted of low-energy AE (Figure 9) generated in the vicinity of matrix cracks, consistent with non-dominant phenomena.
IV. Conclusions
A multi-modal approach combining in-SEM tensile testing for the high-resolution mapping of surface damage with AE measurements for damage characterization in the bulk was used to quantify the initiation and evolution of damage in two systems of SiC/SiC minicomposites: (i) a high fiber content (HFC) system with low, discontinuous CVI SiC matrix content and BN interphase thicknesses on the order of 2 µm; and (ii) a low fiber content (LFC) system with a continuous overlayer of SiC matrix and BN interphase thicknesses of approximately 300 nm. These two systems were used to compare variations in damage progression in terms of known microstructural differences and the AE generated during loading. The following findings resulted from this work:
· In both systems, early surface microcracking emanating from preexisting flaws could be correlated with its resultant AE. Additionally, all observed surface damage could be directly mapped onto corresponding AE events. When AE could not be readily correlated with observable damage, damage was likely initiating subsurface or on the opposite surface, but at these axial locations, damage progressed to the surface at higher stresses.
· LFC specimens generated fewer AE events than similarly sized HFC specimens. This behavior was attributed to: (i) through-thickness matrix crack formation in fewer steps as a result of an interconnected in-plane matrix network, (ii) lower interfacial properties that enabled non-dominant damage mechanisms (e.g. debonding, sliding, and pullout), some of which likely was not detected by AE, (iii) larger sliding zones around matrix cracks leading to larger intercrack spacings, and (iv) fewer early fiber failures, given that higher debond lengths were needed to accommodate crack opening, leading to large quantity, near-simultaneous fiber failures at stresses beyond crack saturation. 
· In both systems, the highest density of AE events was generated near the failure location throughout loading by one or more evolving cracks, indicating that clustered local damage mechanisms (i.e. matrix cracking, interfacial debonding, early fiber breaks, etc.) strongly correlate with failure. In the LFC system, sliding and pullout were likely the drivers for crack opening at intermediate stresses (450-600 MPa), where opening cracks generated little to no AE. In the HFC system, AE was often generated by opening cracks at intermediate stresses (650-800 MPa) and was not exclusive to the failure location. These AE events may be a result of local fiber failure due to the lack of debonding and sliding.
· After the onset of observable matrix cracking in both systems, low-energy AE was mostly generated in the vicinity of matrix cracks. In the LFC system, these were likely a result of debonding and sliding; in the HFC system where such phenomena were obstructed by high interfacial properties, these low-energy AE events were likely a result of incremental matrix crack propagation and local fiber failure. High-energy and ultra-high-energy AE in LFC and HFC specimens occurred at either: (i) stresses near failure, where they were assumed to be the result of near-simultaneous, large quantity fiber failure, and (ii) at earlier stresses, where they were linked to matrix crack initiation events. In both systems, there was a correlation between high-energy AE and the eventual failure location, suggesting that these events may provide an early indication of areas of concern. 
· A stronger correlation between AE-estimated CDE and experimental CDE was observed in HFC specimens versus LFC specimens, indicating that transverse matrix cracking was the dominant damage mechanism generating AE up to crack saturation in the HFC system. In LFC specimens, it appears that some non-dominant mechanisms enabled by globally lower interfacial properties generated AE, accounting for the over-prediction of the AE-estimated CDE compared to the cracking response. Currently, no framework exists to decouple these non-matrix cracking AE events from the global AE. 
CMC damage mechanisms and the manner in which they evolve may be more predictive than previously thought. Early cracks form as a result of preexisting flaws; subsequent transverse matrix crack locations are determined by the interactions of key microstructural and constituent features (in-plane matrix content, local stresses, interphase characteristics, etc.) and evolving local damage mechanisms with stress. These initial conclusions highlight a need to characterize the AE signatures generated by individual damage mechanisms and to develop novel multi-modal approaches and statistical frameworks to understand the effects of the surface and subsurface architecture on damage.
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