
t__ RECENT ADVANCES INREFRACTORY ALLOYS FOR

tOO

SPACE POWER SYSTEMS

LEWIS

A conference held at

RESEARCH CENTER

Cleveland, Ohio

June 26, 1969

NATIONAL AERONAUTICS AND SPA ISTRATION

mz



NASA SP-245

RECENT ADVANCES

REFRACTORY ALLOYS

SPACE

IN

FOR

POWER SYSTEMS

A conference held at

Lewis Research Center, Cleveland, Ohio

June 26, 1969

Prepared by Lewis Research Center

Scientific and Technical Information Division

OFFICE OF TECHNOLOGY UTILIZATION 1970

NATIONAL AERONAUTICS AND SPACE ADMINISTRATION

Washington, D.C.



FOREWORD

Numerous materials technology programs have been conducted over the past

years in support of advanced nuclear space power systems. The performance that

might be achieved by these systems can be limited by one or more properties of the

materials utilized in construction. The systems requirements are characterized by

very high temperatures, 2000 ° F and above, and very long service lives. The ma-

terials limitations may be strength, corrosion, or fabricabilit_ of available mate-

rials.

The results of the many programs in materials technology have been or will be

reported in various publications. All of these data will be published in the course

of time, but at present the data are scattered. Because of the considerable work

already completed, a summary of the field is timely.

In a meeting under the chairmanship of Thomas A. Moss, material was pre-

sented that had been prepared by contractor personnel from information generated

under contracts to the NASA Lewis Research Center. The NASA Project Managers

for the contracts were Thomas A. Moss, Robert L. Davies, and Paul E. Moorhead

of the Lewis Research Center Space Power Systems Division.
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I. REFRACTORY-ALLOY REQUIREMENTS FOR

SPACE POWER SYSTEMS

T. A. Moss, * R. L. Davies, * and G. J. Barna*

SUMMARY

Various types of large nuclear space power systems are being investigated in

support of missions projected for the post-1980 period. Among the approaches be-

ing considered to meet projected needs are the potassium Rankine cycle, Brayton

cycle, and thermionic systems operating at relatively high temperatures in order

to achieve high performance. All these systems require refractory alloys for

structural purposes and employ alkali metals as process fluids. Heat for driving

the systems would be supplied by a liquid-metal-cooled fast reactor. In the potas-

sium Rankine engine, liquid potassium is vaporized in a boiler and used to power a

vapor turbine similar to a central station steam-electric powerplant. Inert gas is

compressed, heated, and expanded through a turbine in the Brayton cycle similar

to air in the jet engine. Thermionic systems are dependent upon boiling electrons

off a hot nuclearly heated surface and collecting them on a colder adjacent surface.

The Rankine engine is characterized by a moderate system efficiency and small

radiator; the Brayton cycle usually exhibits a high efficiency with a relatively large

radiator but a relatively low system efficiency. The system specific weights for the

Rankine and Brayton engines are approximately the same, while that of the therm-

ionic system would be higher. Technology programs have been conducted in sup-

port of all three types of systems and, in particular, considerable effort has been

placed on characterizing the refractory alloys which would be required for the con-

struction of the systems. Papers presented in this report are the result of these

refractory-alloy technology programs.

INTRODUCTION

Since the beginning of the space age with the launching of the first Sputnik,

electric power used on spacecraft of all types has continued to increase from tens '

*NASA Lewis Research Center, Cleveland, Ohio.



of wattsto the low-kilowattlevel. This growthof auxiliary electric powerfor
spaceapplicationsis comparedto thegrowthof powerrequirementsfor aircraft in
figure I-1. Powerrequirementsstarted outat relatively low levels for airplanes
like theFord Trimotor andgraduallyincreasedover theyearsasthesize of the
aircraft andmissionrequirementsincreased. Larger powerrequirementsfor
cabinair-conditioning, communication,navigationaids, weaponsystems,and
countermeasuresgraduallyincreasedtheamountof electric powerneededto sus-
tain normaloperation. Althoughin recentyears therate of growthof demandby
aircraft for electric powerhasdiminished,the requiredpowershaveincreasedto
severalhundredkilowatts.

Not unlikeaircraft, the powerrequirementsfor spacecraftstartedat a rela-
tively low level (fraction of a kilowatt) and, as the sophistication of the missions

increased, the demand for power increased over the years. The power require-

ments for nearly all the unmanned satellites have been met by utilizing a combina-

tion of solar cells and batteries, while the manned spacecraft have utilized both

fuel cells and batteries. Unmanned spacecraft like Nimbus and OAO typically re-

quire between 400 and 800 watts of electrical power, which is easily met by solar

cells and batteries. Solar-cell systems as large as 3 kilowatts have been flown in

a few unmanned satellites, and it is likely that solar-cell systems in the tens of

kilowatts will be flown in the 1970's. However, because of the low efficiency of the

solar ceil and the low power density of solar flux, the relatively large areas and

orientation toward the Sun which solar panels require limit their usefulness for

these large powers.

Manned spacecraft have used hydrogen-oxygen fuel cells coupled with batteries

to meet their present needs. An inherent characteristic of the fuel cell is that it

requires a continual supply of reactants in order to produce power; therefore, for

long missions the weight of the power supply is directly proportional to the length

of the mission. For missions longer than 1 or 2 months, more advanced systems

using nuclear energy as the power source appear more promising because of their

lower specific weights. Earth-orbiting space laboratories are presently estimated

to require a few hundred kilowatts of electric power during the early 1980's.

Several types of power systems could potentially satisfy these demands for

electric power for future Earth-orbit space missions. The general area in which

each type of power system has the lowest weight is shown in figure I-2. For mis-

sions longer than 10 weeks and requiring powers of 100 kilowatts or more, nuclear

reactor systems offer advantages over the solar-cell and fuel-cell systems used on

.space missions to date. These future reactor systems which will produce high

power for long times are discussed in this paper.

In order for these reactor power systems to be both compact and of low weight,



they musthavethefollowinggeneralcharacteristics. Thenuclear reactor mustbe
small in size, for reactor size hasa markedeffectonshieldweight, whichis sub-
stantialfor mannedmissions. Thealkali liquid metalspermit highheat-transfer
rates andthushelpreducereactor size if theyareusedasthe reactor coolant. At-
tainmentof highefficiencyin the conversionofheatinto electric poweralso helps
decreaseweightper electric kilowatt for thereactorandshield, simply becausea
larger amountof electric powercanbeproducedfrom a givenreactorandshield if
the conversionefficiencyis high. For thermionicsystems, thegreat sensitivity of
this conversionefficiencyto operatingtemperaturesmakesdesirabletheuseof the
highestpractical temperatures. Radiatorsize is anotherfactor affectingboththe
size andweightof thesepowersystems,andhighoperatingtemperaturesdrasti-
cally reduceradiator size. Therefore, for all thesereactorpowersystems,alkali
liquid metalsandthehighestpractical operatingtemperatures(perhaps2000° F or
higher)arebothdesirable.

Operatingat temperaturesof 2000° F or abovepresentsa numberof materials
problems,butespeciallyalloy strengthandcompatibilitywith the processfluids.
Figure I-3 showsthe typical strengthof superalloysandtantalumalloys. Because
thesenuclearpowersystemsare requiredto operatefor severalyears, the data
shownare for 1percentcreepin 3 years. Thesuperalloyshavelittle strengthat
temperaturesabove1600° F; for highertemperatures,refractory alloysmustbe
considered. Shownspecificallyare datafor therelatively fabricabletantalum-base
alloys, whichhavestrengthover thetemperaturerange1800° to 2600° F superior
to that of mostotheralloys. It is, in part, for this reasonthatthe tantalumalloy
T-111 (Ta-8W-2Hf)hasbeenselectedasthe referencealloy for mosthigh-
temperaturespacepowersystems.

Theuseof refractory alloysandthe 2000° F temperaturelimits thesubstances
that canbeemployedfor processfluids to the inert gasesandalkali metals. Inert
gasescanbeusedwith confidenceover thetemperaturerangeof interest andpre-
sentnocompatibilityproblemwith refractory alloys if theyare maintainedfree of
oxygenandothercontaminants.Alkali metalsmustalsobekeptfree of contami-
nantsif compatibilitywith the refractory metalsis to bemaintained. In addition,
extremecare mustbeexercisedto preventcontaminationof therefractory alloy
with oxygenduringprocessing,fabrication, andterrestrial testing.

As shownin figure I-4, thealloy Ta-10Wis severelyattackedbypotassiumat
1800° F, thepotassiumpenetratingthewholewall thicknessof the refluxingcapsule
within 128hours. Ontheotherhand,exposureof theT-111 (Ta-8W-2Hf)alloy in
figure I-5 to potassiumat 2400° F for 2000hoursresultedin essentiallynoattack.
Thesealloysare nearly identicalin compositionexceptfor the additionof the
2weightpercenthafniumto theT-111alloy. Inthecaseof the Ta-10W,oxygen



pickedupduringprocessingandtesting is dissolvedin thetantalumbasematrix and
producesa highoxygenconcentrationat thegrainboundaries. Thealloy is then
susceptibleto preferentialattackbythe alkali metalin theseregionsof highoxygen
content,oxygenandbasemetalbeingremovedby thealkali metalto form voids
alongthegrain boundaries. This typeof intergranularattackis clearly visible in
theTa-10Walloy.

Hafniumin the T-111alloygettersoxygenpickedupduringprocessingor test-
ing, combiningwith it to form thevery stablehafniumoxide(HfO2). This oxideis
relativelyunaffectedby thealkali metal, asare thepure elementscolumbium,tan-
talum, tungsten,molybdenum,andrhenium. If, however,the hafniumin the alloy
becomestotally oxidized, theTa-10WandT-111alloys behavesimilarly, bothbeing
attacked. Thecontrol of theoxygenlevel andthe getteringof anyoxygenin thecon-
tainmentalloy are thusthe mostimportantitems in successfullycontainingalkali
metals. In general, alloys containinghafniumdispJaynegligiblecorrosionin con-
tactwith thealkali metalfor periodsof upto 10000hoursat temperaturesup to at
least2200° F whenthe properproceduresare followed.

Sincealkali metalsaredesiredasprocessfluids for thesehigh-temperature
nuclearsystems,mostof thealloysbeingconsideredfor thesesystemscontaina
getteringelementsuchas hafnium. In addition, stringentcontrolsare exercised
throughouttheprogramsconductedin supportof thesesystemsin order to limit the
amountof oxygenpresentin thealloy, in thealkali metal, or addedduringeither
weldingor testing.

A numberof different schemescanbeemployedto convertthethermal energy
from a nuclearreactor intoelectricity. Threebasic typesof systemswhichare
presentlybeingactivelydevelopedbyNASAfor large nuclearpowerrequirements
arethepotassiumRankinecycle, the Braytoncycle, andthermionicsystems. In
thepotassiumRankinesystem,potassiumvaporis usedto drive a turbinesimilar
to steamin a centralpowerplant. For theBrayton-cyclesystem, inert gasis com-
pressed,heated,andthenexpandedthroughaturbine as is donein the jet engine;
andthethermionicsystemsdependuponboiling electronsoff thehotsurfaceof an
electronemitter andcollectingthemona cooler surface, therebygeneratinga volt-
agebetweenthe hotandcold electrodes. Eachof theseapproacheshasits ownin-
herentadvantagesanddisadvantages,whichare coveredlater in this paper, and
theymustoperateat temperaturesof the order of 2000° F or abovein order to
achievelowspecificweights. It will beshownthat eachsystemutilizes refractory
alloysfor structural purposesandrequires alkali metal loopsto transport heat
aboutthe system.



POTASSIUM RANKINE CYCLE

The potassium Rankine system is shown schematically in figure I-6. The en-

gine consists of four separate fluid loops: an all-liquid reactor loop, a two-phase

power-conversion loop, an all-liquid waste-heat-rejection loop, and an all-liquid

cooling loop. In the reactor primary loop, lithium at 2100 ° F is pumped through the

nuclear reactor, where itis heated to 22000 F. The lithium then flows through a

tube-and-shell counterflow heat exchanger, where heat from the lithium is used to

boil potassium; from this heat exchanger, the lithium is returned to the primary

pump.

In the boiling-and-condensing power conversion loop, 1000 ° F potassium is dis-

charged from the pump through the boiler, where itis converted from liquidto

superheated vapor at 2100 ° F. The high-pressure potassium vapor is expanded

through a turbine which is used to turn an alternator and generate electricity. From

the turbine the mixture of vapor and liquidat 1220 ° F is exhausted into the conden-

ser, where the remaining vapor is condensed. The tube-and-shell condenser is

cooled by 980 ° F sodium-potassium eutectic (NaK), which is circulated to a space

radiator by a pump; waste heat from the cycle is rejected by radiation from this

radiator to space. The low-temperature-potassium cooling loop is an appendage of

the power-conversion loop and is used to provide 700 ° F potassium lubricant to the

turboalternator bearings and cooling to electricalwindings.

Lithium is used in the primary loop to cool the reactor because of its relatively

low vapor pressure at 2200 ° F and its high specific heat, which results in low pump-

ing power. Potassium is selected for the two-phase working fluidbecause of its ap-

propriate vapor pressure for this application. NaK is utilized in the radiator be-

cause its relatively low melting temperature prevents freezing of the fluid during

initialstartup of the engine. Fluid in each ofthe loops could be circulated by elec-

tromagnetic pumps, although centrifugal pumps would improve system efficiency.

All of the piping and major components in the lithium primary and two-phase potas-

sium loops are of refractory metal; transitionfrom refractory alloys to superalloys

is made between the condenser and the radiator.

An artist'ssketch of the system and itsmajor components as configured for an

unmanned spacecraft is shown in figure I-7. The nuclear reactor is placed at the

cone apex or nose of the payload with a shadow nuclear shield of tungsten and lithium

hydride immediately below it. The remaining power conversion components and the

rest of the spacecraft are hidden behind the shadow shield, where the radiation dose

rate is of an acceptable level, usually 5x1012 nvt for unmanned applications. Shap-

ing of the various components and lines is used to obtain efficientcompact packaging

of the engine within its radiator. Typically, conical or cylindrical radiators are



used for these engines. One of the biggest advantages of the Rankine engine is that

its relatively high main radiator temperature results in a relatively low specific

radiator area (approx. 3 ft2/kWe), 1 which can easily be fitted on available launch

vehicles. The net system efficiency for a nominal-300-kilowatt-electric Rankine

system is approximately 19 percent at the temperatures shown in figure I-6.

A conceptual 2-megawatt-thermal fast-spectrum nuclear reactor which could be

used in conjunction with the Rankine and other power conversion systems is shown

in figure I-8. The once-through lithium-cooled reactor consists of approximately

250 fuel elements containing uranium-235 nitride fuel clad in T-111 tantalum alloy.

Uranium nitride was selected as the fuel form because of its relative compatibility

with the lithium coolant as compared to the oxide or carbide. However, a 5-mil

tungsten barrier must be interposed between the nitride fuel and the 60-mil T-111

cladding in order to prevent reaction between the fuel and hafnium in the cladding.

The fuel elements are not vented and, therefore, the cladding must withstand

fission-gas pressure buildup during the lifetime of the reactor. Each fuel element

will be approximately 3/4 inch in diameter and be contained in a honeycomb matrix

of T-111 tubes.

Control of the reactor is achieved by rotating six control drums containing fuel

in half the drum and tantalum (T-111) neutron absorber on the opposite hal/with

electric stepping motors external to the pressure vessel. As fuel is turned toward

the center of the core and tantalum neutron absorber moves away from the core,

reactor reactivity can be increased in order to compensate for fuel burnup. Con-

versely, rotating the fuel out and tantalum in reverses the process. Each control

drum assembly is supported on lithium-lubricated bearings.

The pressure vessel would be fabricated from T-111 alloy, as would be the

whole primary loop. The approximate overall dimensions of the pressure vessel

would be an outside diameter of 23 inches and a length of 32 inches. Estimated fuel

burnup of such a reactor would be approximately 3.8 atomic percent in 50 000 hours.

The potassium boiler (fig. I-9) is a counterflow tube-and-shell heat exchanger

in which the hot lithium is used to vaporize and superheat the potassium to 2100 ° F

and 163 psia. For a 2-megawatt-thermal boiler, approximately 31 tubes of 0.5-

inch diameter, 0. 035-inch wall, and 80-inch length are required to provide the nec-

essary heat-transfer area. Special twisted-tape or wire-coil inserts are used in

each tube to enhance heat transfer and avoid possible zero-gravity effects on the

boiling process. The T-111 alloy is used throughout, and the boiler is designed in

1All specific radiator areas are based on total radiator area, i.e., sum of the

main radiator, intermediate temperature radiator, and electronic coolant radiator

areas necessary for controls and pump power conditioning.



a C-shapedconfigurationto accommodatedifferentialthermal expansionbetween
the relatively hotshell andcooler tubes.

Onepotassiumturboalternatorbeingconsideredfor the Rankineengineconsists
of a 10-stageaxial-flow turbinestraddlemountedonpotassium-lubricatedbearings
andflexibly coupledto thealternator, whichalsohasits ownset of potassium-
lubricatedbearings. Potassiumvaporenteringtheturbineat 2100° F is expanded
throughthefirst five stagesandis thenductedfrom theturbineto anexternalmois-
ture separatoror reheater. Thedry or nearlydry vaporthenpassesthroughthe
last five stagesandexitsat approximately1220° F and5.4 psia to the condensers.
Interstagemoistureextractionmightbeemployedprior to the last-stagerotor in
order to maintainthepotassiumqualityat a highenoughlevel. Turbinetests pres-
entlyunderwaywill helpdeterminethevaporquality requiredin order to keep
erosiondamageto thebladesat anacceptablelevel.

Scroll andcasingfor thefirst five stageswouldbeT-111alloy for temperature
resistance,while the intermediateandexit scrolls andtheaft casingwouldbe
Cb-lZr alloy for reducedweight, as shownbyfigure 1-10. TZM (Mo-0.5Ti-0.08Zr)
hasbeenselectedfor theturbinerotor andbladesbecauseof its superior strength-
to-densityratio at thedesignconditions. Theturboalternatorwouldbeapproxi-
mately6feet longand2feet in diameterat thealternator andwouldweighapproxi-
mately1300pounds.

BRAYTON CYCLE

Another high-temperature dynamic system of interest for high power levels is

the Brayton-cycle engine shown in figure 1-11. A reactor similar to that used for

the Rankine engine would supply heat to, say, four parallel power conversion sys-

tems, one of which is shown. Lithium, exiting the reactor at 2200 ° F, would heat in

a compact heat exchanger a compressed mixture of He-Xe gases, with an average

molecular weight of approximately 40. This molecular weight is the same as that

of argon; however, the mixture is used because it has relatively high thermal con-

ductivity owing to the helium, while the average molecular weight of argon favors

the performance of the compressor in the system.

In the power conversion loop, the inert gas is compressed by the compressor,

preheated to 1443 ° F in the recuperator, heated to 2100 ° F in the heat-source ex-

changer, and then expanded through the turbine to produce mechanical energy. The

turbine exhaust energy is then used in the recuperator to preheat the compressor

discharge and so increase the overall cycle efficiency. One of the main advantages

of this cycle is its high overall efficiency of approximately 25 percent.



Theturbineexhaust,after leavingtherecuperator, is ductedto thewasteheat
exchangerandthenbackto the compressorto completetheclosedcycle. Waste
heatfrom thecycle is transportedfrom thewasteheatexchangerto the radiator by
meansof a liquid coolantloopof highly refinedmineral oil. A separateorganic
loopisusedto coolbearingsandelectrical equipment. Sincethe radiators for this
engineoperateat suchrelatively lowtemperatures(556° to 211° F), thespecific
radiatorareafor theengineis approximately15squarefeet per kilowatt electric,
or roughlyfive timesas largeasfor theRankineengine. Refractorymetalsneed
beusedonlyin thereactorprimary loop, heat-sourceheatexchanger,turbine, and
turbinescroll of this engine.

A compactheat-exchangercoresimilar to that requiredfor the heat-source
heatexchangerof theBraytonengineis shownin figure 1-12. It consistsof a liquid
manifoldfeeding21tubesof 1/8-inchdiameter, eachtubehaving30extended-
surfacefins per inchalongits length. In thedesignshown,the liquid makeseight
passesas it loopsupanddownacrossthegasduct. Sucha heatexchangerfor the
high-temperatureBraytonenginewouldbeconstructedprimarily from T-Ill but
wouldpossiblyhaveCb-lZr fins brazedto thetubes.

FigureI-13 is anisometric drawingof a possibleconfigurationfor a high-
temperatureBraytonrotatingunitwith theturbine, alternator, andcompressorall
on thesameshaft. A single-stageradial-flow turbine is employedinsteadof a
multistageaxial turbineaswasusedfor the Rankineengine. A single-stageradial-
flow compressoris alsoused. Hydrodynamicgasbearingsare shownsupporting
the shaft; however,oil-lubricatedbearingsare alsobeingconsidered. Thehigh-
temperatureBraytonrotatingunitwill probablyoperateabove24000rpm, and
windagelosscausedbythe dragof gasesin thealternator rotor cavity is of serious
concernin thedesignof the machine. For this reason, thealternatorwill havea
smoothrotor.

NUCLEAR THERMIONIC SYSTEMS

Thermionic static conversion systems are also being considered for large

space electric power systems. As mentioned earlier, the basic phenomenon of the

thermionic system depends upon boiling electrons off a hot emitter surface of a

diode and collecting them on the nearby cold collector surface; useful work is done

in an external load as the electrons are returned to the emitter. Typically, a very

high temperature is required in order to maintain the thermionic process, a factor

which limits the materials used in these devices to the refractory metals. Nuclear

systems using the thermionic principle may contain the diodes within the reactor



core or mayusea liquid-metal-cooledreactor similar to the onepreviouslyde-
scribedandplacethediodesexternalto thecorewithin a liquid-to-liquid heatex-
changer.

A schematicof the in-core thermionicsystemin figure 1-14showsthesystem
to consistof threemajor components:reactor, radiator, andelectromagnetic
pump. An alkali metalis usedto transport thewasteheatof thesystemfrom the
diodecollectorwithin thecore to the radiator. Also, figure 1-14showsa cross
sectionof a typical flashlightdiodearray. Uraniumdioxideor carbidefuel is en-
capsulatedbyvapor-depositedtungsten,whichactsasthediodeemitter. Tungsten
with preferential crystal orientationis usedfor the emitter in order to increasethe
performanceof thediode. Compatibilityof thefuelwith thecladdingandfuel swell-
ing duringoperationat 3000° F are major problemareasof thesystem.

Thehotemitter is separatedfrom thecolumbiumcollector by 10mils. The
separationdistancebetweenthe emitter andcollectorhasa largeeffectontheper-
formanceof thediodeandmustbemaintainedwithinacceptablelevels. Thegapbe-
tweenthe collectorandemitter usuallycontainscesiumat a low (perhaps1 to/'r)
pressurein order to increasediodeperformanceandstability. Eachdiodeemitter
is separatedfrom anotherby aluminainsulation. Aluminais alsousedto insulate
the collectors from eachotherandfrom the coolantchannel. Degradationof the in-
sulators byneutrondamagemaybeoneof the majorproblemsof theconcept.

Thepowerdensityof thediodedepictedin figure1-14mightbe 11wattsper
squarecentimeterat 0.7 volt. Withineachflashlightstring, thediodesare con-
nectedin a series. Individualstringswithin thereactorwouldthenbeconnectedin
a series-parallel array in orderto achievethedesiredvoltageoutputfrom thesys-
tem. Netsystemefficiencyof approximately12percentmaybeachievedwith a
specific radiatorarea of about5 squarefeet perkilowatt electric, whichis some-
whathigherthanfor the Rankineengine. Reactorsizewouldalsobe increasedby
thevolumeoccupiedby thediodes.

Figure I-15 showstheschematicfor thethermionicsystemin whichthediodes
are containedin a heatexchangerexternalto thereactor core. Lithium, circulated
by anelectromagneticpump, is heatedin thereactorto 2800° F andusedto heatthe
diodeemitters in theheatexchanger.Theheatexchangeris madeupof a large
numberof diodestrings similar to that shownin thecross section(fig. 1-14). Hot
lithium flows downthe centerT-Ill tube,whichis surroundedbythe individual
diodes. Theoriented-ttmgstenemitter, the lithium-containmenttube, andthe
aluminainsulator separatingthemform a monolithicbondedstructurewhichis re-
ferred to as a trilayer. A metallurgicalbondmustbemaintainedbetweentheindi-
vidual layers of thetrilayer if adequatethermalconductivityis to bemaintainedbe-
tweenthe emitter surfaceandthe hot lithium.



A secondtrilayer is requiredbetweenthe collectorandtheNaKcoolantof the
radiator loop. Asbefore, diodesin a string are connectedin series. Thepower
densityof theseconverterswouldbeapproximately6to 8wattsper squarecenti-
meterat 0.5 volt, andsystemefficiencywouldbeabout10percent. Sincetheradi-
ator temperatureis lower thanfor the in-core systemandefficiencyis also lower,
thespecificradiator areais higherby about8 squarefeetper kilowatt. Thetran-
sition betweenrefractory alloysandsuperalloyswouldbemadebetweenthediode
heatexchangerandtheradiator.

PROGRAM APPROACH

The program approach which has been used to develop space electric power

systems for future space missions has included the following procedures: concep-

tual engines were defined to satisfy genera I mission application, power ranges, and

lifetimes, after which the engines were analyzed for potential problem areas where

technology programs had to be undertaken to support their development. As an ex-

ample, extensive technology programs were conducted in the areas of turbine ero-

sion, boiling heat transfer, alkali-metal compatibility, and refractory-alloy

strength. Work on gas bearings was done in support of the Brayton cycle engine,

while for the thermionic system primary emphasis has been on the diodes. After

the supporting technology is well in hand and understood, a more definitized or

nominal engine is evolved, and development of major engine components is under-

taken. Following component demonstration, proven components will be integrated

into a complete nuclear system, which will be tested in the Space Power Facility

at Plum Brook.

The refractory-metal technology which is covered in the remaining papers was

performed in support of the various systems that have been described. At the

present time, most of the technology necessary to support development of major

components has been completed, and some components such as the boiler-feed

pump for the Rankine engine are built and ready for testing. During the next 2 or

3 years, the emphasis of the program will continue to shift from supporting tech-

nology to component development in which new problems associated with building

hardware will be encountered.

10



l O MILITARY
O COMMERCIAL

103 A MANNED AIRCRAFT /-B-IA[] UNMANNED
B-7O

B-29

/t / //s

.
:ORD TRIMOTOR

I0-II

10-2/ I
1925 1935

APOELO_ /

GEMINI//i /

'NIMBUS

OS

I I I I
1945 1955 1965 1975

YEAR

I
1985

Figure I-l. - Growth of aeronautical and space power systems.

__J
L_

_.3

o
ok.

1000

100

10

.1

.01

NUCLEAR REACTOR

SOLARAND
_i_i_ ISOTOPE

!iii##SiiiD Y N A M IC

i SOLARCELLS

ii##; AND ISOTOPE

: THERMOELECTRICS

..:i

FUEL
CELLS

I I I
10

DURATION, DAYS
1OO 1OOO

Figure I-2. - Electric power systems for Earth orbit.

11



30 

20 

10 

C 
500 

SU PERALL 

TANTALUM ALLOYS 

1000 

Figure 1-3. - 

I 
I 

128 hr AT 1800" F 

1500 2000 
TEMPERATURE, O F  

. Strength capability of tubing alloys. 

'\ 
\ 
\ 
\ 
\ 

--f 0.010'' 

WELD AREA 

Figure 1-4. - Corrosion of tantalum-10 tungsten alloy by potassium. Ungettered alloy. 

12 

2500 3000 



p----- 
I 

\ 

t 

ZOO0 hr AT 2400" 

\ 
\ 
\ 
\ 
\ 

F 

WELD AREA 

Figure 1-5. - Corrosion of T-111 alloy by potassium. Gettered alloy. 

700' F 

LOW TEMP 
RA DlATOR 

TURBINE 5 ' ALTERNATOR 
2200' F 

t 

BOILER 
R E AC TO R CONDENSER RAD I AT0 R 

985' F 
c- 

HEAT 
REJ ECTl ON 

EMP 
i , k , LOOP 

Figure 1-6. - Potassium Rankine system. 

13 



POWERCONVERSION
SYSTEM

BOILER_

CONDENSERS_ PUMPS",, ii .-_:;

 SH, LO
NE-ALTERNATOR

_- RADIATOR

Figure 1-7. - Typical flight configuration.

CORE FUELELEMENTS_

HIONEYCOMB_

DRUMFUEL l_/-''.-" -/

ELEMENTS-_//.// //

MOLYBDENUM-TZMJ I ///
/

/

\, ./I

_T-111 PRESSURE VESSEL
I \

I

/
/

\

T-IllABSORBER J

./
\

\\//

'-MOLYBDENUM-TZM
REELECTOR

Figure 1-8. - Nuclear powerplant reactor.

14



INLET 

EXIT POT AS S I UM 
LIQUID 
INLET 

Figure 1-9. - T-111 potassium boiler. Nominal power, 2000 kilowatts thermal;  heating fluid, 
lithium; potassium outlet temperature, 2100' F. 

Cb-1Zr SCROLLS AND CASING 
T-111 SCROLL AND/?\\ 

/ I \\ '' '. CASING '71 
/ I  d'A 

TZM 

ALTERNATOR 
BLADES AND D I S K S ~  c ou PLIN ~j 

TURBINE 

Figure 1-10. - Potassium turbine-alternator. 

15 



231° F COMPRESSOR 

1 

. REA( 

EM 

C U PER AT OR LIQUID 

RADIATOR J 

TO OTHER POWER I 

CONVERSION MODULES LHEAT SOURCE HEAT EXCHANGER 

Figure 1-11. - High-temperature reactor Brayton cycle. 

LIQUID 
OUT 
rr, LlQU ID MAN IF OLDS 

I \  

\ '. 

IN 

ry 
GAS OUT 

Figure 1-12. - Typical compact heat exchanger core. 

16 



AND  SCROLL^ 

Figure 1-13. - Brayton turbine-alternator-compressor. 

1200° F 

RADIATOR 
CO LUM B 1 U M  

SYSTEM SCHEMATIC TYPICAL THERMIONIC CONVERTER 
CROSS SECTION 

Figure 1-14. - In-core thermionic system. 

17 



REACTOR[

2800o F r HEATEXCHANGER

_k,'" 1000° F

"--", fl ,

_] COLUMBIUM

lllll r '
EMPUMP f{ _' _

A'203INSULATION-'_" -_

EM PUMP II.-_HmlINIJ_I
TUNGSTEN U" II_'/#l_I Ir_-k'k-BIT___EMI1TER(26000F)-" _ _. ::

COLD HOT COLD
FLUID FLUID FLUID

SYSTEM SCHEMATIC TYPICAL THERMIONICCONVERTER
CROSS SECTION

Figure 1-15. - Out-of-core thermionic system.

18



II. DEVELOPMENT OF HIGH STRENGTH
e

TANTALUM BASE ALLOYS*

R. W. Buckman, Jr.,t and R. R. Begley**

This paper describes the development of tantalum base alloys intended for ap-

plication in advanced space power systems. For components such as piping in al-

kali metal Rankine cycle systems, radioisotope capsules, and fuel claddings in nu-

clear reactors, critical property criteria include excellent fabricability, good weld-

ing characteristics, long time thermal stability, and high creep strength. Tantalum

base alloys which successfully meet these criteria were achieved by a balanced

combination of solid solution and dispersed phase strengthening, as typified by the

alloy ASTAR-811C (Ta-8W-1Re-0.7Hf-0. 025C). This alloy has creep strength sig-

nificantly superior to T-111 (Ta-8W-2Hf) at temperatures up to 2600 ° F, without

sacrifice of fabricability or welding characteristics. The DBTT of TIG welds is of

the order of -250 ° F, and that of recrystallized base metal is below -320 ° F. Data

are presented for tensile and long time creep properties of this alloy, and the role

of carbide precipitates in improving high temperature strength is discussed.

Greatly improved high temperature tensile and creep properties can be

achieved by an increase in tungsten level and by a substitution of nitrogen for car-

bon. While this strength increase is obtained with some sacrifice in fabricability,

the alloys of increased solute level are attractive for high temperature applications

where weldability is not a critical design requirement.

INTRODUCTION

In 1963 the Lewis Research Center of NASA initiated a program at the Westing-

house Astronuclear Laboratory to develop tantalum base alloys for application in

advanced space power systems. The intent of the program was to develop alloy(s)

which would have improved properties in the 2000 ° to 3000 ° F temperature range,

*Based on work done under NASA contracts NAS 3-2542 and NAS 3-10939.

_Westinghouse Astronuclear Laboratory, Pittsburgh, Pennsylvania.

**Westinghouse Research Laboratory, Pittsburgh, Pennsylvania.
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with the major emphasisonapplicationin Rankinecyclenuclearelectric powersys-
temswhichwouldoperateat 2000° to 2600° F. Theextendedoperationallife of the
systems(_10000hr) dictatedthat resistanceto creepdeformationbe theprincipal
strengthcriterion. Anadditionalrequirementwasthat thealloysdevelopedbecom-
patiblewithalkali metals, the intendedworkingfluids in thesesystems. Sincethe
materialwouldbeusedin complexheattransfer systems,goodfabricability and
weldingcharacteristicswere alsoessential.

Theintentof this paperis to reviewthedevelopmentof a series of fabricable,
creepresistanttantalumbasealloyswhichresultedfrom this programandsumma-
rize the propertiesachieved,rather thantreat in detailanyspecificaspectof the
investigation.

EXPERIMENTAL DESIGN

The alloy base selected for evaluation was the tantalum rich corner of the

Ta-W-Hf-C system. This system was selected as the most promising based upon

earlier work at Westinghouse which led to the development of the alloys T-111

(Ta-8W-2Hf) 1 and T-222 (Ta-10W-2.5Hf-0.01C) (ref. 1). The alloys investigated

were of the basic type

M + MS. S. MR. E. + M1 = Alloy

where

M

MS. S.

MR. E.

M 1

Wa

substitutional solute(s)

reactive element solute(s)

interstitial solute(s)

This type of alloy derives its strength from a combination of solution and dis-

persed phase strengthening, the latter arising from the precipitation of an intersti-

tial compound. The Ta-W-Hf-C alloy base was modified by the addition and/or

substitution of rhenium and molybdenum for tungsten, zirconium for hafnium, and

nitrogen for carbon. The presence of a reactive element (zirconium and/or haf-

nium) significantly affects the alkali metal corrosion resistance of tantalum and

columbium alloys by reducing the oxygen solubility of the matrix, tieing up oxygen

1Composition given in weight percent.
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as a HfO2 or ZrO 2 precipitate (ref. 2). Thus all of the alloys contained a minimum

of 1 atomic percent reactive element to assure adequate corrosion resistance.

The reactive elements were also intended to provide precipitation strengthening

by reacting with the interstitial elements to form stable carbide and/or nitride

phases. However, as will be shown, strengthening by carbides can be achieved in

alloys of this type without the reactive element entering into the precipitation reac-

tion. Several alloys were prepared without intentional carbon and nitrogen additions

to establish the properties of the solid solution matrix.

The substitutional solutes investigated were selected on the basis of their solu-

bility in tantalum and their effects on matrix elastic modulus and diffusivity as dis-

cussed in a recent review of creep of refractory metals by Begley, Harrod, and

Gold (ref. 3). The alloying behavior of tantalum with particular reference to those

factors which affect high temperature mechanical properties and low temperature

ductility has been described by Buckman and Goodspeed (ref. 4); hence a detailed

discussion of the considerations involved in defining the experimental program will

not be presented here.

EXPERIMENTAL PROCEDURES

Ta and Ta-10W produced by electron beam melting and containing less than

100 ppm total interstitials was used as the base material. Alloys for initial studies

were prepared in the form of 1_ pound buttons by nonconsumable arc melting in a

high purity argon atmosphere. Alloys for more detailed evaluations were prepared

as 2-inch-diameter ingots weighing 7 pounds by double vacuum arc melting, using

ac power. Finally, the optimized compositions were scaled up to 4-inch-diameter

80-pound ingots which were also prepared by vacuum arc melting.

Ingot breakdown was achieved by high energy rate forging and/or extrusion in

the temperature range of 22000 to 3100 ° F, depending on alloy composition. The

as-cast ingot material was coated with either a AI-12Si alloy or plasma sprayed Mo

to reduce contamination during high temperature processing. Following careful

conditioning, material was produced in the form of sheet by a combination of warm

(800 ° F) and cold rolling. Bar stock of a number alloys was prepared by hot and

cold swaging, with the specific processing schedule varying depending on alloy

composition.

All intermediate and final annealing was performed on material which was con-

ditioned and chemically cleaned to remove any contaminated surface layers and then •

wrapped in tantalum foil to prevent contamination during annealing. Heat treatments

were conducted in a tantalum resistance heated furnace at pressures < 1×10 -5 torr.
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Specimenswere generallyannealed1hourat 3000° F prior to evaluation. Elevated
temperaturetensile testswerealso carried out in vacuumat pressures_ 1×10-5
torr with thespecimengagelengthwrappedin tantalumfoil. Creeptestswere per-
formedin sputterion pumpedvacuumsystemsof thetypedescribedby Buckmanand
Hetherington(ref. 5)at pressuresbelow1×10-8 torr. Thelowpressuresachieved
in theseunitsare requiredto preventtest environmentinteractionswhichwould
leadto spuriouscreeptest results (refs. 6and7).

Alloy sheetspecimens0.04 inch thickwere evaluatedbybothTIG andelectron
beamwelding. AutomaticTIGweldingwasperformedin a vacuumpurgedweld
chamberback-filledwith Hecontainingless than1ppmtotal activeimpurities. The
chamberwasequippedwith instrumentationto continuouslymonitoroxygenand
watervaporconcentrationsin theweldingatmosphere. Theweldingprocedures
usedhavebeendescribedby Lessmann(ref. 8). Electronbeamweldswere made
in a 100-kilovoltHamiltonZeissunit evacuatedto less than5×10 -6 torr prior to

welding. Welds were evaluated primarily by bend tests to establish the ductile-

brittle bend transition temperature. Bend deflection rate was 1 inch per minute

and a 1.8 t bend radius was used.

During all phases of alloy preparation, processing, and evaluation, particular

care was devoted to achieving homogeneity and freedom from contamination, and

extensive chemical analyses were performed to monitor the effectiveness of the

techniques used. A more detailed description of the experimental procedures is

reported by Buckman and Goodspeed (ref. 9).

RESULTS

The effects of compositional and structural variations were evaluated on the

basis of their effect on fabricability, weldability, ductile to brittle transition tem-

perature, and high temperature creep strength. The initial studies were largely

directed at establishing the boundaries for satisfactory fabricating characteristics.

FabricaOility

The combined effect of tungsten, hafnium, and carbon content on as-cast hard-

ness is illustrated in figure II-1. The dashed line approximates the composition

• beyond which fabricability was impaired, this being defined as the onset of edge

cracking with a 50-percent reduction in billet height resulting from a single blow of

a Dynapak high energy rate forging unit. Forging temperature was 2200 ° to 2300 ° F
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for thosealloys havinganas-casthardnessof less than300DPHand2700° F for
thoseover 300DPH. Theforgingresults couldbecorrelatedwith microstructure.
At carbonlevelswherea continuousgrainboundarycarbidephaseformed, edge
crackingwasencountered.Thecarbonlevelat whichthe continuouscarbidephase
formeddecreasedas theW + Hf contentwasincreased. At W + I-If levels in excess
of 12percentandcarbonlevelsgreater than0.1 percent, a subboundarynetwork
decoratedwith a continuouscarbidephasewasobserved. As-cast ingotsexhibiting
this characteristicmicrostructure hadverypoorforgeability.

Substitutionof nitrogenfor carbonresultedin degradationof forgeabilityasthe
nitrogenlevelwasincreasedabove400ppm. Substitutionof 1.5 percentReand
0.85 percentMoin analloy of 9 percenttotal soluteleveland0.07 C did notresult
in anydecreasein fabricability.

Thesamegeneraltrendsobservedfor primary workingappliedto the secondary
workingof thealloys. Alloys containingup to 10percentW + Hf and0.1 percent
carboncouldbecold rolled to goodqualitystrip.

Weldability

Experimental compositions exhibiting marginal fabricating characteristics were

readily identified during the primary and secondary working operations. However,

the changes in ductile-brittle bend transition temperature (DBTT) resulting from

fusion welding provided a much more sensitive fabricability index. Material an-

nealed 1 hour at 3000 ° F to provide a fully recrystallized microstructure was TIG

welded and the ductile-brittle transition temperature determined. The transition

temperature is defined as the lowest temperature at which a full 90 ° bend (1.8 t

bend radius) was obtained without any indication of cracking. As shown in figure

II-2, the addition of carbon to the Ta-W-Hf matrix results in a significant increase

in the as-TIG welded transition temperature. At a W + Hf content of 9 to 10 percent,

the addition of 400 ppm carbon raises the DBTT to approximately room temperature.

Recrystallized base metal of the same composition has a DBTT below -320 ° F.

Metallographic examination of welds in alloys containing up to 0.05 C revealed an

essentially single phase fusion and heat affected zone, while the adjacent base metal

showed characteristic carbide precipitates. During welding, the carbides are dis-

solved and largely retained in solution on cooling. Hardness measurements taken

across the welds showed a significant increase in the hardness of the fusion and

heat affected zone areas as compared to the base metal, thus confirming the reten-

tion of carbon in solution (or as a very fine precipitate which forms on cooling).

The increase in DBTT of the as-welded material is readily explained on this basis.
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Postweldannealingat temperaturesof 2600° to 2700° F wasfoundto beeffectivein
reducingthetransitiontemperaturebypermitting carbideprecipitationto occur.
Theminimumtemperaturefor satisfactoryrecoveryof bendductility wasnot es-
tablishedin this study, however.

Nitrogenadditionswerefoundto raise the DBTTof weldmaterial, the effect
beingsignificantlygreaterthanfor equivalentcarbonadditions.

Creep Behavior

High temperature creep strength increased with increasing tungsten level, as

expected. The substitution of small amounts of rhenium for tungsten had an unex-

pectedly potent effect in increasing the creep strength of Ta-W-Hf and Ta-W-Hf-C

alloys, as shown in figure II-3. Additions of the order of 1 percent conferred sig-

nificantly improved properties while larger amounts had no additional effect. This

behavior cannot be rationalized in terms of simple solution strengthening, nor does

it appear to be related to effects on precipitate morphology or stability since it is

observed in alloys having no interstitial addition. Buckman and Goodspeed (ref. 4)

have suggested that it may be due to an electronic contribution.

The effect of carbon additions on the 2400 ° F creep properties of Ta-W-I-If

alloys is summarized in figure II-4. These results show that the strength of the

matrix increases appreciably with increasing carbon content, reaching a maximum

at about 250 to 300 ppm C, and decreasing thereafter. However, all of these alloys

were annealed 1 hour at 3000 ° F prior to testing. It is presumed that the carbide

phase is coarser in the alloys of higher carbon content, providing a poorer struc-

ture for creep resistance. The carbon solubility in the Ta-W-Hf matrix at 3000 ° F

is approximately 100 ppm; thus only a small fraction of the carbon in the alloys of

higher carbon content was dissolved during the 3000 ° F anneal. The carbon not in

solution at this temperature would tend to agglomerate as coarse carbide precipi-

tates. It would be expected that if the annealing temperature were raised above the

carbon solvus, and the cooling rate from the solution anneal sufficiently rapidly to

precipitate a fine carbide phase, then strength would continue to increase with in-

creasing carbon content. Studies of Cb alloys and results to be discussed later in

this paper show that best creep results for carbide hardened alloys are achieved by

annealing above the carbon solvus.

The carbide phases present in the Ta-W-Hf-C alloys were identified as either

the dimetal carbide, Ta2C , or the monocarbide, (Ta, Hf)CI_ x. Depending on com-

position, either or both of these carbides were observed in the matrix. The creep

behavior of the experimental alloys could be rationalized on the basis of location in
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the Ta-W-Hf-Cquasi-ternaryphasediagram,as illustrated in figure II-5. It is
apparentthat compositionsexhibitingthebestcreeppropertiescontainedonlythe
dimetalcarbideasthe precipitatingphase(curveslabeledA in thelowerportionof
fig. II-5). Thecompositionshavingthepoorestproperties (curvesC)contained
only themonometalcarbide, (Ta,Hf)Cl_x, whilethosecontainingbothcarbide
phaseshadintermediateproperties. It doesnotappearto be theidentity of the
precipitateper sewhichcontrols creepresistance,but rather thatin order to sta-
bilize themonocarbidephasefairly largeadditionsof hafniumare necessary. In
analloy containing500ppm carbon, for example, approximately 3 percent Hf is

required to stabilize the monocarbide. This results in a significant hafnium con-

centration in the matrix which has a deleterious effect on creep resistance (ref. 4).

For this reason the best creep properties are achieved in alloys containing the

Ta2C precipitate since these alloys have hafnium concentrations of the order of

1 percent.

The minor compositional variations investigated by substituting different atom

species, that is, nitrogen for carbon, molybdenum for tungsten, and zirconium for

hafnium, provided a marked improvement in 2400 ° F creep properties, as shown

by the data of figure II-6. This strength improvement is primarily associated with

the increased effectiveness of the nitride precipitate in creep strengthening as com-

pared to the carbide, at temperatures up to 2400 ° F. In the nitrogen containing

alloys, the nitrogen is present as a reactive metal mononitride. The remarkable

strength properties of the nitride hardened alloys are evidenced by the alloy com-

position Ta-5.3W-0.65Mo-1.56Re-0.52Zr-0.08N. This composition had a tensile

strength in excess of 100 000 psi at 2400 ° F, as well as excellent 2400 ° F creep

properties. However, as noted previously, the fabricability and weldability of

alloys containing moderate nitrogen additions are marginal for alloys intended for

use in the form of sheet and tubing. In applications where excellent fabricability

and weldability are not critical requirements, the nitride strengthened compositions

possess very attractive potential.

ALLOY OPTIMIZATION

Based upon the requirement for excellent fabricability and good as-welded duc-

tility, a substitutional solute level of approximately 9 percent, and a carbon content

of 0.025 percent was selected. Hafnium was maintained at the minimum level

judged adequate for good alkali metal corrosion resistance, approximately 1 per-

cent. Since significantly enhanced creep resistance was shown to result from

small additions of rhenium without loss of fabricability, an addition of 1 percent Re
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wasselectedfor theoptimizedcomposition. Theoptimizedfabricablealloy thus
hasthe compositionTa-8W-lRe-lHf-0.025C. This alloy, designatedASTAR-811C
wasscaledupfor rather extensiveevaluationof fabricatingcharacteristics, weld-
ability, andmechanicalproperties. Themechanicalpropertiesof ASTAR-811Care
comparedto thoseof thetantalumalloys T-111andT-222in tableII-1. As canbe
seen,thetensilepropertiesof ASTAR-811Care intermediatebetweenthoseof
T-111andT-222. All threealloys haveductile-brittle transitiontemperaturesbe-
low-320° F. In theas-TIGweldedcondition, theDBTTof ASTAR-811Cis slightly
higherthanthat of T-222, rangingfrom -250° to -150° F dependingupontheweld-
ingparametersutilized. However,themajor differencebetweenASTAR-811Cand
theothertwoalloys is themarkedlysuperior creepstrengthof ASTAR-811C.Fig-
ure II-7 is a Larson-Miller plotwhichcomparesthe creeppropertiesof ASTAR-
811Cto T-111andshowsthesignificantimprovementin properties realizedin the
creepoptimizedalloy. Also includedin figure II-7 are datafor a Ta-8W-IRe-IHf
alloy, whichis thematrix compositionof ASTAR-811Cwithoutthe carbonaddition.
As canbeseen,the carbidephaseprovidesa substantialstrengtheningincrement
at the lower temperatures. However,at temperaturesof theorder of 2600° F the
carbidephasemakesnoappreciablecontributionto creepstrength.

Further improvementin the creepstrengthof ASTAR-811Ccanbeachievedby
properheattreatment. Generally,annealingat or abovethecarbonsolvusim-
provescreepresistance,as discussedin thepaperby HarrodandBuckmanin this
volume.

Tensiledatafor ASTAR-811Careplottedasa functionof temperaturein fig-
ure II-8. Moderatestrengthandexcellentductility are maintainedover the entire
temperaturerangefrom -320° to 3000° F. Similar tensile testsconductedonTIG
weldedmaterial showedessentially100percentjoint efficiencyandexcellentduc-
tility. Initial thermalstability studiesof bothbaseandweldmetal havenot indi-
catedthepresenceof agingreactionswhichwouldresult in ductility impairment.

HIGH STRENGTH ALLOYS

In the selection of the ASTAR-811C composition, maintenance of excellent fab-

ricating and welding characteristics was a major consideration. The results of the

investigation clearly demonstrated that greatly improved high temperature proper-

ties could be realized if the fabricability and weldability constraints could be re-

laxed. For components such as turbine blades and disks, bolts, etc. these proper-

ties can be compromised somewhat to achieve better high temperature strength.

Consequently, studies are currently in progress to establish the properties obtain-
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ablein alloyswhichhaveadequatefabricabilityfor use in theform of forgingsand
bar stock.

Figure II-9 showstheeffectof increasingsubstitutionalsolutecontent(W+Re)
onthetensilepropertiesof a tantalumalloy basecontaining0.7 percentHf and
0.025percentC. Elevatedtemperaturetensilestrengthincreasesmonotonically
with increasingsolutelevel. However,roomtemperatureductility decreases
drastically at substitutionalsoluteleveloverapproximately15percent. This ef-
fectively establishestheuppercompositionlimit for alloys of this type which will

have a desirable combination of engineering properties. Creep properties of sev-

eral of the high strength alloys are plotted in figure II-10. These experimental al-

loys have creep strength greatly superior to ASTAR-811C, as well as being signifi-

cantly better than Cb-TZM. Some of these compositions have been satisfactorily

welded by electron beam welding techniques. Detailed evaluation of these high

strength alloys is currently in progress.

SUMMARY OF RESULTS

A series of tantalum base alloys has been developed which have many potential

applications in space power systems. The progress which has been made in im-

proving high temperature creep properties is illustrated in figure II-11, where

stress for 1 percent creep in 1000 hours is plotted as a function of temperature.

These alloys provide the best combination of strength, fabricability, and weldability

available for applications in the 2000 ° to 2600 ° F temperature range. The highly

fabricable alloy ASTAR-811C appears to have many potential applications in ad-

vanced space power systems, including reactor fuel claddings, pressure vessels,

and piping; radioisotope fuel capsules, thermionic reactor components, and compo-

nents in advanced Brayton cycle power systems. Long term creep, thermal stabil-

ity, weldability, and alkali metal corrosion tests are currently in progress under

NASA sponsorship to provide the design data necessary for the successful utiliza-

tion of this material in a wide variety of space power system applications.
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III. THERMAL STABILITY OF REFRACTORY

METAL ALLOYS*

G. G. Lessmannt and R. E. Goldt

SUMMARY

The thermal stability of refractory metal alloys which showed promise for ap-

plication in high temperature space power systems was determined. Only the very

fabricable columbium and tantalum base alloys were evaluated. These included

T-111, T-222, Ta-10W, FS-85, D-43, B-66, C-129Y, Cb-752, and SCb-291.

These represent all of the commercial alloys prominent at the inception of the aging

studies. T-111, T-222, and FS-85 eventually received the greatest emphasis be-

cause they demonstrated a superior balance of creep strength, weldability, and liq-

uid metal corrosion resistance when evaluated in concurrent programs.

The purpose of this study was to screen the fabricable alloys for high tempera-

ture stability over long exposure times. This required that the effects on welds in

particular be emphasized since welds represent severe metallurgical discontinuities

whose behavior cannot be readily predicted. The alloys were thoroughly evaluated

before and after aging to ascertain if degradation of mechanical properties occurred

or if structural instability was otherwise noted. Bend testing for ductility changes

as reflected in the bend transition temperature was emphasized as a screening

technique. Considerable success was achieved using this procedure since changes

in ultimate ductility and transition behavior reflect a wide spectrum of structural

interactions. Tensile testing, hardness determinations, and extensive optical and

electron metallography were also employed. Electron beam and gas tungsten arc

welds were evaluated as well as base metal.

Instabilities were noted in all the alloys evaluated in this program. None of

these were particularly detrimental in the normal application of these materials

and, at most, would require only modest adjustment in hardware design. For the

solid solution strengthened alloys Ta-10W and SCb-291 instabilities were confined

*Based on work done under NASA contract NAS 3-2540.

tWestinghouse Astronuclear Laboratory, Pittsburgh, Pennsylvania.
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to graingrowth,whereasfor the moreadvancedalloys responseswere morecom-
plicated. Thealloys with thehighestcreepstrengths(T-111, T-222, andFS-85)
demonstratedstrikingly similar responsesassociatedalmostentirelywith cored
weldstructure. Theseresponsesdid not lendthemselvesto metallurgicalanalysis
evenunderclosescrutiny. D-43displayeda classic overagingresponseascribed
to precipitationandsubsequentcoarseningof carbideswhile varyingdegreesof
complexityin responsesweredisplayedby theremainingalloy systems. In these
latter systemsresponseswere ascribedinsofar aspossibleto previouslyidentified
mechanisms.

Fracturemodediffered markedlyfor thetantalumbasedalloys as compared
with the columbiumbasedalloys. Eventhoughbendtest results indicateda weld
agingresponsein T-111andT-222, bendtest fractures occurredthroughductile
grainboundarytearinganddid not representa designlimitation. In contrast, co-

lumbium alloys displayed an abrupt change from ductile to brittle behavior at the

transition. These results reflect the same general observation of the weldability

evaluation of these materials; namely, based on fabricability the columbium alloys

appear to have been alloyed to the maximum extent possible, whereas current tan-

talum alloys are conservatively alloyed.

INTRODUCTION

This paper summarizes results of thermal stability studies sponsored by

NASA. In this program the structural effects of high temperature exposure were

determined for promising refractory metal alloys. These alloys are uniquely

suited for space power hardware applications because of excellent high temperature

strength and compatibility with liquid alkali metal working fluids. However, they

have not been extensively utilized because of their relatively high cost. Hence,

this program provided the impetus for the detailed definition of the long time and

high temperature performance of these materials.

The alloys evaluated were primarily those considered to be fabricable by weld-

ing. Hence, weld stability as well as base metal stability was emphasized. The

thermal stability study was preceded by a weldability study in which the base line

weld parameters were established for use throughout the thermal stability study.

This assured a consistent basis for processing and comparing the stability of the

various alloys.

The alloys were screened for thermal stability by exposures between 1500 °

and 2400 ° F and hold times up to 10 000 hours. Sputter ion pumped furnaces were

used exclusively, providing an optimum furnace environment of less than 10 -8 torr
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total pressure. This assuredthat specimenswouldremainuncontaminatedeven
after 10000-hourexposures. Further, thepotentialloadloss in eventof furnace
failure wasnil sinceion pumpedsystemsare totally closedanddonot losevacuum
with lossof power.

Bendtesting (todeterminethe ductile-brittle transitiontemperature)wasused
extensivelyfor screeningsinceit providesanexcellentindicationof a widevariety
of structural interactions. Over3000bendtestswere required. Bendtest screen-
ing wascomplementedby tensile testingto 2490° F for eachalloy requiring over
600tensile tests. Final analysesof instabilitieswere supportedwith opticaland
electronmicroscopyasrequired.

TECHNICAL PROGRAM

Alloys

The alloys evaluated in this program are listed in table III-1, which shows

their nominal composition and general metallurgical classification. Specific pro-

cessing parameters, as-received structure, and chemistry have been documented

elsewhere (ref. 1). All these materials were procured in the recrystallized condi-

tion and to optimum processing schedules where these were identified by suppliers.

Hence, insofar as possible, all alloys were normalized for long life testing.

Of the alloys evaluated, T-111, T-222, and FS-85 eventually received the

greatest emphasis in this program. This resulted because they were identified in

the earlier welding phase of this program and in companion creep and corrosion

test evaluations as those alloys demonstrating optimum combinations of these char-

acteristics. Hence, they demonstrated the greatest potential for advanced space

power system applications.

AGING PARAMETERS

The aging matrix for this program was as follows:
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Aging time,

hr

100

1 000

5 000

10 000

Aging

temperature,

oF

1500

1800

2100

2400

All alloys were tested at all temperatures through 1000 hours of aging. The most

promising alloys were carried through completely to 10 000 hours. T-111, T-222,

and FS-85 were aged at all combinations; D-43 and B-66 received modest attention

beyond 1000 hours; and all the other alloys were evaluated only through 1000 hours.

For each temperature-time combination each alloy was evaluated by determin-

ing bend transition temperatures of base metal, tungsten arc welds, and electron

beam welds, all in both the longitudinal and transverse directions. In addition,

room and elevated temperature tests were conducted in accordance with the test

matrix shown in figure III-1. Optical and electron metallography, hardness tra-

verses, and chemistry determinations were performed as required to analyze re-

sults and demonstrate adequacy of experimental techniques.

Specimen Preparation

Specimens were prepared for aging by pickling, welding, postweld annealing,

blanking and machining, and repickling in sequence. Following final pickling speci-

mens were handled only with clean cotton gloves prior to aging. Specimen groups

were packaged by alloy and wrapped in tantalum foil for aging. All alloys were then

aged together for any particular time-temperature combination. Welding parame-

ters and postweld anneals were selected to provide maximum ductility as previously

established (ref. 1). These are listed in table III-2. Since alloys were normalized

to optimum starting ductility, we rationalized that they would be most sensitive to

structural instability. Selection of a postweld anneal further satisfied a general re-

quirement for corrosion resistance in refractory metal alloys. All specimens were

produced from 0. 035-inch sheet. Again, general details of specimen preparation,

dimensions, and test procedures have been previously documented (refs. 1 and 2).

Maintenance of optimum cleanliness was emphasized in every phase of processing.

Aging was accomplished in Varian ultrahigh vacuum sputter-ion pumped fur-

naces. These provided pressures from ~10 -11 to 10 -8 torr for aging. Numerous
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checksfor contaminationof specimenswere performed,andall provednegative,
as showntypically in tableIII-3. Thesefurnaceshavebeenfully characterizedfor
this application(ref. 3). Thehighvacuumfacility is shownin figure III-2.

RESULTS AND DISCUSSION

High Strength Alloys of Greatest Interest (I-111, T-222, FS-85)

These alloys are grouped for discussion because of both similarities in ther-

mal stability results and excellent balance of creep strength, weldability, and liquid

metal corrosion resistance. Behavior of FS-85 differed only in being typical of

other columbium alloys in fracture mode. FS-85 displayed a classic transition

from ductile-to-brittle behavior in bend testing. In contrast, T-111 and T-222 bend

specimens responded to aging by displaying an increased temperature for ductile

tearing primarily in the weld metal. This was based on the it bend test, which is

essentially a "go - no go" test for 33_ percent outer fiber strain.

The behavior of T-111, T-222, and FS-85 following long time exposures at

elevated temperatures was markedly similar. The ultimate tensile strength at

room temperature and 1800 °, 2100 °, and 2400 ° F as a function of aging time is

shown in figures 11"I-3, III-4, and III-5 for T-111, T-222, and FS-85, respectively.

The tensile strength of FS-85 shows no change within the range of conditions evalu-

ated, while a modest decrease in the tensile strength of T-111 and T-222 is seen to

result from the aging. The decrease is most significant for tests at 1800 ° F. This

could be rationalized on the basis of strain aging, which is pronounced at this tem-

perature for both T-111 and T-222. Aging at 1500 ° F had much less effect on the

1800 ° F tensile strength than aging at the higher temperatures.

Unlike the tensile test results, determinations of the bend ductile-brittle tran-

sition temperature indicated a significant aging response for T-111, T-222, and

FS-85 (figs. III-6, III-7, and III-8). Several similarities are noted for the three

alloys:

(1) The magnitude of the response is greatest for gas tungsten arc welds and

least for base metal specimens.

(2) Ductility is not impaired by aging at 2400 ° F.

(3) Aging at 1500 ° F caused no discernible effect in T-111 and T-222, but some

response was noted for the lower melting, columbium-base FS-85.

(4) Maximum response for these alloys was after aging at 1800 ° and 2100 ° F.

Subsequent to the aging study reported here, the aging response for T-111 re-

ceived further scrutiny to more completely define its characteristics. It was deter-
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minedthat T-111weldagingwasnotresponsiveto postweldannealingto 3000° F.
Hence,anaveragedstructurewasnotachievableusinganypractical annealingtem-
perature. This is shownin figure III-9. Further, theagingresponseas measured
by thelongitudinaltensile ductility of T-111gastungstenarc weldswasnotas se-
vereas mightbe inferred from thebendtest data. This is shownin figure III-10
for tensile tests runat 32° F. Theweldsall havegoodductility but less thanthat
requiredto passthe It bendtest of this study, whichproduces33_percentouter

fiber strain. In this respectthebendtest shouldalwaysbeviewedasa "go -
nogo" test for a givenlevel of strain. Figures III-9 andHI-10showthatno ther-
malsolutionto agingcouldbeachievedin this alloy andalsothat basedontensile
ductility nosolutionwasrequired. However,thenecessityto understandthe ob-
servedagingresponsecouldnotdefinitelybedismissed. Hence,a considerableef-
fort wasexpendedto identify themechanismresponsiblefor theobservedagingre-
sponse. It doesnotappearthat theobservedagingcompromisestheusesof T-111.
Thisstemsfrom thefact that all tantalumalloyfractures occurredby intergranular
tearingexhibitingconsiderableductility.

T-111 (Ta-8W-2Hf). - Responses of T-111 were evaluated in greatest detail

both because of its general importance and because the similarity of responses in-

dicated that only one alloy of this group required detailed analysis. Microstructures

of the weld zone, heat affected zone (HAZ), and base metal of selected T-111 speci-

mens are shown in figure III-11. Gas tungsten arc welds are shown since these

represent the condition of maximum response.

The 1 hour 2400 ° F postweld anneal (fig. III-11(a)) has resulted in a weld zone

relatively precipitate-free. In the HAZ the only evidence of precipitates is along

the grain boundaries. The bend DBTT of this structure was below -320 ° F.

After aging for 10 000 hours at 1800 ° F the microstructure is altered from that

of figure III-11(a) to that shown in figure III-11(b). Weld zone precipitates can be

observed in the aged structure, mainly along the interdendritic boundaries of the

original cored weld structure. This suggests that gradients in solute concentration

associated with the cored structure provide the driving force for this precipitation.

There is, in addition, a nearly continuous precipitate phase located at the grain

boundaries of the fusion zone. Fine, dispersed precipitates are apparent in the

HAZ, while the base metal appears to be quite clean except for the presence of

coarse precipitates along the grain boundaries. The bend DBTT of this specimen

was 125 ° F.

The effect of aging T-111 at 2100 ° F for 5000 hours can be seen in figure

III-11(c). The amount of interdendritic precipitate has decreased while the amount

of grain boundary precipitate in the fusion zone has remained relatively unchanged.

Little change has occurred in the HAZ except that possibly a little more precipita-
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tion hasoccurred. Thebasemetal, shownat amagnificationof 500, is similar to
that shownin figure III-11(b). ThebendDBTTis now-25° F.

After 10000hoursat 2400° F, for whichthebendDBTTwasbelow-320° F,
completehomogenizationhadoccurred, and, exceptfor isolatedcoarseprecipitates
at thegrain boundaries,thestructureswere singlephase. This structure couldes-
sentiallybe restoredin specimensaged10000hoursat 1800° F bypostagingan-
nealsof 1and16hoursat 2400° F. Themicrostructuresof weld, HAZ, andbase
metalfollowingtheseannealsare shownin figure III-12. Comparisonwith figure
III-ll(b) indicatesthepostageannealshaveeffecteda reductionin theamountof
weldzoneprecipitatesat bothinterdendritic andgrain boundaryareasandthenearly
completeeliminationof precipitatesin the HAZwhile havingvirtually noeffecton
the basemetal. Thepostageannealedstructureappearsto bequitesimilar to the
1 hour 2400° F postweldannealedstructure of figure III-11(a).

Thereappearsto bea correlationbetweenthebendtransition temperatureand
theamountof interdendriticandgrain boundaryprecipitatesin theweldfusion zone.
Sincethetransition temperaturedecreaseswitha decreasein theamountof precipi-
tate, it seemslikely that a cause-effectrelationexistsbetweenthem. Further evi-
denceof sucha relation, particularly in thecaseof thegrain boundaryprecipitates,
is thefact that weldfractures duringbendtestingwereinvariably intergranular.
Hence,effortsweredirectedtowardidentificationof theprecipitatesin order to ob-
tain anunderstandingof the ductility impairmentmechanism.

Bulk extractionresidueswere obtainedfrom basemetal andweldmetal speci-
mensof T-Ill bothbeforeandafter aging. Debye-Scherrerdiffraction patternsof
theseresiduesindicatedthe presenceof monoclinicHfO2,theFCCmonocarbide
(HI,Ta)C, andthedimetalcarbideTa2C. Therelative amountsof thesephasesdid
notvary significantlywith specimenhistory. Whiletheseresults are meaningful
anduseful, it mustberecognizedthat therearea numberof limitations of this
technique. Someof theseare

(1)Somephasespresentmaybeattackedanddissolvedbythebromine-
methanol-tartaricacid solutionusedto dissolvethe matrix.

(2) If a dispersedphaseis presentin a verysmall quantity,it maybe obscured
bythebackgroundradiation.

(3)No informationis obtainedregardingthesize, shape,anddistribution of the
extractedparticles.

To supplementthe X-ray selectedarea electrondiffractionwasperformedon
standardfractographreplicasof T-111specimensagedas follows:
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Time,
hr

5000
10000
1 000
5 000

Temperature,
oF

1800
1800
2100
2100

Thefractographreplicaswere preparedfrom the surfacesof freshly fractured
specimenswhichwerefracturedbybendingin avise at -320° F. Standardrepli-
catingprocedureswereusedexceptthat shadowingwasnotemployedsincethepri-
maryaimwasto ascertainthe existenceof, andto identifyif possible,anyparticles
whichmightbeassociatedwith thefracture surface. Examinationwith the electron
microscoperevealedsecondphaseparticles hadbeensuccessfullyretainedon the
replicas. Despitethefact that highqualitysinglecrystal selectedarea electron
patternswere obtainedona numberof particles, efforts to identify themwerenot
successful. A typical electronmicrographandanelectrondiffraction patternare
shownin figure III-13.

Additionalextractionreplicaswere preparedfrom thefracture surfacesof
GTAweldsaged1000hoursat 2100° F and5000hoursat 1800° F. Plateletparti-
clesonthesereplicaswerechemicallyanalyzedat AdvancedMetalsResearchCor-
porationusingafocusingX-ray spectrometerattachmentto a Philips EM-200Elec-
tron Microscope. Withthis instrumenttheexcitingelectronbeamcanbe focusedto
a diameterof about1 micron onthesurfaceof thespecimenbeinganalyzed. The
chemicalanalysisof theexcitedareais affordedby analysisof thecharacteristic
radiationof thespecimenby theX-ray spectrometer. Tantalumwas theonly me-
tallic elementfoundin theplateletsanalyzed. This suggeststheplateletsare light
elementcompoundsof tantalumsuchas carbides,oxides, or nitrides.

Tofurther characterizetheweldzonesandtheeffectof aging, electronmicro-
probetechniqueswere employedto studymicrosegregationin GTAweldsof T-111
in theas-weldedplus 1hour 2400° F postweldannealedconditionandalso in a simi-
lar weldaged10000hoursat 1800° F. Theresults of this work, alsoperformedat
AdvancedMetalsResearchCorporation,are givenin table III-4.

Thesemeasurementsindicatethemagnitudeof the coringwhichexists in the
weldstructureafter the 1 hour2400° F postweldannealis beingaffectedvery little
by10000houragingat 1800° F, anobservationnotunexpectedsincethe kineticsof
WandHf diffusionwouldbequiteslowat that temperature.

Theresults presentedaboveindicatea casecanbemadefor theexistenceof
twodifferentphasesin thefusionzone. TheobservedW andHf segregationindi-
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cafestheinterdendritic precipitatesmaybe aheavymetalphasesuchas W2Hf,
whereas the grain boundary phase is more likely a light element compound of tanta-

lum. Observations of a decreasing amount of precipitate at both regions with higher

aging temperatures are consistent with enhanced diffusion kinetics. The fact that

the fractures appear to be intergranular rather than interdendritic and the fact that

some aging response is observed in uncored base metal suggest that, if two differ-

ent phases are involved, the grain boundary phase may be more important with re-

spect to the aging response.

Briefly reviewing the precipitate behavior, we find

(1) No evidence of the grain boundary precipitate is seen in the fusion zones of

T-111 welds in either the as-welded or the as-welded and postweld annealed speci-

mens. Modest interdendritic precipitation was noted (fig. III-11(a)).

(2) Aging at 1800 ° and 2100 ° F results in precipitation on fusion zone grain and

dendrite boundaries (figs. III-11(b) and (c)).

(3) Short time annealing at 2400 ° F of welds aged at 1800 ° and 2100 ° F de-

creases the amount of both grain and dendrite boundary precipitate (fig. III-12).

The fact that the amount of precipitate observed after aging at 1800 ° and

2100 ° F is seen to decrease on subsequent exposure at 2400 ° F suggests a solvus

temperature is being exceeded and the precipitate is going into solution.

Hypothesis for the T-111 aging response. - The 1800 ° to 2100 ° F reaction

range suggests that the grain boundary precipitate is an interstitial compound be-

having in a manner typified by Ta2C. The interdendritic precipitate occurs simul-

taneously but in such large quantity and at a slower rate such that one is inclined to

suspect this to be an intermetallic compound typified by W2Hf. Neither was identi-

fied using the various experimental techniques of this program. However, the ex-

pected behavior of these two types of precipitates appears consistent with the ob-

served aging response. The grain boundary precipitate exerts the most pronounced

influence since the fractures were intergranular. The interdendritic precipitate

probably has an indirect influence on the aging response. Its substructure-like ar-

rangement could lead to strengthening within the weld grains. This would lead pro-

gressively to a greater differential between grain boundary and matrix strength

forcing the grain boundaries to accommodate an increasingly larger share of the

total strain with aging. This enhances the tendency for grain boundary failures, a

failure mode already promoted in welds by their large grain size (and, hence, low

total grain boundary area). This hypothesis is shown schematically in figure III-14.

The evidence suggesting that the grain boundary precipitate is an interstitial

compound such as Ta2C (ref. 4) is as follows:

(1) Located preferentially at grain boundaries

(2) Stable within the approximate aging temperature range
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(3) Unstableat or about2400° F (maytransform andgo into solutionat this
temperature)

(4) Primarily Ta-base(noW or Hf) as observedby X-ray spectrometryof the
fracture surfacecompound

Theevidencesuggestingthepresenceof an intermetallic phase(suchasW2Hf)
at theinterdendritic boundariesis asfollows:

(1) Theobservedsluggishnessin formationis typical of anintermetallic com-
pound.

(2) Thelargevolumefraction of interdendritic precipitateseemsto preclude
thepossibility it is aninterstitial compound.

(3)Soluteredistributionto dendriteboundaries,asdeterminedby electronbeam
microprobeanalysis, results in W andHf concentrationsnearly stoichiometricwith
W2Hf.

Thecompromisingevidencefor this hypothesisincludes
(1)Neitherthegrain boundaryphasenor the interdendriticphasewaspositively

identified. Ta2CwasdetectedbyX-ray diffraction of bulk extractionresiduesbut
couldnotbedefinitelyassociatedwith the grainboundaries. Extractionof the inter-
metallicwouldbeparticularly difficult.

(2)Phaserelations for W2Hfin theternary systemarenotknown.
Otherpossibilitieswhichwere consideredbutseemto beprecludedby the ex-

perimentalevidenceinclude
(1)Thatthegrainboundaryprecipitate is the MCphase(or someanalogous

phase),sincethis phaseinvariably is Hf-rich, a possibility refutedbythe results
of theX-ray spectrometry. Also, MCexhibitsnopreferencefor grain boundary
precipitation.

(2)Thatthe interdendriticphaseis a complexTa-Hf compoundforming dueto
the _'-/_" miscibility gapknownfor this alloy system. For sucha reactionto oc-
cur anenormouslocal concentrationof Hf (>30percent)wouldbe required.

(3)Thateither the interdendriticor thegrainboundaryphaseis HfO2 sincethis
compound,bothin the monoclinicandcubicforms, is easilyandroutinelyextracted
andits concentrationdeterminedusingbulk diffraction techniques.TheHfO2con-
centrationdid notvarywith locationor agingconditions.

T-222 (Ta-9.6W-2.4Hf-0.01C). - The aging response of this alloy as revealed

by changes in the bend transition temperature was similar to that of T-111. The

rationale developed and presented for T-Ill extends quite well to T-222, requiring

only minor modification.

Typical microstructures of T-222 welds aged at 1800 °, 2100 °, and 2400 ° F are

shown in figure III-15. Comparison of figure III-15(a) with figure III-11(b) reveals

that, after 10 000 hours at 1800 ° F, the aging reaction has resulted in a substantially
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greater amountof bothgrain boundaryandinterdendriticprecipitationin T-222than
occurredin T-111. Thiswasnotan isolatedcasebutwastrue for mostagingcon-
ditions. Thegreater amountsof precipitateformedby the 1800° and2100° F aging
coupledwith thefact that thecarbonlevelwasapparentlygreaterthanthe 2400° F
solubility limit in thealloy resultedin residualprecipitatesbeingapparentin the
structuresaged10000hoursat 2400° F. Theintragranularprecipitatesobserved
in theHAZ regionsin figures III-15(a)and(b)appearto be thoseidentifiedby
AmmonandHarrod(ref. 4)as theI-If-rich monocarbide(Hf,Ta)C. After 10000
hoursat 2400° F this carbideappearsto beundergoingcoarsening.

Efforts at phaseidentificationwere muchmore limited for this alloy thanfor
T-111. However,thesimilarity of agingresponse,microstructural features, and
fracture behaviorsuggeststhat only modestrevisionof thehypothesispresented
for T-ill wouldbe requiredfor T-222.

FS-85 (Cb-27Ta-10W-lZr). - While the aging response of this co lumbium-base

alloy was generally similar to that of T-111 and T-222, several important differ-

ences were noted in the bend test results. The fracture mode of this alloy wad gen-

erally by brittle cleavage and not by ductile grain boundary tearing as was noted for

T-111 and T-222. An apparent effect of this failure mode was that fractures in

weld specimens were not arrested in the base metal. Further, this fracture mode

probably accounts for the increased response of base metal and electron beam welds

to aging as compared with T-Ill and T-222. This fracture behavior is typical of

columbium-base alloys, and does not in itself imply any difference with respect to

the aging mechanism of this alloy. Finally, FS-85 responded to aging at a lower

temperature than T-111 or T-222, perhaps partly because of its lower melting

point.

Microstructures of FS-85 are shown in figure HI-16 for several aging condi-

tions. In figures III-16(b) and (c) the interdendritic precipitate is visible in the

weld zone. For most aging conditions there appeared to be less grain boundary and

interdendritic precipitation than was observed in comparably aged T-111 and T-222.

In FS-85, zirconium is the reactive metal addition which behaves in a manner

analogous to that of hafnium in tantalum-base alloys. However, in FS-85 there is

only about 1 atomic percent Zr, whereas the tantalum-base T-111 and T-222 alloys

contain approximately 2.0 and 2.4 atomic percent Hf, respectively. One might

reasonably expect then that the zirconium enrichment at interdendritic boundaries

in FS-85 welds does not approach the hafnium enrichment in T-111 and T-222 welds.

In addition, the carbon level of the FS-85 sheet used for this program was notably

less (in terms of atomic ppm) than that of either tantalum-base alloy. Both of these

conditions would tend to decrease, relative to T-Ill and T-222, the amount of inter-

dendritic and grain boundary precipitate in the fusion zones.
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Notethehypothesispresentedfor T-111canbe extendedquitewell to FS-85
sinceW2Zr andCb2Cprovidedirect analogsto W2HfandTa2C. In viewof the dif-
ferencesin theamountof precipitatebetweenFS-85andT-111, it maynotbepossi-
ble toascribethe exactsamerationaleto their respectiveagingresponses. Admit-
tedlythereare twopossibleexplanationswhichcouldaccountfor the similarity in
behaviorin spiteof the microstructural differences:

(1)A very small volumeof precipitate is requiredto control theobservedaging
responsein that FS-85fractured largelyby brittle cleavage.

(2)Thesimilarity maybestrictly fortuitous. Theresponseobservedin the
bendtransition temperaturemaybe reflecting thebulk or net changeof a number
of complexinteractingfactors.

Following2400° F aging, for whichmicrostructures arenot shown,consider-
ablegrain growthhadoccurred, weldzonescouldno longerbedistinguishedfrom
HAZandbasemetal, andv_erylittle evidenceof precipitatesremained. Thefact
that thebendDBTTwasabout-150° to -175° F for all typesof test specimensafter
aging10000hoursat 2400° F implies a ductility limit dueto grain sizehasbeen
realized.

Miscellaneous Other Solid Solution and Dispersion Strengthened Alloys

(B-66, D-43, Cb-752, C-129Y)

B-66 (Cb-5Mo-5V-lZr). - Considerable grain growth and modest changes in

mechanical properties marked the response of B-66 to long time, elevated temper-

ature aging. Base metal, GTA welds and EB welds were aged for times to 10 000

hours and temperatures to 2400 ° F.

Almost without exception, the results of tensile tests and bend DBTT tests

could be interpreted in terms of grain size of the test specimens. Most of the aging

temperatures employed in this study are quite high for this alloy, and the large

grain sizes noted in the postage microstructures are not unexpected. Changes in

ultimate and yield tensile strengths at room temperature and 1800 °, 2100 °, and

24000 F were quite modest because of the thermal exposures.

The only significant exception to the above rationale would appear to be the

slight "peak" in the bend DBTT found for GTA welds after 1500 ° F aging (fig.

III-17). That this peak diminishes with increased aging time at 1500 ° F suggests

the possibility that a classic precipitation reaction is occurring. By 5000 hours the

overaged condition has apparently been attained and no ductility loss is apparent

from the bend test results. Program emphasis did not allow further definition of
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this reaction, but the slight improvementin roomtemperatureyield strengthfor
specimensagedat 1500° F relative to the other aging temperatures lends credence

to this suggestion. After 5000 hours of aging, ductility of base metal and EB welds

normalized to that of GTA welds, an effect easily explained in terms of grain size.

Like other columbium alloys this alloy displayed a classic abrupt transition in

bend testing from ductile-to-brittle behavior.

D-43 (Cb-10W-IZr-0.1C). - This carbide-dispersion strengthened alloy pro-

vided the prime example of classic overaging and subsequent loss of strength of the

alloys included in the aging study. This alloy has been the object of considerable

metallurgical interest, primarily because of its aging reactions. As a result, ex-

tensive investigations of these reactions have led to a unique, for refractory metal

alloys, and precise identification of the various reaction stages and products. The

work of Ostermann and Bollenrath (ref. 5) is particularly outstanding in this re-

spect.

The ultimate tensile _trength as a function of aging time and temperature for

base metal and GTA welds is shown in figure III-18 for tensile tests conducted at

room temperature and 1800 °, 2100 °, and 2400 ° F. That only overaging behavior

observed is believed due to an apparent optimum condition achieved in the as-

received D-43 sheet using a 2400 ° F postweld anneal. The microstructure of the

base metal, as viewed by light microscopy at a magnification of 1500, changed very

little from that of the as-received sheet throughout aging treatments as long as

10 000 hours at 1800 ° F, being composed of a very fine (Cb, Zr)C precipitate dis-

persed throughout the grain interiors and a coarser columbium carbide, Cb2C ,

present as intragranular platelets and a grain boundary precipitate.

The microstructure of the base metal following 10 000-hour aging at 1800 ° and

2100 ° F is shown in figure III-19 along with representative weld heat-affected-zone

(HAZ) areas for each of these aging conditions. In the base metal both the fine

(Cb, Zr)C precipitates and the Cb2C precipitates have coarsened somewhat during
the long-time aging at 2100 ° F relative to those resulting from aging at 1800 ° F or

lower. The reaction in the HAZ regions is quite different from that occurring in

the base metal. During welding, complete solutioning occurs in the HAZ and, be-

cause of the rapid cooling to temperatures below about 1000 ° F, rejection of carbon

from solid solution results in the formation of metastable c carbides. These car-

bides are unstable at higher temperatures and transform to the hexagonal Cb2C and

the cubic (Cb, Zr)C, the relative amounts of which depend on temperature of trans-

formation. Hence, the carbides in the HAZ following 10 000-hour aging at 1800 ° F

appear to be a mixture of c carbide and Cb2C , while after 10 000 hours at 2100 ° F

they are a mixture of Cb2C and cubic (Cb, Zr)C.

The precipitate-free zones adjacent to grain boundaries which are apparent in
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figure III-19, particularly followingthe 2100° F agingtreatment, areprobablyin-
dicativeof carbonand/or vacancydepletionof the matrix dueto interstitial and/or
vacancydiffusionto grainboundaries. Whilesolutedepletionof thematrix bydiffu-
sionof Zr (or W) couldleadto the sametypeof structure, the relatively low aging
temperaturerendersthis muchless likely.

Theaveragedconditionimplied bythetensile dataof figure III-17 for a base
metalspecimenaged10000hoursat 2400° F is shownin figure III-20.

ThebendDBTTdatafollowedthetrendestablishedby thetensile datain that,
for nearly everyagingcondition,theagingprocessincreasedtheductility (i. e.,
loweredthebendDBTT). Hardnesstraversesof agedspecimenswere of little
valueasindicatorsof theagingprocess. Bendtransitionswere generallyabrupt
changesfrom ductileto brittle behaviorascharacteristic of columbiumbasealloys.

From this screeningstudyit wouldappearthe instabilities in structure andme-
chanicalpropertiesof D-43whichresult from agingwarrant careful consideration
for applicationsinvolving longtimes at temperaturesabove1500° F.

Cb-752 (Cb-10W-2.5Zr). - The response of this alloy to 1000 hour exposures

at temperatures from 1500 ° to 2400 ° F was somewhat random. Bend DBTT tests

indicated slight, irregular changes with aging temperature. Fracture behavior was

typical of columbium alloys. The general trend, however, was for an improvement

in bend ductility for specimens aged at 2400 ° F. Results of tensile tests indicated

that, except for room temperature ultimate and yield strength, aging time and tem-

perature had very little effect. In figure III-21, the room temperature strength is

shown to improve while the elevated temperature strength is relatively unaffected

by the aging.

Cb-752 is reported to achieve optimum tensile strength through the use of a

duplex annealing treatment during processing (ref. 6). This treatment consists of

a 1-hour, 2800 ° F solution anneal followed by a final cold reduction (40 percent) and

a 1-hour, 24000 F aging anneal. The final anneal is used to induce (Zr, Cb)C pre-

cipitation, which provides dispersed phase strengthening. The Cb-752 sheet evalu-

ated in this aging study was produced by a previous processing schedule which did

not incorporate an in-process solution anneal and used a 1-hour, 2200 ° F final an-

neal. Hence, the program Cb-752 was presumably not in the optimum condition

with respect to mechanical strength. Comparing the data of figure III-21 with those

of Bewley (ref. 6) indicates the following:

(1) The unaged room temperature tensile strength found in this study is notice-

ably lower than that attained using the duplex annealing treatment.

(2) Following the 100- and 1000-hour aging at elevated temperatures, the ten-

sile strengths determined in this study (fig. III-21) are identical with those expected

for similarly aged, duplex annealed sheet.

52



(3)Elevatedtemperaturetensile strengthoftheprogramCb-752(basemetal
andGTAwelds)is approximatelyequalto that indicatedfor duplexannealedsheet.

Similar observationsapplyto the respectiveyieldstrengthdata.
Theseresults imply that, at leastwith respectto thefactors affectingmechan-

ical strength, very little differenceexistsbetweentheCb-752evaluatedin this pro-
gramandthatproducedbyduplexannealing. Theonlynotableexceptionappearsto
bethe inferior unagedroomtemperaturestrengthof thesheetusedfor this evalua-
tion. This is probablydueto the lackof anin-processsolutionannealandtheuse
of a lower final annealingtemperaturefor theprogramCb-752. Bothof these
woulddetrimentallyaffecttheamountanddistributionof thestrengtheningprecipi-
tatesandwouldthereforecontributeto theobserveddeficiencyin roomtemperature
tensilestrength.

C-129Y (Cb-10W-10Hf-0.1Y). - Thermal exposures to 1000 hours at 2400 ° F

had no discernible effect on the tensile properties of this alloy, while data from

bend DBTT tests indicated some minor, nongeneral responses to aging had oc-

curred. In typical fashion, the greatest response was seen in gas tungsten arc

welds. Fracture behavior was again typical of columbium alloys.

Metallographic examination of aged specimens indicated the grain refining ef-

fect of the yttria was effective in controlling grain size of the base metal. Con-

versely, loss of yttria during welding is implied by continuous grain growth, which

occurs in the weld fusion zones as a function of the severity of thermal exposure.

Solid Solution Alloys (Ta-lOW, SCb-291)

The solid solution alloys included in this study were SCb-291 (Cb-10W-10Ta)

and Ta-10W. For moderate temperature applications these alloys can be expected

to perform adequately for extended periods of time. For the purposes of this pro-

gram, however, their inclusion is mainly to provide base-line data to permit dis-

crimination between those effects due to solid solution strengthening and those due

to dispersed phase strengthening in more complex alloys. Alternatively, since

these alloys should be very stable, they also acted as "referee" alloys to double

check the aging and handling procedures. Their stable responses to aging did in

fact demonstrate the adequacy of the experimental procedures.

Ta-10W. - No instability in structure or tensile strength resulted from 1000-

hour exposures at temperatures to 2400 ° F. Bend transition temperatures of base

metal, GTA welds, and EB welds were -320 ° F for all aging conditions. Micro-

structures in every case were single phase. Weld structures, particularly GTA

welds, were characterized by extremely large grains which resulted in rather low
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tensileelongationduring tensile testing. However,this behaviorwas in nowayin-
fluencedby theagingbutrather wasa propertyof theweldstructure.

SCb-291 (Cb-10W- 10Ta). - This Cb-base alloy demonstrated excellent thermal

stability for all aging-time - temperature conditions evaluated. Aging was not per-

formed beyond 1000 hours. Tensile properties showed no significant changes due to

the thermal exposures. Bend transition temperatures were generally unaffected by

aging except for a slight lowering of bend ductility following the 1000 hour exposures

at the highest aging temperatures. Fracture mode in bend testing was brittle cleav-

age so that bend transitions always occurred with a classic change from ductile to

brittle behavior. Subsequent metallography indicated this to be the result of the

considerable grain growth which occurs at the most severe thermal exposures.

Microstructures were single phase in all cases. Grain growth appeared to be a

continuous process as expected for a single-phase, solid-solution alloy.

In conclusion, SCb-291 offers excellent structural and mechanical property

stability following long time elevated temperature exposures. Its usefulness, how-

ever, is limited by its relatively low high temperature strength.

CONCLUSIONS

1. The alloys evaluated displayed a wide range of responses to the thermal ex-

posures employed in this program. In most cases, these responses were most

easily understood in terms of the metallurgy of the respective alloy system.

2. The alloys generally displayed satisfactory stability, as would typically be

required for engineering applications. However, several alloys are temperature

limited with respect to thermal stability. D-43 displayed loss of strength with in-

creasing aging time and temperature. This would have to be accommodated in set-

ting design stresses for long time applications for temperatures above 2000 ° F.

SCb-291 and B-66 were prone to loss of ductility with increasing grain size caused

by high temperature aging. Hence, these alloys should be used only at the lower

temperatures for long time applications. Likewise, Ta-10W displayed similar

grain growth related instabilities. Otherwise the alloys investigated were generally

acceptable for high temperature application from the standpoint of structural sta-

bility.

3. The magnitude of the aging response tended to be greatest for gas tungsten

arc welds and least for base metal specimens.

4. An important difference in bend test fracture mode was noted for aged T-111

and T-222 bend specimens compared with columbium-base alloys. Even though

shifts in transition behavior were noted, fractures were ductile intergranular
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separationswhichdid notpropagatefrom theweldmetalinto thebasemetal.
Columbium-basealloystendedto displayunarrestedcrackinganda classic,
abrupttransitionfrom ductile to brittle cleavagebehavior. Hence,thebendtran-
sition temperaturerepresentsa designlimit for columbiumalloysbutnot for the
tantalumalloys.

5. T-111, T-222, andFS-85displayedsimilar responsesto aging. These
were detectedonlyin measurementsof thebendtransition temperature,notbeing
observedin tensiletests at roomtemperatureor elevatedtemperatures. Thefact
that noevidenceof a responsewasseenin hightemperaturetensile testsdemon-
stratedthat thethermal stability is excellentfrom a designstandpoint. Of these,
FS-85alonewouldbe limited but onlyin anunusualsituationrequiringperiodic
cyclingfrom theagingtemperaturesto belowthebendtransition temperature.
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TABLE III-l. - ALLOYS EVALUATED FOR THERMAL STABILITY

.4 lloy

T-111

T-222

FS-85

Ta- 10W

SCb- 291

B-66

D-43

C-129Y

Cb-752

Classification a

Highest creep strengths

Gettered alloys b

Solid solution + dispersion strengthened

t Solid solution strengthened

Ungettered alloys b

I Solid solution + dispersion strengthened
Gettered alloys b

Nominal composition,

wt %

Ta- 8W- 2Hf

Ta-9.6W-2.4Hf-0.01C

Cb-27Ta-10W-IZr

Ta - 10W

Cb- 10W- 10Ta

Cb-5Mo-5V-IZr

Cb-10W-IZr-0. IC

Cb-10W-10Hf + Y

Cb- 10W-2.5Zr

aFor weldability ratings see ref. 1.

bReactive element addition, Zr or Hf, provides corrosion resistance in

liquid alkali metals.

Alloy Process Parameters

TABLE III-2. - OPTIMIZED WELD CONDITIONS FOR 0.035-1NCH SHEET

BDBTT, d o F1-hr postweld

anneal

temperature,

o F

(e)

Weld width ratio,

top/bottom,

in.
Longitudinal

bends

Transverse

bends

No anneal 0.190/0.180 <-320 <-320

No anneal .049/0.034 <-320 <-320

2400 0.195/0.189 4-320 <-320

2400 .038/0.027 <-320 <-320

24O0

2400

0.180/0.159

.039/0.026

No anneal 0:190/0.180

1900 .036/0.024

2400 0.180/0.130

2200 .040/0.026

2200

2400

0.129/0.090

.036/0.017

0.159/0.143

.040/0.027

<-320

<-320

2400

2400

2400

2200

(a) (b)

Ta-10W GTA 7.5-1/4-118

EB 15-1/2-4.5

T-111 GTA 15-3/8-115

EB 15-1/2-3.8

T-222 GTA 30-1/4-190

EB 15-1/2-3.8

B-66 GTA 15-3/8-86

EB 25-3/16-3.2

C-129Y GTA 30-3/8-110

EB 50-1/2-4.1

Cb-752 GTA 30-3/8-87

EB 15-3/16-3.3

D-43 GTA 30-3/8-114

EB 50-1/2-4.4

FS-85 GTA 15-3/8-90

EB 50-3/16-4.4

SCb-291 GTA 15-1/4-83

EB 50-1/2-4.4

aAs- received alloys

<-320

<-320

0 +75

-225 -175

-200 -225

-250 -250

-75

- 200

+100

-225

2200

No anneal

0

- 200

0

e _ 225

0.204/0.195 -175 -175

.038/0.026 -200 -200

0.160/0.150 -275 -275

• 038/0.027 <-320 -250

were in the recrystallized condition.

bFor GTA welds: speed, in./rain; clamp spacing, (in.)(A); for EB welds: speed, in./min;

clamp spacing, (in.)(mA). (All EB welds with 60-cycle, 0. 050-in. longitudinal deflection

and 150-kV beam voltage. )

Cpostweld anneal was selected for optimum ductility but is also assumed to achieve an aver-

aged structure with respect to internal reactive metal-oxygen reactions, which enhances its

compatibility with alkali metals.

dBend ductile-brittle transition temperature at It bend radius for all except FS-85 welds;

transition temperature at 2t bend radius for FS-85 welds.

eprobable value (determined value <-125 ° F).

56



TABLE III-3. - IN-PROCESS INTERSTITIAL ANALYSES (wt. ppm)

Alloy

T-Ill

T-222

FS-85

Element

C

O

N

C

O

N

C

O

N

Base

metal

as-

received

48

15

18

100

29

I0

As-

welded

GTA

welds

34

24

26

125

22

16

12 14

98 73

50 41

500-hr age a

1800 ° F 2400 ° F

36 44

20 13

24 24

79 150

45 32

66 8

39 ---

75 ---

24 ---

aAged specimens m nearly all cases were base metal.

1500° F

30

12

24

150

25

9

10 000-hr age a

1800 ° F

80

13

27

150

15

8

48 4q

51 96

45 47

2100° F

53

13

23

140

46

8

48

70

41

2400 ° F

45

20

21

140

3O

7

38

75

27

TABLE HI°4. - RESULTS OF ELECTRON MICROPROBE STUDY OF

MICROSEGREGATION IN T-Ill GTA WELDS

Specimen condition

As-welded plus 1-hr 2400 ° F

postweld anneal

As-welded plus l-hr 2400° F

postweld anneal

As-welded plus 1-hr 2400 ° F

and i0 000-hr 1800° F

postweld anneals

As-welded plus l-hr 2400° F

and I0 000-hr 1800° F

postweid anneals

Weld region analyzed Concentration, wt %

(a) W Hf

Near HAZ; IDB 7.9 3.1

Near HAZ; IDI 9.6 1.7

Weld center; IDB 7.5 3.5

Weld center; IDI 9.8 1.3

Near HAZ; IDB 7.8 4.5

Near HAZ; IDI 10.1 1.9

Weld center; IDB 8.6 2.9

Weld center; IDI 9.6 1.9

aIDB, at the interdendritic boundaries; IDI, at the interdendritic interiors.
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Figure III-2. - Ultrahigh vacuum annealing furnaces .  
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WELD ZONE HA 2 BASE METAL 

I9 573 X I 5 0 0  19 573 XI500 

(a) As-welded plus postweld anneal of 1 hour at 2400' F; bend DBTT, <-320' F. 

16 692 X I 5 0 0  20 499 X I 5 0 0  20 499 X I  5 0 0  
(b) Welded plus postweld anneal of 1 hour at 2400' F; aged 10 000 hours at 1800' F; 

bend DBTT, 125' F. 

15 465 X I 5 0 0  15 465 X I  500 15 465 X500 

(c) Welded plus postweld anneal of 1 hour at 2400' F; aged 5000 hours a t  2100' F; 

Figure III-11. - Typical microstructures of weld, HAZ, and base metal of T-111 

bend DBTT, -25' F. 

GTA weld specimens as function of postweld thermal history. 

WELD ZONE HAZ BASE METAL 

20 500 X I  5 0 0  20  5 0 0  X I 5 0 0  20 5 0 0  XI 500 

(a) Welded plus postweld anneal of 1 hour a t  2400' F; aged 10 000 hours at 1800° F; post- 
age annealed 1 hour at 2400' F. 

X1500 20 5 3 0  x i 5 0 0  2 0  530 X I 5 0 0  20 530 

(b) Welded plus postweld anneal of 1 hour a t  2400' F; aged 10 000 hours at 1800' F; post- 
age annealed 16 hours at 2400' F. 

Figure 111-12. - Microstructures of T-111 after indicated postage anneals. 
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(a) Electron micrograph 
(X10 000). 

(b) Electron diffraction 
single crystal point pat- 
tern. 

Figure III-13. - Particle extracted from T-111 fracture surface 

WELD STRUCTURE PRIOR TO AGING 

AFTER AGING AT 1800' to 2100°F 

GRAIN BOUNDARY PRECIPITATE - BELIEVED TO BE 
AN INTERSTITIAL COMPOUND; BEHAVIOR T Y P I F I E D  
BY THAT OF Ta2C. 

INTERDENDRITIC PRECIPITATE - BELIEVED TO BE AN 
INTERMETALLIC COMPOUND SUCH AS W H f ;  LARGE 

EXACT STOICHIOMETRIC COMPOSITION OBSERVED. 
VOLUME FRACTION, SLUGGISH REACTI~N; ALMOST 

AFTER SHORT TIME POST AGE ANNEALS 
AT 2400OF 

GRAIN BOUNDARY PRECIPITATE - SHOWN AFTER NEARLY 
COMPLETE DISSOLUTION; DISAPPEARS BEFORE THE 
INTERDENDRITIC PRECIPITATE. 

INTERDENDRITIC PRECIPITATE - ALSO SHOWN PRIOR 
TO COMPLETE DISSOLUTION. 

fv J 4 

Figure III-14. - Schematic representation of response of T-111 weld structure to aging. 



WELD WELD/HAZ HA2 

18 884 X I 5 0 0  18 884 X500 18 884 X500 

(a) Welded plus postweld anneal of 1 hour at 2400' F; aged 10 000 hours at 1800' F; 
bend DBTT, 100' F. 

15 467 X I  5 0 0  15 467 X500 15 467 x 5 0 0  
(b) Welded plus postweld anneal of 1 hour at 2400' F; aged 500 hours at 2100' F ;  

bend DBTT, 50' F. 

18 888 X I 5 0 0  18 888 X500 

(c) Welded plus postweld anneal of 1 hour at  2400' F;  
bend DBTT, -320° F. 

18 888 X500 

aged 10 000 hours at 2400' F;  

Figure ID-15. - Typical microstructures of selected T-222 GTA weld specimens as 
function of postweld thermal history. 

15 140 WELD X l O O O  15  140 BASE METAL X l O O O  15 460 WELO/HAZ X500 15 460 BASE METAL X500 

I (a) Welded plus postweld anneal of 1 hour at 2400° F; 
aged 1000 hours at 1500' F;  bend DBTT, -175' F. 

(b) Welded plus postweld anneal of 1 hour a t  2400" F; 
aged 5000 hours at 1800' F; bend DBTT, 175' F. 

18 872 WELO/HAZ X500 18 872 BASE METAL X 5 O O  

(c) Welded plus postweld anneal of 1 hour at  2400' F; 
aged 10 000 hours at 1800' F; bend DBTT, 75' F. 

Figure III-16. - Typical microstructures of FS-85 
GTA weld specimens as function of postweld ther-  
mal history. 69 
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EASE METAL H A 2  

18 865 XI500 18 866 xi500 
(a) Welded plus postweld anneal of 1 hour at 2400' F; aged 10 000 hours at 1800' F. 

18 867 XI500 18 868 XI500 

(b) Welded plus postweld anneal of 1 hour at 2400' F ;  aged 10 000 hours at 2100° F. 

Figure 111-19. - Microstructures of D-43 GTA weld specimens as function of post- 
weld thermal history. 

18 869 X I  500 

Figure 111-20. - D-43 base metal aged 10 000 hours 
at 2400' F. 
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IV. CREEP BEHAVIOR OF REFRACTORY ALLOYS

IN ULTRAHIGH VACUUM*

K. D. Sheffler, t J. C. Sawyer, t and E. A. Steigerwaldt

SUMMARY

Several Cb, Ta, Mo, and W base alloys have been creep tested with both con-

stant and continuously increasing loads in a vacuum environment of _ 1×10 -8 torr at

temperatures and stresses chosen to provide between 1/2 and 1 percent creep in

times up to 20 000 hours. Isostatic design data are presented in the form of

Larson-Milter plot for 1/2 or 1 percent creep life for each of these refractory al-

loys. Elevated temperature tension test data from the tantalum base alloy T-111

showed a strain aging reaction in the 1400 ° to 2200 ° F (760 ° to 1204 ° C) range which

produced an unusual transient creep behavior. Analysis of the isostatic steady state

creep data for this material showed that the minimum creep rate can be described

by the expression

= 1.65×109 [sinh(6.6×10 -5 (_)]3.17e-90 000/RT

in the temperature and stress ranges of 1600 ° to 2600 ° F (870 ° to 1427 ° C) and 500

to 45 000 psi (0.34×107 to 31.0×107 N/m2). These values of activation energy and

stress exponent suggest that the isostatic steady state creep of T-111 is governed

by a diffusion controlled microcreep mechanism rather than by nonconservative

dislocation motion. The creep tests which were run on T-111 alloy with continu-

ously increasing loads provided continuously increasing creep rates which were

comparable to the isostatic steady state creep rates at equivalent stress levels.

Methods have been developed for prediction of the 1 percent creep life under vary-

ing stress conditions from isostatic creep test data, and comparison of these pre-

dictions with the experimental results shows the dependence of analytical techniques

on the character of the isostatic creep curves.

*Based on work done under NASA contracts NAS 3-2545 and NAS 3-9439.

STRW Equipment Laboratories, Cleveland, Ohio.
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INTRODUCTION

The exceptional elevated temperature strength of refractory alloys makes these

materials ideally suited for use in space environments, where oxidation resistance

is not a governing factor. The molybdenum base alloys TZC and TZM and the co-

lumbium alloys As-30 and CB-132 have therefore been considered for turbine com-

ponents, while the tantalum and tungsten alloys are candidates for tubing or radio-

isotope capsule fabrication in space power systems. Long time creep strength of

these materials is a critical design property under conditions where the partial

pressure of reactive gases is extremely low. The creep strengths for these appli-

cations must be generated in ultrahigh vacuum to prevent contamination which would

lead to erroneous results. The effects of testing in a good and poor vacuum are

graphically illustrated by the comparison curves in figure IV-1. The work de-

scribed in this paper was performed to develop creep data for molybdenum, tung-

sten, columbium, and tantalum alloys in an ultrahigh vacuum environment of less

than 10 -8 torr at temperatures and stresses chosen to provide 1/2 to 1 percent

creep in times up to 20 000 hours. Screening tests were conducted on the molyb-

denum, columbium, tungsten, and some of the tantalum alloys, while a full series

of design tests was run on the tantalum alloy T-111. Extensive creep testing is

also in progress on ASTAR-811C, a relatively new dispersion strengthened tanta-

lum base alloy developed at the Westinghouse Astronuclear Laboratory.

The consideration of T-111 for radioisotope encapsulation has added yet an-

other dimension to the problem of service characterization for this alloy. This

problem centers on the fact that the proposed fuel is an a-emitter, which means

that after loading, the capsules are subjected to continuously increasing pressures

because of the internal buildup of helium gas. In an effort to develop an under-

standing of the response of high temperature materials to continuously increasing

stress, experiments were conducted under these conditions and compared to analyt-

ical predictions based on constant load data.

EXPERIMENTAL DETAILS

Creep Test Procedures

The creep program involved the testing of refractory alloys at temperatures

ranging from 1100 ° to 3200 ° F (594 ° to 1760 ° C) and at stresses between 500 and

65 000 psi (3.4 to 448 MN/m2). A combination of parameters was generally se-

lected which would provide 1 percent total creep in 5000 to 20 000 hours. Two-inch
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gagelength, button-headbar-typespecimensanddouble-shoulder,pin loaded,
sheet-typespecimenswereused, respectively,for testingof plateandsheet-type
materials. Theorientationof the specimenwith respectto theworkingdirectionis
givenin thefollowingtable:

Material form_ Specimenaxisparallel to

Disk forging

Plate

Sheet

Tubing

Radius

Extruding direction

Rolling direction (except where indicated)

Tube axis

The tubing was stressed parallel to the tube axis, with two flats being ground op-

posite one another to pro_'ide two webs in the gage section.

Both construction and operation of the ultrahigh vacuum creep test chambers

and the service instruments in the laboratory have been described in detail else-

where (refs. 1 and 2). The creep test procedure involved initial evacuation of the

chamber to a pressure of less than 5x10 -10 torr at room temperature, followed by

heating of the test specimen at such a rate that the pressure never rose above

lxl0 -6 torr. Pretest heat treatments were performed in situ, and complete ther-

mal equilibrium of the specimen was ensured by a 2 hour hold at the test tempera-

ture prior to load application. Pressure was always below 1×10 -8 torr during the

tests and generally fell into the 10-10 torr range as testing proceeded. Specimen

extension was determined over a 2-inch gage length with an optical extensometer

which measured the distance between two scribed reference marks to an accuracy

of +50 microinches. Creep strains were calculated using the loaded gage length as

the original length. Specimen temperature was established at the beginning of each

test using a thermocouple. An optical pyrometer having a precision of +1 ° F was

calibrated against the thermocouple reading and was then used as the prime temper-

ature reference throughout each test.

The response of T-111 alloy to variable stress conditions was studied by con-

tinuously increasing the load at various linear rates, starting at zero stress, while

simultaneously measuring creep strain as a function of time. The steadily increas-

ing load was achieved by using a motor driven screw to continuously feed lead shot

at a uniform rate into a load pan attached to the bottom of the specimen. The weight

of the shot added to the pan was monitored so that the exact load would be known at

all times.
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Characterization of Test Materials

Sources of the test materials and details of the available processing histories

have been previously presented (ref. 3). Chemical analyses of each of the heats

tested are shown in table IV-l, and pertinent details of the processing histories

are summarized in table IV-2.

Molybdenum alloys. - TZM was evaluated in three forms: a bar (heat 7463),

a conventionally processed disk forged at 2200 ° F (heat 7502), and a section of an-

other disk which had a higher than normal carbon level and was both hot and ",arm

forged to produce improved creep resistance (heat KDTZM-1175). All of these

heats were evaluated primarily in the stress relieved condition. Photomicrographs

of each of the materials (fig. IV-2) show that the bar material and the conventional

forging were relatively fine-grained, while the special forging had a somewhat

coarser structure. Electrdn micrographs of the two disk forgings (fig. IV-3) show

a similar carbide morphology, but with a somewhat higher density of carbides in

the higher carbon material.

TZC was also evaluated in three different forms. Two rolled plates were ob-

tained with widely different drafting practices. One plate was given very small

reductions on each pass and a high finishing temperature (heat M-80), while the

other was given relatively large reductions and finished at a lower temperature

(heat M-91). The third TZC plate was side forged in the 2400 ° F range from ex-

truded bar stock (heat 4345).

Both the stress-relieved and recrystallized structures were studied in TZC.

The two rolled plates had a uniform and relatively fine-grained microstructure in

the stress-relieved condition, while the extruded and forged plate had a more ir-

regular and somewhat coarser structure (fig. IV-4). The responses of the rolled

plates to a 1-hour annealing treatment at 3092 ° F differed markedly; the plate from

heat M-91, which was given large reductions, was fully recrystallized, while the

M-80 plate was only partially recrystallized (fig. IV-5). The difference presum-

ably results from the higher degree of residual cold work in the plate finished at

lower temperatures.

Columbium alloys. - The columbium alloy AS-30 was evaluated in the as-

received condition (rolled at 2100 ° F), while Cb-132M was annealed 1 hour at

3092 ° F (1700 ° C) prior to testing. Microstructures of these two alloys are shown

in figure IV-6.

Tungsten alloys. - Both arc-melted and vapor-deposited tungsten were evalu-

ated. The arc-melted material was received as 0. 030-inch sheet and recrystal-

lized for hours at 3200 ° F prior to testing. The vapor-deposited material was

tested as a bar specimen machined from a thick tube wall. The W- 25 percent Re
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wasalsotestedas 0.030-inchsheetobtainedfrom anarc-melted ingot. Micro-
structures of thetungstenalloysarepresentedin figures W-7, IV-8, and IV-9. In

the case of the vapor-deposited material (fig. W-8) the gage section represents a

creep tested structure, while the head section is characteristic of untested material.

Tantalum alloys. - Pure tantalum was tested in the form of tubing, while all of

the other tantalum alloys tested were in the form of nominal-0. 030-inch-thick cold

rolled sheet. All of the tantalum alloys were tested in the fully recrystallized con-

dition. Photomicrographs of the pure tantalum, Ta-10W, and ASTAR-811C are

shown in figures W-10 to IV-12. Electron micrographs showing the influence of

annealing time and temperature on carbide morphology in the ASTAR-811C alloy

are shown in figure IV-13.

Investigation of Strain Aging Behavior in T-111 Alloy

Because a complete characterization of mechanical properties was required for

T-111 alloy, a more extensive test program was conducted to fully document the

elevated temperature mechanical behavior of this material. Chemical analyses and

room temperature mechanical properties of each heat tested are presented in table

IV-3, while typical light and electron micrographs are shown in figures IV-14 and

IV-15(a). Although the structure appears clean at optical magnifications, the elec-

tron micrographs show that the T-111 recrystallized 1 hour at 3000 ° F (1649 ° C)

had an included second phase which was distributed preferentially at the grain bound-

aries. Electron probe micrographs emphasized this grain boundary network (fig.

IV-16), but also showed a significant number of inclusions within the grains. Elec-

tron probe spectral distribution and emission scans indicated that these inclusions

were hafnium oxides.

Elevated temperature tension tests were performed in a Brew furnace at pres-

sures of the order of 10 -5 torr at an extension rate of 0. 005 inch per inch per min-

ute (except where noted). The influence of temperature on the tensile properties of

recrystallized T-111 is shown in figures IV-17. These overlapping data from sev-

eral different heats as well as from the literature (ref. 4) show a pronounced ulti-

mate strength peak near 1400 ° F, together with a maximum in the strain hardening

exponent. In addition, a Portevin-LeChatlier effect (serrated stress-strain curve)

was observed in this temperature range, as illustrated in figure IV-18. Schmidt

et al. (ref. 5) have noted similar strain aging effects at a much lower temperature

(about 600 ° F (316 ° C)) in pure tantalum and in tantalum containing between 225 and

955 ppm C, O, and N additions. Comparison of the T-111 data with Schmidt's re-

sults suggests that strain aging in T-111 may be caused by a complex atmosphere-
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dislocationinteractionrather thanby simple interstitial dislocationpinning. Baird
andJamieson(ref. 6)havefoundthecomplexatmosphereto bea muchmorepotent
strengthenerthanstraightforwardinterstitial atomstrain agingin theanalogous
Fe-Mn-Csystem,especiallyat higher temperatures.

In order to studythestrain agingphenomenonin greater detailandperhaps
identifythe responsibleatomspecies,a series of tensiontestswasconductedon
T-111at different strain rates andtemperaturesin thestrain agingrange. Results
of thesetests, shownin figure IV-19, further emphasizethepresenceof thestrain
agingbyshowinga very largenegativestrain rate sensitivity in the strain aging
temperaturerange. Twoother interestingeffectsare alsoapparentin figure IV-19.
First, strain agestrengtheningis muchmoreeffectiveat the lowerstrain rates,
indicatingthatthis factor maybe importantin creepbehavior. Second,thestrength
peakshifts to highertemperatureswith increasingstrain rate, presumablybecause
of themore rapiddiffusionrequiredfor strain agingin thefaster tests. Thelatter
behaviorprovidesa possiblemethodfor identifyingtheinterstitial atomspeciesre-
sponsiblefor strain aging. Kinoshita(ref. 7)haspointedout thattheactivationen-
ergyfor strain agingcanbedeterminedfrom thestrain rate sensitivity of the
strengthpeakbyplottingstrain rate againstthereciprocal of thepeaktemperature.
ThisArrheniustypeof representation,whichis shownin figure IV-20, yields an
activationenergyof 22000caloriesper molefor thestrain agingreaction in T-111.
Thisvalueis very closeto theactivationenergyreportedby Schmidtet al. (refs. 5
and8) for diffusionof oxygenin tantalum(22900cal/mole), but is muchlower than
thevaluesreportedfor diffusionof C andN in tantalum(39600and41100cal/mole,
respectively). It thusseemslikely that oxygenis the critical interstitial speciein
thestrain agestrengtheningof T-111.

RESULTS AND DISCUSSION

Results from the refractory alloy creep program are divided into three basic

categories. First, the data generated from the screening studies are presented

and discussed briefly. Second, a detailed discussion of the creep behavior of T-Ill

alloy is presented, and finally the variable stress results are discussed.

Screening Studies

Molybdenum alloys. - Typical creep curves for TZC (fig. IV-21) show an ir-

regular extension behavior characteristic of the molybdenum base alloys. Such
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behavior is only observed in specific alloys, indicatingthat the discontinuities in

the curves are real and do not represent instrument error. The accuracy of the

extension measurements is apparently great enough to show some of the intrinsi-

cally random nature of the thermally activated creep process.

The 1/2 percent creep results for TZC are summarized on a Larson-Miller

plot in figure IV-22. In the annealed condition the rolled plate with the partially

recrystallized structure (heat M-80) had better creep resistance than the fully re-

crystallized plate (heat M-91). The higher creep strength may be partially due to

the more complex substructure associated with the higher yield strength of the cold

worked material or may result from the somewhat higher carbon level in heat M-80.

Analysis of the creep data in conjunction with short time mechanical behavior indi-

cates that, among the three TZC forms tested, heat 4345 represents the best com-

bination of both short and long term creep streagth with room temperature ductility.

The TZM test results, _summarized in figure IV-23 on a 1/2 percent creep

Larson-Miller plot, show the superior creep strength of the specially processed

disk forging. Although the electron microscopy of the TZM alloys (fig. IV-3) re-

vealed a somewhat higher number of carbides in the specially forged material,

neither forging possessed a carbide dispersion which was dense enough to provide

significant dispersion hardening. This indicates that the improved creep strength

of heat KDTZM-1175 may also be associated with the coarser metallurgical struc-

ture shown in figure IV-2, with the increased carbide density playing a secondary

role by providing an improved thermal stability to the cold worked structure.

Comparison of the TZC and TZM results indicated that at higher stress levels

and lower temperatures the specially processed TZM was superior to TZC in the

stress relieved condition, while at the lower stress levels the behavior of the two

materials was comparable. The elevated temperature yield strength of TZM heat

1175 is superior to TZC (table IV-4), and this factor is believed to contribute to the

improved creep strength at the lower test temperatures.

None of the molybdenum base alloys tested showed a significant change of

structure or composition as a result of the long time elevated temperature exposure

to ultrahigh vacuum, although a modest increase in strength resulted from the rela-

tively small creep strains achieved.

Columbium alloys. - Creep test results from AS-30 and Cb-132M are compared

on a Larson-Miller plot in figure IV-24. Although Cb-132M has significantly

greater creep strength than AS-30, the specially processed TZM disk forging had

creep resistance greater than either columbium alloy. Post-test examination indi-

cated that no change in hardness or structure occurred in the columbium alloys as

a result of creep exposure.

Tungsten alloys. - A summary of the creep data for tungsten and tungsten-25
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percentrheniumis givenin table IV-5. TheLarson-Miller valuesfor 1percent
creepin thetableare basedona constantof 15. Thearc-meltedandvapor-
depositedtungstenhadcomparablecreepstrength,while thetungsten-25percent
rheniumalloy hada greater creepstrengthbut onlyat thehigherstress levels.

Theresultsobtainedonthearc-meltedandvapor-depositedtungstenare com-
paredin figure IV-25 to publishedcreepdatafor puretungsten(refs. 9 and10)
usinga Larson-Miller parameterfor 1percentcreep. Theresults of Schmidtand
Ogden(ref. 9)were obtainedwith a powdermetallurgyproduct, andtestswereper-
formedin anargonenvironment. A powdermetallurgyproductwasalsousedby
theSouthernResearchInstitute(ref. 10), but thetest environmentwasa 10-4 torr
vacuum. Thecreepstrengthof thearc-meltedandvapor-depositedtungstenis
definitelyinferior to that of thepowdermetallurgyproductof reference9; however,
thedatafrom reference10appearto beanextensionof thoseobtainedwith the arc-
meltedandvapor-deposited material.

Tantalum alloys. - A Larson-Miller plot of creep test results obtained on the

tantalum base alloys T-111, Ta-10W, and ASTAR-811C and on pure tantalum is

presented in figure IV-26 together with data from the literature on ASTAR-811C

(ref. 11). The pure tantalum data show a significant variation of properties be-

tween heats. This effect is presumed to result from the fact that pure materials

will be more sensitive to minor variations in trace impurity levels than the more

heavily alloyed materials. However, the differences in creep strength may also be

associated with the significant difference in grain size shown in figure IV-10. Fur-

ther examination of the data in figure IV-26 indicates that the creep strengths of

T-111 and Ta-10W alloys are comparable, while the ASTAR-811C alloy is signifi-

cantly stronger. Heat treatment appears to have a considerable influence on the

creep strength of ASTAR-811C, and the commercial heat is significantly stronger

than either of the laboratory heats tested. Comparison of the various heat treat-

ments studied with the carbide morphologies presented in figure IV-13 indicated

that both grain size and carbide morphology significantly influenced ASTAR-811C

creep behavior.

Creep Analysis of T-111 Alloy

Rationalization of T-Ill transient creep behavior. - Conventional first stage

creep was not always observed in T-111 alloys, and certain tests showed a very

unusual behavior, with the creep rate initially attaining a relatively low value and

then increasing again to a steady state. The tendency toward this type of behavior

was temperature dependent, with tests at the lower temperatures (near 0.4 Tm)
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curvingupwardmoresharplythanthoseat highertemperatures(near0.5 Tm)
(fig. IV-27).

Analysisof theunusualtransientcreepbehaviorin T-ill is facilitatedbyplot-
ting true strain rate againsttrue strain, as illustrated in figure IV-28for thetwo
testsshownin figure IV-27. This typeof plot emphasizesthefact that theupward
curvatureis notclassical third stagecreep, sincethe right half of the low temper-
aturecurve in figure IV-28showsa negativerather thana positivecurvature.
Bothcurveswouldpresumablyturn upwardin true third stagecreepif permittedto
run longenough.

Comparisonof thetensileandcreepdataonT-ill revealsthat boththestrain
agingandthetransientcreepstrengtheningphenomenonare mostpronouncedat the
lower test temperatures(in the 1600° F (870° C)range)andthat bothdecrease
graduallywith increasingtemperatureandare essentiallyabsentaboveabout
2200° F (1204° C). This similarity of temperaturedependencesuggeststhat the
twophenomenamaybeassociated. Evenso, it is difficult to explainwhytheeffec-
tivenessof a strain agestrengtheningmechanismshoulddecreasewith increasing
test time. This phenomenonhasbeenobservedpreviouslyin anFe-Cr-C alloyby
DeBarbadillo(ref. 12),whoattributedthedecreasingstrengthto precipitationof
chromiumcarbide. It wasshownthat bothCr andC werenecessaryby testing
binary Fe-Cr andFe-C alloys in whichtheunusualtransientdid notappear. Thus,
as thechromiumandcarboncopreciPitated, thespeciesnecessaryfor strain aging
wasdepletedfrom the matrix. DeBarbadillofurther supportedthis suppositionby
showingthat thekinetics of theprecipitationreactionwere suchasto causean
abruptcreeprate transition of theobservedform.

Examinationof creeptestedT-Ill specimensshowedthat theprecipitation
mechanismwasnotdirectly applicableto the T-Ill alloys. Figure IV-15(b)re-
vealsanappreciabledecreaserather thanan increasein thenumberof inclusions
after test. This decrease,whichhasbeenconfirmedusingtheelectronprobe
microanalyzer,is accompaniedbya significantandconsistentdecreasein oxygen
composition,aswell asa dropin tensilestrengthandhardnessin thetestedmate-
rial (tableIV-6). Althoughsufficientcreeptestedmaterial wasnotavailableto
comprehensivelyevaluatethe strengthof thestrain agingreactionin thepost-tested
specimens,a 56percentdecreasein theyield pointdropwasobservedasa result
of creeptesting, indicatingthat lessstrain hardeningoccurredafter creeptest ex-
posure.

Onthe basisof theseresultsa mechanismsimilar to DeBarbadillo'sinvolving
softeningof the creep tested material by depletion of the species responsible for

strain age strengthening (oxygen) can be applied to the T-111 alloy to explain the

transition in creep rate as a function of test time. Since oxygen removal proceeds
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duringcreeptesting, it causesaprogressiveweakeninganda concomitantcreep
ratetransition at the lowtest temperatureswherestrain agingis initially an impor-
tantfactor.

Analysis of T-Ill steady state creep behavior. - Various standard analytical

techniques were applied to the T-Ill steady state creep data to gain better insight

into the creep mechanisms involved. Neither the common engineering representa-

tion of log stress as a function of log minimum creep rate nor the Arrhenius plot

would adequately correlate the results, so that it was necessary to utilize a temper-

ature compensated creep rate parameter of the form

_eAH/RT

in order to rationalize the steady state data. Although the usual approach to this

treatment involves the use of the Arrhenius plot to obtain the activation energy, it

is possible to obtain AH directly through statistical evaluation of the degree of

correlation between the chosen stress function and }e AH/RT.

Three stress functions are commonly found in the literature:

(1) Power function:

Eoc fin

(2) Exponential function:

cc e B_

(3) Hyperbolic sine function:

_oc [sinh(aa)] n

Garofalo (ref. 13) has discussed the stress dependence of creep rate and has shown

that, for a number of materials tested over wide ranges of stress, the power law

provides a plot of _e AH/RT against f(a), which is concave upward, while the ex-

ponential law provides a plot which is concave downward. Garofalo therefore pro-

posed the hyperbolic sine relation to solve this problem, since it approximates the

power law at low stresses and the exponential law at higher stresses. Figures

IV-27, IV-30, and IV-31 show that these general observations apply to T-ill, with

the hyperbolic sine law being the only relation providing a linear correlation over

the entire experimental stress range of 500 to 45 000 psi. It is interesting to note

that the ultimate strength data at 1800 ° F (982 ° C), 2200 ° F (1204 ° C), and 2600 ° F

(14270 C) all fall on the same line, with the creep data in figure IV-31 indicating
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that at thesetemperaturesanda strain rate of 0.005inch per inchper minuteten-
sile deformationis thermally activatedin T-111alloy. It shouldalso benotedthat,
while the exponentialandpowerlawsdonot fit thedataover the entire stress range,
thereare limited stress rangeswhereeachoftheserelationsdoesprovidea
straight line fit of thedata. For example,theexponentialplot in figure IV-29 ap-
pearsto providea linear fit between2.4 and20ksi despitethepronouncedcurva-
ture over thewider stress range.

Evaluationsof the straight line segmentsfrom eachof thethreestress repre-
sentationsall provideda AH valueof about90000caloriesper mole, which is
closeto thevalueof 100000caloriesper molereportedin the literature (ref. 6)
for self-diffusion in tantalum. Sincelattice strains introducedby substitutionof the
somewhatsmaller W atomin the Ta lattice shouldenhancediffusivity, theapparent
activationenergyfor creepis probablyvery closeto that for either Ta or W diffu-
sion in T-111. This indicationof diffusioncontrolledcreepseemssomewhatsur-
prising in viewof the lowhomologoustemperaturerangeexamined(0.39to 0.52);
however,SherbyandBurke(ref. 14)havesuggestedthatat very lowstrain rates
diffusioncontrolledcreepmayoccurat lower thannormal temperaturesas a result
of the longtimes availablefor diffusionto occur, andthis is probablythe explana-
tion in thepresentcase.

Diffusioncontrolledcreepis normallyassumedto result either from noncon-
servativemotionof joggedscrewdislocationsor from climb of edgedislocations.
However,thestress exponentfor thesetwoprocessesshouldbenear5, as opposed
to thevalueof about3 observedin the presentwork. A valueof n = 3 conforms to

that predicted by Weertman (ref. 15) for glide controlled creep, implying that

steady state creep in T-111 may be controlled by substitutional solute atom drag.

In this case, the AH value reported should represent the activation energy for dif-

fusion of W in T-Ill rather than Ta in T-Ill. Unfortunately, no data on the diffu-

sion of W in Ta are available in the literature to check this possibility. However,

alloys which display microcreep often do not undergo primary creep and do not ex-

hibit a well developed substructure, both of which are consistent with the observed

behavior in T-111. It therefore seems likely that steady state creep of T-111 is

controlled by a microcreep mechanism in the temperature and stress ranges

studied.

Analysis of Variable Stress Results on T-Ill Alloy

The third major facet of the work presentedin this paper deals with the behavior

of T-111 alloy under continuously increasing loads. Typical creep curves obtained
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from this typeof testare presentedin figure IV-32. Thedistribution of creepde-
formationthroughthetest perioddependsonthe relative loadingratesandtemper-
aturesin thesetests. At the highertemperaturesandlowerstress rate, creep
strain is accumulatedgraduallythroughoutthe test. Ontheotherhand,at the lower
temperaturesandhigherstress rates, very little creepoccursuntil the latter
stagesof thetest, wheremostof thecreepdeformationis concentrated.For each
temperaturea stress rate existedabovewhichthecreeplife wasgovernedprimar-
ily by therate of approachto theyield stress rather thanby thecreeprate, as in-
dicatedin tableIV-7.

Usingthetime requiredto reach1percentextensionas a creeplife criterion,
aparametricrepresentationwasdevelopedfor correlating thevariablestress data.
In this mannercreeplives at different stress rates andtemperaturescouldbe com-
binedandusedfor more reliable designpredictions. McCoy(ref. 16)haspointed
outthatprogressivestress results canbe representedontheconventionallog-log
plotof stressagainstcreeplife, with stress rate substitutedfor stress. This type
of plotprovidesafamily of parallel, isothermalstraight lines (fig. IV-33), each
correspondingto therelation

log_= M log l + B const. T
(1)

where _ is stress rate, l is creep life, and M and B are the slope and inter-

cept. The influence of temperature on the intercept B can be expressed as

B(T) = B' - log Tn (2)

and combining equations (1) and (2) leads to the expression

log(_T n) = M log l + B' (3)

The progressive stress creep results can be represented by a single straight line

when bT n is plotted as a function of creep life with n = 5.5 (fig. IV-33), and the

desired parametric representation is thereby obtained.

Analytical treatments. - From both a theoretical and a practical standpoint it

is desirable to compare the creep results obtained from continuously increasing

stress tests with conventional isostatic creep behavior. Manson (ref. 17) has dis-

cussed this problem in his "time hardening" and "strain hardening" theories,

which provide conceptual guide lines for the manual assembly of variable stress

creep curves from selected segments of conventional creep curves. McCoy

(ref. 16) and Nichols and Winkler (ref. 18) have approached the specific problem of

86



using isostatic data to predict variable stress behavior in radioisotope capsules by

using a "life fraction" concept in which the useful lifeof a specimen is considered

to be exhausted when the sum of the instantaneous lifefractions equals unity. Each

individual lifefraction is equal to the time spent at any specific set of test condi-

tions divided by the totalcreep lifeat those conditions. McCoy uses equation (i) to

define creep life Ii and then integrates the lifefraction for the case where stress

increases steadily at the rate _:

f0L f0L1 = dt _ dt (4)

l i e-B/M(bt)l/M

The variable stress creep life is the upper limit L in equation (4):

(5)

Nichols and Winkler have generalized this technique by using the temperature com-

pensated Larson-Miller parameter (LMP) to generate the creep life function and

have developed a computer program for numerical integration of the resulting life

fraction expression. This program was written specifically for application to the

radioisotope capsule problem and will interchangeably generate capsule dimensions

or capsule life for any analytically expressed stress or temperature variation,

when provided with the appropriate conventional creep test data. Nichols and

Winkler's program contains a subroutine which fits the isostatic creep data to an

expression of the form

(6)

This expression provides a linear relation between In q and the Larson-Miller

parameter at high LMP values, while allowing _ to approach _u (ultimate

strength) asymptotically at low LMP values. The constants M and _ are, re-

spectively, the slope and intercept of the straight line, and 7 is an imposed con-

stant of the order of 2.

Another technique for prediction of increasing load creep lifewas developed in

the present study from a previous analysis of T-Ill creep data obtained under iso-
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static load conditions (ref. 19). The earlier study had shown that the steady state

creep rate of T-111 recrystallized 1 hour at 3000 ° F can be described analytically

in the temperature and stress ranges of 1800 ° to 2400 ° F (982 ° to 1316 ° C) and 2400

to 20 000 psi (1.65×107 to 13.8×107 N/m 2) as

= AeB_e -AH/RT (7)

with

AH = 90 000 cal/mole

A = 4.68×106 hr-I

B = 3.98×I0 -4 psi-I

and R and T being, respectively, the universal gas constant and the absolute

temperature in degrees Kelvin (ref. 19). This expression is convenient for com-

parison of conventional isostatic and increasing stress results since it allows steady

state rates at different temperatures and stresses to be compared directly.

In the increasing stress tests the instantaneous strain rates were determined at

various stress levels by numerical differentiation. These results are plotted in fig-

ure IV-34, where the increasing stress tests are compared with conventiona'_ test

results. Although the scatter is somewhat greater, the creep strain rates observed

in the increasing stress tests are with a few exceptions in the same range as the

conventional test data. These results indicate that the creep rates obtained in the

increasing stress tests are a unique function of stress and are relatively indepen-

dent of creep strain for the conditions tested.

The above results also imply that integration of the conventional creep rates

obtained under isostatic load conditions should predict the increasing stress creep

lives. The strain at any point in an increasing stress test is simply the integral of

the strain rate as a function of time:

Lc = _(t)dt (8)

If the functional relation of _ to stress and the time dependence of stress are

known, this equation can be expressed in the form

= _0 L t[a(t)]dt (9)
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Theform of _(a)is knownfrom equation(7), and (_(t)is simply

= bt (1o)

for the linearly increasing stress test. Inserting these two expressions in equa-

tion (9) yields

E = [L AeBb te_AH/R T dt (ii)

which can be integrated analytically to evaluate the upper limit (which is creep life)

for any desired strain. Choosing _ = 0.01 results in an expression for 1 percent

creep life of the form

Ae- AH/RT (eBbL 1) (12)9.oi -
Bb

or, rearranging,

/0.01 B_ 1)
L =_1..1 In +

B_ \Ae- AH/RT

(13)

where the constants A, B, and AH are as given for equation (7).

Comparison of creep life predictions with experimental data. - Predictions of

each of the analytical techniques are compared with the experimental data in table

IV-8. At the two lower test temperatures the strain rate integration technique pre-

dicts creep lives which are somewhat shorter than the experimental values, where-

as the Nichols and Winkler predictions are somewhat larger than the observed lives.

However, at 2200 ° F both techniques appear equally good, with statistical variation

of the experimental results providing the major source of difference between pre-

dicted and observed values. The reason for this variability of predictions is illus-

trated schematically in figures IV-35 and IV-36. Figure IV-35 shows the basic

relation between the life fraction and the strain rate integration techniques. The

integrand in both cases is a creep rate, but whereas in the strain rate integration

technique experimentally observed steady state creep rate _1 is integrated, the

creep rate integrated in the life fraction technique is a hypothetical rate established

by the reciprocal of the 1 percent creep life _2" Thus, the relative success of each

of these techniques will depend upon the degree to which the instantaneous strain

rates in the increasing stress tests approximate either the hypothetical or the ex-

perimentally observed steady state creep rates.
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Thespecificapplicationof the aboveconceptto T-111alloy is illustrated in
figure IV-36, whichshowsthat T-ill undergoesa creeprate transition at lowtest
temperatures(in the 1600° to 2000° F range),whereasit showsnormalprimary
creepat hightemperatures(near2600° F). At temperaturesbetweenthesetwo
extremes,creepof T-111exhibitsneithera pronouncedrate transition nor a
pronouncedfirst stage.

Theimportanceof the low temperaturecreeprate transition is thatthe iso-
static steadystatecreeprate is higherthanthe hypotheticallife fraction creeprate
in this temperaturerange,whereasit ordinarily wouldbe lowerwhenfirst stage
creepappearsas it doesin thehightemperatureT-111creeptests. Previouswork
referred to earlier showedthat thecreeprate transition in T-111alloy is causedby
avacuuminducedlossof oxygen,whichprovidessignificantstrain agestrengthen-
ingin theearly stagesof a lowtemperatureT-ill creeptest (ref. 19). Sincethis
vacuuminduceddeoxidation,canproceedindependently of the creep deformation, the

creep test specimens may be partially degassed when the load in the increasing

stress test reaches a high enough level for significant creep to occur.

Thus, throughout much of the active life of a low temperature increasing stress

test the creep rate should approximate the isostatic steady state creep rates, as

shown by the experimental results in figure IV-34. The reason that the creep rates

in the increasing stress tests tend to be slower than isostatic rates in the early

stages of the increasing stress tests now becomes clear, since creep at this stage

of the test may be occurring in only partially deoxidized material. The significance

of the creep rate transition is that, when the experimental isostatic creep rates are

integrated at low temperatures, the integrated strain will be slightly greater than,

and the predicted 1 percent creep life slightly shorter than, the experimentally ob-

served increasing stress creep life. Conversely, when the hypothetical creep rate

established by the reciprocal of the creep life _2 is integrated at low temperatures,

the predicted creep life is slightly greater than the experimentally observed value.

At high temperatures where primary creep occurs, the opposite would presumably

be true; that is, the Nichols and Winkler life fraction integration should provide the

conservative prediction while the steady state strain rate integration should predict

creep lives which are longer than the experimentally observed values. While in-

creasing stress data were not available at high temperatures to check this hypoth-

esis, the data in table IV-8 show that at intermediate temperatures, where creep is

essentially linear, the predictions of both methods are comparable and agree well

with the experimental data.
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SUMMARY OF RESULTS

A Larson-Miller analysis of creep test results on molybdenum and columbium-

base turbine alloys showed that at higher stress levels and low temperatures a spe-

cially processed lot of TZM having a somewhat higher than normal carbon content

is superior to TZC in the stress relieved condition, whereas at higher temperatures

and lower stresses, the behavior of the two materials is comparable. Both of the

molybdenum alloys were superior to the columbium-base alloys AS-30 and CB-132M.

The creep tests indicated that arc-melted and vapor-deposited tungsten had

comparable creep behavior. A comparison between these data and literature values

for the powder metallurgy product tested in vacuum showed no difference on a

Larson-Miller plot. However, the literature values indicated that powder metal-

lurgy material tested in argon appeared substantially more creep resistant.

A detailed analysis of tension and creep test results on T-Ill revealed that a

complex atmosphere strain aging phenomenon involving oxygen and probably haf-

nium provides a transient strengthening in the early stages of T-111 creep tests in

the 1600 ° to 2200 ° F (870 ° to 1204 ° C) range. At long test times, ultrahigh vacuum

removal of oxygen depletes the strain aging strengthening species from the matrix

and causes a creep rate transition to occur. After the creep rate transition, steady

state creep proceeds according to the relation

= I. 65×109 [sinh(6.6×10 -5 c_)] 3" 17 e_90 000/RT

where the values of activation energy and stress exponent suggest that steady state

creep is governed by a diffusion controlled microcreep mechanism.

The creep tests conducted on T-Ill alloy with continuously increasing loads

provided continuously increasing creep rates which were comparable to the isostatic

steady state creep rates at equivalent stress levels. Methods have been developed

for prediction of the 1 percent creep life under varying stress conditions from iso-

static creep test data, and comparison of these predictions with the experimental

results shows the dependence of analytical techniques on the character of the iso-

static creep curves.
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TABLE IV-1. - CHEMICAL COMPOSITION OF ALLOYS EVALUATED IN CREEP TEST PROGRAM

Material

TZM

(Heat 7463)

(Heat 7502)

(Heat KDTZM-1175)

TZC

(Heat M-80)

(Heat M-91)

(Heat 4345)

AS-30

Cb-132M

W - Arc melted

(Heat KC1357)

Vapor deposited

W-25 percent Re arc melted

(Heat 35-75002)

ASTAR-811C

(Heat NASV-20-WS)

(Heat VAM-95)

(Heat 650056)

Ta-10W

(Heat 630002)

Pure tantalum

(Heat B-1962)

(Heat 60249)

T-111 - see table IV-3

wt _ ppm

Cb W Re Mo Ta Hf C Ti Zr N 2 0 2 H 2

.............. Bal. -....... 0.016 0.48 0.08 1 2 1

.............. Bal. -........ .010 .51 .091 i00 20 7

.............. Bal. -........ .035 .61 .120 43 34 9

.............. Bal. -........ .127 1.02 .17 18 41 I0

.............. Bal. -........ .113 1.17 .270 34 37 i0

.............. Bal. -........ .075 1.19 .16 9 19 2

Bal. 21.0 .................... .09 .... 1.04 I00 60 15

Bal. 15.6 ..... 4.72 19.7 .... .16 .... 2.10 24 4 4

--- Bal. -................... .0058 .......... 16 9 3

--- Bai. -................... .0012 .......... 15 13 2

........ 24.88 .............. .007 ......... 7 61 13

--- 7.3 1.0 .... Bal. 0.86 .024 .......... 20 14 ....

--- 7.6 1.1 .... Bal. .65 .030 .......... 3 4 .3

--- 8.2 1.2 .... Bal. .9 .020 .......... 14 30 3.5

--- 9.9 .......... Bal. ---- .0044 .......... 25 100 5

................... Bal. ---- .0012 ......... 21 20 5

................... Bal ...... .0014 ......... 20 51 3

...................................................
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Material

TZC

TZC

TZC

TZM

TZM

TZM

AS-30

Cb-132M

W - Arc-

melted

W - Vapor

deposited

W - 25 per-

cent Re

T-Ill

T-111

Pure Ta

ASTAR-

811C

Heat

TABLE IV-2. - SUMMARY OF TEST MATERIAL PROPERTIES AND PROCESSING DETAILS

Vendor Pertinent processing details Heat Tensile strength, ksi

M-80 General

Electric

M-91 General

Electric

4345 Climax

Molybdenum

Climax

Molybdenum

7502

KDTZM- Air Research-

1175 Universal

Cyclops

Climax

Molybdenum

7463

Extruded 2.3:1 at 3092 ° F, cross-rolled at

2925 ° F with 4 percent reduction per pass

Extruded 2.3:1 at 3092 ° F, cross-rolled with

large deformations per pass and finished at

2372 ° F

Extruded at 3000 ° F, heat treated at 3000 ° F,

upset forged 40 percent at 2400 ° F, broad

forged to 0. 825 in. at 2400 ° F

10_toExtruded from 64 in. diam, heat treated at 2200 ° F, - ....

2700 ° F, upset forged at 2200 ° F 1 hr

2850 ° F, .....

I hr

Extruded from 10_to6_in. diam, recrystallized 2300 ° F, 122

at 2800 ° F for 4 hr, forged to 4 in. diam at 1 hr

3400 ° to 2800 ° F, recrystallized at 2950 ° F for

2 hr, forged to 3/4 in. f_t disk, 11 blows, at

2800 ° to 2160 ° F

11_ to 6_ in. diam, recrystallized 2250 ° F, 128Extruded from

rolled to 2 in. diam, recrystallized, rolled to 1/2 hr

1 in. diam, swaged to 5/8 in. diam

Extruded from 4.8 to 4 by 1.625 in. sheet bar at ............

2825 ° F, cross rolled at 2100 °F to 0.790 in.

Extruded from3_to 1½in. at 3130 ° F, cross .............

rolled to 3/4 in. at 2400 ° F

Extruded4:l at 3100 °F, forged at 2200 OF, -...........

rolled at 2300 °, 1800 °, and 1400 ° F, stress

relieved at 1700 ° F

C5 General

Electric

KC1454 Universal

Cyclops

KC1357 Universal

Cyclops

Percent

treatment elongation
Ultimate 0.2 Percent

yield

3092 ° F, 88.6 68.5 0.05

1 hr

3092 ° F, 85.0 49.0 7.0

1 hr

2500 ° F, 106 09 4

1 hr

2400 ° F, 123 117 12

1 hr

DPH

hardness

268

240

303

346

.........................................................................i i i

3.5-75002 Wah Chang 0.055 in. sheet stress relieved at 2375 ° F,

roiled to 0.035 in., stress relieved at 2550 ° F

Chang --6_ in. diam ingot forged to 11 in. bar at 2200 ° F.Typical Wah

annealed at 3000 ° F, rolled at 800 ° F to

1/4 in. thick, annealed at 30000 F, cold rolled

to 0.030 in.

Typical Fansteel Extruded 3.25:1 at 2200 ° F, rod rolled and flat

roiled to 0. 030 in.

....................... Double e.b. melt extruded to 2 in. o.d. by

1/4 in. wall tube, reduced and drawn to

3/4 in. o.d. by 0.040 in. wall

Typical Westinghouse Side forged from 3.9 in. diam by 5 in. long .......

ingot to 7.2 by 7.5 by 1. 133 in. thick bar at

2550 ° F, annealed at 2700 ° F for 2 hr, rolled

to 1/4 in. at 500 ° F, annealed 1 hr at 3000 ° F,

cold rolled to 0.040 in.

.......... 304

.......... 209

Iii 17.4 316

117

3000 ° F, 94 Typical

1 hr

74

3O

353000 ° F,

1 hr

94

300

293

336

487

639

250

253
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TABLE IV-3. - CHEMICAL COMPOSITION AND ROOM TEMPERATURE MECHANICAL

_PERTIES OF T-111 ALLOYS ANNEALED 1 HOUR AT 3000 ° F (1649° C)PRq

Heat

W H

70616 8.5 2.

65079 8.7 2

65076 8.6 2

D-1102 7.9 2.

D-1670 7.9 2.

D-1183 8.7 2.

650028 8.3 2.

848001 7.9 2.

650038 8.6 2.

aNot available.

Weight

]
Composition Mechanical properties

percent

' C N 2

3 0.0044 20

.3 .0030 50

.0 .0040 20

3 .0030 34

4 .0010 20

2 .0036 10

1 .0030 12

0 .0010 13

0 .0025 20

ppm

02 H 2

55 6

130 4

100 3

20 3

72 <5

25 6

30 1.9

21 1

100 2.8

Tensile strength, ksi

Ultimate

(a)
94.0

93.2

(a)

(a)

94.3

83.8

79.3

92.1

0.2 Percent

yield

(a)

72.0

79.9

(a)

(a)

81.0

77.8

70.0

76.8

Percent

e longation

(a)

35.2

31.0

(a)

(a)

32.8

30.1

30.7

29.8

TABLE IV-4. - TENSILE PROPERTIES OF STRESS RELIEVED

TZC AND TZM AT 2000 ° F

Material

TZM heat

KDTZM-1175

TZC heat 4345

Stress relief

temperature,

oF

2300

2500

Tensile strength, ksi

Ultimate

79

7O

0.2 Percent

yield

74

69

Percent

elongation

19

18

Percent

reduction

of area

51

61
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TABLE IV-5. - SUMMARY OF CREEP DATA FOR TUNGSTEN AND TUNGSTEN-BASE ALLOYS

Material

Tungsten, heat

KC-1357

Specimen

S-5

S-7

S-9

S-17

S-18

Vapor-deposited B-17

tungsten B-24

Tungsten - 25 percent

rhenium, heat

3.5-75002

S-3

S-4

S-6

S-8

aToo littlecreep to extrapolate.

Test temperature

o F o C

3200 1760

3200 1760

3200 1760

2800 1538

2800 1538

3200 1760

2800 1538

3200 1760

3200 1760

3200 1760

3200 1760

Stress

ksi N/m 2

3 2.07xi07

.4 2.76×106

1 6.89×106

4 2.76×107

3 2.07xi07

1 6.89×106

2 1.38xi07

5 3.44xi07

3 2.07xi07

.5 3.44xi06

1.5 1.03x107

Hours to

1 percent

creep

6

(a)

675

20

125

1140

1500

12

25

(a)

315

Larson- Miller

parameter -

1 percent creep,

TOR(15 + log t)

57.8×103

(a)

65.4

53.1

55.8

66.0×103

59.2

58.9×103

60.0

(a)

64.0

Creep rate,

in./(in./hr)

1.7×10 -3

i. 7×10 -6

I. 5×10 -5

5.0xl0 -4

8.0×10 -5

8.8×10 -6

6.7

8.3×10 -4

4.0×10 -4

3.6×10 -6

3.2×10 -5

TABLE IV-6. - EFFECT OF CREEP EXPOSURE ON ROOM TEMPERATURE MECHANICAL PROPERTIES

AND COMPOSITION OF T-Ill ANNEALED 1 HOUR AT 3000 ° F PRIOR TO CREEP TESTING

Test Heat

Creep test conditions Before Ultimate Percent Diamond Composition

or tensile elongation pyramid

Stress, Temper- Test after strength, hardness Percent ppm

ksi ature, duration, creep ksi HI C N 2 O 2OF hr
testing

S-26 D-1670 17 1800 1624 Before

After

bs-31 65079 5 2200 6602 Before

After

S-33 65076 8 2200 2976 Before
After

S-32 D-1102 5 2200 4322 Before
After

S-35 65079 5 2200 5522 Before

After

S-43 65079 18 2000 361 Before

After

aNot available.

bperpendicular to rolling direction.

CReduced gage width.

(a) (a)

94.0 35.0

85.3 c8.2

93.1 31.0

85.7 39.0

(a) (a)

(a) (a)

(a) (a)

H 2

(a) 2.17 0.001 20 72 5

2.09 .0032 30 10 5

(a) (a) (a) (a) (a) (a)

247 1.95 .004 20 100 3

228 2.07 .004 30 20 31

(a) 2.28 .003 34 20 3

2.17 .003 30 10 24

275 2.30 .003 50 130 4

257 2.14 .0046 30 10 5

(a) 2.30 .003 50 130 4

1.33 .003 40 10 31

i
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TABLE IV-7. - LOADING RATES

ABOVE WHICH INCREASING

LOAD TESTS ARE YIELD

RATHER THAN

CREEP LIMITED

Temperature

o F oC

1800 982

2000 1093

2200 1204

Stress rate,

psi/hr

0.2

8

166

TABLE IV-8. - PROGRESSIVE STRESS CREEP TEST RESULTS

FOR T-111 ALLOY

Testtemperature

o F o C

1800 982

1800 982

2000 1093

2000 1093

2000 1093

2200 1204

2200 1204

2200 1204

Stress rate,

psi/hr

20

5

13

5

2

16

5

1

1 Percent creep life

Observed

1660

5500

1600

3850

c8000

1080

2240

7750

Predicted a

1430

4990

1540

3500

7620

851

2260

7340

Predicted b

1809

6466

1798

3957

8342

895

2122

7450

astrain rate integration technic ue.

bLife fraction technique (Nichols and Winkler program).

CExtrapolated.
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10 I 1 1 I I I 0 1 

6 *I D I F F U S I O N  PUMPED 
VACUUM CHAMBER A 

100 200 300 400 500 600 700 

TIME,  hr  

Figure IV-1. - Influence of environment on creep behavior of T-111 alloy at identical test  conditions 

CONVENTIONALLY PROCESSED T Z M  D I S K  FORGING (HEAT 7502);  
EDGE PERPENDICULAR TO RADIAL D I R E C T I O N  

SPECIALLY PROCESSED T Z M  D I S K  FORGING (HEAT K D T Z M - 1 1 7 5 ) ;  
EDGE PERPENDICULAR TO RADIAL D I R E C T I O N  

TZM BAR (HEAT 7 4 6 3 ) ;  LONGITUDINAL SECTION 

Figure IV-2. - Microstructures of s t ress  relieved TZM. x100. 
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HEAT KDTZM-1175; X5000 HEAT KDTZM-1175; X I 0  000 

HEAT 7502; X5000 HEAT 7502; X10 000 

Figure IV-3. - Electron micrographs of pancake forqed and s t r e s s  relieved T z M  disks. Two stage replicas (cellulose 
nitrate and carbon) with chromium shadowing on pr imary replica. Reduced 10 percent for reproduction. 
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SOLLED PLATE; HEAVY DRAFTING PRACTICE, LOW TEMPERATURE ROLLED PLATE; L I G H T  DRAFTING PRACTICE, HIGH TEMPERATURE 
F I N I S H  (HEAT M-91); LONGITUDINAL VIEW F I N I S H  (HEAT M-80); LONGITUDINAL VIEW 

FORGED PLATE (HEAT 4345); EDGE OF PLATE PERPENDICULAR TO 
ORIGINAL EXTRUSION DIRECTION 

Figure IV-4. - Microstructures of s t ress  relieved TZC.  XlCO. 

HEAVY DRAFTING PRACTICE; LOW TEMPERATURE F I N I S H  LIGHT DRAFTING PRACTICE; HIGH TEMPERATURE F I N I S H  
(HEAT M-91) (HEAT M-80) 

Figure IV-5. - Longitudinal microstructures of T Z C  rolled plates af ter  annealing 1 hour at 3092' F .  x500. 
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Cb-132M AS ROLLED AS-30 AS ROLLED 

Cb-132H ANNEALED 1 HOUR AT 3092OF (l7OO'C) 

Figure IV-6. - Microstructures of columbium base alloys tested in ultrahigh vacuum creep program. x100. 

EDGE PERPENDICULAR TO ROLLING DIRECTION SURFACE OF SHEET 

Figure IV-7. - Microstructure of tungsten sheet (heat KC 1357)  annealed 1 hour a t  3200° F (1760' C). x100. 
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a3 
T E N S  I LE 
AXIS 

GAGE SECTION PERPENDICULAR TO SPECIMEN AXIS HEAD SECTION PERPENDICULAR TO SPECIMEN AXIS 

Figure IV-8. - Vapor deposited tungsten microstructure af ter  test .  x100. 

EDGE PERPENDICULAR TO ROLLING DIRECTION SURFACE OF SHEET 

Figure IV-9. - Microstructure of tungsten-25 percent rhenium alloy sheet (heat 3 .  5-75002) annealed 1 hour at 
3200' F (17bOO C). ~ 1 0 0 .  
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HEAT 8-1962 ANNEALED 1 HOUR A T  1832" F 
(1000" C ) ;  HARDNESS, 94 KHN; X l O O  

HEAT 6 0 2 4 9  ANNEALED 1 HOUR A T  2290'  F 
(1254"  C ) ;  HARDNESS, 90 KHN; X l O O  

Figure IV-10. - Microstructures of pure tantalum tubing. 

_ _ -  
I 

Figure IV-11. - Microstmcture of Ta-1OW alloy 
annealed 1 hour at 3000' F. x100. 
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4 

1 5  MINUTES A T  3 5 2 O O F  ( 1 9 4 0 ° C ) ;  X ~ O O  

9 MINUTES A T  3 6 0 0 ° F  ( 1 9 8 3 "  C )  ; X I  00 

Figure IV-12. - Microstructure of ASTAR 811C heat 
VAM-95 annealed to grain s ize  of 0.066 millimeter 
at 3520' and 3600' F (1940' and 1983' C). 

3h53OF (1899OC) 3480OF (1317'C) 3520'F ( 1 9 4 O O C )  356OoF ( I  9 6 0 ' ~ )  3600OF ( 1 9 5 3 ° ~  j 
3 0  f l l ! i l lTES 3 0  M I  NUTES 3 0   UTES 30 :II! l3TES 3 0  : \ I  NUTES 

',i. 3 O F  ( I  5 8 3 ' ~ )  360OoF (1983'C) ?6OO0F (1983OC) 3600'F (1983°C) 3 6 0 0 ' i  ( I  953OC) 
7 ",I':';TES 13 H I  N U - i E j  20 MINUTES 3 0  MINUTES 40 M I I ' U T E S  

Figure IV-13. - Influence of annealing time and temperature on precipitate morphology in tantalum-base ASTAR 
811C, heat NASV-20- WS. X7500, reduced 50 percent for reproduction. 
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X I  00 x5uu 

Figure IV-14. - Optical photomicrographs of T - I l l  heat 70616 recrystallized 1 hour at 3000' F (1649' C). 

SPECIMEN 5-40 
TESTED 8717 HOURS 
A T  1800" F (982"  c )  
AND 17 ksi ( 1 1 . 7 ~ 1 0 ~  
N/m2); TOTAL CREEP 
STRAIN, 1.028 PERCENT; 
HEAT 0-1102 

SPECIMEN 5 - 2 6  SPECIMEN S-33 
TESTED 9 6 2 4  HOURS 
A T  1800" F (982"  C) A T  2200" F (1204" c) 
AN0 17 ksi ( 1 1 . 7 ~ 1 0 ~  
N/m2); TOTAL CREEP 
STRAIN, 1 .030 PERCENT; STRAIN, 1.048 PERCENT 
HEAT 0 - 1 6 7 0  HEAT 6 5 0 7 6  

TESTED 2 9 7 6  HOURS 

AND 8 ksi ( 5 . 5 1 ~ 1 0 ~  
N/m2); TOTAL CREEP 

(a) Before creep testing. 

SPECIMEN S-35 
TESTED 5522 HOURS 
A T  2200" F (1204" c) 
AND 5 ksi ( 3 . 4 4 ~ 1 0 7  
N/m2); TOTAL CREEP 
STRAIN, 1.092 PERCENT 
HEAT 65079 

(b) After creep testing. 

Figure IV-15. - Electron micrographs of tantalum T-111 alloy (Ta-80/0-20/0Hf) recrystallized 1 hour at 3000' F, 
before and after creep testing at indicated tes t  conditions. Total chamber pressure,  less than 1X10-8 torr ;  
two stage replicas (cellulose nitrate and carbon); arrows indicate direction of chromium shadowing on pri- 
mary replica. f7500, reduced 55 percent fo r  reproduction, 



X1650 

FiLcgre IV-16. - Electron microprobe ana lvzer  cur ren t  images  
of T-111 heat D-1102 recrystal l ized 1 hour  at 3000' F 
(1649' C). Bright spots represent  inclu led second phase 
par t ic les .  
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o

DEFLECTION

Figure IV-18. - Load-deflection curve or recrystallized T-111 at 1400 ° F.

chart speed.

Arrow indicates decrease in

110



70 ' I ' I ' ] ' I ' I '

E

Z

_,O
O

)<
O'_
OO

v

°_

O_
U.I

l--

O
.--I
la-

65

6O

55

5O

45

4O

B

B

B

35 --

i

1200

TRUE STRAIN STRAIN RATE_
0. I0 0.05 in./(in. /min)

o o 0,002

m • ,020

.200

\'\ \\\

o

, I I i , I , I , l
1400 1600 1800 2000 2200

TEMPERATURE, OF

400

Figure IV. 19. - Variation of flow stress with temperature and strain rate at two levels of

true strain in T-Ill annealed 1 hour at 3000 ° F (1649 ° C). Tick on each curve indi-

cates strain aging peak.
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T-Ill annealed 1 hour at 3000 ° F (1649 ° C). Slope of line represents activation energy for strain aging.
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Figure IV-21. - Creep test data for TZC rolled plate (heat M-91) tested in vacuum environment of <lxl0 -8

torr. Arrows on curves indieate chamber pressure at various intervals during test.

2600

u. 24oo

22oo

_< 20oo
w

leoo

1600

I I I I I I I I I I I I I

-
-_ I _.4_'- I I I I I I I I I I I -

1ooo0 -

z

%

,A

_ 20

I I I

i " -

I ] I [ I I I I I I
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/x M-91 ANNEALED 1 hr AT 3092 ° F (17OO ° C)

V M-gl STRESS RELIEVED l hr AT 2300 ° F (1260 ° C)

O M-gl STRESS RELIEVED 1 hr AT 2500 ° F (1371 ° C)

D 4345 STRESS RELIEVED 1 hr AT 2500 ° F (1371 ° C)

<_ 4345 STRESS RELIE_IED 1 hr AT 2400 ° F (1316 ° C)

I I I I [ 1 I I I 1 1 I i
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LARSON-MILLER PARAMETER, To R (15 + 1og t)

Figure IV-22. - 1/2 Percent creep test results for TZC tested in vac-

uum environment of <1×10 -8 tort.
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Figure IV-23. - 1/2 Percent creep test results for TZM tested in vacuum environment of <IxlO -8 torr.
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Vl EFFECT OF HEAT TREATMENT ON CREEP

PROPERTIES OF THE TANTALUM BASE

ALLOY ASTAR-811C*

D. L. Harrod $ and R. W. Buckman, Jr. t

INTRODUCTION

ASTAR-811C has the nominal composition Ta-8W-1Re-0.7Hf-0. 025C and thus

contains both solid solution and dispersed phase strengthening features. The pres-

ent study was initiated to investigate the response of ASTAR-811C to heat treatment

and the associated changes in mechanical properties. The first phase of this study

has just been completed, and this paper presents the results. Specimens were heat

treated for times of 5 to 60 minutes at temperatures between 3000 ° and 3800 ° F,

and their creep properties and microstructures were evaluated.

EXPERIMENTAL PROCEDURES

Material Preparation

All test specimens came from a single heat of ASTAR-811C, designated Heat

NASV-20. Sandwich-type electrodes were double consumable electrode vacuum arc

melted to yield an 80-pound, 4-inch-diameter ingot. A 1-inch-high right-circular

section of the ingot was upset forged at 2550 ° F by a single blow on a Dynapak to

give a thickness reduction of 59 percent. After annealing 1 hour at 3000 ° F the

forged disk was rolled first at 900 ° F and then at room temperature to give a com-

bined 89 percent thickness reduction. Following another anneal for 1 hour at

3100 ° F, the material was cold rolled 33 percent at room temperature to give a

finished sheet thickness of 0. 035 inch from which test specimens were prepared.

*Based on work done under NASA contract NAS 3-10939.

_Westinghouse Astronuclear Laboratory, Pittsburgh, Pennsylvania.

127



Heat Treatment

Heat treatments were done in a cold wall vacuum furnace at <lxl0 -5 torr. Un-

less otherwise specified, cooling was accomplished by injecting helium gas into the

vacuum chamber as the power was turned off. This cooled the specimens to below

2000 ° F in less than 1 minute. Specimens heat treated at 3600 ° F and above were

encapsulated in an evacuated tantalum envelope prior to heat treatment to prevent

decarburization.

Creep Tests

Creep specimens were of the pin-loaded type having a 1-inch gage length and

1/4-inch width in the gage section. The specimens were electropolished after heat

treatment. Hydrogen bakeout following electropolishing was accomplished during

heating for creep testing. Scribe lines were cut at the ends of the gag.. section to

serve as reference marks for the optical strain measurements. The creep tests

were run in ultrahigh vacuum ion-pumped systems with the pressure at test tem-

perature being <lxl0 -8 torr. Heating was by radiation from a split tantalum re-

sistance heated element. Uniaxial stress was applied by dead weight loading.

RESULTS

Creep Behavior

Incremental type creep tests were employed in which the stress and tempera-

ture were progressively changed, beginning generally at 2200 ° F and 25 ksi and

ending after about 300 hours at 2600 ° F and stresses as low as 5 ksi. An example

of the type of creep curves obtained is shown in figure V-1.

The specimens all showed between 0.1 and 0.2 percent strain on loading to a

stress level of 25 ksi at 2200 ° F. Most of the segments of the creep curves were

linear. Where nonlinear segments were observed, the minimum creep rate is re-

ported. The applied stresses were based upon the initial cross-sectional area.

Thus, the true stress on the specimen during the later stages of test are higher

than the values reported by up to about 5 percent. The reported creep rates have

not been corrected for this effect, except for the test mentioned below.

To provide some measure of the effect of the prior creep strain on the creep

rate at a given instant in the latter part of the test, a test like that shown in figure
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V-1 was run and then the sequence was reversed. The creep rates for the up-cycle

and down-cycle were compared after correcting for the true stress effect, and as

shown in figure V-2 they are in good agreement.

The effect of annealing temperature on the creep behavior of ASTAR-811C is

summarized in the Larson-Miller plot shown in figure V-3. The times to 1 percent

strain values were calculated from the creep rate data obtained during the incre-

mental temperature-stress tests. It is apparent that recrystallized ASTAR-811C

has significantly better creep properties than the cold worked material. Increasing

the final annealing temperature results in still further improvement in creep prop-

erties. The change is gradual though, with specimens annealed at 3400 ° F and be-

low showing considerable data scatter, while there is little if any difference between

the specimens annealed at 3600 ° and 3800 ° F. The spread in the band for the an-

nealed specimens amounts to a vertical separation of about 5 ksi, or a horizontal

separation of about 150 ° F- in test temperature. (A change by one unit in the

Larson-Miller parameter in fig. V-3 is equivalent to a change in test temperature

of about 50 ° F. )

In figure V-4 the creep rate is plotted against stress for each test temperature.

The circular symbols in this figure are for specimens annealed between 3000 ° and

3400 ° F, while the triangles represent specimens annealed at 3600 ° and 3800 ° F,

the annealing time being 5, 30, and 60 minutes at each temperature. The trend of

decreasing creep rate with increasing annealing temperature is again evident.

The solid-line and dashed-line curves in figure V-4 are plots of equations (1)

and (2), respectively:

= AeBae -Q/RT (1)

} = A_ne -Q/RT (2)

These curves were drawn using values for the constants in equations (1) and (2)

determined by treating all of the creep data as a group, that is, irrespective of

heat treat condition. The values for these constants determined by a least-squares-

computer program are as follows:

Eq. (1)(e Ba)

A, B, Q,

%/hr (ksi) -1 kcal/mole

1.6x1014 3.73 135.5

A,

(_o/hr)/(ksi) n

I. 5x10 8

Eq. (2)(a n)

n,

dimensionless

4.61

Q,

kcal/mole

111.8
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Noparticular physicalsignificanceis attachedto thevaluesobtainedfor thesecon-
stantsat the moment. However,equation(1), in particular, is usefulfor estima-
tionpurposes.

Theeffectof heattreatmentoncreepis shownin figure V-5 in terms of con-
ventional(constantT,_)creepcurves. Thespecimenannealedat 3000° F showsa
monotonicallyincreasingcreeprate, while the sampleannealedat 3600° F showsa
linear creeprate out to at least 1000hours. Thedifferencein their creepbehavior
thereforeincreaseswith increasingtime or strain. Thesetwocreepcurvesalso
depictthemagnitudeof theeffectoncreepdueto the rangeof heattreatmentsbeing
investigated. It is notedthat thetwocurvesstart outaboutthesameandevenafter
50hoursit is difficult to distinguishbetweenthem. This suggeststhepossibility
thatthe incrementalcreeptestsmayminimizethe differencesin creepbehavior
dueto heattreatmenteffectsbecauseof theshort time incrementsemployedat each
combinationof temperatureandstress.

Microstructure

After moderate to heavy cold working, ASTAR-811C recrystallizes in 1 hour at

about 2400 ° to 2600 ° F. With increasing annealing temperature and time the grain

size increases (fig. V-6) and the precipitates present in the cold worked material

are gradually taken into solution (figs. V-7 to V-9). The precipitates in ASTAR-

811C have been identified as the hexagonal close packed tantalum rich dimetal-

carbide, (Ta, W)2C , regardless of the mechanical-thermal conditions.

The optical microstructure of samples annealed at 3600 ° F and above appears

to be single phase (fig. V-9). There is no doubt that the carbides have been taken

completely into solution. However, reprecipitation on a scale unresolvable by

optical microscopy occurs during cooling, as shown by the electron transmission

micrographs in figure V-10.

The precipitates shown in figure V-11 were extracted from creep specimens

after being tested as shown in figure V-5. The initial precipitates (fig. V-10) in

the specimen annealed at 3630 ° F grew into long, thin platelets (fig. V-11(b))during

creep testing. These precipitates are still much smaller than those in the specimen

annealed at 3000 ° F (fig. V-11(a)). Figure V-12 shows a transmission micrograph

of the creep _pecimen which had been annealed at 3630 ° F prior to testing. The

dislocations appear to be pinned by the small precipitates and tangled around the

larger ones.
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DISCUSSION AND FUTUREWORK

The two principal microstructural features which change for the range of heat

treatments investigated are grain size and precipitate dispersion. Since both of

these features can influence creep deformation, it is of interest to consider their

relative contribution to the creep resistance of ASTAR-811C. Creep rate (from

incremental tests) is plotted as a function of grain size in figure V-13 for se:,eral

combinations of test temperature and stress. The circular points represent speci-

mens annealed at 3400 ° F (below carbon solvus) and below while the triangular

points are for specimens annealed at 3600 ° F (above carbon solvus) and above.

There is little difference in the creep rates of specimens annealed at the higher

temperatures (above the carbon solvus), even though the grain size varied by a

factor of 4 or 5. In view of the observed changes in precipitate structure, it is be-

lieved that the trends shown in figure V-13 reflect for the most part the contribution

of the precipitate dispersion.

Experimental work now in progress concerns the influence of cooling rate _/nd

various thermal-mechanical processing schedules, including welding, on the creep

resistance of ASTAR-811C.
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Figure V -7. - Micros t ruc ture  of ASTAR-811C as-cold-worked 3 3  percent. Optical m i c r o -  
graphic  montage. X I  500. 
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Figure V-8.  - Micros t ruc ture  of ASTAR-811C a f t e r  annealing cold-worked m a t e r i a l  (fig. V-7)  f o r  5 minutes  
at 3000' F. 0ptic:iI micrographic  montage, X1500. 
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Figure V-9. - Micros t ruc ture  of ASTAR-811C a f t e r  annealing cold-worked m a t e r i a l  (fig. V-7) f o r  
30 minutes  at 3600' F. Optical micrographic  montage. X1500. 
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(b) Grain boundary. 

Figure V-10. - Electron t ransmiss ion  
micrographs of ASTAR-811C a f t e r  an-  
nealing f o r  1 hour at 3630' F. 

(a) Annealed 1 hour  a t  3000' F and c r e e p  
s t ra ined  2 percent  in 500 hours .  

(a) In te r ior  of grain.  

(b) Annealed 1 hour  a t  3630° F and c r e e p  
s t ra ined  2 percent  in  1000 hours .  

(c) Annealed 1 hour  at 3630' F and c r e e p  
s t ra ined  2 percent  in  1000 hours .  X40 000. 

Figure V-11. - Elec t ron  micrographs  of 
tantalum dimeta l  carb ide  (Ta2C) p r e -  
c ipi ta te  ex t rac ted  f rom c r e e p  spec imens  
(fig. V-5) tes ted  a t  2400' F and 15  ksi .  



Fihgure V-12. - Elec t ron  t ransmiss ion  micrograph of ASTAR-811C c r e e p  spec imen a f t e r  t e s t -  
ing a t  2400' F and 15 ks i  to  2 percent  s t r a i n  in 1000 hours .  P r e t e s t  heat t rea tment ,  1 hour 
a t  3630' F. (See fig. V-5 for  c r e e p  curve and fig. V-11 f o r  p r e t e s t  m i c r o s t r u c t u r e . )  
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Vl. HIGH FREQUENCY FATIGUE PROPERTIES

OF TZC AND T-Ill ALLOYS*

E. A. Steigerwald,T K. D. Sheffler,T and J. C. Sawyer_

SUMMARY

High frequency fatigue tests were conducted in an ultrahigh vacuum environ-

ment on recrystallized molybdenum base alloy TZC and tantalum base alloy T-111

at temperatures between 1800 ° and 2200 ° F (982 ° and 1204 ° C). The results indi-

cated that in this temperature range no well-defined endurance limit existed for

either material. At A ratios of 0.45, fatigue strengths at 2000 ° F (1093 ° C) and

109 cycles were as low as 16 000 psi (11.0×107 N/m 2) for the TZC and 34 000 psi

(24.8x107 N/m 2) for the T-Ill. The application of a cyclic load to a statically-

loaded specimen produced a marked acceleration in the degree of specimen exten-

sion. In both the TZC and T-111 alloy the increase was characterized by a rela-

tively rapid first stage creep extension (on the order of 1 to 10 percent) compared

to the very small extensions (less than 0.01 percent) observed at the same temper-

atures and peak stresses in the isostatic creep tests. In the TZC alloy the dynamic

loading increased the steady state creep rate by approximately two orders of mag-

nitude; however, this acceleration was not observed for the T-111 alloy. Possible

reasons for this behavior are discussed in terms of previous observations concern-

ing the isostatic creep behavior of these materials.

INTRODUCTION

In space power systems, refractory metal alloys are selected as materials for

high temperature components because of their compatability with the environment

and their strength and creep resistance. However, in many instances the static

creep load is accompanied by high frequency vibratory stresses which may actually

represent a limiting design condition. For example, literature data indicate that

*Based on work conducted under NASA contract NAS 3-6010.

_TRW Equipment Laboratories, Cleveland, Ohio.
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belowapproximately900° F (482° C)unalloyedmolybdenumhasawell-defineden-
durancelimit with a ratio of fatiguestrengthto ultimate strengthof approximately
0.7 (ref. 1). At highertemperaturesthefatiguecurveexhibitsnocharacteristic
endurancelimit, andthefatiguestrengthcontinuouslydecreaseswithan increasing
numberof test cycles. In additionto representinga specific failure mode,the
presenceof vibratory stressessuperimposedona static loadcanalso leadto a
rapidaccelerationof creepextensionwhenmetalsare testedbelowa homologous
temperatureof approximately0.5 (refs. 2 and3). A considerationof this typeof
behaviorindicatesthat a componentcouldfail by extensivecreepwhich is induced
bythe presenceof thecyclic load. Constantloadcreepdataobtainedwithoutre-
gardto the influenceof cyclic stresseswouldthenprovidea nonconservativedesign
stress value.

Thepurposeof this investigationwasto studythehighfrequency,hightemper-
aturefatiguebehaviorof themolybdenum-basealloy TZC andthetantalum-base
alloyT-111. Thedataobtainedfrom this studywill providean indicationof the
relative importanceof fatigueas a possiblefailure modeanda measureof the in-
fluencewhichcyclic stressingcanhaveonthecreepbehavior.

MATERIALS AND PROCEDURE

The compositions and processing histories for the TZC and T-111 alloys used

in the tests are given in tables VI-1 and VI-2. The TZC was recrystallized at

3092 ° F (1700 ° C) for 1 hour, and the T-Ill at 3000 ° F (1649 ° C) for 1 hour in

vacuum prior to testing. The conventional smooth tensile properties produced by

these heat treatments are given in table VI-2. The microstructure for the recrys-

tallized TZC material is presented in figure VI-1, while the structure of the T-111

is shown in figure VI-2.

The two test specimen geometries shown in figure VI-3 were used for the fa-

tigue studies. In the tests on TZC where the mean stress was essentially zero, the

notch geometry was required to allow sufficient stress to be generated to produce

fatigue failure. (In all cases a very slight static load was present on the specimens

as a result of the weight of the fixture used to hold the capacitive pickup for moni-

toring resonant conditions. ) Both smooth and notched specimens were used on TZC

for A ratios of approximately 0.45 to provide a measure of the validity of the

method used to calculate peak stress in the notch specimens. (A ratio is defined

as the dynamic stress single (mean to peak) amplitude divided by the mean stress. )

The tests were conducted in vacuum chambers equipped with ion pumps and

tantalum resistance heated furnaces (see fig. VI-4, ref. 3). A resonant drive
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train wasusedto produce the dynamic load with nodes at both the top port seal and

the lower attachment point for the static load. The majority of tests were per-

formed with a vibration train driven at approximately 20 kilohertz (kcps) by an ex-

ternally mounted PZT piezoelectric transducer. Mechanical amplification was at-

tained by suitable stepped-horn type velocity transformers (ref. 4), which provided

a maximum displacement of approximately 0. 001 inch at the 2000 ° F test tempera-

ture. Selected tests were also conducted at 10 and 15 kilohertz. In these cases

appropriate changes were made in the specimen and load train geometry to produce

resonance.

The test method involved mechanically mounting the specimen to the drive

train, adjusting the capacitive vibration pickup, making preliminary checks to en-

sure that the system was in resonance, and pumping the unit to a vacuum better

than 1×10 -7 tort at room temperature. Testing was performed at this vacuum ex-

cept during heating, when it was controlled so that the pressure never exceeded

1×10 -6 torr.

A W-3%Re/W-25%Re thermocouple placed approximately 1/8 inch from the

surface at the specimen midpoint was used for temperature measurement. Because

of breakage produced by the vibration, the thermocouple could not be attached di-

rectly to the specimen. The temperature was stabilized for approximately 2 hours

prior to the initiation of testing.

The application of the high frequency cyclic load produced heating of the fatigue

specimen. As a result of a series of preliminary tests, the increment of tempera-

ture increase was determined as a function of drive level by optical pyrometer

readings. It was then possible to adjust the initial furnace temperature setting to

produce the desired temperature level in the specimen at the nodal point when the

drive was applied.

The dynamic stress produced by the ultrasonic vibration was determined from

displacement measurements made directly on the specimen with a cathetometer.

In the smooth specimens two reference points were selected approximately equi-

distant from the specimen midpoint, and the displacements at these points were

determined by averaging 10 readings which showed a variation of approximately

50 microinches. These reference points were slight perturbations in the 15 rms

microinch finish on the specimens which were well defined by the specimen was

assumed to follow the sinusoidal relation

8 x = 50 sin 2_____xx (1)

where 25 x is the total measured displacement at a distance x from the node at
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thespecimenmidpoint,50 is themaximumamplitudeat anantinode,and ;_ is the

resonant wavelength.

The maximum strain Ema x at the midpoint of the dumbbell type specimen was

then determined from the equation

2Y5 o
ema x - (2)

and the dynamic stress a was obtained from the product of the strain and the elas-

tic modulus at the particular test temperature

area x = emaxE (3)

When the notch specimen was employed, the maximum stress _ was calculated

on the basis of the following equation:

(4)

where KT is the elastic stress concentration factor (equal to 1.87), D/d is the

ratio of major to minor diameter in the notch specimen (equal to 1.20), and 5o, E,

and _ are defined in equation (1).

In the notch test 50 was determined from measurements of displacement (Sx)

taken on the major diameter and calculated from equations (1) and (4). The validity

of using equation (4) to calculate the effective dynamic stress in notch specimens

was determined by conducting both smooth and notch fatigue tests on TZC at an A

ratio of 0.45. The results indicated that comparable fatigue curves were generated

by both specimen configurations.

Although cracking of the test specimen was accompanied by a significant de-

crease in the resonant frequency, the tests were continued until the resonant fre-

quency decreased 150 hertz (cps). This condition usually resulted in propagating

the fatigue cracks through approximately one-half of the specimen cross section

(see fig. VI-5). The time required for this crack propagation was generally short

enough so that the fatigue lives reported can be considered as essentially the time

required to initiate a fatigue crack.

In the tests on smooth specimens at the A ratios between 0.15 and 0.45, the

influence of the cyclic stress on creep properties was evaluated by measuring the

specimen extension over the distance between specimen shoulders. This procedure

was necessary since gage marks could not be placed on the specimens without sig-

nificantly altering the fatigue behavior.
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RESULTS AND DISCUSSION

Molybdenum-Base Alloy TZC

The fatigue curves for tests conducted on TZC at 1800 °, 2000 °, and 2200 ° F

(982 °, 1093 °, and 1204 ° C) with both the notch and smooth specimens are presented

in figure VI-6. No variation in properties was observed as a function of heat of ma-

terial, and the data for both heats are combined in the figures. A well-defined en-

durance limit was not present at any of the test temperatures. At 2200 ° F (1204°C)

and an A ratio of approximately zero, a fatigue strength as low as 16 000 psi

(11.0×107 N/m 2) was observed at 109 cycles. The fatigue strength-tensile strength

ratios are shown in table VI-3 for each of the test temperatures. The ratios are

considerably lower than the 0.5 to 0.4 usually observed in materials which possess

a well-defined endurance limit, such as steels, or the 0.7 value obtained for mo-

lybdenum when tested below 875 ° F (468 ° C), where dislocation locking can occur

(ref. 1).

The fatigue results are plotted in the form of a modified Goodman diagram in

figure VI-7. At the lower A ratios, the 2000 ° and 2200 ° F (1093 ° and 1204 ° C)

test temperatures showed comparable fatigue behavior while the strength at 1800 ° F

(982 ° C) was significantly greater.

In addition to actually causing total fatigue failure, the superposition of a dy-

namic load on a static load can produce a significant acceleration in creep. Typical

creep curves obtained for TZC under cyclic load conditions at 1800 °, 2000 °, and

2200 ° F (982 °, 1093 °, and 1204 ° C) are shown in figures VI-8, VI-9, and VI-10.

For comparative purposes, a creep curve obtained by testing under static load in a

high vacuum environment is also presented in figure VI-9. The superposition of a

dynamic stress on the static stress caused a very marked increase in total exten-

sion. Under the static-dynamic loading, the specimen exhibited a large initial ex-

tension within the first 30 minutes of testing, followed by a period where an approx-

imately constant creep rate occurred. To further analyze the factors which control

both the initial extension and the constant creep rate, the parameters c 1 and E2/t

were defined as shown schematically in figure VI-11 and were plotted logarithmic-

ally as a function of peak stress in figures VI-12 and VI-13. The initial specimen

extension (el) which occurred early in the test sequence was essentially independent

of the temperature in the 1800 ° to 2200 ° F (982 ° to 1204 ° C) range and A ratios in

the 0.10 and 0.45 range. In cases where the dynamic drive on the specimen was

removed for a period of time, and then reinitiated, the values of E 1 were greatly

reduced. The influence of peak stress on the steady state creep rate (E2/t) shown

in figure VI-13 indicated that the creep rate under combined static-dynamic loading
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conditionsincreasedwith increasingtest temperature. By wayof comparison, the

creep rates obtained under static conditions at essentially the same peak stress

values (i. e., A = 0) were almost two orders of magnitude less than those present in

the tests where combined static-dynamic loading was used. Conversely, at the high

A ratios (A -_ oo), no creep was observed so that the creep rate as a function of A

ratio reached a maximum value at about A = 0.45 (see fig. VI-14). The results

indicate that relatively low values of vibratory stress superimposed on a static load

can produce a significant increase in the steady state creep of TZC in the 2000 ° F

(1093 ° C) temperature range.

The variation of fatigue strength as a function of frequency of load application

is shown in figure VI-15. Decreasing the loading rate at 2000 ° F (1093 ° C) from

20 to 15 kilohertz resulted in a marked increase in fatigue life, while a further de-

crease to 10 kilohertz did'not produce any additional variation. The decreasing

test frequency also produced a retardation in the creep rate at an A ratio of 0.45.

The variation in steady state creep rate at 2000 ° F (1093 ° C) could be expressed

over the 10 to 20 kilohertz range as

_2 = AeBf

where _2 is the steady state creep rate E2/t (in %/hr), f is the test frequency
(in kHz), and A and B are constants equal to 5.42x10 -3 and 0.281, respectively.

Tantalum-Base Alloy T-111

The fatigue strength of T-111 as a function of cycles to failure is shown in fig-

ure VI-16 along with the comparative data for TZC. At 2000 ° F (1093 ° C) and

20 kilohertz the fatigue strength of T-Ill was considerably greater than that ob-

tained on the TZC alloy, despite the fact that the two materials had comparable

tensile strengths.

The influence of ultrasonic vibration on the creep behavior of T-Ill is illus-

trated in figure VI-17, which shows the very rapid first stage extension immediate-

ly upon application of the cyclic stress. The magnitude of this extension was com-

parable in both the T-Ill and TZC alloys despite the higher fatigue strength of the

T-Ill.

The T-111 was not susceptible to the dramatic acceleration of steady state

creep when exposed to high frequency cyclic stresses as was the case for the TZC

when comparisons were made with long time steady state creep rates. The iso-

static and dynamic creep rates for T-111 are compared in figure VI-18 on the basis
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of a temperaturecompensatedcreepparameter(paperIV of this volume). Whenthe
dynamiccreepdatawere correctedfor the nonlineardependenceof creeponstress
whichwaspresentduringtheapplicationof thecyclic loads,theagreementbetween
thecreepundersteadystateandsteadystateplusdynamicloadswasexcellent.

General Discussion

In the case of the T-Ill alloy no rapid steady state creep rate was observed

when the creep behavior under dynamic conditions was compared to the constant

load steady state creep which occurred in T-111 after the transition in creep rate.

This isostatic creep rate transition which is shown schematically in figure VI-19

has been directly correlated with the removal of hafnia particles from the micro-

structure and a loss of oxygen to the high vacuum test environment, which elimi-

nates a strain aging mechanism that retards creep (paper IV of this volume). In the

case of the fatigue tests, electron micrographs indicated that the same structural

refinement which occurred in several thousand hours of creep testing occurred in

less than 100 hours when the dynamic load was applied. A significant oxygen loss

was also measured in the fatigue tested samples; for example, post-test analyses

were generally below 10 ppm as compared to 100 ppm before testing. On the basis

of these results the cyclic stressing was believed to have accelerated the oxygen

removal mechanism and produced a rapid steady state creep which was comparable

to the steady state creep obtained in T-111 under constant load conditions after long
periods of time.

In the case of TZC no microstructural variation was observed after fatigue

testing and no creep transition was observed after long time isostatic creep expo-

sure. The explanation for the observed behavior in T-Ill cannot then be applied to

TZC, and presently no satisfactory mechanism has been developed to quantitatively

account for the accelerated creep behavior in this material. In addition, the very

rapid first stage extension which was observed in both T-111 and TZC still requires

further investigation to determine both its basic cause and its importance to compo-

nent design situations.

SUMMARY OF RESULTS

High frequency fatigue tests were conducted in an ultrahigh vacuum environ-

ment on molybdenum-base TZC and tantalum-base T-ill alloys in the temperature

range of 1800 ° and 2200 ° F (982 ° and 1204 ° C). In this temperature range no well-
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definedendurancelimit existedfor either material, andat 109cyclesfatigue
strengthsas low as 16000psi (11.0xl07N/m2)were observedfor TZC and34000
psi (24.8x107N/m2)for T-111.

In additionto classicalfatiguefailure, thesuperpositionof a cyclic stress ona
static stress produceda substantialincreasein specimenextension. This increase
occurredas aninitially rapidcreeprate duringapproximatelythefirst 30minutes
of testingfollowedby a periodwherethe creepratewasessentiallyconstant. In
bothTZCandT-Ill, therapidfirst stagecreepwas linearly relatedto the applied
peakstress value, andthis relationwasindependentof material, A ratio, andtem-
peratureover the rangeof variablesstudied. Decreasingthetest frequencyfrom
20to 10kilohertz increasedthefatiguestrengthin TZC andminimizedtheacceler-
ationin creepbehaviorproducedbythe applicationof cyclic stresses. In the steady
statecreeprangethepresenceof thecyclic stressesproduceda severalorder of
magnitudeincreasein creepin the TZC alloy. However,in T-111 this acceleration
wasnotobservedwhenthecomparisonswere madeon_hebasis of the longtime
isostatic creepwherethestructural refinementandlossof oxygenoccurredin the
alloy. In T-111theapplicationof thehighfrequencycyclic stressesincreasedthe
rateat whichthis loss of oxygentookplaceby severalorders of magnitude. In the
caseof TZC theacceleratedcreeprate dueto the superpositionof cyclic stresses
ona static loadcouldnotbeexplainedin terms of a structural or compositional
variation, andthespecific mechanismwasnotdefined.
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TABLE VI-1. - CHEMICAL COMPOSITIONS OF TZC AND T-111 ALLOYS

(a) TZC alloy

Material Heat Form Vendor

TZC 4345 Plate Climax Molybdenum

TZC 4350 Plate Climax Molybdenum

(b) T-ill alloy

Material Heat Form Vendor

T-111 650038 Plate WahChang

Composition, wt

Zr Ti C Mo

0.15 1.24 0.13 Bal.

.17 1.30 .125 Bal.

W

Composition

wt _ ppm

Hf Ta C O N

8.6 20 Bal. 25 100 20

H

2.8

TABLE VI-2. - SMOOTH TENSILE PROPERTIES OF TZC AND T-Ill ALLOYS

AFTER 1 HOUR RECRYSTALLIZATION

le strength

N/m 2

0.2 Percent yield strength IReduction

I | in area,ksi N/m2 l %

Elongation,

%

75

1800

2000

2200

75

1800

2000

2200

TZC recrystallized at 3090° F (1700° C)

6.05×108 50.3 3.47×108

4.34 27.4 1.89

4.19 24.1 1.66

3.71 25.0 1.72

T-111 recrystallized at 3000 ° F (1649 ° C)

_ 6.35×108 76.8 5.29×108

4.33 32.1 2.21

3.80 31.5 2.17

3.00 28.1 1.94

16.8

67.5

69.7

66.2

47.5

76.7

50.0

48.7

19.4

29.3

28.2

29.1

29.8

29.9

28.5

34.2
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TABLE VI-3. - RATIO OF FATIGUE TO TENSILE STRENGTH FOR

TZC MOLYBDENUM ALLOY, TESTED IN VACUUM

(Ixl0-7 TORR at 20 KILOHERTZ

Test temperature Tensile strength Fatigue strength at 109 cycles

OF °C ksi

1800 982 63.0

2000 1093 60.8

2200 1204 54.2

N/m 2

4.34x108

4.19

3.71

ksi N/m 2

18 1.24×108

17 1.17

16 1.10

Ratio of

fatigue to

tensile

strength

0.29

.28

.30
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Figure VI-1. - Microstructure of molybdenum-base 
TZC alloy annealed at 1700' C. Etchant, 15 per- 
cent Hf, 15 percent H2S04, 8 percent HN03, 
62 percent H20. x100. 

Figure VI-2. - Microstructure of T-111 heat 
650038 recrystallized 1 hour at 3000' F 
(1649' C). X100. 
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Figure VI-8. - Creep of TZC under dynamic load conditions. Test temperature, 1800 ° F; vacuum environment of _1×10 -7
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VII. FABRICATION OF T-I11TEST LOOP SYSTEMS*

W. R. Young I

INTRODUCTION

The construcUon of the firstlarge T-Ill alloy loop, corrosion loop I,was be-

gun during early 1967. Previously, the performance and reliabilityof the individual

components had been proven with Cb-1Zr alloy during the 5000-hour testing of the

Cb-lZr Rankine system corrosion test loop. Fabrication procedures proven with

Cb-lZr were, therefore, applied directly to the T-111 corrosion loop.

As the welding of T-lU proceeded, itbecame evident that more stringent re-

quirements for joint alinements were required to prevent external loads during

welding. Such loads resuRed in a few instances of weld cracking. In general, how-

ever, components were fabricated with no more difficuRy than normally expected in

the first application of an alloy to large systems.

The most serious instance of weld cracking occurred in the boiler component

and resulted in cross-leakage between the lithium and potassium circuits. The

boiler repair procedures included removal of the boiler and reinstallation in the

loop assembly. Since removal of this defect, the corrosion loop has accumulated

over 3500 hours of operation at test conditions, thus reaffirming the basic system

reliability.

The construction of the boiler development test loop is currently nearing com-

pletion. The discussion herein is limited to three components, the lithium heater,

boiler, and condenser, which are unique to this system. In each case, the fabrica-

tion sequence and related welding techniques are given primary emphasis.

T-Ill CORROSION LOOP FABRICATION

The overall fabrication sequence for the T-111 Rankine system corrosion test

loop is illustrated in figure VII-1. During loop fabrication, four major subassem-

*Based on work conducted under NASA contract NAS 3-6474.

tGeneral Electric Company, Cincinnati, Ohio.
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blies, the boiler, condenser, lithium heater, and potassium surge tank, were con-

structed. The condenser and boiler subassemblies were postweld annealed at

2400 ° F for 1 hour in a vacuum furnace. In the other subassemblies, components

were individually postweld annealed prior to assembly welding. These assembly

welds were postweld annealed locally using a small refractory metal annealing fur-

nace positioned over the weld joint.

The final loop assembly consisted of first joining the boiler and potassium

surge tank major subassemblies. This unit together with the condenser and sodium

heater was then positioned in the loop support structure. The welding fixture was

then placed in position and attached to the various support positions on the loop.

This fixture provided rotation of the loop within the welding chamber to facilitate

welding of seven joints required during the final assembly. These welds were post-

weld annealed locally at 2400 ° F for 1 hour using a small refractory metal annealing

furnace positioned over the weld joint.

The T-111 Rankine system corrosion test loop components as delineated in fig-

ure VII-1 were the boiler, condenser, lithium heater, turbine simulators, potas-

sium preheater, two electromagnetic (EM) pump ducts, two surge tanks, a stressed

diaphragm pressure transducer, five slack diaphragm pressure transducers, and

two bellows sealed valves. The location of these components in the loop assembly

is depicted in figure VII-2.

GENERALWELDING PROCEDURES

Prior to the welding of the T-Ill Rankine system corrosion test loop, a pre-

liminary qualification test of the welding equipment was conducted according to re-

quirements defined in GE NSP specification 03-0025-00-A. This specification re-

quires that the inert gas be purified to contain less than 1 ppm each of oxygen and

water vapor by volume and that no contamination of the weld metal as determined

by chemical analysis occurs during the welding cycle.

The mass spectrometer helium analysis system described in an earlier report

(ref. 1) was used to monitor the welding chamber helium for oxygen and nitrogen.

An electrolytic hygrometer was used to monitor the helium for moisture concentra-

tion. This analysis system was qualified according to specification 03-0025-00-A,

which requires a measure of response time after introduction of oxygen (20 ppm),

nitrogen (80 ppm), and water vapor (50 ppm) impurities. Response times recorded

were 0.8, 2.3, and 4.0 minutes for oxygen, nitrogen, and water vapor, respec-

tively. The full value of water vapor contamination required 14 minutes, because

system response was limited by the rate of water evaporation into the helium envi-
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ronment. Theweldingchambershownin figures VII-3 andVII-4 wasusedfor all
tungsteninert gasweldingperformedontheloop. To accommodatelong, straight
tubingsectionssuchasthe boiler, anextensiontubeshownin figure VII-3 wasat-
tachedto the basicchamber. Duringfinal loopassembly,the8-foot-diameterex-
tensiontank illustrated in figure VII-4 wasused.

Thegeneralweldingprocedureconsistedof anovernightvacuumpumpdown
with hotwaterbakeout(140° F) onthechamber. After thechamberwascooled,a
pressureof less thanlxl0 -5 torr wasattained. Thepressurerise rate onthe
chamberwasthentakenprior to backfillingwithpurified heliumgas. Welding
operationswere continueduntil completedor until gaseouscontaminantsreached
the upper limits of GE NSP specification 03-0025-00-A, 5 ppm oxygen, 15 ppm ni-

trogen, and 20 ppm moisture (',0ppm moisture content in the case of components to

contain lithium).

The welding machine used for both manual and automatic tungsten inert gas

(TIG) welding is depicted i_nfigure VII-5. This 400-ampere maximum constant cur-

rent machine provides a complete weld sequence of upslope, weld, and downslope

current control with time delay relays to provide for integration of motorized ac-

cessory equipment. During loop fabrication, a large percentage of the welding was

done with the hand-held torch shown in figures VII-6 and VII-7. The molded silicon

rubber and alumina insulator provide complete electricalinsulation of the brass

torch body and thus prevent inadvertent arcing tothe workpiece. The single-piece

chuck is easily accessible ifthe tungsten electrode requires replacement. Recently,

as an added precaution, a T-Ill chuck and a T-Ill shield for the torch body have

been incorporated into the torch design.

Full penetration butt jointswere used wherever possible in loop design. Weld

groove joint designs were in accordance with NSP specification 03-0015-00-A.

This specification requires square grooves up to0.06-inch thickness, a single 45°V

between 0.06- and 0.19-inch thicknesses, and a single U for thicknesses greater

than 0.19 inch. Special tantalum V blocks were used for tubular jointalinement.

Full penetration tack welds on each side of the jointwere then made to maintain

alinement. After removal of the V blocks, the root and fillerpasses were made to

complete the weld. Normally, approximately six weld starts and stops were re-

quired to complete each weld pass.

CORROSION LOOP FABRICATION

Loop Components

Lithium and potassium EM pump duct. - The typical EM pump fabrication is
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illustrated in figure VII-8. Machiningof the helical flowpassageis the mostcriti-
cal fabricationstep. Theouterwrapperinsidediameteris machined,honed,and
inspecteddimensionally. Thehelix is thengroundto providea 0.002-inchdiamet-
rical interferencewith thewrapper. Theinterferencefit is producedby chilling
thehelix in liquid nitrogenandinserting it into thewrapperwhichis at roomtem-
perature. After completionof welding, thewrapperoutsidediameteris machined
to theproperdimensionfor fitup with thebore of the EMpumpstator. Postweld
vacuumannealingat 2400° F for 1houris thenperformedto completethefabrica-
tion cycle.

Slack diaphragm pressure transducers. - Six Taylor Instrument Companies

pressure transducers were fabricated, five being required for the T-111 corrosion

loop. Each transducer comprises upper and lower flanges, a slack convoluted dia-

phragm, a process tube, and a bimetallic jointbetween the Cb-lZr and stainless

steel. This joint, of the brazed tongue-in-groove design, provided for attachment

of the stainless steel capillary tubing by Taylor Instrument Companies.

The weld between the diaphragm and upper flange was made by the electron

beam process. Tungsten-inert-gas welding was used to join the process tube to the

lower flange, the bimetallic joint assembly to the upper flange, and the final weld

between the upper and lower flanges. The electron beam diaphragm weld is illus-

trated in figure VII-9. A trial electron beam weld is shown in figure VII-9(a) and

the completed upper flange in figure VII-9(b). A metallographic cross section of

this weld is shown in figure VII-9(c). The tungsten inert gas welding of the trans-

ducer housing is illustrated in figure VII-10. Radiographic inspection, heat treat-

ment, and mass spectrometer leak tests were performed successfully. The six

transducers were shipped to Taylor Instrument Companies for filling of the pressure

transmitting capillary with NaK.

One of the six T-Ill transducers was returned when a leak was detected across

the diaphragm. This transducer was cut open and the defective diaphragm removed.

Fluorescent penetrant inspection revealed two radial cracks in the diaphragm near

the heat-affected zone of the weld. Subsequent metallographic examination revealed

an intergranular crack in otherwise normal diaphragm material.

The transducer was repaired by welding a new diaphragm in place, and it was

subsequently proof tested by applying 10 vacuum evacuation cycles on the NaK side

of the diaphragm. Mass spectrometer leak testing indicated no failure, and welding

and postweld annealing of the assembly was completed. A final mass spectrometer

leak test indicated no diaphragm leakage.

The five acceptable transducers were each pulsated five times between vacuum

and 0.5 psig by Taylor Instrument Companies. There was no evidence of leakage

after testing.
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Thesix transducerswerethenfilled with NaKby Taylor InstrumentCompanies.
A NaKsamplerwasalsofilled with NaKat thetimeof transducerfilling. Chemical
analysisindicatedless than3ppmoxygenconcentrationin theNaK, anacceptable
level.

Stressed diaphragm pressure transducer. - The components of the stressed

diaphragm transducer are shown in figure VII-11. The 0. 009-inch-thick T-111

alloy (Ta-8W-2Hf) diaphragm is welded to a T-111 alloy housing which is, in turn,

welded to the T-111 body and process tube. A T-ill alloy probe mount is welded

to the center of the diaphragm. The magnetic probe assembly is then brazed to the

probe mount to complete the assembly.

The diaphragm assembly shown in figure VII-11(b) was produced by first elec-

tron beam welding the 0. 020-inch-diameter W-25Re wire to the T-111 alloy probe

mount. A second electron beam weld attached the probe mount to the T-222 alloy

diaphragm. The diaphragm was then positioned between the T-111 housing and

housing cap and electron beam welded. As an added precaution, an electron beam

weld was made between the T-ill alloy housing and retainer body on the outside

diameter, which, in combination with the internal tungsten inert gas weld, effected

a double seal between these components.

The final fabrication step was the brazing of the magnetic probe to the 0. 020-

inch-diameter W-25Re wire. Brazing was accomplished using localized heating

with a graphite-tipped heater probe under high-purity argon in the welding chamber

shown in figure VII-4. The brazing alloy (72Ag-28Cu) was applied to the joint man-

ually in wire form. The completed assembly, shown in figure VII-11(c), was mass

spectrometer leak tested successfully and submitted to instrumentation for room

temperature calibration prior to installation in the loop.

Boiler. - Fabrication of the T-Ill boiler was initiated by butt welding straight

lengths of the inner tube using the welding chamber tube extension (fig. VII-3) to

provide sufficient lateral travel. Triform spacers, illustrated in figure VII-12,

were tungsten inert gas welded at 10-inch intervals along the boiler tube. The

boiler tube was inserted in the shell, and the assembly was formed by the Phila-

delphia Pipe Bending Company. Prior to forming, the inner tube and the annulus

were packed with sugar to aid in maintaining concentricity. This technique had to

be used previously during forming of a similar Cb-1Zr boiler.

Upon receipt of the formed boiler from the vendor, the sugar was removed by

mechanical vibration. When no additional sugar could be removed, a deionized

water flush was initiated. The water was heated to 150 ° F and was allowed to flush

through the boiler for 15 hours. An additional cold water flush for 30 minutes was

used for the final rinse. At this time water samples were equilibrated for 2 hours

in the boiler and tested for sugar using the Molisch test (ref. 2). Duplicate test
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determinationsindicatedless than50 ppm sugar, which is the limit of detection of

the method used.

Welding of the boiler shown in figure VII-13 was then initiated. The inner and

outer tubes were cut to the proper length, and the tube plug was welded to the inner

tube. After inspection of this weld, the end connectors for the outer tube were posi-

tioned and welded to the boiler shell and inlet plug. The inlet plug configuration

shown in figure VII-13 was made by forming 0. 060-inch-diameter T-111 wire into a

1.0-inch-pitch helix on the 0. 125-inch-diameter T-Ill center rod. One TIG weld

tack per revolution of the plug wire was made to hold the wire in place. The plug

was then positioned within the straight section of the boiler inlet pipe and welded to

the inlet fitting. The welded assembly was radiographed and leak tested prior to its

inclusion in the boiler subassembly.

Turbine simulator. - Each turbine simulator stage consisted of a nozzle, tur-

bine blade, and two specimen support pads, as shown in figure VII-14 for the second

stage. The fabrication and assembly procedures used to construct the turbine simu-

lators were dictated by the requirement to obtain very precise weight change d.ata on

these components following the 10 000-hour test. The Mo-TZC and Cb-132M alloy

blades were polished to a 16-rms surface finish by the vendor utilizing a 240-grit

alumina cloth followed by a final polish with 5-micron alumina before final cleaning

and assembly. The Mo-TZC and Cb-132M alloy nozzles were prepared by electro-

polishing, a refinement of electric spark discharge machining, to produce a 32-rms

surface finish in the nozzle throat. The machining sequence is shown in figure

VII-15. The surface was further polished with 400-grit alumina paper to remove

approximately 0. 001 inch from the surface. A polish with 5-micron alumina pro-

duced an 8-rms finish. Final hand polishing using 30- and 15-micron diamond paste

was used to further improve the surface finish of the nozzles. Fluorescent pene-

trant inspection revealed three cracked Mo-TZC alloy blade support pads in the ini-

tial group. These pads were replaced with new Cb-132M alloy pads which passed

inspection. After final weighing and cleaning operations, the nozzle assemblies

were ready for positioning in the turbine simulator casing.

The first nozzle-blade ass embly was positioned in a separate T- 111 outer

casing. The end caps, thermocouple wells, and 1-inch-diameter potassium flow

tube were then welded to complete the single-stage turbine simulator. Postweld

annealing of this subassembly was conducted after it was joined to the boiler to form

a major subassembly.

The remaining nine nozzle-blade assemblies were positioned as shown in fig-

ure VII-16. These assemblies are rabbeted together and alined in their T-111

casing with a 0. 062-inch-diameter wire which extends through a keyway in the noz-

zles and casing. This wire insert prevents rotation of the individual nozzle in the
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casingduringtest operation,but its primary purposeis to facilitate disassembly
of theturbinesimulatorwithoutdamagingtheindividualnozzlesandbladesasthis
wouldmakeit impossibleto obtainaccurateweightchangedataonthesecompo-
nents. Theassemblyof thenozzle-bladestackin the casingrequiredcareful han-
dlingsincebothunit straightnessandaxial alinementhadto bemaintained.

Condenser. - The 60-inch-long condenser was originally to be fabricated from

a 1- by 2-inch cross section T-Ill bar with a 0.406-inch-diameter hole gun-drilled

the length of the bar. Twenty 0.25-inch-thick tantalum fins would then be welded

along the length of the bar to provide radiant cooling.

Initial gun-drilling trials, however, resulted in failure due to a breakage of

carbide drills or excessive wear of high-speed steel drills. A sample of T-111

alloy was then supplied to Standard Tool Company, a producer of gun drills for

evaluation. Their report in_licated the most success using a high-speed gun drill

head to which they applied a positive rake chip break along with a 10 ° stack point.

Additional material would be required to further define gun-drilling parameters.

Concurrent with the above investigation, one 32-inch-long condenser bar was

committed for conventional drilling. A 0. 406-inch-diameter hole was drilled suc-

cessfully using a long fluted twist drill with an extension brazed to the shank. The

drill was ground with an included angle of 135 °. A hand feed of approximately

0. 003 inch per revolution and a drill speed of 6 surface feet per minute produced

the best cutting action. After the success of conventional drilling was demon-

strated, the 63-inch-long condenser bar was cut in half and one additional section

was drilled successfully to produce the two sections required for the 60-inch-long

condenser. These two drilled bars were then finally machined and honed on the in-

side diameter.

The welding of the condenser was then completed with the joining of the two

condenser bars and tantalum fins as shown in figure VII-17. During welding, aline-

ment of the fins was maintained by the welding fixture shown in figure VII-18. Mo-

lybdenum blocks were incorporated in the fixture at each clamp location to provide

refractory metal contact with the condenser.

Major Subassemblies

During loop fabrication, four major subassemblies, the condenser, boiler,

potassium surge tank, and lithium heater, were sequentially assembled as de-

scribed in figure VII-1.

Condenser assembly. - The condenser assembly consists of the condenser,

nine-stage turbine simulator, subcooler reservoir, and associated piping, as shown
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in figure VII-19. A moredetailedview of theturbine simulatorandpotassium
vaporline is shownin figure VII-20. Radiographicinspectionof this assembly
revealeda 0.060-inch-diametersphericaldefectin theweldbetweenthesubcooler
reservoir andthecondenser.Becauseof schedulingdifficulties with the large
vacuumfurnacerequiredto postweldannealthis assembly,this weld repair was
postponeduntil theassemblyannealwascompletedasdescribedbelow. Subse-
quently,thedefectwasremovedandtheweldrepair completed. Thisweldwas
thenlocally annealedat 2400° F for 1hourin accordancewith GENSPspecification
03-0037-00-A.

Thehigh-emittancecoatingof iron titanate(Fe2TiO5)wasthenappliedto the
unalloyedtantalumcondenserfins by Pratt andWhitneyAircraft usingtheproce-
duresestablishedpreviously(ref. 3).

Boiler assembly. - The ]_oiler assembly consists of the boiler, single-stage

turbine simulator, and potassium preheater, as shown in figure VII-21. Conven-

tional tube joint welds join these components.

Potassium surge tank assembly. - The potassium surge tank subassembly

(fig. VII-22) illustrates the intermediate fixturing required to maintain component

orientation. During this fabrication the pressure transducer T welds and the weld

between the surge tank and EM pump duct were made and postweld annealed locally.

Each component had been postweld annealed previously.

Lithium heater subassembly. - The lithium heater subassembly, which con-

sists of the lithium heater, EM pump duct, and surge tank, is shown in figure

VII-23. Three welds were required to join these components, but extensive fixtur-

ing was again required to maintain component orientation.

Postweld Annealing of Major LoopSubassemblies

The boiler and condenser major subassemblies and the lithium heater, all

wrapped with one overlapping layer of Cb-lZr foil, were postweld annealed at

2400 ° F for 1 hour in Stellite's Brew furnace Model 966 at Kokomo, Indiana. This

anneal was conducted in accordance with GE NSP specification 03-0037-00-A. This

furnace had previously been qualified at 3000 ° F using 0. 040-inch-thick T-Ill alloy

test coupons both wrapped with Cb-lZr alloy foil and unwrapped. The results of

this qualification run are shown in table VII-1 and indicate no significant increase

in interstitial element concentration occurred during annealing.

During the annealing, the various loop assemblies, which weighed approxi-

mately 250 pounds, were suspended from Ta-10W alloy hanger bars that were

mounted on the top flanged dome of the chamber.
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Four Pt/Pt-10Rhthermocoupleswereusedto monitorthetemperatureof the
loopcomponents.Thesethermocoupleswerewrappedwith twolayers of Cb-lZr

foil wrap which currounded the components. A W-5Re/W-26Re thermocouple was

used to monitor the furnace temperature.

The furnace heating rate, which was programmed at 25 ° F per minute, was

interrupted, and the temperature held constant at 1000 °, 1500 °, 2040 °, and 2200 ° F

for time periods of 10 to 15 minutes to allow time for thermal equilibration, out-

gassing, and pressure reduction. The chamber pressure was 7×10 -6 tort at the

start of the 1-hour anneal and decreased to 3×10 -6 torr after 1 hour. The tempera-

tures of the various components equilibrated with the furnace temperature in less

than 10 minutes at 2400 ° F. The maximum temperature difference for the three

components of 25 ° F indicated excellent temperature uniformity within the furnace.

Final Loop Assembly

The completed lithium heater, condenser, boiler, and potassium surge tank

subassemblies were positioned in the stainless steel support structure attached to

the vacuum chamber spool section for reference alinement. The tubing which joins

the boiler and potassium surge tank subassemblies was match marked for aline-

ment, and the two subassemblies were removed from the spool section for welding

in the 8-foot-diameter extension to the welding chamber. This assembly step was

required because this particular weld could not be reached with the entire loop posi-

tioned in the welding chamber. After radiographic inspection of this weld, this unit

was repositioned in the permanent support structure.

The lithium heater and condenser subassemblies were also positioned in the

support structure. The final assembly weld fixture was attached to the loop (fig.

VII-24) holding the subassemblies and three slack diaphragm pressure transducers

(not shown) in alinement. The permanent support structure was disassembled and

the loop, now supported by the welding fixture, was removed from the vacuum

chamber spool section and placed in the welding chamber as shown in figure VII-25.

The seven welds required to join the subassemblies and attach the three pres-

sure transducers were inspected radiographically and subsequently annealed in the

welding chamber at 2400 ° F for 1 hour in accordance with NSP specification

03-0037-00-A.

The loop was removed from the welding chamber, and the electrode area of the

lithium heater and the potassium preheater were grit blasted to increase emittance

according to specification NSP 03-0011-00-A, "Grit Blasting of Columbium and

Columbium Alloy Products." The loop was then positioned in the vacuum chamber
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spoolsection,andthe permanentsupportstructurewasaffixed. After the loopwas
supportedproperly, thefinal weldingfixture wasremoved. Anoverall viewof the
loopandspoolpieceis shownin figure VII-26. A closeupphotographof thecompo-
nentsin the lowerportionof the loopis givenin figure VII-27.

Thestainlesssteel tubeattachmentsto thedrain andgaspressurizationlines
wereweldedto the loopconnectionsandvacuumchamberfeed-throughs. A final
massspectrometerhelium leaktestwasthenperformedontheentire loopwith no
leakindication. Thevacuumconnectionsfor theNaK-filled tubesfrom theslack
diaphragmpressuretransducerandthe EM pumpductstainlesssteelouter cans
wereweldedto theappropriatevacuumspoolsectionfeed-throughs. Thecompleted
loopwasthenremovedto thetest site.

Boiler Repair

After a short period of loop operation, a leak between the potassium and l_thium

circuits was discovered at a weld in the potassium boiler tube. The evaluation of

this weld is discussed in paper VIII in this volume. Only the repair and reinstalla-

tion of the boiler are discussed in this paper. To effect the repair, a number of

modifications to the boiler design were required, as shown schematically in figure

VII-28. Since one coil was removed from the boiler, an additional length of T-111

1-inch-diameter tubing was added to the top of the boiler to achieve a total boiler

height equal to the original boiler for correct fitting during installation into the loop.

New fittings were required for attachment to the lithium inlet and outlet lines.

During installation of the boiler the lithium lines originally on the loop were inserted

into socket fittings to ensure correct alinement during welding. Butt welding is nor-

mally the technique utilized for joining tubing; however, because of the location of

these welds and limited access during installation of the boiler into the loop, the

socket weld approach was selected. The main concern with this type of weld joint

was the possibility of an open gap between the socket fitting inside diameter and the

outside diameter of the inserted tubing. A trial fitting was machined with a double

socket, and weld experiments were performed to develop a technique to prevent this

gap. The welded specimen is shown in figure VII-29. Subsequent radiographic and

metallographic examination of this specimen indicated full penetration welds with no

gaps were achieved when the tubing was inserted in the socket and pulled back

slightly so the bottom of the tube did not contact the bottom of the socket. The joint

between the 0. 375-inch-outside diameter inner boiler tube and the 1-inch-outside

diameter outer boiler tube at the top of the boiler was also modified with a new fit-

ting similar to that used at the bottom of the boiler. This butt joint design was pre-
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ferred over thepreviouslyemployedtube-to-headerjoint. Thesedesignmodifica-
tions are comparedwith the original designin figure VII-30.

In the initial weldingstepa newsectionof 0.375-inch-diametertubingwasbutt
weldedto theinnerboiler tube. Subsequentheliummassspectrometerleakcheck-
ing andradiographicinspectionindicatedthis weldto besound. Twosectionsof
1-inch-diameterboiler tubewerethenweldedin placeasshownin figure VII-31.
Thesepieceswere obtainedfrom theboiler coil whichwasremovedduringsection-
ing of the boiler. Followingthejoining of thenewendfitting to the 0.375-inch-
diametertubing, thethreeweldswere inspectedby radiographyandheliummass
spectrometerleakcheckingandfoundto besound. Theboilerwascompletedwith
theadditionof the lithium inlet fitting andboiler extensionpieceat thetopof the
boiler asshownin figure VII-32 andtheadditionof the lithium outletfitting at the
bottomof theboiler asshownin figure VII-33. Theboiler plugwasreattachedat
this time by tackweldingto t]aebottomboiler fitting. Therepairedboiler is com-
paredwith the original boiler in figure VII-34. Theremovalof onecoil from the
boiler reducedits total lengthby approximately27 inches.

After appropriatepostweldannealingandleaktesting, theboiler was readyfor
reinstallation into the loop. Therequirementsof NSPspecification03-0025-00-A
necessitatedthepurchaseof a specialweldingchamberto be installedaroundthe
loopfor theweldingoperations. Thechamber,shownafter installationonthe
T-ill corrosionlooptest facility in figure VII-35, comprisestwoflangedspool
sections4 feet in diameterand4 feet highsuchthat eachcanbe rotatedindepen-
dentlyfor improvedaccessto weld locations. Sightports andgloveportswere ap-
propriately positionedin theareaswhereweldingwasperformedat thetopandbot-
tom of theboiler location. Anindependentlypumpedtoolport wasalsoprovided
suchthat necessarytoolscouldbebroughtintothe chamberwithoutcontaminating
thechamberenvironment.

Roughpumpingwasaccomplishedwith the260-liter-per-secondturbomolecular
pump,andthe loopfacility ion pumpswereusedto achievethehighvacuum
(_1×10-5 torr) called for in theweldingspecification. Thechamberwasbackfilled
with ultrahigh purity heliumwhichwaspassedthrougha molecularsievedryer be-
fore enteringthe chamber. Theinert gasanalysisequipmentincludedC.E. C.

(model 26-303) and l_lanametrics (model 1000) moisture monitors and the gas

chromatograph shown in figure VII-36. Gas lines attached to the gas chromatograph

made analysis of oxygen and nitrogen in the inlet gas as well as outlet gas from the

chamber possible.

After weld chamber qualification, the boiler was welded into the loop as shown

in figure VII-37. Four welds were required to reinstall the boiler; two at the top of

the boiler and two at the bottom, as shown in figures VII-38 and VII-39, respec-
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tively. Subsequentradiographsof theweldsindicateda very small areain theupper
lithium line weldof incompletepenetration,whichwassubsequentlyrepaired. Mass
spectrometerheliumleakcheckingradiographyof theweldsshowedno indications
of leaksor welddefects. Thefour installationweldswere postweldannealedin
positionusingtheannealingfurnaceshownin figure VII-40. Thefurnacecomprises
tantalumshieldsandshell, aluminainsulations,andtungstenwire (0.050-in.-diam)
elements. Thepowerfor heatingtheelementswassuppliedfrom a standardwelding
machine,oneelectrodebeingtheweldingtorch andtheotherelectrodegrounded.
Theweldswereannealedfor 1 hourat 2400° F.

POTASSIUM BOILER DEVELOPMENTLOOP FABRICATION

The overall fabrication sequence for this large T-111 alloy system followed the

general guidelines established during corrosion loop fabricativa. Preplanning of

fabrication steps was incorporated into the design phase to assu: e trouble-free as-

sembly within the limits of the welding chambers and to provide suitable locations

for final assembly welds. The size of furnaces required for postweld annealing of

components was also given careful consideration, and in certain instances this _ .:.s

the limiting factor in component design. General welding procedures were equiva-

lent to those employed during T-Ill corrosion loop fabrication. Many components,

such as pressure transducers, valves, and EM pump ducts were also similar to

those fabricated previously. However, the large lithium heater, boiler, and con-

denser presented unique fabrication problems which are discussed individually in

this section. The location of these components is shown in the schematic of the po-

tassium boiler development test rig, figure VII-41.

LITHIUM HEATER

The lithium heater includes six heater coils. Each ll-inch-diameter coil is

formed from 0. 875-inch-outside diameter by 0. 100-inch-wall T-ill tubing and has

a developed length of 124 inches. Appropriate manifolds and electrodes were re-

quired to split the lithium flow uniformly and to provide attachment of high current

electrical buses.

A fixture was designed to hold the lithium heater as shown in figure VII-42. A

more detailed view of the three-tube manifold joints is shown in figure VII-43. The

size and weight of this component made it difficult to handle manually within the

welding chamber. To alleviate this problem, the multipurpose weld positioner
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shownin figure VII-44 wasutilized. This unit providesmotordriven rotationand
manualtranslationof theworkpiecewithin the 8-foot-diameterweldingchamber.

CONDENSER

The three-tube potassium condenser is NaK-cooled on the shell side and is a

basic hockey stick design. From the welding viewpoint, this component, being of

multitube design, required the qualification and production of representative tube-

to-header joints. In order to provide a fully inspectable butt joint, internal auto-

matic welding was selected. In this process, a welding torch is positioned inside

the joint as shown in figure VII-45 and is rotated by a motor drive which is con-

trolled by the sequence control on the previously described automatic welder. The

three tube-to-header joints shown in figure VII-46 were welded using this technique.

After inspection of these welds, the tube bundle and support cage shown in figure

VII-47 was slipped into the shell. The potassium outlet tubes were then bent and

trimmed to proper length, and a reducer was welded to each tube, as shown in fig-

ure VII-48. These reducers were welded to the exit header, providing the same

joint design as that of the inlet header. The completed condenser shown in figure

VII-49 has connections of pressure transducers in addition to the NaK and potassium

lines.

BOILER

The potassium test boiler is C-shaped in design and has a 0.75-inch-outside-

diameter by 0 040-inch-wall T-111 potassium boiler tube maintained concentric

within a 1. 325-inch-outside-diameter by 0. 100-inch-wall shell. A helical fin insert

shown in figure VII-50 extended approximately half the boiler length. At the end of

the fin a helical wire coil was attached and continued throughout the remainder of

the boiler tube. Because the boiler tube required forming after the inserts were in

position and each insert had a different rigidity in bending, it was necessary to pro-

ceed cautiously during tube forming. It was therefore decided to bend the shell and

boiler tube separately to provide the best assurance of proper tube concentricity in

the formed boiler. Several trials with stainless steel mockup boilers preceded the

T-111 boiler tube bending. Initial bending was performed manually using a 360 °

machined steel mandrel for the inside diameter contour and a steel roll on the out-

side diameter. Final sizing to the shell diameter was done on a conventional three-

roll tube bender. Four tube spacers were then TIG tack welded to the formed boiler

177



tubeas shownin figure VII-51. Theboiler shell shownin figure VII-52 was then
slippedover theboiler tube. Mechanicalvibrationwasnecessaryduringthis oper-
ationto reducetheconsiderabledragbetweenthesliding T-111components.

Thecompletedboiler assemblyshownin figure VII-53 indicatesthe complexity
of afully instrumentedtestboiler. Provision for pressuretransducers,insert
thermocouples,andbulkfluid thermocouplewells necessitatesmanysequential
weldingandinspectionstepsto providehighreliability in the component.

SUMMARY OF RESULTS

During the past 2 years, GE Nuclear Systems Programs Department has been

committed to the fabrication of large T-111 components and alkali metal systems.

As each project has progressed, understanding of the welding characteristics and

metallurgy of T-111 alloy has been broadened. Particular instances of weld-

associated cracking have been documented and are reported in paper VIII of this

volume. However, the corrosion loop fabrication was accomplished without undo

difficulties, as evidenced by the welding of rather complex components.

The boiler fracture, although a technical setback, necessitates the first repair

of a T-Ill component which had been previously exposed to alkali metals. The fact

that many test hours have been accumulated since this repair is an important mile-

stone in T-Ill alloy utilization.

The boiler development test loop program provided the challenge of building

components of a large T-111 alloy system. Concurrently, unique processes such as

internal tube-to-header welding were applied to T-111 alloy. Each component pro-

vided a better understanding of the machining, forming, and welding processes re-

quired to fabricate large space power systems.
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TABLE VII-1. - RESULTS OF QUALIFICATION TEST OF

STELLITE'S BREW FURNACE MODEL 966

[Test time, 1 hr; temperature, 3000 ° F; maximum pressure at

temperature, 4.4×10 -5 torr.]

Element a Concentration, ppm b

Before anneal

0

N

H

C

26

14

1

<I0

Wrapped specimen c

after anneal

27

12

1

11

Unwrapped specimen

after anneal

51

14

2

27

aTest spemmens: T-111 sheet, 0. 040-inch-thick MCN 02A-078.

bAnalytical methods: O, N, and H, vacuum fusion; C, combustion

conductometric.

Cspecimen was wrapped with layer of 0. 002-inch-thick Cb-lZr foil

during heat treatment.
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Figure VII-1. - Corrosion loop 1 (T-111). 

181 



Figure VII-3. - Vacuum-purge inert gas welding chamber (3-ft diam by 6-ft long) with helium supply and 
purity control system showing pipe welding extension tube attached to chamber door. 

Figure VII-4. - Vacuum-purge inert gas welding chamber and helium purity control system with welding 
chamber extension tank attached to 3-foot-diameter by 6-foot-long welding chamber. 
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Figure  VII-5. - Automatic tungsten iner t  g a s  welding machine control led welding sequence. 
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Figure VII-'7. - Internal construction of water-cooled 
TIG welding torch. 
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Figure VII-8. - Components of T-111 EM pump duct before and following final welding and ma- 
chining. 

(a) Cutaway showing dia- (b) Completed upper flange. 
phragm and housing con- 
struct ion. 

(c) Cross section of weld. 

Figure VII-9. - Slack diaphragm pressure transducer diaphragm and housing following EB welding. 
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Figure VII-10. - Welding of Cb-1Zr alloy slack diaphragm pressure transducer housing. 
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Opposite S i d e  ft .- / 

Figure VII-11. - Refractory alloy pressure  transducer ( s t ressed  diaphragm). 

Tack Weld 

Figure Vn-12. - Cb-1Zr boiler tube spacer  before and following attachment to 0. 375- 
inch Cb-1Zr potassium containment tube by welding. 
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I Potassium 
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Figure VII-13. - Tube-in-tube boiler of corrosion loop 1 (T-111) prior to insertion of boiler plug. 
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Figure  VII-14. - Entrance  and exit s i d e  of nozzle and blade assembly  of second s t a g e  (Mo-TZC) of turb ine  
s imula tor .  
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Figure Vn-24. - T-111 corrosion test  loop and chamber spool piece during transfer of loop from 
support structure to welding fixture. 
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Figure VII-25. - T-111 corrosion test loop mounted on welding fixture prior to final welding and weld heat treatment operation. 
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Figure VII-28. - Schematic of T-111 corrosion loop boiler repair. 

Schematic Cross Sect ion  of Tube-to-Socket Weld J o i n t  
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Fusion With No Caps netween 
Tubing OD and F i t t i n g  ID 

Welded Joint  

Figure VII-29. - Socket weld fitting specimen to qualify this joint design 
for T-111 corrosion loop boiler repair and reinstallation. 



Original Design Modified Design
for Boiler Repair

Tubing to

K _/_ _i_i:!leHiir !!i n a1

^ ! _./

ILl-" _ Li Li

_-:IHkl -
' _ z-__ Fitting

V We id

K

Li

Top of Boiler

We Id % f

|

J

\ /
tt
K

Socket

Fitting

LithiumOutlet

( I
L We ld

_Weld

Bottom of Boiler

Figure VII-30. - ,Joint design at ends of T-111 corrosion loop boiler.

2O2



New f3/ Pieces 

Reused 
Pieces 

Welds 

/ 

W 

AOW 0. 

?W 

t i n g  

375-i 
Tube 

.n. 

Figure VII-31. - Top of T-111 boiler following initial repair welds. 
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Figure VII-35. - Welding chamber and ancillary instrumentation installeci 011 T- 11 1 Rankine spstenl corrosion test  loop 
facility. 
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Figure VII-40. - Refractory metal furnace for annealing of corrosion loop weldments. 
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Figure Vn-41. - Potassium boiler development test rig. 
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Figure VII-44. - T-111 lithium heater in multipurpose weld positioner. 
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Figure Vn-45. - View of seven tube header with internal rotating tungsten electrode shown in center tube 
boss. 

e@- 

Figure VII-46. - T-111 three-tube condenser potassium inlet header. 
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Figure VU-47. - T-111 three-tube condenser tube bundle and support cage. 

Figure VU-48. - T-111 three-tube condenser during fabrication. 

2 14 



\ 
P r e s s u r e  T r a n s d u c e r  L i n e s  

P o t a s s i u m  I n l e t  

P o t a s s i u m  O u t l e t  

Figure VII-49. - Three-tube condenser for boiler development program. 
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Vlll. T-111 ALLOY CRACKING PROBLEMS

DURING PROCESSING AND FABRICATION

R. A. EkvaIl, I- R. G. Frank, I-and W. R. Young t

SUMMARY

A review is made of T-111 cracking encountered at General Electric Nuclear

Systems Programs Department during fabrication of advanced space power Rankine

cycle system components since 1965. Cracking has been observed after machining,

forming, and welding. A majority of crack incidents have been associated with

welding. Although tungsten inert gas welding is the primary joining technique used,

cracks have also been found after electron beam and spot tack welding.

Cracking phenomena associated with each fabrication method are described

with emphasis on weld related cracking. Preventative measures adopted for each

type of cracking are reviewed. Possible causes for cracking, including attempts

at correlating cracking incidents with material properties and processing history,

are discussed. The frequency of crack occurrences and the requirements for

highly reliable system components indicate the need for an investigation of the

basic mechanism(s) underlying T-111 alloy cracking.

INTRODUCTION

The transition of a material from the laboratory to production mill products

and then into machined, formed, and welded components, assemblies, and system

configurations is normally accompanied by some technical difficulties. T-Ill alloy

is a material that is still in this stage of development. Laboratory testing of T-111

alloy has shown it to be a very ductile alloy, but numerous examples of brittle

cracking of the alloy have been seen during mill processing and during secondary

fabrication into system components. The observed cracking is intergranular in

nature and appears to fall into two broad phenomenological categories: (1) cracking

*Based on work conducted under NASA contracts NAS 3-6474 and NAS 3-9426.

_General Electric Company, Cincinnati, Ohio.
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associated with elevated temperature grain boundary sliding and (2) brittle propaga-

tion of cracks at room temperature under applied stress.

Over the last 4 years, General Electric Nuclear Systems Programs (GE-NSP)

has procured between 4000 and 4500 pounds of T-111 alloy in all mill forms for five

NASA sponsored space electric power programs; however, the bulk of the alloy was

procured for two current NASA sponsored programs, the advanced refractory alloy

corrosion loop program (contract NAS 3-6474) and the potassium boiler develop-

ment program (contract NAS 3-9426). Tables VIII-1 and VIII-2 summarize the

sizes and quantities of the T-111 alloy procured for each program. Solids of round

cross sections ranged from 0. 062-inch-diameter wire to rods 4. 625 inches in diam-

eter. Solids of rectangular cross sections ranged from 0. 005-inch-thick foil to

0. 500-inch-thick plate. Tubing items have been as small as 0.25-inch outside

diameter by 0. 050-inch wall to 1.5-inch outside diameter by 0. 100-inch wall. Tu-

bular shapes larger than 1.5_-inch outside diameter were made by machining solid

rod. In processing T-111 alloy for these requirements, refractory metal producers

encountered cracking during forging, extrusion, rolling, and tube reduction. How-

ever, the purpose of this paper is not to review the incidents of cracking associated

with primary processing, many of which are of a proprietary nature. The primary

emphasis of this paper is to review the cracking incidents that have been encoun-

tered at GE-NSP since its first major commitment (1965) to build a T-111 alloy

system for NASA on the advanced refractory alloy corrosion loop program (ref. 1).

Cracking has been observed during the cutting, machining, forming, and welding of

T-111 alloy components.

NASA sponsored advanced Rankine cycle power system work at GE-NSP has

been mainly concerned with the design, building, and testing of components and the

determination of the alkali metal corrosion resistance of candidate advanced re-

fractory alloys. Investigations of the mechanisms underlying the observed cracking

in T-111 alloy were not included in the scope of this work. GE-NSP policy has been

to (1) appraise NASA of the cracking problems encountered, (2) document the crack-

ing encountered with informal letter reports and photographs, and (3) promptly de-

termine means for solving the immediate cracking problem to minimize program

delays. In a number of cases, the cracked parts were rather easily repaired, non-

destructively evaluated to ensure their suitability for service, and used. In such

cases, no destructive evaluation was performed. However, other cracking inci-

dents required destructive evaluation before a plan for repair or replacement could

be devised. In a few instances, even when a remedy was found for a particularly

puzzling cracking problem or one likely to be encountered often, further but limited

destructive evaluation was performed on similar parts in an attempt to identify the

cause(s). For these reasons, each cracking event described in this paper has not
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receivedequivalentevaluationeffort, andthediscussionmayraise as manyor
morequestionsthanare answered.

Prior to proceedingwith thediscussionof individualcrackingevents,some
generalremarksare in order regardingthequalityandprocessinghistory of the
materialwhichexhibitedcracking. It is apolicyandcontracturalrequirementat
GE-NSPto maintaintraceabilitybackto the ingotfor all T-111alloy components.
This capabilityenabledGE-NSPto reviewthequalityandprocessinghistory of the
as-receivedmaterialusedfor eachitem that crackedto determineif a common
material propertiesand/or processinghistory mightbe responsiblefor theob-
servedcracking. Thepropertiesandprocessinghistories of the crackedmaterial
were also comparedwith T-111alloy mill productsthatdid notcrack. Noproperty
variationwasfoundthatwasclearly associatedwith T-111alloy thateventually
cracked. Evaluatingthecontributionof processinghistory to crackingprovedto be
difficult. Someof theprocessinginformationwasincompletebecausethevendor
supplyingtheT-111alloy consideredthe informationproprietary. Withinthe limits
of availableinformation, fair comparisonof processingprocedureswasfurther.
complicatedby thefollowingprocessingdifferencesamongthevendors: numberof
heatsmelted,meltingpractice, sizeof ingots,primary conversiontechniques,and
secondaryfabricationtechniques. It canbesaidthatsometypeof crackingwasob-
served,duringfabricationat GE-NSP,of materialsuppliedby eachvendor. No
conclusiveevidencecouldbe foundthat showedthatoneprocessingapproachwas
clearly superior to another. However,basedonoverall experiencewith T-111
alloy vendors,somegeneralsuggestionsfor improvingthecompositionalcontrol
andthechancesof successfulingotconversionare (1)Hf additionsshouldbemade
bythe vacuumarc meltingprocess(twomeltsarepreferredwith the ingotbeing
invertedbetweenmelts to improveHf homogenization);(2) I-Ifcontentshouldbeon
thelow side (<2.0 percent)of thespecification;(3) initial conversiontemperatures
around2000° F shouldbeavoidedbecauseof possiblelowductility (ref. 2); (4) re-
ductionlimits shouldbeobservedin extrusion(>3:1)andprimary forgingto avoid
cracking; (5)propercuttingandgrindingproceduresshouldbeusedto avoidcrack
initiation andsubsequentpropagation;and(6)contactbetweenT-111alloy andcop-
per or copperalloysshouldbeavoidedwheneverpossible.

Thediscussionof individualT-111alloy crackingincidentsat GE-NSP,which
follows, is arbitrarily dividedinto threemajorcategories: (1)cracksrelatedto
cuttingandforming; (2)cracksrelatedto machiningandforming; and(3)cracks
relatedto welding, includingtungsten-inert-gas(TIG), electronbeam(EB), and
spottackwelding. In all cases,thematerial referredto is T-111alloyunless
otherwisespecified.
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CRACKS RELATEDTO CUTTING AND FORMING

Cutting of T-111 alloy mill products with an alumina abrasive (Allison VA 1202

MRA) cutoff wheel frequently produced cracks in the cut surfaces. The cracks in-

duced by abrasive cutting always propagated in a brittle manner upon subsequent

bending (fig. VIII-l). Although water cooling of the T-111 alloy and wheel was used

in all cases, the cooling did not prevent cracking. Generally, slow feeding of the

T-111 alloy mill products into the wheel resulted in more severe cracking than oc-

curred with fast feeding. The effect of cutting T-111 alloy with an alumina abrasive

wheel at varying speeds is illustrated in figure VIII-2, which shows transverse sec-

tions of a 0. 375-inch-outside-diameter tube that were partially flattened after cut-

ting. Removing 0. 060 to 0. 080 inch from the cut tube surfaces by grinding was

sufficient to remove the cracks generated during cutting, and the tubing could then

be bent without cracking (fig. VIII-3). Further evidence of the damage that can be

caused by the use of an improper cutoff wheel is exhibited in figure VIII-4. Cracks

were observed in T-111 alloy tube hollows during initial attempts to tube reduce the

hollows. The deep cracks shown apparently propagated from shallow cracks result-

ing from cutting with an abrasive cutoff wheel. The sound portions of the tube hol-

lows were used to successfully fabricate tubular bellows blanks (0. 625-in. o.d. by

0. 0085-in. wall). Alumina abrasive cutoff wheel induced cracking was not limited

to tubing mill forms. Cracking also was observed in solid rods, as shown in fig-

ure VIII-5.

The cracking that occurs in both solid rod and tubing is intergranular in nature.

However, the mechanism of the crack formation in T-111 alloy and, of even greater

interest, the mechanism which causes the cracks to propagate in a brittle manner

are not understood. However, embrittlement with nacent hydrogen from breakdown

of coolant or abrasive binder is a possibility.

In limited testing to find a way to avoid crack initiation during cutting opera-

tions, it was found that cracking could be eliminated by the use of SiC cutoff wheels

(Allison C120-K-RA), tube cutters, or band saws. Because of the limited testing

and possible inadvertent use of the wrong wheels, GE-NSP has adopted the policy of

using tube cutters and band saws for cutting operations.

CRACKS RELATEDTO MACHINING AND FORMING

Cracks related to machining have been observed in parts subsequently formed

or welded; no cracking has been seen in as-machined parts at GE-NSP. Cracks in

machined and welded parts are described later in this paper. Probably the most
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striking exampleof failure of machinedpartsduringforming is the brittle fracture
of machinedparts duringforming is thebrittle fracture of machinedthermocouple
wells duringbending(fig. VIII-6(a)). Fivewellswere machinedfrom 1.0-inch-
diameterrod. Thewells werejig boredrilled with a 0. 156-inch-diameterholeto
a depthof _2.75 inchesusingTapMagicasthecuttingfluid. Thenthepartwas
turnedona latheto final dimensionsof 2.45- to 0.255-inchdiameterto a 63 rms
finish. After machining,thestraight thermocouplewell wasplacedbetween
matchedconcaveandconvexaluminumblocksmachinedto a 1.01- to 0.99-inch
radiuswith a 0.125-inch-radiusgroovein eachblock, andanattemptwasmadeto
form themachinedT-111alloy thermocouplewell to anangleof 86° to 84°. Crack-
ing beganalmostimmediatelyandresultedin brittle fracture. Thesametypeof
failure occurredduringinitial attemptsto benda secondmachinedthermocouple
well. It wassuspectedthat residualsurfacestressespresentat the completionof
the machiningoperationswere responsiblefor thecrackingduringbending. In an
attemptto alleviatethis problem, subsequentthermocouplewells weregivena
stress relief heattreatmentof 2400° F for 1hourin a vacuumof ~10-5 torr after
machiningandprior to bending. Theremainingthree thermocouplewells werebent
successfullywithoutcracking, asdeterminedbyfluorescentpenetrantinspection
(fig. VIII-6(b)).

MetaUographicandX-ray diffraction evaluationsof thecrackedthermocouple
wells wereperformed. Themetallographicresultsshowedthemajor fracture to be
intergranularandalso revealedseveralareasof incipientintergranular cracking
near theoutsidediameterof thetubeonthetensionside of thebend(fig. VIII-7).
Nocrackingwasobservedin the insidediameterof thethermocouplewells. A com-
parisonof themicrostructureof anas-machinedanda machinedandstress relieved
thermocouplewell indicatedtheoverall structuresto besimilar with the exception
that recrystallizationhadoccurredin a thinworkedsurfacelayer of thestress re-
lievedthermocouplewell. X-ray diffractionanalysesqualitativelyindicatedthat a
reductionin residual stressesfrom machiningandbendinghadoccurredasa result
of the2400° F, 1-hourheattreatment.

Subsequentattempts to reproduce a brittle fracture in sheet samples (0. 055-in.

thick) after removal of 0. 010 inch from each side using a shaping machine were un-

successful. Neither samples machined to a surface finish similar to that of the

thermocouple wells nor samples machined more severely to produce a very rough

surface fractured when bent 180 ° over a 1/2 T bend radius at temperatures as low

as -320 ° F.

Although stress relief treatments solved the immediate problem of fabricating

thermocouple wells, the cause of the brittle intergranular fracture remains a matter

for speculation. To reduce the possibility of cracking in other machined parts, a
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specification(GE-NSP03-0071-00-A)requiringthat all machinedparts of T-111
alloybegivena postmachiningstress relief treatmentat 2400° F for 1 hourwas
preparedandissued.

CRACKS RELATEDTO WELDING

The preponderance of cracking observed at GE-NSP has been related to weld-

ing. Selected incidents of cracking associated with each method of welding are dis-

cussed in this section.

EB Welding

Welded and reworked tube. - To compare the biaxial creep properties of EB

welded and seamless tubing, two 2.0-inch-outside-diameter by 0.25-inch-wall tube

hollows (one welded and one seamless) made from the same heat of material were

tube reduced and drawn to 1.5-inch-outside-diameter by 0. 100-inch-wall tubing.

The weld in the "welded" hollow was a simulated full penetration EB weld running

the length of the hollow parallel to its longitudinal axis. The weld was formed by

making two consecutive EB welding passes on a seamless hollow. The second pass

was made to smooth the rough weld surface produced by the first pass. No defects

were found in the "welded" tube hollow during ultrasonic and fluorescent penetrant

inspections to NSP specifications 03-0001-00-C and 03-0027-00-A, respectively.

After a 37-percent tube redt ction, intermittent transverse cracks were observed in

the heat-affected zones on either side of the weld for the entire length of the tube.

Grinding the tube within allowable tolerances did not completely remove the cracks.

Without further conditioning, the tube was annealed, processed to final size, and

final annealed at 3000 ° F for 1 hour. The appearance of the finished tube is shown

in figures VIII-8 and VIII-9. Because the quantity of the "welded" material re-

quired for the program was critical, no metallography was performed on the tubing

after cracking was first observed. It is difficult to determine with certainty from

the recrystallized structure of the finished tube whether or not the cracking was

intergranular.

It is believed that residual stresses in the tube surface, promoted primarily by

the second weld pass, were a major contributing factor to the observed cracking.

Although a postweld stress relief treatment might have avoided the problem, it

would seem wise to avoid multipass welds whenever possible. Details of the tube

history, processing, and ultimate utilization have been reported (ref. 3).
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Pressure transducer diaphragm. - Helium mass spectrometer leak checking

and visual examination of the 0. 005-inch-thick T-111 alloy diaphragm of a pressure

transducer shown in figure VIII-10 revealed two diametrically opposed cracks. The

cracks were approximately 0. 040 inch from the fusion zone joining the diaphragm

to the transducer housing. The transducer had been postweld annealed (2400 ° F for

1 hr) prior to the discovery of the leaks. Metallography indicated the cracks were

intergranular. The microstructure appeared normal, and no significant variations

in microhardness were found in the cracked sample. Bend tests of foil similar to

that used to fabricate the diaphragms and heat treated similarly (2400 ° F for 1 hr)

showed the material to be ductile. The cause of the cracking is not known, as nu-

merous pressure transducers have been fabricated using the same procedure with-

out cracking of the weld.

TIG Welding

Since TIG welding is the most common welding technique used for joining T-111

alloy at GE-NSP, it is not surprising that most weld related cracks have been ob-

served in TIG welds. Intergranular cracking was found in each cracking incident

that was metallographically evaluated. Evidence indicates that the cracking occur-

ring at elevated temperatures in T-111 alloy appears to be related to grain bound-

ary sliding (ref. 4).

Butt weld joint. - During welding of a tube (0. 375-in. o.d. by 0. 065-in. wall)

butt weld joint, one of the tubes was unsupported and sagged. In order to straighten

the tube sections, the welded assembly was clamped between Mo plates and heated

on one side of the weld nugget with a TIG torch. Intergranular cracking appeared

on the side (tension side) of the weld nugget opposite the TIG torch. The cracks

and grain boundary sliding observed in the weld nugget are exhibited in figure

VIII-11. Similar grain boundary separation has been noted in welds inadvertently

deformed at Oak Ridge National Laboratory (data obtained from B. Fleisher of

ORNL).

Prevention, by providing adequate support for parts being welded, was the ob-

vious solution to this problem.

Electromagnetic pump duct. - In repairing an electromagnetic (EM) pump duct,

it was necessary to run a circumferential TIG weld approximately 0.8 inch (weld

centerline distance) from a preexisting circumferential weld as illustrated in figure

VIII-12. Cracking and grain boundary relief were noted in the machined duct sur-

face between the welds after completion of the second weld. The location of the
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crackingimpliesa critical temperatureat whichgrain boundarysliding andsepara-
tion occurs.

Thecracksandgrainboundaryrelief were removedby machining,benching,
andhandpolishing. Final visual, heliumleakcheck,andX-ray inspectionindicated
thepart wassound.

Absolute pressure transducers. - Cracks were discovered in three of six Taylor

absolute pressure transducers after welding. Immediate leak testing with a helium

mass spectrometer leak detector, according to NSP specification 03-0013-00-B, re-

vealed that none of the transducers leaked. (A full section view drawing of a typical

Taylor absolute transducer showing its functional relation to a test loop is given in

fig. VIII-13. ) The cracks were found near the circumferential TIG welds joining

the top and bottom flanges. Photographs of the most severely cracked transducer

(no. 14) are presented in figure VIII-14. The crack on the outer surfaces of the

bottom flange of the transducer was approximately 0.5 inch deep, as can be seen in

figure VIII-15, which shows the flange after removal of the weld nugget. Photo-

micrographs of end A of the crack are exhibited in figure VIII-16. The crack was

quite wide where it intersected the outer circumferential surface of the flange, and

it was not possible to definitely determine the mode of fracture. In figure VIII-16,

however, cracking appears to be intergranular at end A.

It is interesting to note the amount of distortion in the grain shown by the arrow

in figure VIII-16(b). It is possible that this distortion was not sufficient to relieve

local stresses which resulted in grain boundary separation and subsequent propaga-

tion toward the surface. The fact that the crack width is larger at the surface than

the center would tend to discount this theory by indicating the crack started at the

surface. However, if residual stresses were induced at the surface during welding,

there would be a considerable amount of spring back as the crack broke through the

surface from the inside. This would cause a larger crack width at the surface,

which would decrease as the spring back effects decreased from the edge to the

center.

Cracks in all transducers (except the bottom flange of no. 14, which was metal-

lographically sectioned) were removed by benching the material to a depth of approx-

imately 0. 030 inch. The shallowness of the cracks (except on transducer no. 14) in-

dicates that the cracks may have been related to the surface condition of the ma-

chined transducers. The flanges were stress relieved at 2400 ° F for 1 hour follow-

ing machining; however, X-ray diffraction studies have shown that this treatment

does not completely relieve residual stresses. A longer time at 2400 ° F or a higher

stress relief treatment might be necessary if residual stress from machining is the

cause or contributes to the cause of the cracking.
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Multipass tube welds. - One of the most reproducible incidents of cracking

found in T-111 alloy is that which occurs in multipass welds (T-Ill alloy filler ma-

terial) of the type needed to join heavy sections (ref. 5). Grain boundary separation

is first visible in the root pass after the second weld pass has been made. The

grain boundary separation becomes more pronounced after the third pass and was

found to extend into the second pass material after the fourth pass was complete.

(Similar observations with multipass TIG welding of T-111 alloy have been made by

R. Begley and W. Buckman of Westinghouse Electric Co. ) Cracking and grain

boundary separation were found predominantly in the periphery of the fusion zone

(circled areas of fig. VIII-17(b)). Photomicrographs of a portion of one of these

areas are presented in figure VIII-18. Although grain boundary separation was

found primarily near the periphery of the fusion zone, some grain boundary sepa-

ration was noted in the center of the fusion zone also. Occasionally grain boundary

separation was found in the heat-affected zone near the edge of the fusion zone.

To determine the effect of filler wire composition on the cracking behavior of

multipass welds, two 2.5-inch-outside-diameter by 0.375-inch-wall T-111 alloy

tubes with solid ends were machined from 2.5-inch-diameter rod and subsequently

butt welded using the TIG process with T-111, Ta-10W, and Cb-lZr alloy filler

wires. A J-shaped weld preparation was machined in each part prior to welding.

The first weld pass, or root pass, was a T-Ill alloy fusion pass except for a short

region of the joint which was not welded to allow for the venting of the tube interior.

Three additional passes were made using T-111 alloy filler for one 120 ° segment

around the tube, Ta-10W alloy filler for another 120 ° segment, and finally Cb-lZr

alloy filler for the last 120 ° segment. A photograph of a section through the welded

parts is shown in figure VIII-17(a). The welded tube was metallographically sec-

tioned through each of the three segments representing the three filler materials.

Photomicrographs of transverse sections through these welds are shown in figures

VIII-19, VIH-20, and VIII-21. The major observations of this study are (1) grain

boundary separation occurs in the T-111 alloy root pass for all three filler alloys,

and (2) grain boundary separation is not observed in the Cb-lZr or Ta-10W alloy

portions of the corresponding weld segments. These observations indicate that haf-

nium, present only in T-111 alloy, is a significant factor contributing to the grain

boundary separations in the T-111 alloy weldments.

Of the possible solutions to the multipass weld cracking in T-Ill alloy, the

most obvious solution is to design to avoid the use of heavy sections requiring

multipass welds wherever possible; no weld cracking has been observed on TIG

welds of parts having thin sections (~0. 100 in. ). Other suggested solutions include

designing for single-pass EB instead of TIG welding, intermediate stress relieving,

alloy modification, and alloy overlay.
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Boiler weld failure. - During the initial startup of a T-111 alloy corrosion test

loop, a leak developed between the lithium primary circuit and the potassium secon-

dary circuit (refs. 6 and 7). The leak in the coaxial T-111 alloy tube boiler was

traced to a crack in the weld nugget of the 0. 375-inch-outside-diameter by 0. 062-

inch-wall inner tube, as shown in figure VIII-22. During operation of the boiler

(~2100 ° F), lithium flowed in one direction in the annulus between the two tubes,

and potassium flowed in the opposite direction within the inner tube. After the

cracked segment of tube was cut from the boiler, stepwise removal of material

from the surface of a longitudinal section through the crack, to a depth of 0. 006

inch, clearly showed the crack to be intergranular (fig. VIII-23) with entire grains

delineated as the result of grain boundary separation (fig. VIII-24). The appear-

ance of grain boundary separation suggests some action of lithium which has pene-

trated into the crack. Although the intermittent voids in the grain boundaries are

similar in appearance to those observed as a result of attack by lithium, the crack

is not believed to have been initiated by a corrosion mechanism, since corrosion by

lithium would not be expected in T-111 having an oxygen concentration as low as

that (40 ppm) of the as-received boiler tube.

To determine the possibility of reusing the boiler tube (except for that section

containing the leak), specimens from the boiler tube in the vicinity of the crack

were removed and submitted for metallographic examination, microprobe evalua-

tion, and chemical analyses for major metallic and interstitial elements. The duc-

tility of the T-111 alloy was determined qualitatively by tube flattening tests.

Results of the various analyses (ref. 5) indicated no contamination of the T-111

alloy material had occurred, and no cracking was observed during flattening of the

tubes. Further, interstitial analyses of the T-111 alloy weld quality assurance

specimens welded before and after the welding of the boiler tube, as part of NSP

specification 03-0025-00-A, indicated no contamination occurred during welding of

the boiler tube.

Although the cause of the crack is not evident, it is believed that the most like-

ly explanation would be that straining of the weld nugget while it was hot might have

caused grain boundary separation similar to that which occurred during butt welding

of tubes (described in the section Butt weld joint). Propagation of such a crack

could have occurred during subsequent bending to form the helically shaped boiler.

Spot Tack Welding

Prior to the postweld vacuum annealing of T-111 alloy at 2400 ° F for 1 hour,

Cb-lZr alloy foil was wrapped around two tubular T-111 alloy assemblies and
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fastenedin placebyspot tackwelding. After heattreatment, crackingwasobserved
in theT-111alloy in thevicinity of thetackwelds. Nocrackinghadbeenobserved
previouslyin spottack weldingof Cb-lZr foil to T-111alloy usinga molybdenum
(Mo)tippedweldingelectrode. Thesubassembliesexhibitingcracks, however,had
beenspotweldedusinga copper(Cu)electrode. Theutilization of theCuelectrode
wasbelievedto be responsiblefor theobservedfailures. Thehighlightsof anin-
vestigationto identifyandeliminatethecauseof crackingare summarizedin the
nextparagraph(ref. 8).

A studywasinitiated to determinetheeffectsof electrodematerials (Cu, Mo,
andCb-lZr), spotweldingparameters,surfaceconditionsandstressesin thetub-
ing, andsubsequent2400° F, 1-hourvacuumexposuresonthe crackingtendencies
of varioussizesof T-111alloytubing. Preliminary results showed that only spot

welds made with a Cu electrode produced areas in the T-111 alloy tubing that were

subject to failure upon subsequent heat treatment. Metallographic examination of

as-spot-welded samples revealed no microcracking or interdiffusion regardless of

the electrode material, as shown in the sample in figure VIII-25(a), in which T-111

alloy was spot welded with a Cu electrode. Copper deposited on the T-111 alloy

surface, from welding with that electrode, is shown in the photomicrograph. When

the spot tack welded samples were heated to 2400 ° F for 1 hour, microcracking was

seen only in those specimens which were spot tack welded using a copper electrode

(figs. VIII-25(b) and VIII-26). (The light colored grain boundary phase was identi-

fied later in similar samples as a Cu/Hf phase. ) The difference in the magnitude of

the cracks between the 1.5- and 0. 375-inch-diameter tubes may be due to differ-

ences in residual stresses resulting from straightening operations. Further tests

in which Cu was simply placed on T-111 alloy and heated indicated that spot welding

with a copper electrode only served to provide a source of copper for subsequent re-

action with T-111 alloy in heating to 2400 ° F. The results of one such test are given

in figure VIII-27. A Cb-lZr foil boat (consisting of two layers of 0. 002-in. -thick

foil) containing copper was lightly spot tack welded (using a Mo electrode) to a 1.5-

inch-diameter by 0. 100-inch-wall T-111 alloy tube section. When the assembled

ring section was heated to 2400 ° F, the Cu penetrated through the Cb-lZr foil

layers and completely through the tube wall producing the crack shown in figure

VIII-27. Additional metallographic studies and microprobe analyses of the test

specimens indicated that a Cu/Hf reaction at grain boundaries during heat treat-

ment, in combination with some residual stress, caused intergranular failures in

T-111 alloy. The one test sample in which microprobe analyses positively identified

a Cu/Hf phase in the T-111 alloy grain boundaries is shown in figure VIII-28(a). A

T-Ill alloy sheet (0. 063-in. -thick) sample was notched and bent (with the notched

side in tension) and Cu placed in the notch. Then the sample was heated at 2400 ° F
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for 1hour. Microcrackingwasfoundat symmetricallocationsoneachside of the
notch, as illustrated in figure VIII-28(b). An identicalnotched,bent, andheat
treatedsheetspecimenwithoutCudid notexhibitmicrocracking. Thenotched
sheetsample,heatedto 2400° F, with Cuin the notchwasexaminedwith a micro-
probeat thefailure locationandat randompositionsthroughoutthe specimen. The
phasepresentat samplegrainboundariesnext to thefailure containedHf concentra-
tions significantlyhigherthanthe matrix; Cuwasalsofoundin thesegrainbounda-
ries. Cuwasnotpresentwithin thegrains of thesamplenor in grainboundaries
remotefrom thefailure. Theseresults indicatedthata Cu/Hf reaction, at grain
boundariesoriginally high in Hf content,was theprobablemajor factor causingCu
penetrationsandtheresultantfailures.

SUMMARY OF RESULTS

A summary of the cracking incidents observed during the fabrication of T-Ill

alloy loop components, their possible causes, and preventative measures is given

in the following table:

Cracking problem

during -

Cutting and forming

Probable cause or

contributing cause(s)

Possible nacent hydrogen em-

brittlement from coolant or

binder in cutting wheel

Preventative measures

Use bandsaw or tube cutters as

appropriate.

Use acceptable cutoffwheel and

grind away cut surface to assure

no cracks are present.

Machining and forming Residual stresses and possible Use appropriate vacuum stress

hydrogen embrittlement relief anneal.

EB and TIG welding Low strength of grain bounda-

ries relative to matrix

Residual stresses

Spot tack welding Cu

High Hf concentration in

grain boundaries

Design to avoid multipass welds.

Use alloy overlay technique or

intermediate stress relief for

multipass welds when necessary.

Use EB welding as much as possible,

Stay on low Hf side of specification

and use double arc melted alloy.

Stress relieve machined parts

before welding.

Provide adequate mechanical

support for welding.

Avoid use of Cu electrode; use

Mo electrode
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An examinationof this table clearly showsthattheproblemsof T-111alloy crack-
ing are remediable. Althoughnondestructiveevaluationof machinedpartsor welded
joints is notmentionedin thetable, X-ray, fluorescentpenetrant,heliummass
spectrometerleakchecking,andvisual inspectionare recommendedandwereper-
formed, as appropriate,to preventinstallationof crackedcomponentsinto test sys-
tems. GE-NSPperformsvisual inspections(at magnificationsupto 30)of all weld-
edjoints. Also, thermal cyclic testinghasbeenusedas a prooftest of critical
componentsor assembliescontainingwelds.

It is obviousfrom thetablethat there is still muchto be learnedaboutthe basic
mechanismsunderlyingcrackingin T-111alloy. Somegeneralobservationsthat
are particularly noteworthywhenconsideringcrackingmechanismsare (1)whenever
metallographyhasbeenperformed, crackinghasbeenfoundto be intergranularin
nature; (2)onlymultipassweld crackinghasbeenfoundto be readily reproducible;
(3)crackingrelatedto cuttingandmachininghasbeenparticularly difficult to repro-
duce;and(4) the intermittentappearanceof crackingmayindicatelocal contamina-
tion (e.g., with copper). It shouldalsobenotedthatthemechanismof crack initia-
tion andbrittle crackpropagationat roomtemperaturehasnotbeenexplained.
Until theunderlyingcrack-provokingmechanismscanbe foundandcorrectiveaction
taken, thoseworkingwith T-111alloy shouldavoidtheobviouspitfalls describedin
this paperandbealert to potentialproblemsnotyet uncovered.

In conclusion,thereare threemajor pointsto bekept in mind, particularly by
thosewhohastento drawpessimisticconclusionsconcerningtheuseof T-111alloy
in spacesystems: (1)T-111alloy is still in thedevelopmentstagewith respectto
manufacturingcomplexhardware,andsomedifficulties anda learningperiodshould
be expected;(2)crackingobservedto dateis remediable;and(3) theT-111alloy
Rankinesystemcorrosiontest loophasnowcompletedover3500hoursof continu-
ous, stable, trouble-freeoperationat a maximumlithium temperatureof 2250° F.
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TABLE VIII-1. - T-111 ALLOY PROCURED BY

GE-NSP FOR NASA CONTRACT NAS 3-6474,

ADVANCED REFRACTORY ALLOY

CORROSION LOOP

Item and size, Weight,

in. lb

Rod

0. 250 diam

0. 500 diam

0. 625 diam

1. 000 diam

1. 125 diam

1. 500 diam

2. 000 diam

2.500 diam

3. 125 diam

Bar

1.0by 1.0

1.0by 2.0

Wire

0. 062 diam

0. 094 diam

0. 125 diam

1

11

5

40

10

13

85

93

74

332

3O

115

145

13

8

31

52

Foil, sheet, or plate

0.005 by 3.5

0.009by 3.5

0.035 by 1.0

0.040 by 12.0

0.125 by 6.0

0. 500 by 6. 125

Tube

0.375 o.d. by 0.065 wall

1.00 o.d. by 0. 065 wall

2.25 o.d. by 0.375 wall

2.50 o.d. by 0.450 wall

3.00 o.d. by 0.375 wall

3.25 o.d. by 0. 250 wall

3.25 o.d. by 0.500 wall

Total

2

1

1

29

5

41

79

66

104

40

46

50

40

73

419

1027

TABLE VIII-2. - T-Ill ALLOY PROCURED BY

GE-NSP FOR NASA CONTRACT NAS 3-9426,

DEVELOPMENT OF A SINGLE TUBE

POTASSIUM BOILER

Item and size, Weight,

in. Ib

Rod

0. 125 diam

0. 250 diam

0. 690 diam

0. 750 diam

1. 000 diam

1. 375 diam

1. 500 diam

2. 000 diam

2. 250 diam

2. 500 diam

3. 063 diam

3. 688 diam

4. 438 diam

4. 625 diam

Wire

0. 062 diam

0. 094 diam

0. 125 diam

4

4

10

9

38

128

34

38

77

303

389

121

163

176

1494

10

15

26

51

Foil, sheet, or plate

0.005 by 3.5

0.005 by 5.5

0. 040 by 20.5

0.063 by 6.0

0. I00 by 9.0

O. 125 by 22.0

0.250by 8.0

0.400 by 6.0

Tube

0. 250 o.d. by 0. 050 wall

0. 375 o.d. by 0. 065 wall

0. 500 o.d. by 0. 075 wall

0. 625 o.d. by 0. 008 wall

0. 690 o.d. by 0.045 wall

0. 750 o.d. by 0.04 wall

0. 875 o.d. by 0. 100 wall

1. 325 o.d. by 0. 100 wall

1. 500 o.d. by 0. 100 wall

2.375 o.d. by 0.220 wall

4. 386 o.d. by 1. 343 wall

4. 420 o.d. by 0. 537 wall

4. 424 o.d. by 1. 362 wall

4. 625 o.d. by 0.225 wall

4.625 o.d. by 0.275 wall

4. 625 o.d. by 0.409 wall

Total

1

1

55

3

23

51

105

44

283

16

14

18

8

13

17

363

70

190

79

180

92

184

45

55

79

1423

3251
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(a) Before bending. 

(b) After bciiding. 



(a) Uctit followitig "slow" 
c it t t itig . 

(b) Bent following "fast" 
cutting . 

Figitre VIII-2. - T-111 alloy tubing (0. 375-in. by 0.062-in. wall) showing effect of cutting 
speed  on crLtcking. Tubing \vas cut using aluminn nbrnsive cutoff wheel. 
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(b) 0.040 hich ground olf cut 
s u r l a c e s  p r i o r  to  bcnding. 

(c) 0. 10 Inch ground off cut 
s u r f a c e s  pr ior  to bending. 

97 1-0.25 -1 

Figure  VIII-3. - Effect of removing cracked  s u r f a c e  pr ior  to  bending of T-111 alloy 
tubing (0.375-in.) cut with alumina cutoff wheel. 
f rom tubing descr ibed  in Westinghouse Report  WANL-PR(N)-004. 

Tubing was supplied by ORNL 



Figure VIII-4. - Cracks in T - I l l  alloy tube hollows (2-in. by 0.25-in. wall) observed during initial tube reducing. 
The c r a c k s  apparently propagated f rom shallow cracks  introduced when hollows were  cut with abras ive  cutoff 
wheel. 
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(a) 1.5-Inch-diameter rod. 

Figure VIII-5. 
cutoff wheel. 

240 

(b) 0 . 5 - h c h - d i a m e t e r  rod.  

Intergranular  c r a c k s  in T-111 alloy r o d  cut with water-cooled alumina a b r a s i v e  
Etchant: 30 g r a m s  NH4F, 50 mi l l i l i t e rs  "Os, 20 mi l l i l i t e rs  H20. 



I 

(a) No stress relief before bending. 

(b) 2400' F, 1-hour s t r e s s  relief before bending. 

Figure VIII-6. - Machined T-111 alloy thermocouple wells af ter  liencling. 
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_ _  ,-' ' 

i 

\ 

( 

0 

Wall of t u b e  near f r a c t u r e ;  
as p o l i s h e d .  

Figure VIn-7. - Longitudinal sec t ions  of f rac tured  T- 111 alloy thermocouple  well after bending showing 
intergranular  cracking in the  wall on tension s i d e  of bend. 
"Os, 20 mil l i l i t e rs  H20. 

Etchant: 30 g r a m s  NH4F, 50 mi l l i l i t e rs  
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I . .  , 

Figure  VIII-8. - T r a n s v e r s e  c r a c k s  in the  heat-affected zone adjacent to  weld on outside d iameter  
of 1.5- inch-outs ide-diameter  by 0.100-inch-wall E B  welded and reworked T-111 alloy tube. 
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Nickel P l a t e  
I 

Cracked 
A r e a  

- 

(a) T r a n s v e r s e  sect ion;  etched. 

(b) T r a n s v e r s e  sect ion;  as polished. 

(c) Longitudinal sect ion;  as polished. 

Figure VIII-9. - Sections through c r a c k s  in 1 .5- inch-outs ide-diameter  by 0.100-inch-wall  E B  welded 
and reworked T-111 alloy tube after final anneal  a t  3000' F f o r  1 hour. Etchant: 30 g r a m s  NH4F, 
50 mil l i l i ters  HN03, 20 mi l l i l i t e rs  HZO. 

244 



(a) Cracks  (arrows) .  

(h) T r a n s v e r s e  sect ion through one c racked  area of 
T-111 alloy d i a p l r a g n ;  etched. 

F igure  VIII-10. - Intergranular c r a c k s  in T-111 alloy 
p r e s s u r e  t ransducer  diaphragm. Etchant: 30 g r a m s  
NH4F, 50 mil l i l i ters  "os, 20 mil l i l i t e rs  H 0 2 .  
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(a) Sagged butt weld joint. 

(b) Joint af ter  s t ra ightening.  J \ 

(c) Int e r g r  anular  cracking.  (d) Grain boundary sliding. 

Figure VIII-11. - Cracking in T-111 alloy tube-to-tube (0. 375-in. by 0.065-in.  wall) 
butt weld joint. 
sagged during welding. 

Cracking occurred  during a t tempts  to s t ra ightcn tube a f t c r  it had 
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To Bourdon Tube 
Located in Transmitter Case 

1/8" OD 316 SS Tube / Containing NaK 

Diaphragm Housing 

T-111 5-mil Thick 
Diaphragm 

Alkali Metal 

To Loop Circuit 

Figure VIrI-13. - Full section view of Taylor pressure transducer showing its func- 
tional relation to loops of boiler test rig. 
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0-4 
'Figure Vm-17. - Multipass GTA weld sample formed by join- 

ing two 2.5-inch-outside-diameter by 0.375-inch-wall T-111 
alloy closed end tubes with three different filler wires, 
T-111 alloy, Cb-lZr, and Ta-1OW. The circled areas in (b) 
indicate approximate locations of most cracking observed. 
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As Polished 

Lightly Etched 
Figure  Vm-19. - T r a n s v e r s e  mic ros t ruc tu re  of T-111 alloy fusion 

p a s s  of mult ipass  T-111 alloy tube weld using T-111 alloy f i l l e r  
showing g r a i n  boundary separation. Etvhant: 30 g r a m s  NH4F, 
50 mi l l i l i t e rs  "Os, 20 mil l i l i t e rs  H20.  
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A s  Polished 

Lightly Etched 
Figure Vm-20. - T r a n s v e r s e  m i c r o s t r u c t u r e  of T-111 al loy fusion 

pass of mult ipass  T-111 alloy tube weld using Cb-1Zr al loy f i l l e r  
showing g r a i n  boundary separa t ion .  Etchant: 30 grams HN4F, 
50 mil l i l i t e rs  “Os, 20 mi l l i l i t e rs  HZO. X100. 



,. 
As Polished 

,, 
m -  / , 

j ’  * ** - 
1’ 

/ 

/ . - -  
I 

/ 1- 0.020:’ ’ -1 /’ 
Lightly Etched 

F i g u r e  VIII-21. - T r a n s v e r s e  micros t ruc ture  of T-111 alloy fusion 
p a s s  of mult ipass  T-111 alloy tube weld using Ta-IOW alloy f i l ler  
showing g r a i n  boundary separat ion.  Etchant: 30 g r a m s  HN4F, 
50 mil l i l i t e rs  HN03, 20 mil l i l i ters  H20. 
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Tension Side Crack (Shown Much 
, L a r g e r  Than True S i z e )  

Compress ion  S i d e  N e u t r a l  A x i s  

Figure VIII-22. - Sketch showing location of crack in 
weld nugget of T-111 alloy tube removed from 
corrosion test loop boiler. 

Weld Nugget 

/// & //-' I '  -7 

J 1' Lo*oo6"  
0.375'' 01) 

Tube Wall 

Figure VIII-23. - Intergranu 

00.040" 

1 ...\ 
View BA 

) 
View AA 

ar crac-- in weld nugget of 0.375-inch-diameter T- 

I 
I 
1 

\ 
\ 

'\ 

V i e w  C C  

11 boiler tube remove1 'om 
T-111 Rankine system corrosion test loop. 
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0.0 T 04" 
\ I 

? 

F i e r e  VIn-24. - Intergranular crack in weld nugget of 0.375-inch-diameter T-111 boiler tube removed from 
T-111 Rankine system corrosion test loop. 



(a) As t ack  weldetl. 

(b) Tack welded followed by 2400' F, 1-hour heat t rea tment .  

F igure  VIII-25. - T-111 alloy tubing (1.5-in. by 0.100-in. wall) 
t ack  welded with copper  e lectrode.  Residual  copper  shown 
by a r r o w s  in (a). Etchant: equal volumes of H20, H202, 
H2S04, HF. 



Figure VIII-26. - Intergranular  cracking of T-111 alloy 
tubing (0.375-in. by 0.065-in. wall) t ack  welded using 
copper  e lectrode and heated to  2400' F for  1 hour. 
Etchant: equal volumes of H20,  H202 ,  H2S04, HF. 

T-111 
Cb-1Zr  

Figure VIII-27. - Crack ( see  a r r o w s )  in T-111 alloy tube (1. 5-ill. by 0. 100-in. wall) protluccd by 
copper diffusion into tube through niultilayers of 0.002-inch-thick C b - l % r  foil during heat t rca t -  
inent a t  2400' F for  1 hour. 
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(a) Overa l l  view. 

' + '  I- I---! u.uuu - I  
(b) Notch a r e a ;  as polished. 

Figure VIII-28. - Copper filled notch in T-111 alloy bend s a m p l e  (0. 063 in. 
thick) af ter  heat t rea tment  at 2400' F for  1 hour. Light colored g r a i n  
boundary phase in (b) is r i c h  in Cu and Hf. 



IX. WELDABILITY OF TUNGSTEN BASE ALLOYS*

G. G. Lessmann i and R. Eo Goldt

SUMMARY

The weldability of unalloyed tungsten and two tungsten alloys was evaluated.

The alloys were W-25Re (wt %) and W-25Re-30Mo (at. %). These were evaluated

as arc cast material and for the ternary alloy also as a powder metallurgy product.

The most important aspect of welding unalloyed tungsten was that it is very sensi-

tive to thermal shock. High preheat temperatures (to 1400 ° F) alleviated this prob-

lem. W-25Re had improved thermal shock resistance but was shown to be basically

hot tear sensitive in gas tungsten arc welding. Preheat temperatures of 1400 ° F

were again beneficial. The powder metallurgy W-25Re-30Mo alloy displayed excel-

lent weldability, whereas the arc cast material displayed extensive hot tearing and,

hence, poor weldability. The anomalous hot tearing behavior of the arc cast

W-25Re-30Mo alloy was ascribed to a very high sensitivity to oxygen contamination.

The effects of postweld annealing, joint preparation, and aging for 1000 hours at

temperatures to 3000 ° F were evaluated. The high temperature tensile strength

of base metal, gas tungsten arc welds, and electron beam welds in W-25Re-30Mo

was determined.

INTRODUCTION

The studies described in this paper complement a series of programs designed

to upgrade refractory metal alloy technology in terms of space power requirements.

Contemplated systems would provide either direct conversion of thermal to electric

energy as with thermoelectric or thermionic devices or mechanical conversion

using Rankine or Brayton cycles. The major design objective of high thermal effi-

ciency with minimum system weight is approached by designing for maximum oper-

ating temperatures. Application of tungsten or tungsten alloys seems to offer the

ultimate potential in this respect because tungsten has the highest melting point of

*Based on work conducted under NASA contract NAS 3-2540.

SWestinghouse Astronuclear Laboratory, Pittsburth, Pennsylvania.
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all metals, 6170° F. Onthe negativeside, tungstenhasa ductile-to-brittle transi-
tion temperaturewhichis well aboveroomtemperaturefor recrystallized or cast
(weld)structures. Hence,considerablereserve mustbeexercisedin theapplica-
tion of this metalin fabricatedstructurestypical of thoserequiredfor spacepower
systems.

Thisweldabilitystudywasdesignedto lendfurther definitionto thegeneral
problemswhichwouldbe encounteredin fabricationof tungsten,or tungstenalloy
structures, bywelding. Stimulusfor this evaluationwasprovidedbytheintroduc-
tionof alloysof improvedductility suchasthebinaryW-Reor ternaryW-Re-Mo
alloys. Further, techniquesto convertthesealloysfrom arc castingotshavebeen
recentlydeveloped.Arc cast material hashistorically demonstratedgreaterfab-
ricability thanthepowdermetallurgyproduct. Hence,theavailability of arc cast
materialprovidedanadditionalincentivefor initiating this weldingstudy.

Thebasicobjectiveof t_L.sprogramwastodefine theweldability of tungsten
andits alloys in terms comparableto thoseemployedin evaluatingother refractory
metalalloys (Cbor Tabased)whichareprime candidatesfor spacepowersystem
applications(ref. 1). Thealloysof current interest in this respectare W-25Re
(wt%)andW-25Re-30Mo(at.%). Thesewere evaluatedfor thefirst time in this
programasmaterial convertedfrom arc castingotsalongwith arc castunalloyed
tungsten. Theternary alloy wasalso evaluatedas a powdermetallurgyproduct.
Theprimary factors evaluatedwere

(1)Basicweldabilityof sheetmaterial usingthegastungstenarc andelectron
beamprocesses

(2)Effectof weldatmospherecontrol onbasicweldability
(3)Effectof weldpreheatto 1400° F
(4) Importanceof joint preparation
(5)Effectof postweldannealing
(6)Effectof long-time, high-temperaturethermal exposure

TECHNICAL PROGRAM

Alloys Evaluated

The unalloyed tungsten and the tungsten alloys evaluated in this program are

listed in the following table along with their respective melting points and densities.
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Unalloyedtungsten
W-25Re(wt%)
W-25Re-30Mo(at.%)a

Meltingpoint,
oF

6170
5650
5270

Density,

Ib/in3

0. 697

• 714

.651

aConventional designation of this alloy is in

at. % and is used in this paper; composition

in wt % is W-29.5Re-18.2Mo.

The unalloyed tungsten and the binary tungsten-rhenium alloy were evaluated solely

as arc-cast (AC) sheet, while the ternary tungsten-rhenium-molybdenum alloy was

evaluated both as arc-cast (AC) and powder-metallurgy (PM) sheet. Evaluation of

arc cast material was emphasized because initial welding results on unalloyed tung-

sten showed that porosity free welds could only be made in arc cast material. Fur-

ther, the general trend in refractory metal technology has historicallybeen towards

arc cast material for higher purity and greater fabricability.

The phase diagrams pertinent to these alloys are shown in figures IX-I, IX-2,

and IX-3. In figure IX-3 the 1830 ° F (I000° C) isotherm for the W-Re-Mo ternary

is shown. The location of the alloy composition used in this study is indicated.

From these diagrams itis seen that both the binary and ternary alloys are nomi-

nally single phase but lie quite near the limiting solvus lines.

The binary W-Re and Mo-Re diagrams are quite similar. From the standpoint

of weldability, however, a very important difference exists. W-Re alloys with

compositions in the (_-phase region would be expected to be subject to considerably

more constitutional segregation than would similar Mo-Re alloys. This follows

from a direct comparison of the temperature range through which the metal must

cool as itsolidifies. Freezing point depression ofthe binary W-Re alloy would be

expected to be pronounced in rapidly solidifiedcored weld structures. These phase

relations imply that the W-Re-Mo system should experience considerably less seg-

regation than the binary W-25Re alloy. This is based on the very narrow liquidus-

solidus separation in the binary Mo-Re alloy for the ternary solute ratio (_60_jRe).

Data presented later in this paper tend to substantiate this expectation.

The interest in the binary W-Re alloy results from the well-known but poorly

understood "rhenium ductilizing effect. " This effect is not limited to W but has

also been seen for Re additions to the other Group VIA metals, molybdenum and

chromium. A recent review of this effect by Klopp (ref. 2) indicates the general

lack of understanding of the mechanism(s) involved. Based on experimental evi-
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dencetwoconclusionsseemindicated:
(1)Readditionsto GroupVIA metalssuchastungstenpromotetwinningas a

majormeansof deformation. This implies a significantreductionin thenormally
highstackingfault energyof thesemetals.

(2)Somechangein the morphologyand/or distribution of interstitial compounds,
particularly oxides,occurs. Thiswouldappearto beimportantsinceStephens
(ref. 3) has shown that the DBTT for pure W rises rapidly with oxygen content, the

fractures being invariably intergranular.

The ternary W-Re-Mo alloy is a more recently developed material (ref. 4).

Molybdenum additions to the W-Re binary alloys are attractive for several reasons.

The ternary, with molybdenum replacing tungsten, is less expensive to produce and

has a lower density than either W or W-Re binary alloys. However, the melting

point is considerably lower and as a result the long-time high temperature strength

is somewhat less than that of the higher melting binary alloys.

The short time strength properties determined for the ternary alloy are com-

pared with typical values for arc cast tungsten and W-25Re in figures IX-4 and IX-5.

Data relating the corresponding tensile elongations are listed in table IX-1. Up to

3000 ° F, the highest test temperature used, the differences are not very significant;

but for higher temperatures, it is expected the ternary alloy would not continue to

be competitive with the higher melting W-25Re and unalloyed tungsten.

Bend ductility (4t bend radius) of the as-received alloys is shown in table IX-2

along with notes regarding the as-received structures. Interstitial chemical analy-

ses are provided in table IX-3. It is important to note that all of these metals have

quite low solid solubilities for the interstitial elements. Hence, segregation of in-

terstitials often occurs at grain boundaries and other regions of high disregistry in

the lattice. This resultant segregation is thought to be responsible, in part, for the

characteristic grain-boundary nucleated fractures so prevalent in these materials.

An unambiguous definition of the factors which control brittleness in tungsten

and its alloys has not been achieved. However, it is well known that wrought,

stress-relieved structures possess significantly greater ductility than that of re-

crystallized structures. This advantage has led to the widespread use of tungsten-

base materials in the wrought, stress-relieved condition. This is the reason the

materials used in this study were stress relieved rather than recrystallized. The

influence of structure on ductility adds importance to the aging studies, which were

conducted to assess the effects of long time, high temperature thermal exposures

on structural stability.

An interesting feature of the interstitial analyses of table IX-3 is that, for the

ternary alloy, the oxygen and nitrogen contents of the PM product are lower than

those of the AC product. This is contrary to the normal relation and reflects the
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fact that this alloywasoriginally developedasaPM productandevolvedfrom a
programwhichhadas oneof its major goalsthedevelopmentof techniquesfor ob-
tainingextremelylowinterstitial impurity levelsin tungstenandmolybdenumalloy
powders. Thedatain tableIX-3 attest to the efficiencyof theseprocedures. A
similar comparisonwasnotmadefor metallic impurities, but it is expectedthese
wouldbesomewhatlower in theACsheetby virtue of thepurificationwhichoccurs
duringvacuumarc melting.

Alloy Weldability

Basic considerations. - Weldability of tungsten and tungsten alloy sheet was in-

vestigated by evaluating responses to electron beam and gas tungsten arc welding

over a wide parameter range, This approach provides a delineation of alloy sensi-

tivity to process variations and a definition of weldability limitations.

The primary welding variable in this respect is welding speed. Weld speed is

the controlling factor in unit weld length heat input for achieving a given target weld

size, as shown graphically in figure IX-6. The significant effect of weld speed is

obvious in this figure. Heat input is nearly a function of l/v, or the dwell time of

the arc. At slower speeds a small decrease in speed causes a large increase in

heat input, and consequently increases the magnitude of the thermal disturbance.

This effect would seem to be most important from a metallurgical standpoint. On

the other hand, higher weld speeds can be considered to represent a greater ther-

mal shock. In some materials the magnitude of the thermal disturbance plays the

most significant role in establishing weldability limitations, while in others thermal

shock is the overriding consideration. Because of the brittle nature of the mate-

rials evaluated in this program, thermal shock played a more important role in de-

fining weldability.

Electron beam welding provides a minimum sized weld and hence minimum

heat input throughout the welding speed range. This is also shown in figure IX-6.

Frequently, minimizing weld size is beneficial in improving weld properties, but

like higher speed GTA welding, minimizing heat input characteristically increases

thermal shock. Again, this proved to be important in welding tungsten alloys, as

described later in this paper. Hence, by employing both the GTA and EB welding

processes in this study, extremes of both the thermal disturbance and thermal

shock effects of welding were evaluated.

A further interesting feature of the heat input requirements developed in this

program is the decrease in heat input for the higher solute content alloys (also

lower melting point alloys). Hence, while the advanced tungsten alloys were devel-
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opedfor improvedductility alone, from a weldingstandpointbothimprovedductility
andlower thermalshockcanpotentiallycombinein thesealloys for improvedweld-
ability. Decreasedthermal shockin thealloysresults from the lowerheatinput
requirement(at a givenweldsizeandweldingspeed)coupledwith the loweredmelt-
ingpoint. This combinationdecreasesthe instantaneousthermal gradientduring
welding.

Welding procedures. - All gas tungsten arc welding was conducted in a very

pure, precisely controlled, helium environment employing the vacuum purged weld

chamber shown in figure IX-7. The welding atmosphere was monitored during weld-

ing so that oxygen and moisture levels were always maintained at less than 5 ppm.

The method of achieving and maintaining these purity levels is described in detail in

references 1 and 5. During this investigation the importance of providing a high

quality welding atmosphere for welding tungsten alloys was demonstrated. This as-

pect is discussed under the heading Hot Tearing in the RESULTS section of this

paper. All gas tungsten arc welding was accomplished using straight polarity DC

current.

Electron beam welding was accomplished using a Hamilton Zeiss 2-kilowatt,

150 000-volt welder. A vacuum of 10 -5 torr or less was employed for welding.

Basic process variables evaluated included selected beam deflection patterns and

clamp spacing as well as welding speed.

Either butt welds or bead-on-plate welds were used in this study. Geometric

effects in welding narrow specimens dictated that most of the welds produced in this

evaluation be bead-on-plate welds to conserve material. Hence, results in the weld

evaluation are largely independent of joint preparation. However, the effect of joint

preparation on the soundness of welds was separately evaluated.

Weld preheat. - As described previously, the general philosophy pursued in

welding these alloys was that of treating the welding process as a thermal distur-

bance, the time-temperature relations of which are controlled by the weld param-

eter selection. Thermal shock proved to play a significant role in defining welda-

bility of tungsten and its alloys. Consequently, weld preheat up to 1400 ° F was in-

troduced as a variable into the welding study. Since 1400 ° F appeared to be above

the ductile-to-brittle transition temperatures of both base and weld metal, preheat

was selected as a means of providing increased flexibility in weld parameter selec-

tion. The preheat fixture designed for this purpose is shown in figure IX-8. This

fixture was designed for sheet welding. The weld specimen is held in place with

clamp down bars containing molybdenum inserts. The backup bar is also of molyb-

denum. The fixture heater is located in a cavity behind the molybdenum backup bar.

Clamp bars, backup bar, and heater support are insulated from the bulk of the

heater so that a maximum specimen temperature of 1500 ° F can be achieved.
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Postweld annealing. - Postweld annealing was evaluated as a means of improv-

ing ductility of welds for all the material evaluated. Annealing was accomplished

in diffusion pumped vacuum furnaces at a vacuum of <5×10 -5 tort and temperatures

between 2500 ° and 3200 ° F. Holding times of 1 hour were employed for all anneals.

Thermal stability. - The thermal stability of welds in both powder metallurgy

and arc cast W-25Re-30Mo was determined by aging for 1000 hours in ultrahigh

vacuum furnaces at temperatures of 2600 °, 2800 °, and 3000 ° F. The sputter-ion

pumped furnaces used for this purpose are shown in figure IX-9. These units are

capable of maintaining <10 -8 torr pressure at temperature. Pressures tend to con-

tinually decrease during aging runs such that final pressures are _10 -9 torr.

Weld evaluations. - All welds made in this program were checked for basic

quality using visual, dye penetrant, and radiographic techniques.

The primary mechanical method of evaluation was bend testing using a 4t bend

radius (11% outer fiber strai.n). Bend testing was used to define the bend-ductile-

to-brittle transition temperature for weld specimens taken in both the transverse

and longitudinal directions. The bend test parameters and specimen orientations

are defined in figure IX-10. Transverse specimens were oriented for bending with

the weld axis at a slight angle to the punch axis to ensure that the entire weld trans-

verse cross section would be subjected to bending rather than merely the weakest

areas. Load-deflection curves were generated during each bend test, and bending

was terminated when crack initiation was indicated by an abrupt load decrease.

This permits measuring, or calculating, the bend angle achieved at the moment of

crack initiation as well as identifying the location of crack initiation. Normally

four specimens are required to define a transition temperature. Bend test data are

recorded graphically as shown in figure IX-11. This method of presentation identi-

fies all the pertinent data, including crack location and extent of crack propagation

for each specimen as well as the transition curve defined by the bend angle achieved

as a function of temperature. Longitudinal and transverse curves are coded for

presentation on the same graph. Bend testing was conducted at temperatures up to

1000 ° F, the test fixture operating limit. Some anomalous results were noted when

the rhenium containing alloys were tested in air above 600 ° F. This was attributed

to the tendency of rhenium to form low melting oxides, which demonstrated that an

inert shield gas should be employed in bend testing these alloys. The expanded

discussion of this general problem is included in the discussion of results under the

heading Hot Tearing.

A restricted amount of tensile testing was conducted using longitudinal GTA

and EB weld specimens and base metal of the W-Re-Mo alloy. These data are pre-

sented in figures IX-4 and IX-5. Tensile tests at elevated temperatures were con-

ducted at strain rates of 0.05 inch per inch per minute while room temperature
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testswere runat 0.005inchper inch per minuteto the0.6 percentoffset yield point
andthenat 0.05inch per inchper minuteto failure. Weldspecimenswereground
flat andparallel. A 1.000inch longby0.250inchwidegagelengthwasemployed.

Specimen preparation. - The tungsten alloys did not lend themselves to conve-

nient specimen blanking because of generally poor ductility. As a result, weldment

specimen blanking throughout this program was accomplished by electrodischarge

machining. Following welding, bend and tensile specimens were blanked using a

wet cutoff wheel. Tensile specimens and butt joint edges were finish machined by

grinding. All specimens were pickled before welding, annealing, aging, or testing

above 1000 ° F. All other specimens (bend) were degreased prior to testing. Selec-

tion of the pickling procedures is discussed in the RESULTS section of this paper

since proper pickling techniques are necessary to avoid excessive weld porosity.

RESULTS

Basic Weldability

Weld parameters, weld inspection results, and bend transition temperatures

for all welds produced in screening the four materials for basic weldability are

summarized in tables IX-4 and IX-5. All the variables investigated are indicated.

Extreme care was taken to hold all other possible variables constant. This included

electrode configuration, arc gap, shielding gas, edge preparation, and clamp spacing

in GTA welding, and beam focus and voltage in EB welding.

Weld size was treated as a general variable in GTA welding, and target weld

sizes were selected. Since any particular application would require a particular

weld size, and since heat input is a function of weld size, size was considered an

important metallurgical variable. In electron beam welding, however, weld size

(width) is a much more independent variable which is usually held as small as pos-

sible. Hence, EB weld size was not treated as a practical variable. Clamp spacing

was treated as a variable in EB welding but was held constant in GTA welding.

EB welding speeds were higher than those used for GTA welding, as is normal.

Although higher weld speeds were attempted in GTA welding, the lower speeds were

necessarily favored in an effort to increase the probability of obtaining sound welds.

Hence, the indicated parameters reflect a chronological adjustment of the original

plan which was sensibly altered as the evaluation proceeded.

The types of defects which occurred varied considerably for the four alloys:

(1) Arc cast unalloyed tungsten welds failed apparently as a result of brittleness

and hence inability to accommodate weld stresses. EB welding produced the most
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dramaticfailures, whichincludeddelaminationof adjacentbasemetalaswell as
transversecracksandfractures (figs. IX-12andIX-13). TheEB delaminationsare
apparentlytheresult of the highthermalshockdevelopedin this weldingprocess.
Highpreheat(1400° F) improvedGTAweldabil2ty,particularly as indicatedby the
ability to producelarger weldsat higherspeed. Weldfractures of thetypeindicated
were theonlytypesof defectsdetectedin weldingunalloyedtungsten.

(2)Arc castW-25Re,like unalloyedtungsten,wasGTAweldedwith difficulty.
However,it wasreadily EBwelded. GTAweldingbecameincreasinglydifficult
with higherweldingspeeds. Transversearrestedcracks (weldandheataffected
zoneonly)occurredin one15-inch-per-minuteweldandin three30-inch-per-minute
welds. One7.5-inch-per-minuteweldcontaineda centerlinecrackwhichmayhave
beena hot tear. Suchcrackswere also observedin weldinga circular bead-on-
platepatchtest specimenin this alloy. The1400° F preheatprovedadvantageous
in this respectwith onlyoneshort starting tear developingin a 15-inch-per-minute
weld. Therewasnoneedto evaluatepreheatingfor EBweldingof this alloy because
of theexcellentweldabilitydisplayed.

(3)ThepowdermetallurgyW-Re-Moalloydisplayedexcellentweldabilityusing
boththe GTA(fig. IX-14) andEBweldingprocesseswith only oneminor starting
crack occurringin oneGTAweld.

(4)Thearc castW-Re-Mobehavedin a veryanomalousmannerbyhot tearing
(fig. IX-15)anddevelopingtransversecracksduringGTAwelding. AlthoughEB
weldingwassatisfactory, this materialwasessentiallyunweldablebythe GTApro-
cess. Thiswasunexpected,andthis problemwasgivenspecialattention,asdis-
cussedlater.

Supplemental Weldability Results

The other important features of basic weldability evaluated in this program are

discussed in this section. These included the effect of weld parameters on as-

welded ductility, the effect of weld preheat, the effect of postweld annealing, a com-

parison of edge preparation methods (pickling solutions), and a comparison of po-

rosity in arc cast and powder metallurgy W-Re-Mo alloys.

The effect of weld parameters on the ductility of welds as measured by the bend

transition temperature is summarized as part of the basic weldability data in tables

IX-4 and IX-5. Bend test results were carefully reviewed, but no correlation was

established based on a thermal response analysis as previously accomplished using

a similar approach for evaluating columbium base alloys (ref. 1). In this study

failure to achieve a satisfactory correlation is ascribed to the nominal variability of
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propertiesassociatedwith thebrittleness and//orhot tear sensitivity of thesemate-
rials. From a statistical standpointthesematerialscanbeexpectedto behavein-
consistently. Hence,a muchgreater sampleis requiredto achievea meaningful
correlationthanrequiredwith readilyweldablematerials.

Thevariationof weldpreheat, like theotherweldparameters,wasineffective
in demonstratingadefinite trend in controllingas-weldedductility. However,as
previouslydescribed,preheatingwasvery instrumentalin improvingweldability
(i. e., preheatingenhancedflexibility in terms of insensitivityof weldquality to
variationof the conventionalweldingparameters). Thisadvantagewas realized
mosteffectivelywith the 1400° Fpreheat.

Preheatingis notrequiredfor GTAweldingW-25Re-30Mo if the welding char-

acteristics of the powder metallurgy alloy can be consistently realized. On the

other hand, not even preheat was beneficial in GTA welding arc cast W-25Re-30Mo.

Preheating is not beneficial for EB welding the tungsten alloys but is probably

necessary for EB welding unalloyed tungsten and is preferred for GTA welding tung-

sten. Preheating for GTA welds in W-25Re is necessary only with high welding

speeds.

The effect of postweld annealing as a method of improving as-welded ductility

is summarized in table IX-6. Unalloyed tungsten was evaluated with a 1 hour,

2560 ° F GTA weld stress relief only without realizing any benefit. The same an-

neal on W-25Re was quite effective for EB welds but ineffectual for GTA welds.

This was interpreted as indicating that a stress relief of EB welds is desirable.

This also indicated that residual stresses are not the controlling factor in GTA

weld ductility impairment. However, W-25Re GTA weld ductility was improved

with a 3270 ° F anneal. This temperature was selected for solution of nonequilib-

rium sigma phase which could be responsible for ductility impairment. Even though

sigma phase was not detected metallographically, its presence as a continuous or

semicontinuous grain boundary or intercellular film in welds can be inferred from

the intergranular nature of the fracture observed and from the improved ductility

realized with the high temperature anneal.

Powder metallurgy W-Re-Mo welds were improved by annealing in the stress

relief and potentially sigma forming range, 2400 ° and 2800 ° F, but not in the

recrystallization-sigma solution range, near 3200 ° F. Hence, development of

sigma phase did not appear to be a problem with this alloy. Arc cast W-Re-Mo,

which had better as-welded ductility (EB welds only) than the powder metallurgy

sheet, decreased in ductility on annealing to about the same final level as annealed

powder metallurgy welds. Hence, these two materials merely seemed to normalize

through the thermal stability study, as discussed later. Annealing naturally has a

detrimental effect on wrought base metal, as indicated for the W-Re-Mo alloy an-
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nealed at 2800 ° F.

Pickling solution selection proved to have a significant influence on the occur-

rence of porosity in the W-25Re-30Mo alloy. The developer of this alloy recom-

mended using a volume ratio solution of 30 lactic acid - 3 HNO 3 - 1 HF. This was

compared with the 9HF-1HNO 3 solution which was used satisfactorily for preparing

the other two alloys. Specimens pickled with both solutions were degassed in vac-

uum (10 -5 tort) at 2000 ° F prior to welding, as was the practice throughout this

program for all weld blanks. The results of this investigation are shown in figure

IX-16. The recommended solution is clearly preferred for the W-25Re-30Mo alloy

to avoid weld porosity even though the 9HF-1HNO 3 solution was satisfactory for the

other materials.

Another factor resolved in this evaluation is the greater tendency of powder

metallurgy alloy welds than a_rc cast alloy welds to contain porosity. Typical re-

suits in this respect are shown in figure IX-17. Powder metallurgy W-25Re-30Mo

consistently displayed a greater tendency towards weld porosity than did the arc

cast material.

The reason for this could not be determined, but the trend agrees with that ob-

served in the preliminary survey for this program leading to the selection of arc

cast rather than powder metallurgy tungsten for evaluation. No correlation between

weld ductility and porosity was demonstrated. Several welds in W-25Re-30Mo were

produced with high porosity and bend tested without any apparent increase in transi-

tion temperature.

Hot Tearing

Hot tearing, quite often catastrophic in extent, occurred in gas-tungsten-arc

welds in the AC W-25Re and the AC W-Re-Mo alloy with sufficient regularity to

warrant closer examination in an effort to identify the causes. The problem was

serious enough in the AC ternary alloy that full-scale evaluation of GTA welds was

not possible because of a lack of sound weld metal.

Hot tearing is not peculiar to welds; rather it is a problem common to many

aspects of metallurgical processing. Although a precise definition of the obtaining

mechanisms has proven elusive, a definite relation has been established between

the occurrence of hot tearing and the existence of a liquid phase at temperatures

well below the solidus temperature of the alloy. This situation is often predictable

from the equilibrium diagram (ref. 6). The inability of the liquid phase to accom-

modate strains induced by solidification and subsequent shrinkage results in parting

at the liquid film region. At first appearance it might be expected EB welds would
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bemoresubjectto this problemthanGTAweldsbecauseof their highcoolingrates.
However,the instantaneousvolumeof liquid presentandmagnitudeof thermal
strainingis quite small for EB welds, andthis apparentlymitigatesthetendency
for hottearing.

It waspreviouslynotedthat a highdegreeof constitutionalsegregationandsub-
sequentdepressionof thefreezingpoint in weldmentsis expectedin theW-Resys-
tem (fig. IX-1). This couldplaytwopossible roles in the hottearing notedin W-Re
binaryalloy welds. Shouldthe coolingrate besufficientlygreat, the Re-rich phase,
that is, the last constituentto solidify, couldserve to fulfill the liquid film require-
mentsoutlinedaboveandinducehot tearing. A moresubtlerole, also relatedto
the existenceof a Re-rich phase,stemsfrom thehighaffinity whichReexhibitsfor
oxygen. Althougheasily for_med,Re207 is unstable,meltingat 565° F andboiling
at 685° F, andis believedto be responsiblefor the hotshortnesswhichprevents
elevatedtemperatureworkingof Rein air (ref. 7).

Thelowlevel of oxygenin thebinaryW-Re(tableIX-3) andtheultracleanweld-
ing proceduresfollowedseemto obviateconsiderationof the latter mechanismas
beingresponsiblefor theobservedhot tearing. However,this mechanismseems
quitefeasibleas anexplanationfor theanomalousbendtest results notedfor tests
in air at temperaturesabove_600° F. Theuseof aninert (argon)shieldgaselimi-
natedthis erratic behavior.

As opposedto thebinaryalloy thehot tearingof GTAweldsin the ACW-Re-Mo
alloywastotally unexpected.First, theamountof constitutionalsegregationex-
pectedin this alloy is notnearly sogreatasthat expectedfor thebinaryW-Realloy.
Hence,thepossibility of a depressed-melting-pointliquid film at a critical stagein
thesolidificationis notas likely. Second,GTAweldsof thePM W-Re-Moalloy
wereaccomplishedwithouta singleincidentof hottearing.

Inaneffort to identify thecause(s)for this dualbehavior, a completereview
wasmadeof theprocessinghistories andthe chemicalanalysesof theACandPM
sheets. This reviewindicateddifferencesin oxygencontent(tableIX-3) for thetwo
productsmightbe responsiblefor the erratic weldabilityof theACsheet. The
mechanismwouldbesimilar to that whichhasbeenobservedin weldingmolybde-
num. It hasbeenreported(ref. 8) andverified (ref. 9) that oxygencontentsof only
100ppm(bywt. ) in molybdenumhavebeensufficient to consistentlyleadto hot
tearingduringwelding. This is relatedto thepresenceof a continuousfilm of
Mo-MoO2 eutectic(meltingpoint~3800° F) at thegrain boundariesfor oxygencon-
centrationsof 100ppmor more. Fractographicstudies(ref. 10)indicatethetran-
sitionfrom discrete oxideparticles to a continuousgrain boundaryfilm mayoccur
for oxygenlevelsas lowas only 10to 50 ppm. Accumulation of critical oxygen con-

centrations could conceivably result from partitioning effects between the solid and
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liquid phases during solidification.

Evidence which tends to confirm that this mechanism is responsible for hot

tearing of GTA welds in the AC W-Re-Mo sheet was obtained by inducing similar

behavior in GTA welds in the PM sheet. Hot tearing had not been noted in the PM

product, yet severe hot tearing was induced in a series of test welds made in

oxygen-contaminated welding atmospheres. Photographs of two of these welds are

shown in figure IX-18. Immediately below each weld is a positive print of an X-ray

negative of the same weld. The threshold for the hot tearing occurred at approxi-

mately 500 ppm oxygen in the welding atmosphere. Attempts to more accurately

define this behavior by chemical analyses for oxygen pickup in the weld metal met

with limited success.

Although the oxygen effect hypothesis for this experiment was based on the ef-

fect of oxygen on hot tear sensitivity in molybdenum, the extension to alloys con-

taining tungsten and rhenium seems reasonable because of their similarity in chemi-

cal behavior to molybdenum, particularly with respect to interstitial elements.

Thermal Stability

The objective of the 1000 hour aging runs was to determine the effects of long-

time high-temperature exposures on the ductility of the ternary W-Re-Mo alloy.

Base metal and EB and GTA welds of the PM sheet were aged, while for the AC

sheet only base metal and EB welds were used. All welds used in the aging study

were made using the parameters found previously to give welds having optimum

ductility. In addition, wherever material availability permitted, additional speci-

mens were first aged and subsequently welded, again using optimized weld param-

eters.

For single phase alloys, such as the ternary W-Re-Mo alloys evaluated, the

effects of long time exposures at elevated temperatures are mainly those associated

with primary grain growth. In tungsten-base alloys this results in loss of ductility.

The proximity of the alloy to the alpha-sigma phase boundary (fig. IX-3) suggests

the possibility of an embrittling reaction due to localized precipitation of sigma

phase during aging. To allow for this possibility, three sets of specimens were

aged at 2800 ° F. One set was tested as aged, while the other sets were given

1 hour postage anneals at 3200 ° and 3400 ° F to dissolve any sigma phase that may

have formed.

Bend test results pertinent to these efforts are summarized in table IX-7. Data

for as-received PM and AC sheet and PM sheet annealed 1 hour at2800 ° F are in-

cluded to provide information regarding changes in ductility not related to welding.
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Thetransitiontemperaturefor longitudinal(L) andtransverse(T) test specimens
are indicatedaswell astheaverageof thesetwovalues.

Ductility of thebasemetal specimensdecreasedwith increasingthermal expo-
sure. Thiswas true for boththeAC andthePM sheetover thefull rangeof condi-
tionsevaluated. Metallographicexaminationwasperformedin aneffort to deter-
minethecausefor this behavior. Theresults, shownin figure IX-19 (dashedlines)
as recrystallizedgrain sizeas a functionof temperature,indicategrain growthas
themechanismmostlikely responsiblefor the lossof ductility. Specialattention
shouldbedirectedtowardthe results foundfor the PMproduct. This alloy exhib-
itedbothnormalandsecondarygrain growthfor all agingtemperatures,andhence
twocurvesare shownfor thesespecimens. Thevolumeof thespecimenaffectedby
secondaryrecrystallization (i. e., abnormalgrain growth)increasedwithagingtem-
peraturesuchthatafter 10(_0hoursat 3000° F onlyquitesmall areasremainedun-
affected. Toprovideadditionalinformationregardingthis phenomenon,a series of
1hourannealsat 200° F intervals from 2200° to 3600° Fwere givenbasemetal
specimensof the PMW-Re-Moalloy. Specimensof theACW-Re-Moalloy andthe
ACW-25Realloy weresimilarly annealedto providedirect comparisonsof thermal
response. Theseresults arealso includedin figure IX-19 (solid lines), wherethe
ACbinaryandternary alloys are seento observenormalgrain growthbehavior;
that is, althoughtheaveragegrain size increases, the distributionof grain sizes
remainsnearlyconstantthroughouttheprocess. Again, secondaryrecrystalliza-
tionwasnotedfor the PMW-Re-Mospecimenannealed1hourat 3600° F (fig.
IX-20).

Thermalexposurehadnodiscernibleeffectonthebendductility of EB andGTA
weldsin thePM sheetor onthe ductility of EBweldsin theACsheet. This was
foundto betrue for weldsmadeby either sequence,weldandageor ageandweld.
In viewof thecomplexityof responsespossiblefor thevariety of conditionsem-
ployed, it is evidentthat thedatalendthemselvesbestto a rationaledeveloped
strictly onthebasisof grain size.

Thebendtransitiontemperaturesleveledoff with increasedthermal exposure.
Thissuggestsa lower limit of ductility is beingapproachedfor theW-Re-Moalloy.
Fracturesin agedPMandACspecimenswere invariably intergranular. Probably
thegreatestconstitutionalsegregationcoupledwith minimumtransversegrain
boundarylengthoccursat theweldcenterline. Thesefactors probablycombineand
result in hightransversetransition temperatures,sincetransversespecimensal-
mostalwaysfailed alongtheweld centerlinegrainboundaries.
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CONCLUSIONS

1. The weldability of unalloyed tungsten is marginal because of its high ductile-

to-brittle transition temperature in the welded or recrystallized condition. The

high melting point and low ductility in combination make tungsten susceptible to

failure by thermal shock during welding. Hence, weldability is enhanced by high

weld preheating. It is not apparent that use of arc cast tungsten is advantageous

over powder metallurgy tungsten except for the absence of porosity in welds. Post-

weld annealing was not particularly beneficial in improving ductility.

2. The weldability of W-25Re is improved over that of unalloyed tungsten be-

cause of slightly better as-welded and recrystallized ductility. Improved ductility

coupled with a lower melting point makes this alloy less susceptible to thermal

shock failures. However, the W-Re phase relations are such that this alloy exhibits

a tendency toward hot tearing.

Preheat in welding was not beneficial in improving as-welded ductility but per-

mitted welding at higher welding speeds and, hence, essentially improved welda-

bility.

A stress relief postweld anneal (2560 ° F) v0as beneficial for EB welds. This

implied high residual stress in EB welded W-25Re tends to correlate with the ther-

mal shock behavior observed for tungsten EB welds. GTA welds were not improved

by stress relief, but instead required a solution anneal (3270 ° F), which implies

that sigma phase develops at grain boundaries during GTA welding. In this respect

EB welding was advantageous since embrittlement by the sigma phase and hot tear-

ing were observed only in GTA welds. Both the development of sigma phase and hot

tearing result from constitutional segregation on freezing which is apparently more

pronounced in GTA welds.

3. The W-25Re-30Mo alloy displayed generally excellent weldability except for

an extreme sensitivity to oxygen contamination which causes hot tearing. Undesir-

able levels of oxygen contamination occur at a very low level in the base metal and

make detection difficult. Welding atmospheres, however, can be easily controlled

if properly monitored to eliminate welding as a potential source of contamination.

A postweld stress relief was beneficial in improving the ductility of welds in

this alloy. Otherwise, all thermal treatments to which this material was exposed

tended to normalize ductility to that of a large grain size recrystallized structure.

This trend persisted even through 1000 hour anneals at temperatures to 3000 ° F.

On aging this alloy tends to behave quite simply as a solid solution system.

However, the powder metallurgy material exhibited secondary recrystallization

which could well be a metallurgical instability brought on by the dissolution of finely

dispersed impurity precipitates.
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4. In severalchecksmadein this programwelds in powdermetallurgyproduct
alwayscontainedporosity, whereasarc castmaterial producedporosity-freewelds.
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TABLE IX-I. - TENSILE ELONGATION DATA FOR

TUNGSTEN-BASE ALLOYS

3000

I Elongation in l-in. gage length, _v

AC Tungsten

AC W-25Re (wt %)

PM W-25Re-30Mo (at. _)

Base a

EB

GTA

AC W-25Re-30Mo (at. %)

Base a

EB

12 23 30

5 16 30

54 36 33

33 26.5 25

37 23.5 18

9 32 79

15 17 61

aWrought, stress-relieved sheet.

TABLE IX-2. - BASE METAL BEND DUCTILITY

Alloy Longitudinal Transverse

Bend transition temperature

for 4t rad., OF

As-received condition

(a)

Tungsten 425 275 Stress relieved 1 hr

at 1700 ° F

W-25Re (wt %) -200 -75 Stress relieved 1 hr

at 25500 F

PM W-25Re-30Mo (at. _) -150 -50 Stress relieved 1/2 hr

at 2100 ° F

AC W-25Re-30Mo (at. _c) <-320 -250 Stress relieved 1/2 hr

at 1920 ° F

aAll as-received structures were in wrought condition.

TABLE IX-3. - BASE METAL INTERSTITIAL CHEMICAL ANALYSES

Alloy

AC Tungsten

AC W-25Re (wt _)

AC W-25Re-30Mo (at. _)

PM W-25Re-30Mo (at. %)

Lot A

Lot B

aAverage of two analyses.

Carbon

ppm(wt.) ppm(at.)

a 8 a122

8 123

48 632

al 9 a250

a81 a1070

Oxygen

ppm (wt.) ppm(at.)

a12 a138

8 92

24 237

a 5 a49

a 4 a39

Nitrogen

ppm(wt.) ppm(at.)

10 131

10 132

10 113
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TABLE IX-6. - POSTWELD ANNEALING RESULTS

Alloy

W

W

W

W-25Re

W-25Re

W-25Re

W-25Re

W-25Re

W-25Re

W-Re-Mo (PM)

W-Re-Mo (PM)

W-Re-Mo (PM)

W-Re-Mo (PM)

W-Re-Mo (AC)

Structure

GTA weld

GTA weld

GTA weld

GTA weld

4 GTA welds

4 GTA welds

3 GTA welds

GTA weld

11 EB welds

GTA weld

Weld preheat

None

550 ° F

None

550 ° F

3-550 ° F

1-None

1-550 ° F

3-None

1400 ° F

1400 ° F

None

None
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Figure IX-I. - Tungsten-rhenium phase diagram (ref. 11).
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Figure IX-2. - Molybdenum-rhenium phase diagram (ref. 12)
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Figure IX-4. - Elevated temperature ultimate tensile strength of tungsten-base alloys.
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Figure M-6. - Unit weld length heat input requirements as function of welding speed for 
tungsten-base alloys. 
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Figure M-7. - Vacuum purged weld chamber. 



Figure E-8 .  - Sheet welding fixture used for welding tungsten-base alloys with preheat to 
1400' F. 
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Figure M-9. - Sputter ion pumped ultrahigh vacuum furnaces used for thermal stability study. 
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Figure E-10. - Bend test  specimens. 
t, 0.035 inch; width, 12t; length, 24t; test  span, 
15t; punch speed, 1 inch per minute; variable 
temperature; variable punch radius, generally It, 
2t, 4t, or 6t; bend ductile to brittle transition 
temperature, lowest temperature for 90' bend 
without cracking. Arrows show rolling direction. 
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Wckl 1; speed, 15 iii.  / n i i n :  2, 98 k . J l h .  

Weld 4; speed, 15 in. ,'min; 3. 24 kJ/in. 

Weld 7; speed,  50 in. /inin; 1. 19 k.J/in. 

Weld 10; speed,  15 in. /min; 3. 12 kJ/in 

Weld 11; speed,  50 in. /iiiiii; 1. 30 kJ/in. 

Weld 12; speed, 100 111. i i ~ l n ;  0. 76 k.J/ 111 

F igure  E - 1 2 .  - Typical dye-pcncxtl'aiit results of e~cc.tron h2aln wclds 
in a r c  cast unnlloyetl tungsten sheet. 



, 

F i p r e  IX-13. - Typical section of electron beam weld in unalloyed tungsten. X80. 

Figure M-14. - Bead-on-plate GTA welds on 0.030-inch powder 
metallurgy W-25Re-30Mo alloy sheet. 
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Figure M-15. - Typical hot tear on bead-on-plate GTA weld on 0.030-inch a r c  cast  W-25Re-30Mo alloy sheet. 

Prepared using 30 lactic-3HN03-1HF (vol. ratio) 

Prepared using 9HF-1HN03 (vol. ratio) 

Figure IX-16. - Center areas  of GTA welds in W-25Re-30Mo sheet showing 
effect of pickling solution used for joint preparation. X75. 
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Powder metallurgy 

Arc cast 

F igure  TX-17. - Compnrison of typical porosity lcvcls in GTA IIAZ wcltls 
in powder metnllurgy nntl a r c  cast  W-25Rc-30Mu alloy slicct. y400. 
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Figure IX-19. -. Average grain size as function of 1000 hour aging and 1 hour annealing tem-

perature for tungsten-base alloys.
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Figure IX-20. - LTicrostructure of po\vcler metnllurgy W-25Re-30Mo 
sheet lollo\ving 1 hour anncnls at t e m p e r a t u r e s  intlicntecl. 
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