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MECHANISM OF STRENGTH DEGRADATION FOR HOT CORROSION OF a-SiC

James L. Smialek and Nathan S. Jacobson
National Aeronautics and Space Administration

Lewis Research Center
Cleveland, Ohio 4413:,

ABSTRACT

Sintered a-SiC was corroded by thin films of Na 2SO4 and Na 2Ca3 molten

salts at 1000 °C. This hot corrosion attack reduced room temperature

strengths by as much as 50 percent. Strength degradation was proportional to

the degree and uniformity of corrosion pitting attack as controlled by the
0
Ln
ti	 chemistry of the molten salt. Extensive fractography identified corrosion
W

pits as the most prevalent source of failure. A fracture mechanics treatment

of the strength/pit depth relationship produced an average K IC equal to

2.6 MPa • m
112

, consistent with published values.

INTRODUCTION

The effects of het corrosion attack on the mechanical properties of the

high temperature structural ceramics, SiC and Si 3NV is a concern for

combustion applications where impurities in the air and fuel might react and

deposit as potentially corrosive molten salt films. Chemical reaction of this

film with the ceramic could result in uniform material loss as well as

selective localized attack or pitting. Loss of load bearing material,

enlargement of the critical surface flaw size, or contamination of grain

boundaries by the corrosive elements can result in degradation of the brittle

fracture strength, decreased fracture toughness, and reductl -i of high

temperaturq creep strength.

Justification for the generalities suggested above can be found in the

literature described in the following brief chronological survey and as listed

in Table I. As early as 1952 the "etching effect" of molten alkali carbonate

salts on SiC at 1000 °C had been recognized. I This technique was successfully
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used by Amelinckx and co-workers in 1960 to study dislocation structures in

single crystal a-SiC. 2 This tendency for preferential attack at structural

discontinuities and the effects on mechanical properties is a mayor

consideration of the present paper.

Conventional high temperature rorrosion studies on SiC and Si 3 N 4 , became

more prevalent nearly 15 yr later when a number of crucible or deep melt

studies were reported. The first of these found nearly complete dissolution

of siliconized SiC heating elements in a melt of Na 2 CO 3 after only 5 hr at

900 °C. 3 Crucible tests of hot pressed boron-doped SiC in CaCl 2 - CaF 2 - CaSO4

melts produced high dissolution rates, 13 um/min at 1000 °C and 60 um/min at

1100 °C. 4 The rate was found to be linear with time and exhibited an

Arrhenius relationship with temperature. Samples corroded at lower

temperatures (822 °C) exhibited numerous 10 um pits while higher temperature

exposures (1152 °C) yielded more uniform surface dissolution. Different attack

modes thus appear to be a possibility.

Pressureless sintered 0-SiC, doped with carbon and boron, was exposed to

Na.SO4 , Na 2 SO 4 + graphite, Na 2 SO4 + Na 2 CO 3 , and Na 2 CO 3 melts at 900 °C. 5 This

study also explored the effects of thin films of Na 2SO4 (10 mg/cm 2 ) as might be

expected in a gas turbine environment, but no excessive corrosion was observed

as judged from the minimal weight gain changes observed. However 1 g melts of

Na 2 SO4 in crucible tests did cause severe corrosion. This was attributed to

the low P O at the SiC-melt interface and to active oxidation through the
2

formation of SiO vapor. The addition of basic salts (Na 2 CO3 ) to Na2SO4

shortened the induction period observed before the onset of accelerated

oxidation or catastrophic corrosion. The following basic dissolution reaction

was proposed:

Si02 + Na 2 0 = Na 2 SiO 3 (liquid)	 ( 1 )

I

i
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The addition of graphite also promoted excessive corrosion, produced bubbling

in both the melt and liquid scale, and resulted in a very rough S1C-scale

interface. A similar study found that deep, 50 g melts of Na 2SO4 and

Na 2SO4 + NaCl rapidly consumed reaction sintered or hot pressed S1C and

Si 3 N 4 at 1000 °C. 6 NaCl melts alone did not appear to causr catastrophic

I
corrosion. Electron microprobe studies of the Si 3 N 4 revealed sodium,

sulphur, and chlorine contaminatiun —40 pm beneath the Si 3N 4 surface.

I
Corrosion of reaction bonded Si 3 N 4 was also studied by exposure to

thin films of Na 2 CO3 (0.4 to 1.4 mg/cm 2 ) at 1000 to 13CO °C. 7 A linear

rate of corrosion occurred for a limited time after which no further weight	
1

gains were observed. The maximum weight gain obtained before the reaction

stopped was a linear function of the amount of salt deposit. Also the initial

rate of corrosion inc r eased with temperature in approximately an Arrhenius

relationship. It was proposed that accelerated corrosion occurred in the

presence of liquid sodium silicate phases until enough Si 3N 4 had been oxidized

to produce a °healing layer" of solid tridymite. Indeed, estimates of the

sodium and silicon concentrAtions in the scale at the time the reaction stopped

agreed with the liquidus curve for the Na 20 - Si0 2 system. The linear rate

of corrosion indicates that the process is not controlled by diffusion through

a solid SiO
2
 film and that no barrier exists to the transport of oxygen through

the liquid silicate films.

Another study of reaction bonded Si 3 N 4 proposed that nonprotective sodium

silicate formation was the cause of hot corrosion attack by Na 2SO 4 or Na2CO3'a

This study also used thin films (multiple applications of 5 mg/cm 2 ) and cyclic

exposure to 1093 °C (1000 cycles, 5 min/cycle). The major crystalline phase

was again tridymite and considerable sur f ace roughening was observed after the

corrosion product was easily crumbled and removed.

3
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The studies mentioned above have documented the high degree of chemical

reactivity between a number of SiC and Si 3 N 4 ceramics in various molten

salts. The following studies show that deleterious effects con mechanical

properties occur after these ceramics were subjected to high temperature molten

salt environments. In 1980, Bourne and Tressler reported results of crucible

tests of hot pressed Si 3 N4 (144 hr) and reaction bonded Si 3 N 4 (50 hr).9

Exposures to deep melts of NaCl or NaCl + Na 2SO4 were made at 1000 °C. This

resulted in strength degradation of 30 to 60 percent, both at room temperature

and at 800 to 1200 °C. Extensive pitting and material loss was reported for

these materials after corrosion in the NaCl + Na 2 SO4 melt. The dramatic

decrease in strength was consistent with calculations showing a significant

increase in the critical flaw size, i.e., surface pits. Grain boundary

weakening by Na, S, and Cl penetration was found to be a key factor in the

degradation of high temperature strength.

Recently Becher reported the deleterious effects of 1220 °C coal slag

exposures of hot pressed Si 3 N 4 (Mg0), Si 3 N 4 (Y 2 03 ), and SiC (Al 2 0 3 ), as well

as sintered SiC and siliconized SiC. 
10 

The slag deposits resulting from the

combustion of fuel oil and powdered coal contained substantial amounts of SiO2,

Fe 2 0 3 , and Al 2 0 3 with minor amounts of CaO, MgO, Na 2 0, K 20, and TiO 2 . Strength

reductions up to 65 percent were observed for Si 3 N 4 in an acid slag. Basic

slags caused higher rates of surface recession, but caused remarkably little

strength degradation for two materials, Si 3 N 4 (MgO) and sintered SiC. In

g eneral it was observed that oxide additives in the ceramics (MgO, Y 2 0 3 , or

Al 2 0 3 ) contributed to preferential attack via complex liquid silicate

formation, and that gas evolution (bubble formation) also contributed to

pitting, enhanced corrosion, and strength degradation. However, sintered a-SiC

appeared to have a remarkably uniform scale-ceramir interface with only 10 lim

deep pits after exposure to either basic or acidic slags. Strength retention

4



after removal of 20 Pm of the corroded surface indicated that no deleterious

penetration of contaminants occurred as found in earlier works.6'9

	 1 '

i
Another such study investigated the corrosion of sintered o-SiC by

coatings of powdered coal slags. 
12 

Thin films (<100 pm) of a basic slag

I[;	 resulted in the formation of a cristobalite passivating layer. Diametral

compression C-ring tests found a strength increase after 24 or 168 hr exposures

rA

at 1250 °C. However, thick film corrosion

Si02 layers, formation of Fe•Ni-silicides,

phenomenon was responsible for strength re

after 1 hr exposure to 300 MPa after 24 hr

at 1300 °C).

(>2 mm) resulted in dissolution of

and pitting attack. This pitting

auctions from a value of —350 MPa

exposure at 1200 °C (or to 285 MPa	 j
I

The morphology of corrosion products formed on various Si 3 N 4 and SiC

substrates was examined after belno subjected to Na 2 SO4 thin films at

1000 °C.
11
 Bubble formation and devitrification of protective SiO2 scales

were commonly found. Impurities in the ceramics (except aluminum) tended to

increase the degree of hot corrosion attack as did the basicity of the

corrosion condition. A similar study of Na 2 SO4 thin film (4 mg/cm 2 ) corrosion

of hot pressed Si 3 N 4 (Y 2 0 3 ) found extensive corrosion product formation at

1000 °C after about a 5 hr incubation period. 
13 

Na 2 so4 decomposition, followed

by monitoring SO 2 evolution and chemical analysis of residual Na 2 SO4 , was

essentially complete after 30 hr. These results explained a significant

minimum in the weight change curve at about 12 hr. Bubble formation in liquid

Na 2 0 • xSi0 2 scales accompanied this corrosion process.

Thus the present understanding of hot corrosion of SiC and Si 3 N 4 materials

is that under certain conditions severe attack can definitely occur and that

this attack can degrade mechanical properties significantly. The key issues 	 1 .]
that arise from these studies are related to the chemical mechanism of attack	 1 .1

and the mode of mechanical property degradation. The chemical mechanism issues

5
	 \I



D.

are: (1) the effects of the acid/base nature (oxide ion concentration) of the

melt and the dissolution of protective SiO 2 films to form nonprotective liquid

Na 2SiO 3 ; (2) the amount of salt deposit and the potential for active oxidation

or increased Na 2SiO3 conten' in the scale; (3) the role of additives and

impurities in the ceramics which can either increase or decrease attack. All

of these factors are important in determining the morphology of the corrosion

product and attack front which in turn controls the nature of the mechaiical

property degradation, i.e., (1) general attack causing surface recession; (2)

localized attack (pitting) causing an increase in the effective critical

surface flaw size; and (3) grain boundary contamination causing deterioration

of high temperature properties.

The purpose of the present program was to determine how hot corrosion

attack of the type most likely to occur In a turbine engine could effect fast

fracture strength. Thus thin salt films were used rather than the deep melts

of a crucible test. Both Na 2SO4 and Na 2CO3 salts were used to study the

effects of rojelt chemistry. Controlled SO  or CO 2 atmospheres were used to

thermodynamically fix the oxide ion concentration in the salt at the start of

the reaction. Since high temperature strength retention and near net shape

fabrication capability are prime considerations for turbine hardware,

commerciall y available pressureless sintered a-SiC having minimal additives

was chosen for study.

Self-consistent chemical mechanisms of hot corrosion atta:.k under the

above conditions have already been elucidated in a companion s`udy. 14 The

distinguishing factor in this study was the use of quantitative chemical

analysis of the scales by determining the composition of water soluble

corrosion products (sodium sulfate and sodium silicate) and of HF soluble

products (SiO 2 ). Weight gain data alone was found to be an ambiguous measure

of corrosion because of losses due to the gaseous reaction-products, SO V CO,

6

i



CO 2 , etc. 
14

Over a 48 f.r period, corrosion products 10 to 20 times as great as

that occurring for simple oxidation were found. The basic salt, Na 2 CO 3 /CO 20

was found to form nonprotective liquid sodium silicates and solid tridymite

phases as expected. However the acidic salt resulted in even greater corrosion

due to the reaction of free carbon (--3 vol %) with Na 2 SO 4 to form CO 2 , liquid

Na 2 SiO 30 and tridymite. The morphology of the corrosion products formed under

acidic conditions was that of gross eruptions from gas evolution which were

also extremely friab)e. Under basic conditions, the scales were quite glassy

and contained entrapped bubbles.

tXPERIMENTAL PROCEDURE	 I

The material used in this study was injection molded and sintered a-SiC

which was doped with boron and carbon. The microstructure of this ceramic,

shown in Fig. 1(a), consists basically of equiaxed —10 um grains and lenticular

grains with an aspect ratio of about 10 to 1. A dispersion of porosity and 	
1

inclusions, which were previously found to be titanium and 3 percent free

carbon, is also evident. 
14 

Test specimens 3.25 by 0.5 by 2.5 cm were cut

from 5.0 cm long as-received bars and ground on 45 and 15 um diamond wheels. 	 ?

The microstructure after grinding, Fig. 1(b), indicates that surface damage

(pullout) was on the order of 10 pm. This surface finish is believed to be

more than adequate to produce fracture strength values which are not controlled

by surface grinding flaws. The basis for this conclusion -lies in a previous

study which found no strength increases for Si 3 N 4 when polished to a degree

finer than 600 grit (i.e., —15 um surface finish). 15

The corrosion test procedure and chemical analysis scheme has been

described previously in detail. 
14 

In general, the specimens were heated to

200 °C and sprayed with 2 to 3 mg/cm 2 films of Na 2 s0 4 or Na 2CO 3 from aqueous

Hexaloy, Carborundum Co., ca. 1977.

7



I
i

salt solutions. Three salt/gas exposure systems were chosen for study, i.e.,

Na 2 SO 4 /0.1 percent SO 2 in 0 2 , Na 2 SO 4 /Air, and Na 2CO 3 /0.1 percent CO 2 in 02.

The first system is close to a situation which might be encountered in a gas

turbire burning high sulfir fuels. The second simulates the environment of a

gas turbine burning low s0 fur fuels. Finally the third system provides a

	

i	 basic salt chemistry known to react directly with SiO2.

J
Two sets of samples f:; strength testing were produced from each group of

corroded specimens. One set was directly sanded using 325 and 600 grit SiC

emery paper, followed by 15 pm diamond grinding. This was done to produce the

flat surface needed for strength testing because the corrosion products were

often quite nonuniform. 
14 

(Surface irregularities as large as 0.5 mni were

measured which would have otherwise resulted in a serious misalignment of the

bend test fixture and erroneous values of measured strength.) Polishing was

terminated after producing a flat surface, but before reaching the SiC

substrate. This allowed a thin layer of corrosion prciuct to remain on the

ceramic before strength testing. The other set of specimens was prepared for

bend testing by removing all the corrosion products, first by water

dissolution, then by 10 percent HF - H 2 O dissolution at -90 °C for 2 hr in

	

a -	 each solution.

Control samples of uncorroded as-ground SiC were also subjected to this

HF dissolution treatment. While very little dissolution was observed from

chemical analysis of the solution, a 25 percent strength decrease was

measured. Similarly after 48 hr of oxidation at 1006 °C with no salt coating

HF dissolution of the scales produced a 23 percent strength decrease. These

M
decreases were statistically significant at the 95 percent confidence level.

Thus corroded samples subjected to the HF treatment were not used in the

9'	 measurement of strength degradation to avoid this complicating factor.

Specimens were stressed to fracture in 4-point bending using a loading rate of

Ef	 8

fm

1



0.05 cm/min, an outer span of 1.90 cm and an inner span of 0.95 cm. The

fracture surfaces were examined by optical microscopy, scanning electron

microscopy, and electron mi=roprobe for identification and characterization of

corrosion-induced flaws (failure origins). Strengths were calculated from the

equation:

3/4 P1

f wt 

where P is the applied load at failure, 1 is the outer span. w is specimen

width, and t 1s specimen thickness. The original specimen dimensions were

used in these calculations even though some SiC had been converted to a

corrosion scale and even though some of the polished scale remained on the

samples during strength testing. This procedure was adopted to allow the

effects of any surface recession. to he reflected in the load carrying

capability one would predict using original specimen dimensions (engineering

design strength). In reality both the surface recession and amount of

residual scale were minimal (<20 um) so that no significant effect on strength

arose from these factors. A minimum of five specimens were run per corrosion

condition.

RESULTS

Strength Degradation and Surface Recession

The average amount of corrosion product in terms of weight change per

unit area, aw/A, for the three corrosion treatments and for simple air

oxidation was determined previously by chemical analyses of dissolved scales

and is shown in Table 11. 
14 

The scale thickness, at e , can be estimated from

this quantity if a density of —2.65 gm/cm 3 is assumed for an SiO 2 scale.	 fhe

actual scale thickness, atm , was also determined by physically measuring the

change in specimen thickness. That is, atm . (t c - t o )/2 where t  - the

apparent specimen thickn;s after corrosion and t o = the initial thickness.

9

y

(2)
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It is readily apparent in Table II that at  > at e , especially for the case of

Na 2 SO4 /SO 3 corrosion. This is due to the fact that these corrosion products

were extremely rough. Only the Na 2 CO 3 /CO 2 condition produced at 
IIIa 

at e , as

expected from the uniform glassy scales produced by this treatment. No

thickness changes could be detected for simple oxidation.

Also shown in Table II are surface recession values obtained after

polishing the scales, (t 0 - t p )/2, where t 	 is the specimen thickness after

polishing the corroded specimen to a 15 um finish. These values were generally

low (<10 pm) so that any strength reduction due to surface recession should

also be minimal. For example, a surface recession of 20 pm would result in a

strength loss of only 1 percent for samples with a 2.2 mm thickness. A similar

conclusion was reached for samples whose scales were removed by HF dissolution.

The recession value, (t 0 - t d )/2, where t d is the specimen thickness after

HF treatment, was found to be on the order of only 15 um.

The average flexural strength (modulus of rupture, MDR) of the corroded

samples is shown in Fig. 2 along with the values for the as-received material.

All the samples were tested in the 15 pm diamond polished condition. The

individual data points have also been plotted t: give a realistic picture of

the spread in the MDR data and the overlap between treatments. The most severe

strength degradation (49 percent) occurred in the case of Na 2 SO4 /SO 3 , followed

by 38 percent for Na 2 So4 /Air, and 13 percent for Na 2CO 3 /CO 2' The as-received	 i

strength value of 409 MPa compares reasonably well with published values foc

this material of 335, 365, and 425 MPa.16-18

Because large standard deviations were observed (±20 percent), a

statistical comparison of the data was required to make a conclusive statement

on the degree of strength degradation. The pertinent data is shown in

Table III. The Students t-distribution was used to find the 95 percent

confidence intervals of the mean of values. The 95 percent confidence

10
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interval for as-received strength was stove those for the corrosion treatments,

except for the Na 2CO3 /CO 2 case which showed a slight overlap. The change in

strength after corrosion, eo, and the 95 percent confidence interval of eo

were determined by means of the t-statistic to test the significance of the

strength reductions. For the Na 2 SO4 /SO 3 and Na 2 SO4 /Air treatments the

95 percent confidence interval of eo was at least 100 MPa and indicated that

these treatments caused a significant strength reduction. Huwever the ho

interval for Na 2CO 3 /Ca 2 corrosion could be less than zero at some finite

probability (2.5 percent). Therefore this treatment did not reduce the mean

strength significantly according to this t-tW .

Attack Morphology
i

Although the amount of corrosion product was up to tweOty times that of

simple oxidation (table II), this could still not account for enough uniform

surface recession to cause this degree of strength reduction.	 The explanation	 -

lies in the morphology of the corrosion attack rather than in the amount. From

the previous study it had been concluded that the principal mechanism of attack

was through pitting. 
14 

This effect is shown in Fig. 3 for Na 2 SO 4 /SO 3 (acidic)

corrosion. Here the widespread uniform picting of a severe nature is readily

apparent after the scale had been removed by the HF treatment. 	 Some measure

of the severity of the pitting attack was obtained from stereopair measurements

across the trace designated as X-X in Fig. 3(b). This profile shown in Fig. 4

indicates a pit depth of at least 10 pm, with deeper pitting  ggested but not

resolvable from the micrographs.

" It was previously demonstrated that no change in morphology or
material loss occurred when as-received SiC was HF treated, and that ,;omplete
scale removal by HF dissolution was it,deed accomplished for corroded SiC
samples.l4

.mss ^.:-'-'	 -	 __..^^..rws•.



The SiC morphology after Na 2 CO3 /CO 2 (basic) corrosion and scale

dissolution in HF is shown in t= ig. 5.	 Figure 5(a) shows a coarse cellular

network of corrosion pits which is nonuniformly distributed over the sample

surface. the pits comprising these cell boundaries (Fig. 5(b)) exhibit the

honeycomb structure similar to the Na 2SO 4 /SO 3 case. The reqion at the center

of the cells, however, is quite flat by comparison (Fig. 5(c)).	 These areas also

exhibit --0.1 um grain boundary films and Martially consumer4 particles (arrows).

Both of these features are believed to be excess ca.--bon (graphite), as found in

previous studies by windowless SEM/EOS, electron microprobe, and STEM/EELS.14,19

/Air treatment can neither be classified as acidic or basici.er Na2SU4 

because its 303 equilibrium pressure is un.defined. 14 However i t was chosen for

study because it produces attack morphologies and product chemistries similar

to those obtained in a burner rig study, which is a closer approximation to

the environment of a gas turbine. 
20 

This attack morphology shown in Fig. 6

is sorr.:-rhat similar to that for the Na 2CO3 /CO 2 case in that considerable

nonuniformity in the degree of surface pitting was produced. Although n.,

distinct cell patterns were observed on this sample, some areas showed deeper

pits, (arrow in Fig. 6(a)). This pit had a very granular nature (Fig. 6(b))
i

as did the surrounding areas even though they were quite flat (Fig. 6(c)).

Other samples were found to have the thin (--0.1 pm) grain boundary films

identical to those found in the Na 2 CO 3 /CO 2 case.

It is nlear from the last three figures that the attack morphology can

vary considerably depending on the corrosion conditions. One feature believed

to be crucial in determining the degree of strength degradation is the size of

the pit and the frequency of occurrence of pits of a given size. An attempt

to quantify such A description of the attack morphology is shown in Fig. 1.

These curves (histograms) were obtained by measuring the dia^ztirs of all the

pits observed in a total area of —0.1 mm 2 . This data was arranged in order

12
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of ascending diameter and the pit size frequency versus diameter was determined

from the number of pits (AN) occu r ring in successive size intervals (AD) of

4 um. The conclusion is that the Na 2 SO4 /SO 3 treatment produced the highest

numbers of large pits, followed by Na 2 SO 4 /Air, and then Na 2 CO 3 /CO 2 .	 If it is

assumed that the pit depth is roughly commensurate with the pit diameters, then

the Na 2 SO 4 /SO 3 case should have the most severe strength degradation due to

the formation of the deepest pits as critical surface flaws. Next in the

sequence should be Na 2 SO4 /Air, followed by Na 2 CO 3 /CO 2 , as indeed was the case

for the actual strength measurements.

The most important information regarding pit sizes would be the

probabilities of the very large pits occurring, as these pits constitute the

"weakest link" controlling the fracture stress. However, obtaining pit size

data on these was the most difficult since they were the least populous. An

alternative presentation of the pit frequency data is shrrwn in Table IV. 	 The

pits likely to compete with naturally existing flaws for controlling fracture

should have depth, >20 pm. 
16 

Of the largest pits measured, Na 2 SO 4 /SO 3 samples

had 90 pits/mm2 as compared to only 4 nits/mm2 for Na 2 CO I /CO 2 samples. This

trend can be expected to exist fur pits >40 um, but with much smaller pit

frequencies. The sample surface area under the maximum tensile stress was

—100 mn 2 . Thus the Na 2 SO4 /SO 3 simples were expected to contain many large

pits with D > 40 um and produced reproducibly low strengths, while the

Na 2 CO 3 /CO 2 samples may have had an occasional large pit which resulted in

widely varying strengths (226 to 474 MPa).

Fractography

The above discussion has raised the hypothesis that corrosion pitting

caused serious strength reductions proportional to the size and frequency of

the p'ts.	 The following fractographic study (SEM) will present typical

1
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examples of the flaws that actually caused failure in order to verify this

hypothesis.

Often the fracture sections exhibited optically reflective mirror-like

regions which contained directional fracture lines pointing to the fracture

origin at the tensile surface. It is believed that these reflective regions

are large, plate-like SiC grains (as in Fig. 1(a)) which cleaved

transgranularly. Such features had been observed previously in fracture

sections of the same material and were occasionally found to be failure origins

as we11.
21
 In many instances these mirrors existed near the fracture origin

and crack lines within the mirror eminated radially from the origin. An

example is shown in Fig. 8(a) for a Na 2SO4 /So 3 sample whose scale was polished

Lo a 15 pm finish before fracture. The flaw was indeed a corrosion pit still

filled with oxide (Fig. 8(b)) which contained nun'n p rous pores. A rim of

porosity in the SiC also existed near the periphery of the pit as indicated by

the arrows. The smooth internal surfaces of the scale porosity, Fig. 8(c).

was consistent with the previous observation of gas evolution and bubbles

entrapped in the scale.

The material in the fracture origin was conclusively identified as oxide

by e4actro n microprobe oxygen mapping. However the resolution of this

technique was not high enough to identify the exact scale-SiC interface. Thi; 	 1

was accomplished by HF dissolution of the corrosion products anal reexamination,

as shown in Fig. 9 (detail of the right edge of the pit in Fig. 8(h) before

and after dissolution). It can readily be seen that the brighter regions in

relief of Fig. 9(a) were part of the scale and that the cavity here was a gas

bubble in the scale which formed only a few micrometers from the interface.

Thus bubble formation is likely to play a key role in the pitting mechanism.

The SiC in contact with the oxide showed a very rough surface texture aftet

scale removal (Fig. 9(b)).

14
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The fractographs of a Na 2 SO 4
 
/SO 3 treated sample whose scale had been

removed by HF dissolution are shown in Fig. 10. Again radial crack lines were

found to eminate from the origin (Fig. 10(.)). At higher magnification,

(Fig. 10(b)) the familiar honeycomb pit structure was observed at the fracture

origin, proving again that a corrosion pit initiated failure. The details of

the corrosion front (arrow in Fig. 10(b)) is shown in Fig. 10(c). Connected

intergranular porosity can be seen to form —10 pm ahead of the pit. This

implies that selective oxidation/corrosion of the grain boundaries is another

important factor in the overall pitting mechanism. In this case the pit depth

including the grain boundary attack region was found to be —133 um.

	

.

1

^	 Fractured specimens previously corroded in Na 2 LO 3 /CO 2 also exhibited

	

t	 corrosion pits as the common failure origin. An example of such a pit is shown

in Fig. 11. A small flat mirror-like feature was located at the origin; within

this feature and beyond were radial crack lines having the corrosion pit as the

	

,.^	 focal point (Figs. 11(a) and (b)). 	 The top (tensile) surface of the specimen

shows a number of --20 um entrapped bubbles which had been exposed by the

polishing treatment. The scale-SiC interface shown in Fig. 11(c) exhibited a

smaller amount of porosity than the Na 2 SO q /SO 3 samples. The position of the

exact interface (arrows in Figs. 11(c) and (d)) was determined by removing the

scale through HF dissolution. This treatment revealed the pocked-marked

structure typical of the cell boundary pitted regions of the corroded surfaces

(Fig. 5(b)). It should also be pointed out that the interface is much smoother

and the pit much shallower (-45 „m) than those observed for Na 2SO4 /SO 3

corrosion. No indication of deep gain boundary attack was found.

i
A typical fracture origin for the Na 2 SO4 /Air case is shoran in Fig. 12 for

a specimen whose scale was removed by HF dissolution. The identifying radial
M

F

crack lines pointed to a corrosion pit at the origin (Fig. 12(a)). 	 Some

relatively de ep penetrations were app arent F1	 12 b	^	 y	 p p	 pp	 ( Fig.	 ( )), but the preferential

15
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grain boundary attack of the Na,SO 4 /S0 3 case did not occur. The pit-SiC

interface (arrow) is shown at high magnification in Fig. 12(c). The interior

of the pit reveals the faceted granular nature of the attack as well as the

finely etched surfaces of the exposed grains.

Pit Size, Fracture Strength, and Fracture Toughness

The fractographic analysis revealed that in the majority of cases, the

fracture origins were surface corrosion pits (100 percent of the fractography

specimens for Na 2 SO4 /SO 3 , 50 percent for Na 2 CO3 /CO 2 , and 61 percent for

Na 2 SO4 /Air). Most of the fracture origins in the remaining cases could not be

identified, although some were associated with a surface processing defect.

Thus the fracture strength was predominantly controlled by the corrosion

pitting phenomenon.

Since brittle fracture strength is dependent on the size of the critical

flaw, there should ideally be a relationship between strength. C% f , and the

flaw (pit) depth, a, according to the relation for semicircular flaws:

K

of 
_ Y IC	 (3)

where Z is the flaw shape parameter (elliptical integ ,al) and Y is a

geometric factor. 
22 

Accordingly, the fracture strength is plotted as a

function of pit depth in Fig. 13 for all the cases where a corrosion pit was

successfully identified as the failure origin. Despite the considerable

scatter, the expected overall trend of decreasing strength with increasing pit

depth was apparent.

The scatter could be reduced somewhat by taking into account the variable

pit geometries (a/c ratios) which result in different values of Z/Y. These

terms have been accurately determined by the finite element analysis of Newman

and Raju. 23 This analysis of the data resulted in an average K IC of

2.64±0.43 MPa • m
112

. The fracture toughness was also estimated from the

+l
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approximation given by Bansal
22
 for semi-elliptical surface cracks having

0.2 < a/c < 3:

o ^—' 0.750	 K
IC	 (4)

f —	 (ac)1/(

This relation takes into account both axes of the flaw, is very convenient to

use, and is said to result in no more than a 5 percent error in K IC . A value

of K IC was thus estimated from Eq. 4 to be 2.87+0.46 MPa • m
112

, in reasonable

agreement with the value obtained from the Newman-Rau technique.

Treatment of the corrosion pits as critical flaws is of course predicated

on the assumption that they can be approximated as semicircles or ellipses

having atomically sharp circumferential cracks. Since the flaw geometry and

sharpness was subject to large variations, the residual scatter in KIC

calculations was unavoidable. Another source of variability could be the

interaction of corrosion pits with large g rains during the fracture process.

Nonetheless the agreement of this K IC value to the following published

values stren g thens the argument that corrosion pitting controlled bend

strength. Similar variations in K IC values were obtained in attempting to

describe fracture strength as a function of naturally occurring processing

flaws. 
24 

This study found the "o f " and "a" values to be grouped within

bands predicted for K IC = 2.0 to 2.8 MPa • m
112

, which is quite similar to the

range found in the present study. Presumably thi absence of detailed

information on the exact dimensions of unobservable cracks in the vicinity of

the processing flaws precludes a more accurate analysis. The use of

controlled indentation flaws produced K IC values near 2.5 MPa • m
1/2

 which is

within the range of the values obtained from the corrosion pit or processing

flaw analyses. 24

A well-regarded toughness measurement, the chevron notch short bar

technique (CNSB), was used to determine K IC = 2.19±0.11 MPa • m
1/2

 for the same

17
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r+

material (vintage ca. 1982). 25 The statistical t-test proved that this value

was indistinguishable from the 2.64 MPa-m 1/2 value obtained from corrosion

specimens at the 95 percent confidence level. Other similar fracture toughness

values determined by microhardness indentation (MI), double cantilever beam

'I	 (DCB), and controlled flaw (CF) bend tests are also shown in Table V.

The factor Z/Y in Eq. (3) can be determined to be 0.785 from Ref. 22 or

0.783 from Ref. 23 for a semicircular crack (a/c = 1). Thus the "a f " versus

"a" behavior can be predicted for various K IC values as shown by the lines

in Fig. 13. The 2.64 MPa-m1/2 curve falls near the middle of all the data and

is consistent with the observation that the average a/c = 0.96+0.45, i.e.,

near unity. The curve predicted for K IC (CNSB) = 2.79 MPa-m
1/2

 and the curve

measured by controlled semicircular flaws also fall well within the scatter

band of Fig. 13. 16 This latter curve was used to calculate a K IC value

of 2.36 MPa•m 112 . The agreement between these curves or equivalently between

the fracture toughness values is consistent with the conclusion that corrosion

pitting controlled the fracture strengths and was responsible for the observed

strength degradation. Also, the deepest pits causing failure were found for

the Na 2SO4 /SO 3 samples and were 90 pm on average, resulting in an average

strength of 213 MPa. The fractography data for Na 2CO3 /CO 2 and Na 2SO4 /Air was

sparse by comparison. However it was still found that the average pit depths

causing failure were considerably smaller, 54 and 40 um, and the average

strengths were accordingly higher, 332 and 307 MPa, for Na 2CO 3 /CO 2 and

Na 2 SO
4
 /Air, respectively.

Another point suggested by this analysis is that the room temperature 	
I

value of K IC was not significantly degraded by thin film molten salt

corrosion. This is in contrast to more severe crucible tests of hot pressed
	

f

Si 3 N 4 in NaCl or NaCl + Na 2CO4 melts where K IC was generally reduced at both

ambient and elevated temperatures, 15

18



DISCUSSION

The results reported here emphasize the importance of corrosion pit

formation to the strength degradation of SiC. The diameter, depth, and

frequency of the pits were shown to vary with the corrosive salt used and

atmosphere. These variations could also account for the general trend in the

strength reductions and for the wide spread in strengths for certain corrosion

conditions. The fracture strengths of individual specimens were also

correlated to the size of the pit actually causing failure (from fractography)

according to a fracture toughness formalism which predicted a K IC vague

consistent with literature values. 	 ^M

The task now at hand is to put forth an explanation which describes the

mechanism of corrosion pitting as a function of the chemical environment. This

deeper understanding would allow some predictive capability for corrosion undar

different salts, thicker films, longer times, and the effects of various

impurities and dopants in SiC. Unfortunately a completely satisfactory picture

of pitting eludes us at present. A few comments are nevertheless appropriate.

First, the process does not appear to be correlated with regions of high

impurity content (C, Ti, K) because the size of the pits was much larger than

the scale of any chemical inhomogenity. Furthermore the variation in pit size

and frequency w i th the corrosion treatment is not consistent with a phenomenon

based wholly on material	 homogeneity.

Another relevcnt observation is	 the widespread gas	 evolution	 indicated by
i

the large eruptions for Na 2SO4 /SO 3 samples and entrapped gas bubbles	 for

Na 2 CO 3 /CO 2 and Na 2 SO 4 /Air samples. The porosity at the scale-SiC 	 interface

observed in fracture	 sections was another manifestation of gas	 evolution.	 It
a
1

is	 believed that	 this	 is	 important for pitting because of the common

observation that pits are associated with gas bubbles	 formed	 in SiO 2 scales

on	
SiC.10,27
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Excess carbon in a-S1C played a key role in Na 2 SO4 /SO 3 corrosion by mdking

the dissolution of SiO 2 icy Na 2 SO4 thermodynamically favorable. 
14 

This

viewpoint is consistent with the large eruptions and selective attack of

graphite grain boundary inclusions under Na 2SO4 /SO 3 conditions. By comparison,

large eruptions and deep grain boundary attack d)d not occur under the two

other conditions. Here carbon-rich films and inclusions could be found which

were only partially consumed at the interface.

Differences in gas evolution can be seen from the reactions put forth

describing the chemical mechanisms of corrosion for Na,,SO 4 /S0 3 (Eq. (5)) and

Na,) CO 3 /CO 2 (Eq. (6)):

Si0 2 + Na 2SO4 + 2C + 3/2 02 - Na 2SiO 3 + 2CO 2 + SO2	(5)

Si02 + Na 2CO 3 - Na 2SiO 3 + CO2	(6)

These reactions show the direct reaction of carbon with Na 2 SO4 and the

formation of three times as much gaseous product as the Na 2CO 3 /CO 2 case. This

may account for the more violent reaction and greater pitting. A previous

study found that carbon additions to Na 2 SO4 resulted in accelerated corrosion

and roughening of 0-S1C. 5 However, active oxidation by SiO formation was

suggested as the cause of corrosion rather than excessive CO 2 formation. The

detailed mechanism by which gas evolution might promote pitting is not clear

and is the focus of current research.

The degradation in strength due to pitting is similar to the findings of

crucible and combustion rig testing of S1C and Si 3N 4 in fused salt or coal

slag melts. 
9.10 

Thus corrosion pitting of silicon-based ceramics is likely

to be a general mechanism of degradation. The correlation of fracture

strengths with the size of the actual pits causing failure found in this study

provides a quantitative perspective of this degradation in the present study.

However this cannot be used as a precise predictive technique without further

20
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understanding because of the irregularities in pit geometry, the uncertainty

regarding the sharpness of the pit front, and the wide variations in pit sizes.

This work and the companion study 
14 

have shown that the three corrosion

conditions all substantially corroded a-SiC, but still produced noticable
1

differences in the amount of corrosion products, the morphology of the scales,

and the degree of pitting and strength degradation. This emphasizes the need

to identify what conditions might b? expected for turbine exposures, presuming

NaCl ingestion and typical levels of sulfur impurities in the fu:;!. Although

no actual engine corrosion tests have been performed, a simulated environment

in a burner rig (1000 °C, 4 atm, 13.5 hr) produced scale chemistries and

morphologies, pitting attack, and strength reductions that closely resembled

those observed in Na 2 SO
4
 /Air furnace exposures. 20

SUMMARY AND CONCLUSIONS

Hot corrosion of sintered n • SiC produced average strength reductions of

49, 38, and 13 percent for Na 2 SO4 /SO V Na 2 SO4 iAir, and Na 2 CO 3 /CO 2 thin films,

respectively. These strength losses were statistically significant at the

9^ percent confidence level, except for the Na 2 CO
3
 /CO 2 case. This was due in

part to the large spread in strength data for that treatment. Examination of

the attack morphology established that frequent large pits occurred on

Na 2 SO4 /SO 3 samples which accounted for the dramatic strength decrease. At the

other extreme, shallower, less numerous pits occurred on Na 2CO3/CO 2 samples

resulting in higher overall strengths as well as the wide spread in strength

values.

Detailed fractography conclusively identified corrosion pits as the most

prevalent cause of failure for all three corrosion conditions. This technique

also revealed features important to the pitting process such as interface

bubble formation and selective grain boundary attack. An analysis of the

relationship between pit size and strength produced an average value of

21
9
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(9.

fracture toughness, K IC , equal to 2.6 MPa•m112 . This is in good agreement

with independently determined values of 2.3 to 2.8 MPa • m
112

 and is consistent

with the hypothesis that pitting controls the room temperature strength of SiC

corroded by thin films of molten salts.

22
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TABLE II. - COMPARISON Of THICKNESS CHANGES DGE TO NOT CORRUSION OF --SIC

[1000 - C, 48 hr.]

aY/A ate . aY/Ma at, . (tc	 - to)/2 Rp . (to - tp)/2	 Rd . (to - td)/2

corrosion
conditions

Total scale
rei9hj,

Estimated scale
thickness,

Measured scale
thltkneSS,

Relish nq	 HF dissolution
recession,	 recession,

N at so

If 12CO3"0,

mq lc

12.14-0.9812.14-0.98

6.1-0.27

um

4b-4

24-1

^^

202-55

25-14

um	 um

-2-5	 9-4^

7-6	 15.19

Nat SO4 /AIR S.7S

8
-1.30 22-5 1	 69x41 645	 -4x1a

Oxltlat ion
---

0.47-0.34
-	 - I-^

-----	
--

----	 -----
---- - --

TABLE 111. - EFFECT OF HOT CORROSION ON ROOM TEMPEkATURE BEND STRENGTH

[1000 'C, 48 hr ex posure; samples polished to 15 um finish,]

Salt corrodant Average	 Standard

strength	 deviation

Sample

site,
95 percent

confidence
eo	 -.	 oq , q ,	 - of 95 pe-cent	 Signlf•cant

confidence	 strength
o II,	 S.
MDa

n interval interval	 reduction

Mpa

409	 62

0fM7d,

443,375 ---

i

of er

-------	 -As-rece i ved 15

Na2 504 I50 3 207	 72

-

296,118 202 271,133	 11

Nt2CO31CO2

Na2SO4 /AIR

355	 i	 70

I	 251	 I	 45

U

8

395,315

288,213^ IL
44

158

94, -

0 z
210,106

..-BLE Iv. - PIT SITE D1STR18UTIONS FOR CORROJCD --SiC

[Number of pits per I mm 2 area.]

Ola s10 um	 10 um c Dla _20 um	 Dim 420 um

	

Na2504 /50 3 	1880	 620	 90

	

Na2 CO3 ICO2	2280	 30	 4

	

Na2 SO4 /AIR	 17280	 120 --^	 6

TABLE V. - FRACTURE TOUGHNESS VALUES FOR .-SIC

Technique KIC (MPa• m112 ) f 	Reference

	

p its	 7.64-0.43	 IIT This study

	

CNSB	 2.79-C.17	 Ytegand (2S)

	

MI	 2.3	 Faber, Evens (26)

	

DC8	 2.5	 Faber, Evans (26)

	

CF	 2.36	 Govlla (16)

CF	 L_.	2.5	 Sesn adrl, Sriniv-san (24)
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Figure 1. • Microstructure of as-recieveda-SiC.
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