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UNIVERSITY OF VIRGINIA
School of Engineering and Applied Science

The University of Virginia’s School of Engineering and Applied Science has an undergraduate en-
roliment of approximately 1,500 students with a graduate enroliment of approximately 600. There are 160
faculty members, a majority of whom conduct research in addition to teaching.

Research is a vital part of the educational program and interests parallel academic specialties. These
range from the classical engineering disciplines of Cherﬁical, Civil, Electrical, and Mechanical and Aero-
space to newer, more specialized fields of Applied Mechanics, Biomedical Engineering, Systems Engi-
neering, Materials Science, Nuclear Engineering and Engineering Physics, Applied Mathematics and Com-
puter Science. Within these disciplines there are well equipped laboratories for conducting highly
specialized research. All departments offer the doctorate; Biomedical and Materials Science grant only
graduate degrees. In addition, courses in the humanities are offered within the School.

The University of Virginia (which includes approximately 2,000 faculty and a total of full-time student
enroliment of about 17,000), also offers professional degrees under the schools of Architecture, Law,
Medicine, Nursing, Commerce, Business Administration, and Education. In addition, the College of Arts
and Sciences houses departments of Mathematics, Physics, Chemistry and others relevant to the engi-
neering research program. The School of Engineering and Applied Science is an integral part of this
University community which provides opportunities for interdisciplinary work in pursuit of the basic goals
of education, research, and public service.
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NASA-UVA LIGHT AEROSPACE ALLOY AND
STRUCTURES TECHNOLOGY PROGRAM

EXECUTIVE SUMMARY

The NASA-UVa Light Aerospace Alloy and Structures Technology (LA2ST) Program
has achieved a high level of activity in 1991, with projects being conducted by graduate
students and faculty advisors in the Departments of Materials Science and Engineering, Civil
Engineering and Applied Mechanics, and Mechanical and Aerospace Engineering at the
University of Virginia. This work is funded by the NASA-Langley Research Center under
Grant NAG-1-745. Here, we report on progress achieved between July 1 and December 31,
1991. The previous progress report summarized the work presented at the Second Annual
LA’ST Grant Review Meeting held at the Langley Research Center in July of 1991.

The general objective of the LA2ST Program is to conduct interdisciplinary graduate
student research on the performance of next generation, light weight aerospace alloys,
composites and thermal gradient structures in collaboration with Langley researchers.
Specific technical objectives are established for each research project. We aim to produce
relevant data and basic understanding of material behavior and microstructure, new
monolithic and composite alloys, advanced processing methods, new solid and fluid
mechanics analyses, measurement advances, and critically, a pool of educated graduate
students for aerospace technologies.

The accomplishments presented in this report are:

oo Four research areas are being actively investigated, including: (1) Mechanical and
Environmental Degradation Mechanisms in Advanced Light Metals and Composites,
(2) Aerospace Materials Science, (3) Mechanics of Materials and Composites for
Aerospace Structures, and (4) Thermal Gradient Structures. '

oo Sixteen research projects are being conducted by 12 PhD and 3 MS graduate students,
11 faculty members, and 1 research associate from three departments in the
Engineering School at UVa. Each project is planned and executed in conjunction

with a specific branch and technical monitor at LaRC.

oo Four new graduate students were recruited into the LA2ST Program; 3 during the first
~half of 1991 and 1 during this reporting period.

oo The undergraduate program, initiated with four students working at LaRC during the
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Summer of 1990, was not conducted in 1991 because of a lack of qualified applicants.
Recruiting efforts were intensified for 1992 and a successful program is anticipated.

Dean E.A. Starke, Jr. initiated a large NASA funded University-industry
collaboration on "Aluminum Based Materials for High Speed Aircraft”, as a
supplement to the LA2ST Program. This work, involving 4 UVa faculty and
engineering-scientists from 6 industrial laboratories, will begin in January of 1992.

Reporting accomplishments between January and December of 1991 include 23
journal or proceedings publications, 1 PhD dissertation, 2 NASA progress reports,
and 15 presentations at technical meetings. The LA2ST totals since 1986 are 46
publications, 6 dissertations/theses, 48 external presentations and 11 NASA progress
reports. Since 1986, 21 graduate students, including 20 United States citizens, have
been involved with LA?ST research.

Research on environmental fatigue of advanced Al-Li-Cu alloys determined similar
fatigue crack growth rate behavior for peak aged unrecrystallized 2090 sheet and plate
(Vintage III) in inert vacuum, and in embrittling moist air and aqueous NaCl

-environments. A dissertation proposal is presented with the objective to understand

and model crack growth rates and microscopic fatigue damage processes, based on

experiments with both commercial and model recrystallized large grain

microstructures, the latter produced by novel thermomechanical processing.
(Project 1)

Research on mechanisms of localized corrosion in Al-Cu-Li-Mg-Ag alloy X2095 and
compositional variations suggests a continuing role of T, precipitates in stress
corrosion cracking of Weldalite™ in aqueous chloride, consistent with previous
results for alloy 2090. For each alloy, SCC is most severe within a "window" of
applied electrode potential, consistent with the need for active T, dissolution but a
passive aluminum matrix to sustain crack growth. (Project 7)

Research on the effects of zinc additions on the precipitation and stress corrosion
cracking behavior of alloy 8090 demonstrates that low Zn additions to this
commercial alloy cause markedly improved aqueous chloride SCC resistance, even
at low aging times. Specific windows of SCC resistance are defined and it is shown
that S’ (Al,CuMg) is not integrally necessary for SCC performance. These results
suggest an approach to improving the environmental compatibility of higher lithium
alloys. This work is cosponsored by the Alcoa Technical Center; the graduate student
spent several months at this laboratory conducting dissertation research.

(Project 8)

vi
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Research on hydrogen interactions with Al-Li alloys successfully developed a method
that produces sufficient hydrogen uptake to cause significant hydrogen damage in
7075-T6. A method to examine hydrogen fugacities present at crack tips during film
rupture has also been developed. . (Project 9) -

Research on the fracture of Al-Cu-Li-In alloys demonstrated that the initiation and
growth toughnesses of Vintage III alloy 2090 (K, and tearing modulus, Tg) and
experimental 2090 + In. (Ty only) increase with decreasing temperature to cryogenic
levels for both plane strain and plane stress deformation. High angle boundary
delamination increases at cryogenic temperatures and contributes to increased
toughness, independent of whether the microscopic fracture mode is transgranular slip
plane cracking (2090) or intersubgranular (2090 + In). In contrast to 2090, subgrain
boundary precipitation of T, occurs in the In-bearing composition after short aging
times at 160°C and degrades fracture toughness by promoting intersubgranular
cracking. ) (Project 5)

Research on the fracture toughness of Weldalite™ indicates that, for loading at 25°C,
both K- and Ty decrease with increasing aging time at constant temperature, with
increasing aging temperature at constant yield strength, and with increasing copper
content favoring primary T, or Ty phases. Work is planned to systematically corifirm
and explain these trends, and to examine cryogenic fracture. (Project 6)

Research on elevated temperature fracture of PM Al-Fe-Si-V alloy 8009 suggests four
possible causes for the elevated temperature (175°C) embrittlement of 8009: (1)
Extrinsic delamination toughening, (2) Oxygen or hydrogen embrittlement from
reactions with moist air or from process-introduced water, (3) Dynamic strain aging,
or (4) Localized plastic deformation. Neither delamination, hydrogen embrittlement
nor macroscopic plastic instability are the causes of decreased cracking resistance.
Rather, either dynamic strain aging or dislocation interactions with solute and
dispersoid or oxide laden boundaries are likely damage mechanisms.  (Project 3)

Research on Ti alloy matrix-SiC fiber reinforced composites employed thermal cycling
experiments to show that cycling up to 800°C, repeated 500 times, causes a reduction
in the tensile properties of Ti-1100/SCS-6 composites; while the equivalent isothermal
exposure, cycling to 700°C, or cycling in argon does not. A large degree of matrix-
environment interaction in the composite cycled to 800°C (not present in similarly
exposed monolithic Ti-1100 samples) may be responsible for the property
degradation. (Project 10)

vil
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Research on quantifying the spatial distribution and homogeneity of microstructure
demonstrates that newly established microstructural analysis methods, applied to a PM
aluminum alloy, provide a rational basis for selecting deformation processing methods
to optimize dispersal of oxide particles. In particular direct rolling of compacted
billets is a less effective method for break-up and dispersal of the oxide particles than
processes involving forging prior to rolling. (Project 11)

Research on superplastic forming of Weldalite™ demonstrated modest differences in
microstructure and texture between two superplastic Weldalite™ alloys. Future
research will establish the effect of these microstructures and texture differences on
the variability of superplastic' properties. : . (Project 12)

Research to develop low alloy high strength aluminum alloys is focusing on a low to
medium strength Al-1Si-1Ge-1at%Cu alloy produced by ingot metallurgy. This alloy
exhibits superior microstructural stability at typical commercial aging temperatures
(150 to 200°C) and is in the process of further development. (Project 13)

Research on the deformation of SCS-6/Ti-15-3 metal matrix composite tubulars under
biaxial loading demonstrated a stiffness degradation with increasing load, based on
both experimental measurements and micromechanics model predictions. The results
indicate that axial stiffness falls within the bounds of predictions based upon bonding
parameters that vary between perfect bond and total debond, however, measured shear
stiffness values are well below the value predicted for total debond.

' (Project 14)

Research on finite element analysis of the effect of temperature on metallic shell
structures analytically demonstrated the feasibility of a simple and less expensive
method to stabilize tanks for large launch vehicles. It was found that tanks with
external hot stiffeners could be subject to buckling; internal cold stiffeners appear to
lead to stability. (Project 15)

Research on the thermoviscoplastic behavior of high temperature alloy panels
demonstrated material and geometric nonlinearities. Hastelloy-X panels were
instrumented with thermocouples, strain gages and displacement gages. Initial tests
of Hastelloy-X provided elastic and inelastic temperature and displacement data for
the thermal buckling of the panel. A heat lamp characterization program was
initiated. In. 1992 the Hastelloy-X test series and the lamp characterization program

.will be completed, and a test series with 8009 aluminum alloy pgmels will be initiated.

(Project 16)

Viii



INTRODUCTION

Background
In 1986 the Metallic Materials Branch in the Materials Division of the NASA-Langley

Research Center initiated sponsorship of graduate student engineering and scientific research

in the Department of Materials Science and Engineering at the University of.Virginia. This
work emphasized the mechanical and corrosion behavior of light aerospace alloys,
particularly Al-Li-Cu based cor;lpositions, in aggressive aerospace environments!!!, Results
are documented in three progress reports?. .

In the Fall of 1988 this progrém was increased in scope to. incorporate materiafs
science research at UVa on the development and processing of "advanced aerospace
materials®), Funding was provided by the Metallic Materials and Mechanics of Materials
Branches. In early 1989 the program was further enhanced to include interdisciplinary work h
on solid mechanics and thermal structures, with funding from several Divisions within the
Structures Directorate at NASA-LaRC®!, The Department of Civil Engineering and.the
Department of Mechanical and Aerospace Engineering at UVa participated in this expanded
program. With this growth, the NASA-UVa Light Aerospace Alloy and §tructlffes
Technology Program (LA2ST) was formed within the School of Engineering and Applied
Science at UVa. "

The first progress report for the LA2ST program was published in August of 198917,
Research efforts in solid mechanics were in a state of infancy and were not represented at that
time. Since then, graduate students have been recruited into the structural mechanics
programs and several new projects have been initiated. Since July of 1989, the LA%ST
program has operated with full participation from all faculty and graduate students, as
outlined in the last four progress reports®!! and three grant renewal proposals!!>!4, Two
2-day Grant Review Meetings were held in June of 1990 and 1991 at the Langley Research
Center, with over 25 faculty and graduate students from UVa participating.

In October of 1991, Dean E.A. Starke proposed a substantial enhancement to the base
LA’ST Program!™!. The objective of this supplement is to involve UVa faculty with
engi'neering scientists from aluminum alloy producers and airframe manufacturers in a broad
research program to develop aluminum alloys and composites for elevated temperature high

speed civil transport applications. This research will begin in January of 1992,




Problem and Needs

. Future aerospace structures require high performance light alloys and metal matrix
composites with associated processing and fabrication techniques; new structural design
methods and concepts with experimental evaluations; component reliabilitS?/durability/damage
tolerance prediction procedures; and a pool of masters and doctoral level engineers and
scientists. Work on advanced materials and structures must be interdisciplinary and
integrated. The thermal and chemical effects of aerospace environments are particularly
important to material performance. Nationally, academic efforts in these areas are limited.
The NASA-UVa Light Aerospace Alio'y' and Structures Technology Program addresses these
needs. ' ' ‘ e

"~ LA?ST Program

As detailed in the original proposal® and affirmed in the most recent renewal
document!!¥l, faculty from the Departments of Materials Science and Engineering, Mechanical
and Aerospace Engineering, and Civil Engineering and Applied Mechanics at UVa are
participating in the LA?ST research and education program focused on .high performance,
light weight, aerospace alloys and structures. We aim to develop long term and
interdisciplinary collaborations between graduate students, UVa faculty, and NASA-Langley
researchers. '

Our research efforts are producing basic understanding of materials performance, new
monolithic and composité alloys, advanced processing methods, solid and fluid mechanics
analyses, and measurement advances. A major product of the LA2ST program is graduate
students with interdisciplinary education and research experience in materials science,
* mechanics and mathematics. These advances should enable various NASA technologies.
The scope of the LAZST Program is broad. Four research areas are being

investigated, including:

00 Mechanical and Environmental Degradation Mechanisms in Advanced Light Metals
and Composites, .

oo Aerospace Materials Science,
. 00 Mechanics of Materials and Composites for Aerospace Structures,

oo Thermal Gradient Structures.



Sixteen specific research projects are ongoing within these four areas and are reported
here. These projects involve 11 faculty, 1 research associate and 15 graduate students. The
majority of the graduate students are at the doctoral level (12 of 15) and all are citizens of
the United States. In each case the research provides the basis for the thesis or dissertation '
requirement of graduate studies at the University of Virginia. Each project is developed in
conjunction with a specific LaRC researcher. Research is conducted at either UVa or LaRC,
and under the guidance of UVa faculty and NASA staff. Participating students and faculty
are closely identified with a NASA-LaRC branch.

A primary goal of the LA2ST Program is to foster interdiséipli‘nary resé;lrch. To this
end, many of the research projects share a common focus on the same next gederation light
alloys and composites, and on light and reusable aerospace structures which will be subjected
to aggressive terrestrial and space environments. Emphasis is placed on both cryogenic and
elevated temperature conditions, with severe thermal gradients typicil of tankage structures.

Organization of Progress Report

"This progress report first provides LA®ST Program administrative inforﬁation
including statistics on the productivity of faculty and graduate student participants, a history
of current and graduated students, refereed or archival publications, and a list of ongoing
projects with NASA and UVa advisors. Sixteen sections summarize the technical
accomplishments of each research project, emphasizing the period from July 1st to December
31, 1991. Appendices document grant-sponsored publications, conference participation,
abstracts of technical papers published during this reporting period, and citations of all
LAZST Progress Reports.
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SUMMARY STATISTICS
Table I documents the numbers of students and faculty who participated in the LA2ST

Program, both during this reporting period and since the program inception in 1986.
Academic and research accomplishments are indicated by the degrees awarded, publications
and presentations. Specific graduate students and research associates who participated in the

LA?ST Program are named in Tables II and III, respectively. ‘

TABLE I: LA’ST Program Statistics

Current Cumulative
7/1/91 to 12/31/91 - 1986 to 12/31/91

PhD Students--UVa; 11 14
--NASA-LaRC: 1 1

MS Students--UVa: ' 2 4
--NASA: 1 » 1

--VPI: 0 1
Undergraduates--UVa: 1 4
.--NASA-LaRC: 0 . 4

Faculty--UVa: 11 11
--VPI: 0o 1
Research Associates--UVa: 1 ) 4
PhD Awarded: 0 3
MS Awarded: 0 3



TABLE I: LA’ST Program Statistics (continued)

Employers--NASA:
--Federal:
--University:
--Industry:

--Next degree:

Publications:
Presentations:
Dissertations/Theses:

NASA Reports:

Current
1/1/91 to 6/30/91

Cumulative
1986 to 6/30/91

SO OO0

DN = O ==

48

11
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GRADUATE STUDENT
EMPLOYER

R. S. Piascik

NASA-Langley

J. P. Moran
NIST

R. G. Buchheit
Sandia National
Laboratories
D. B. Gundel

Ph.D.-Uva

F. Rivet (VPI)

C. Copper
Ph.D.-Uva

J. A. Wagner
NASA-Langley

W. C. Porr, Jr.

ENTERED
PROGRAM

6/86

9/88

6/87

9/88

9/88

4/89

6/87

1/88

TABL

m

1!

2

GRADUATE STUDENT PARTICIPATION IN THE NASA-UVa LA ST PROGRAM

DEGREE
COMPLETED

Ph.D.
10/89

Ph.D.
12/89

Ph.D.
12/90

M.S.
12/90

M.S.
12/90

M.S.

12/90

Ph.D.

Ph.D.

January, 1

LANGLEY

RESIDENCY

PhD Research
@ LaRC

RESEARCH TOPIC

Damage Localization Mechanisms in
Corrosion Fatigue of Aluminum-Lithium
Alloys

An Investigation of the Localized
Corrosion and Stress Corrosion Cracking
Behavior of Alloy 2090

Measurements and Mechanisms of Localized
Aqueous Corrosion in Aluminum-Lithium
Alloys

Investigation of the Reaction Kinetics
Between SiC Fibers and Titanium Matrix

Composites

Deformation and Fracture of Aluminum-
Lithium Alloys: The Effect of Dissolved
Hydrogen

Design of Cryogenic Tanks for Space
Vehicles

Temperature Effects on the
Deformation and Fracture of
Al-Li-Cu-In Alloys

Elevated Temperature Facture of
an Advanced Powder Metallurgy
Atuminum Alloy '

UVa/NASA-LaRC
ADVISORS

R.
D.

P. Gangloff
L. Dicus

E. Stoner

. B. Lisagor

E. Stoner

D. L. Dicus

R.
D.

W.
J.
D.

E. Wawner
B. Brewer

E. Swanson (VPI)
L. Dicus

D. Pilkey
K. Haviland
R. Rummler

M.J. Shuart

R.

P. Gangloff

W. B. Lisagor

. C. Newman

. P. Gangloff

E. Harris
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GRADUATE STUDENT
EMPLOYER
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C. L. Lach
NASA-Langley

R. J. Kilmer

M. F. Coyle

C.J. Lissenden

C. Cooper

ENTERED
PROGRAM

9/88

9/89

9/89

11789

12/89

9/90

/91

TABLE 11 (continued)
GRADUATE STUDENT PARTICIPATION IN THE NASA-UVa LAZST PROGRAM

DEGREE

COMPLETED

Ph.D.

Ph.D.

M.S.

Ph.D.

Ph.D.

Ph.D.

Ph.D.

(continued)

LANGLEY
RESIDENCY

MS Research
aLaRC

RESEARCH TOPIC

Quantitative Characterization of the
Spatial Distribution of Particles
in Materials

Environment Enhanced Fatigue of
Advanced Aluminum Alloys and Composites

Effect of Temperature on the
Fracture Toughness of
weldalite™ 049

Effect of Zn Additions on the
Environmental Stability of
Alloy 8090

Visoplastic Response of High
Temperature Structures

Inelastic Response of Metal
Matrix Composites Under .
Biaxial Loading

Shell Structures
Analytical Modeling

Uva/NASA-LaRC
ADVISORS

J. A. Wert
D. R. Tenney

R. P. Gangloff
D. L. Dicus

R.P. Gangloff
W. B. Li;agor

G. E. Stoner
W. B. Lisagor

E. A. Thornton
J.H. Starnes

C.T. Herakovich
M.dJ. Pindera
W.S. Johnson

W. D. Pilkey
J. K. Haviland
M. Shuart

J. Stroud
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Douglas Wall

S. W. Smith

D. B. Gundel

K. McCarthy

M. Lyttle

T. Johnson

4/9

4/91

4/N

5/91

12/91

12/

TABLE 11 (continued)

2

GRADUATE STUDENT PARTICIPATION IN THE NASA-UVa LA ST PROGRAM

(continued)

Ph.D.

Ph.D.

Ph.D.

MS

MS

Ph.D. (NASA
Minority
Grantee)

Measurements and Mechanisms
of Localized Corrosion in
Al-Li-Cu Alloys

Hydrogen Interactions with
Al-Li Alloys

Effect of Thermal Exposure
on the Mechanical Properties
of Titanium/SiC Composites

Shell Structures
Analytical Modeling
Superplasticity in Al-Li-Cu

Alloys
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TABLE III

Res. Assoc.

Employer Tenure
Yang Leng 3/89 to 12/91

Farshad Mizadeh 7/89 to '12/81

A.K.Mukhopadhyay 6/91 to 6/92

Sang-Shik Kim  12/91

in NASA-UVA LAZST Program
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C. T. Herako?ich
and
Marek-Jerzy Pindera

E. A. Starke, Jr.
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GRANT PUBLICATIONS (REFEREED JOURNALS AND ARCHIVAL PROCEEDINGS)

The following papers were based on research conducted under LA2ST Program

support, and were published in the referred or archival literature.

19.

18.

17.

16.

15.
14.

13.

12.

11.

R.P. Gangloff, R.S. Piascik, D.L. Dicus and J.C. Newman, "Fatigue Crack
Propagation in Aerospace Aluminum Alloys", Journal of Aircraft, in press (1991).

R.G. Buchheit, Jr., J.P. Moran, F.D. Wall,"and G.E. Stoner, "Rapid Anodic

Dissolution Based SCC of 2090 (Al-Li-Cu) by Isolated Pit Solutions," Proceedings, -

Parkins Symposium on Stress Corrosion Cracking, TMS-AIME, Warrendale, PA, in
press (1991).

R.J. Kilmer, T.J. Witters and G.E. Stoner, "Efféct of Zn Additions on the
Precipitation Events and Implications to Stress Corrosion Cracking Behavior in Al-Li-
Cu-Mg-Zn Alloys", Proceedings of the Sixth International Al-Li Conference, in press
(1991).

C.J. Lissenden, M-J. Pindera, and C.T. Herakovich, "Stiffness Degradation of SiC/Ti
Tubes Subjected to Biaxial Loading with Damage", Int. J. Composites Science and

Technology, in press (1991).

E.A. Thornton and J.D. Kolenski, "Viscoplastic Response of Structures with Intense
Local Heating", Journal of Aerospace Engineering, in press (1991).

C.T. Herakovich and J.S. Hidde, "Response of Metal Matrix Composites with
Imperfect Bonding", Ultramicroscopy, in press (1991).

R.P. Gangloff, D.C. Slavik, R.S. Piascik and R.H. Van Stone, "Direct Current
Electrical Potential Measurement of the Growth of Small Fatigue Cracks", in Small
Crack Test Methods, ASTM STP, J.M. Larsen and J.E. Allison, eds., ASTM,
Philadelphia, PA, in press (1991). :

R.J. Kilmer and G.E. Stoner, "The Effect of Trace Additions of Zn on the
Precipitation Behavior of Alloy 8090 During Artificial Aging", Proceedings, Light
Weight Alloys for Aerospace Applications II, E.W. Lee, ed., TMS-AIME,
Warrendale, PA, pp. 3-15, 1991.

W.C. Porr, Jr., Anthony Reynolds, Yang Leng and R.P. Gangloff, "Elevated
Temperature Cracking of RSP Aluminum Alloy 8009: Characterization of the

Environmental Effect", Scripta Metallurgica et Materialia, Vol. 25, pp. 2627-2632 .

(1991).
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10.

J. Aboudi, J.S. Hidde and C.T. Herakovich, "Thermo-mechanical Response
Predictions for Metal Matrix Composites”, in Mechanics of Composites at Elevated
and Cryogenic Temperatures, S.N. Singhal, W.F. Jones and C.T. Herakovich, eds.,
ASME AMD, Vol. 118, pp. 1-18 (1991).

R.S. Piascik and R.P. Gangloff, "Environmental Fatigue of an Al-Li-Cu Alloy: Part
I - Intrinsic Crack Propagation Kinetics in Hydrogenous Environments”, Metall,
Trans. A, Vol. 22A, pp. 2415-2428 (1991).

W.C. Porr, Jr., Y. Leng, and R.P. Gangloff, "Elevated Temperature Fracture
Toughness of P/M Al-Fe-V-Si", in Low Density, High Temperature Powder
Metallurgy Alloys, W.E. Frazier, M.J. Koczak, and P.W. Lee, eds., TMS AIME,
Warrendale, PA, pp 129-155 (1991) :

Yang Leng, William C. Porr, Jr. and Richard P. Gangloff, "Time Debéndent Crack
Growth in P/M Al-Fe-V-Si at Elevated Temperatures", Scripta Metallurgica et
Materialia, Vol. 25, pp. 895-900 (1991).

R.J. Kilmer and G.E. Stoner, "Effect of Zn Additions on Precipitation During Aging
of Alloy 8090", Scripta Metallurgica et Materialia, Vol. 25, pp. 243-248 (1991).

D.B. Gundel and F.E. Wawner, "Interfacial Reaction Kinetics of Coated SiC Fibers",
Scripta Metallurgica et Materialia, Vol. 25, pp. 437-441 (1991).

R.G. Buchheit, Jr., J.P. Moran and G.E. Stoner, "Localized Corrosion Behavior of
Alloy 2090-The Role of Microstructural Heterogeneity", Corrosion, Vol. 46, pp. 610-
617 (1990).

Y. Leng, W.C. Porr, Jr. and R.P. Gangloff,-"Tensile Deformation of 2618 and Al-
Fe-Si-V Aluminum Alloys at Elevated Temperatures”, Scripta Metallurgica et
Materialia, Vol. 24, pp. 2163-2168 (1990). ‘

R.P. Gangloff, "Corrosion Fatigue Crack Propagation in Metals", in Environment
Induced Cracking of Metals, R.P. Gangloff and M.B. Ives, eds., NACE, Houston,
TX, pp. 55-109 (1990).

R.S. Piascik and R.P. Gangloff, "Aqueous Environment Effects on Intrinsic
Corrosion Fatigue Crack Propagation in an Al-Li-Cu Alloy", in Environment Induced
Cracking of Metals, R.P. Gangloff and M.B. Ives, eds., NACE, Houston, TX, pp.
233-239 (1990).
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COMPLETED PROJECTS

1. DAMAGE LOCALIZATION MECHANISMS IN CORROSION FATIGUE OF
ALUMINUM-LITHIUM ALLOYS
Faculty Investigator: R.P. Gangloff
Graduate Student: Robert S. Piascik
Degree: PhD
UVa Department: Materials Science
NASA-LaRC Contact: D. L. Dicus (Metallic Materials)
Start Date: June, 1986 ‘
_Completion Date: November, 1989
Employment: NASA-Langley Research Center

2. AN INVESTIGATION OF THE LOCALIZED CORROSION AND STRESS
CORROSION CRACKING BEHAVIOR OF ALLOY 2090 (Al -Li-Cu)
Faculty Investigator: Glenn E. Stoner
Graduate Student: James P. Moran
Degree: PhD
UVa Department: Materials Science
NASA-LaRC Contact: W.B. Lisagor (Metallic Materials)
Start Date: September, 1988
Completion Date: December, 1989
Co-Sponsor: ALCOA
Employment: ALCOA Laboratories

3. MECHANISMS OF LOCALIZED CORROSION IN AL-LI-CU ALLOY 2090

Faculty Investigator: G.E. Stoner

Graduate Student: R.G. Buchheit

Degree: PhD

UVa Department: Materials Science

NASA-LaRC Contact: D.L. Dicus (Metallic Materials)

Start Date: June, 1987

Completion Date: December, 1990
. Cosponsor: Alcoa

Employment: Sandia National Laboratories
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4. DEFORMATION AND FRACTURE OF ALUMINUM-LITHIUM ALLOYS: THE
EFFECT OF DISSOLVED HYDROGEN
_Faculty Investigator: R.E. Swanson (VPI)
Graduate Student: Frederic C. Rivet
Degree: MS
VPI Department: Materials Engineering at VPI
NASA-LaRC Contact: D.L. Dicus (Metallic Materials)
Start Date: September, 1988
Completion Date: December, 1990
Employment: Not determined

5. INVESTIGATION OF THE REACTION KINETICS BETWEEN SiC FIBERS AND
SELECTIVELY ALLOYED TITANIUM MATRIX COMPOSITES AND
DETERMINATION OF THEIR MECHANICAL PROPERTIES

Faculty Investigator: F.E. Wawner

Graduate Student: Douglas B. Gundel

Degree: MS '

UVa Department: Materials Science

NASA-LaRC Contact: D.L. Dicus and W.B. Brewer (Metallic Materials)

Start Date: January, 1989

Completion Date: December, 1990

Employment: Graduate School, University of Virginia; PhD candidate on
LA’ST Program; Department of Materials Science

6. DESIGN OF CRYOGENIC TANKS FOR SPACE VEHICLES

Faculty Investigators: W.D. Pilkey and J.K. Haviland

Graduate Student: Charles Copper

Degree: MS

UVa Department: Mechanical and Aerospace Engineering

NASA-LaRC Contact: Drs. D.R. Rummler (Structural Mechanics Division), R.C.

Davis and M.J. Shuart (Aircraft Structures)

Start Date: Apnl 1989

Completion Date: December, 1990

Employment: Graduate School, University of Virginia; PhD candidate on NASA-
Headquarters sponsored program; Department of Mechanical and
Aerospace Engineering
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ADMINISTRATIVE PROGRESS

Faculty Participation
Professor Edgar A. Starke, Jr., Dean of the School of Engineering and Applied

Science, initiated a major research and engineering program on "Aluminum Based Materials
for High Speed Aircraft”, as a supplement to the LA2ST Program.!l This work, involving
four UVa faculty and engineering-scientists from six industrial laboratories, will begin in
January of 1992.

Brochure : , | - }

A brochure was prepared in March of 1991 to advertise the LA2ST program. Our
aim is to nationally distribute this information to Universities and industries in'the aerospace
materials and mechanics communities. 250 copies have been circulated to date. All layout,
printing and mailing costs were paid by the School of Engineering and Applied Science, and
by the Materials Science Department at UVa.

Student Recruitment ‘

The LA?ST Program continues to recruit the best graduate students entering the -
participating Departments at UVa, and in sufficient numbers to achieve our education and:;
research objectives. Three graduate students were recruited during the first half of 1991 and
one new graduate student, Mr. Mark Lyttle, was recruited by Professor Wert during this..
reporting period to work on superplasticity in Al-Li-Cu alloys. ‘

In April of 1990, the LA2ST Program was increased in scope to include undergraduate '
engineering students”. While four students from North Carolina State and California
Polytechnic State Universities, worked at NASA-LaRC during the Summer of 1990, there
were no qualified applicants for the 1991 program. Efforts to recruit undergraduates for the
Summer of 1992 have been intensified. The brochure was mailed to about 60 materials and
mechanics departments in December of 1991; applications are beginning to arrive at UVa.

Complementary Programs at UVa

The School of Engineering and Applied Science at UVa has targeted materials and
structures research for aerospace applications as an important area for broad future growth.
The LAZST Program is an element of this thrust. Several additional programs are of benefit
to LA2ST work. '

The Board of Visitors at UVa awarded SEAS an Academic Enhancement Progr;tm ‘

Grant in the area of Light Thermal Structures. The aim is to use University funds to seed
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the establishment of a world-class center of excellence which incorporates several SEAS
Departments. This program is lead by Professor Thornton and should directly benefit
NASA.

The Light Metals Center has existed within the Department of Materials Science at
UVa for the past several years under the leadership of Professor H.G.F. Wilsdorf, and upon
his retirement, by Dean Starke. A Virginia Center for Innovative Technology Development
Center in Electrochemical Science and Engineering was established in 1988 with Professor
G.E. Stoner as Director. Professors Pllkey, Thornton and Gangloff are conducting research
under NASA- Headquarters Grant sponsorshlp to examine "Advanced Concepts for Metallic
Cryo-thermal Space Structures"?4l. Research within this program is complementing LA2ST
studies.

References

1. R.P. Gangloff, E.A. Starke, Jr., J.M. Howe and F.E. Wawner, "NASA-UVa Light

: Aerospace Alloy and Structures Technology Program: Supplement on Aluminum

Based Materials for High Speed Aircraft", University of Virginia, Proposal No. MS
NASA/LaRC-5215-92, October, 1991.

2. R.P. Gangloff, "NASA-UVa Light Aerospace Alloy and Structures Technology
Program: A Supplementary Proposal”, University of Virginia, Proposal No. MS
NASA/LaRC-4677-90, April, 1990.

3. W.P. Pilkey, "Advanced Concepts for Metallic Cryo-thermal Space Structures",
University of Virginia Proposal No. MAE-NASA/HQ-4462-90, August, 1989.

4. W.P. Pilkey, "Advanced Concepts for Metallic Cryo-thermal Space Structures",
University of Virginia Report No. UVA/528345/MAE91/101, February, 1991.
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CURRENT PROJECTS

MECHANICAL AND ENVIRONMENTAL DEGRADATION MECHANISMS
IN ADVANCED LIGHT METALS AND COMPOSITES

1. ENVIRONMENTAL FATIGUE CRACK GROWTH AND CRACKING
MECHANISMS IN Al-Li-Cu Alloy 2090
Faculty Investigator: R.P. Gangloff
Graduate Student: Donald Slavik; PhD Candidate .
UVa Department: Materials Science and Engineering (MS&E)
NASA-LaRC Contact: D.L. Dicus (Metallic Materials)
Start Date: September, 1989
Anticipated Completion Date: December, 1992
Project #1

2.  ENVIRONMENTAL EFFECTS IN FATIGUE LIFE PREDICTION: MODELING
CRACK PROPAGATION IN TITANIUM ALLOYS ‘ :

Faculty Investigator: R.P. Gangloff
Graduate Student: To be appointed in 6/92
Post Doctoral Research Associate: Dr. Sang Kim
UVa Department: MS&E
NASA-LaRC Contact: R.S. Piascik (Mechanics of Materials)
Start Date: January, 1992 (New project not reported here)
Anticipated Completion Date: December, 1994
Project #2

3. ELEVATED TEMPERATURE FRACTURE OF AN ADVANCED RAPIDLY
SOLIDIFIED, POWDER METALLURGY ALUMINUM ALLOY
Faculty Investigator: R.P. Gangloff
Graduate Student: William C. Porr, Jr.; PhD candidate
UVa Department: MS&E
NASA-LaRC Contact: C.E. Harris (Mechanics of Materials)
Start Date: January, 1988
Anticipated Completion Date: June, 1992
Project #3
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4. ELEVATED TEMPERATURE CRACK GROWTH IN ADVANCED ALUMINUM
ALLOYS ‘
Faculty Investigator: R.P. Gangloff
Research Associate: Dr. Yang Leng
Graduate Student: None
UVa Department: Materials Science
NASA-LaRC Contact: C.E. Harris (Mechanics of Materials)
Start Date: March, 1989
Completion Date: December, 1991
Project # 3

5. ELEVATED TEMPERATURE DAMAGE TOLERANCE OF ADVANCED
POWDER METALLURGY ALUMINUM ALLOYS '
Faculty Investigator: R.P. Gangloff
Graduate Student: To be appointed
UVa Department: MS&E
NASA-LaRC Contact: To be named (Mechanics of Matenals)
Start Date: July, 1992 (New project not reported here)
Completion Date: July, 1995
Project #4

6. CRYOGENIC TEMPERATURE EFFECTS ON THE DEFORMATION AND
FRACTURE OF Al-Li-Cu-In ALLOYS
Faculty Investigator: R.P. Gangloff
Graduate Student: John A. Wagner; PhD candidate and NASA-LaRC
employee
UVa Department: MS&E
NASA-LaRC Contacts: W.B. Llsagor (Metallic Materials) and J.C. Newman
(Mechanics of Materials)
Start Date: June, 1987
Anticipated Completion Date: May, 1993
Project #5

7. THE EFFECT OF CRYOGENIC TEMPERATURE ON THE FRACTURE
TOUGHNESS OF WELDALITE™
Faculty Investigator: R.P. Gangloff
Graduate Student: Cynthia L. Lach; MS candidate and NASA-LaRC employee
UVa Department: MS&E
NASA-LaRC Contacts: W.B. Lisagor (Metallic Materials)
Start Date: August, 1990
Anticipated Completion Date: May, 1993
Project #6 -

18



8. MECHANISMS OF LOCALIZED CORROSION IN Al-Cu-Li-Mg-Ag ALLOY
X2095 AND COMPOSITIONAL VARIATIONS
Faculty Investigator: G.E. Stoner
Graduate Student: Douglas Wall; PhD candidate
UVa Department: MS&E a
NASA-LaRC Contact: D.L. Dicus (Metallic Materials)
Start Date: April, 1991
Completion Date: May, 1994
Cosponsor: Reynolds Metals Company
Project #7 :

9. EFFECTS OF Zn ADDITIONS ON THE PRECIPITATION AND STRESS
CORROSION CRACKING BEHAVIOR OF ALLOY 8090 -
Faculty Investigator: Glenn E. Stoner
Graduate Student: Raymond J. Kilmer; PhD candldate
Department: MS&E
NASA-LaRC Contact: W.B. Lisagor (Metallic. Materials)
Start Date: September, 1989
Anticipated Completion Date: December, 1992
Cosponsor: Alcoa
Project #8

10. HYDROGEN INTERACTIONS IN ALUMINUM-LITHIUM ALLOY 2090 AND
SELECTED COMPLIMENTARY MODEL ALLOYS
Faculty Investigator: John R. Scully
Graduate Student: Stephen W. Smith; PhD Candidate
Department: MS&E
NASA-LaRC Contact: W.B. Lisagor and D.L. Dicus (Metallic Materlals)
Start Date: April, 1991
Anticipated Completion Date: To be determined
Cosponsor: Virginia CIT
Project #9

AEROSPACE MATERIALS SCIENCE

11. INVESTIGATION OF THE EFFECT OF THERMAL TREATMENT ON THE
MECHANICAL PROPERTIES OF Ti-1100/SCS-6 COMPOSITES
Faculty Investigator: F.E. Wawner
Graduate Student: Douglas B. Gundel; PhD candidate
UVa Department: MS&E
NASA-LaRC Contact: D.L. Dicus and W.B. Brewer (Metalhc Materials)
Start Date: April, 1991
Anticipated Completion Date: June, 1993
Project #10
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12. QUANTITATIVE CHARACTERIZATION OF THE SPATIAL DISTRIBUTION OF
PARTICLES IN MATERIALS: APPLICATION TO MATERIALS PROCESSING
Faculty Investigator: John A. Wert '
Graduate Student: Joseph Parse; PhD candidate
UVa Department: Materials Science
NASA-LaRC Contact: D.R. Tenney (Materials D1v151on)
Start Date: September, 1988
Anticipated Completion Date: December, 1991
Project #11

13. PROCESSING AND SPF PROPERTIES OF WELDALITE™ SHEET
Faculty Investigator: John A. Wert ~
Graduate Student: Mark Lyttle; MS Candidate
UVa Department: MS&E
NASA-LaRC Contact: T. Bayles (Metallic Materials)
Start Date: September, 1991
Anticipated Completion Date: September 1993
Project #12

14. DEVELOPMENT OF LOW ALLOY HIGH STRENGTH ALUMINUM

Faculty Investigator: E.A. Starke, Jr.

Post Doctoral Research Associate: A. K Mukhopadhyay

UVa Department: MS&E

NASA-LaRC Contact: W.B. Lisagor (Metallic Materials)

Start Date: April, 1991

Anticipated Completion Date: Transferred to Grant Supplement on High Speed
CivilTransport Alloys; Completionisprojected
for December of 1994.

Project #13

MECHANICS OF MATERIALS FOR AEROSPACE STRUCTURES

14. INELASTIC RESPONSE OF METAL MATRIX COMPOSITES UNDER BIAXIAL
LOADING
Faculty Investigators: Carl T. Herakovich and Marek-Jerzy Pindera
Graduate Student: Mr. Clifford J. Lissenden, PhD Candidate
UVa Department: Civil Engineering and the Applied Mechanics Program
NASA-LaRC Contact: W.S. Johnson (Mechanics of Materials)
Start Date: September, 1990
Anticipated Completion Date: May, 1993
Project #14 . 4
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THERMAL GRADIENT STRUCTURES

15.  EFFECT OF TEMPERATURE ON THE RESPONSE OF METALLIC SHELL
STRUCTURES
Faculty Investigators: W.D. Pilkey and J.K. Haviland
Graduate Student: Karen McCarthy; MS candidate
Graduate Student: Theodore Johnson; PhD candidate (NASA Minority
Grantee)
Graduate Student: Charles Copper; PhD Candldate
UVa Department: Mechanical and Aerospace Engineering
NASA-LaRC Contact: Drs. M.J. Shuart and Jeffrey Stroud (Alrcraft
Structures)
Start Date: April, 1991
Anticipated Completion Date: December, 1992
Project #15

16. EXPERIMENTAL STUDY OF THE NONLINEAR VISCOPLASTIC RESPONSE
OF HIGH TEMPERATURE STRUCTURES
Faculty Investigator: Earl A. Thornton
Graduate Student: Marshall F. Coyle; PhD candidate
Undergraduate Student: Ms. Yool Kim
UVa Department: Mechanical and Aerospace Engineering
NASA-LaRC Contact: James H. Starnes, Jr. (Aircraft Structures)
Start Date: January, 1990
Anticipated Completion Date: To be determined
Project #16
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RESEARCH PROGRESS AND PLANS  (July 1 to December 31, 1991)

Research progress, recorded during the period from July 1, 1991 to December 31,
1991, is summarized by Project in the following sections.

Project 1 Environmental Fatigue Crack Growth and Cracking Mechanisms in Al-Li-
Cu Alloy 2090

Donald C. Slavik and Richard P. Gangloff

Objective .
The broad objectives of this PhD research are: (a) to expand the environmental fatigue

data base with intrinsic and chemically correct FCP data for Al-Li-Cu alloys, (b) to
physically understand intrinsic process zone damage, and (c) to incorporate observations into
an environmental fatigue crack growth rate model. Mr. Slavik recently completed the formal
Proposaquor his PhD research. This report, presented here, identiﬁes critical uncertainties,
summarizes experimental and analytical approaches and data obtained to date, and outlines

the tasks remaining to complete the PhD degree.

Backeround--Fatigue Crack Growth Behavior

Crack growth rates for Al-Li-Cu-X aﬂbys are dramatically affected by environment!!)
and crack closure®?!, Microstructural'interactions with environmental crack growth are
equally important, but are not well understood.

Crack Closure, the premature contact of fatigue crack faces during unloading,
dominates FCP in Al-Li alloys at low stress intensity ranges and low R-ratios (R =
K.i./K

growth rates can only be established when crack closure is understood. Crack closure must

)Pl The influence of environment and microstructure on intrinsic fatigue crack

be precisely measured and interpreted, which is difficult™®*), or minimized with high mean

stress experiments!"®l. The majority of such work has focused on FCP in the Al-Li-Cu/moist
air system, without regard for environment-closure interactions.

Environmen: dramatically affects fatigue cracking in Al-Li-Cu alloys; Figure 1!,

Intrinsic growth rates were measured for peak aged 2090 in inert, moist air, and aqueous
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NaCl environments. Moist air is aggressive compared to vacuum, and aqueous NaCl is
aggressive compared to moist air. It is not known if Weldalite or other Al-Li-Cu alloys
behave éimilarly. Microstructure should affect environment-sensitive intrinsic crack growth
rates, but this has not been substantiated. |
Microstructure can be dramatically changed in Al-Li alloys with alloying elements or

(.81 The role of microstructure on FCP in Al-Li was

by thermomechanical processing
documented for FCP in moist air®!9 and inert environments!!!!, and for stress corrosion
cracking in aqueous NaCl™'>13 - Microstructure has not, however, been- varied
systemafically to understand environmental fatigue crack growth rates; particularly intrinsic
properties and causal damage mechanisms. '
Environmental Fatigue Behavior-Questions and Needs The following uncertainties

must be resolved. .

(1) How do environmental fatigue crack growth rates compare for unrecrystallized 2090
sheet, 2090 plate, and Weldalite? _

(2) Are crack growth rates and microscopic crack paths different for recrystallized and
unrecrystallized grain structures? Can model systems be developed to expand understanding
of corrosion fatigue in ‘Al-Li-Cu?

(3) How is crack closure effectively eliminated to establish intrinsic fatigue crack growth

" rate data?

Background-Process Zone Damage and Crack Growth Rate Modelling
Process Zone Damage Models  Prediction of environmental fatigue crack growth

rates requires an understanding of crack tip damage mechanisms. During fatigue cycling,
intense reverse plastic flow at the crack tip produces a cyclic plastic zone. Stable crack
extension defines the process zone, consuming a portion of the cyclic plastic zone; the
definition of the precise process zone is unclear. Crack growth rate calculations require the
process zone stress gradient, the plastic strain gradient, and a stress/strain-life relationship.
Finite element methods established monotonic stress and strain distributions, and cyclic
plastic zone sizes and estimates of crack tip plastic strain rangel'¥l. Crack tip fields and the
process zone may be affected by environment.

Direct crack tip damage measurements are extremely difficult, thus limitiAng model

development. The process zone is small (0.1 to 50 pm size), stress/strain gradients are large,
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and crack tip damage is difficult to directly probe.

Since process zone measurements are not available, assumptions are required.
Mechanical FCP models assume either a constant process’ zone size of microstructural
dimensions!!>1°1 or a process zone size based on a critical strain”.  The role of
environment in process zone damage, be it hydrogen embrittlement or anodic dissolution and
repassivation, is not well understood. .

Inert Environment Crack Growth Modelling {111} crack paths have been identified
for 2090 FCP in inert!!” and moist air!"® environments. Localized and intense slip bands
form in 2090 due to easy shearing of 'th'é coherent &’ (Al;Li) precipitate. Once &’ is sheared,
further dislocation motion progresses on the slip plane resulting in local strain accumulation
and eventual {111} cracking. A single damage mechanism is activated and a single Paris
Law exponent is observed (Figure 1).

Microstructure generally does not influence intrinsic FCP rates for metals in truly
inert environments!’®}, but this has not been established for Al-Li-Cu alloys. Changes in:slip
length due to the subgrain size, the grain size, dispersoids (Al;Zr), and perhaps T, (Al,CuLi)
have not been considered in establishing microstructural influences on inert environment
fatigue crack growth. It is not known how cracking proceeds in an Al-Li-Cu alloy without
the &° precipitate (e.g., Weldalite!?). . .

Hydrogen Producing Environments and Crack Growth Modelling Aggressive
environments control damage within the process zone for alloys and microstructure that are
susceptible. Selective anodic dissolution of the electrochemically active T, precipitate was
found for 2090 in aqueous NaCl!®l. Since hydrogen production accompanies anodic
dissolution in aluminum alloys at most electrode potentials, either mechanism may explain
crack growth in 2090. For example, at low AK, hjdrogen embrittlement, including brittle
hydride formation?” perhaps produces {100} cleavage cracks!!”l. For larger AK and process
zone size, dislocation transport hydrogen to subboundary T, may supply hydrogen for
intersubgranular cracking.

Varying amounts of unique microscopic cracking mechanisms are the cause for
changes in da/dN-AK slopes for 2090 plate in moist air and NaCI!'” (Figure 1). Different
cracking mechanisms, with individual growth kinetics, can operate in parallel for corrosion
fatigue!!). The measured crack growth rate is a superposition of the FCP kinetics for each a

mechanism times the area fraction of each process (8)!!7);
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da/dN @ 0, AK"M + €00 AK™I0 + @, . AKr(EubEin
where n{111}, n{100}, and n(subgrain) correspond to the exponents representative of slip
band cracking, cleavage cracking, and intersubgranular cracking, respectively. The challenge
is to develop microscopic mechanism-based models for n; and ;. This crack growth rate
modeling framework was proposed for 2090 plate. The existing model is speculative,
applicable to a single 2090 microstructure, requires adjustable parameters, and does not -
include a quantitative failure cﬁteﬁa for hydrogen environments. Further work is needed.
Process Zone Modeling-Questions and Needs The following uncertainties must be
resolved in order to model environmental FCP. |

(1) What determines the process zone? Is process zone size a constant based on
microstructural features and slip length, or does the size increase with AK on a critical plastic
strain basis? Are "striations" observed in Al-Li-Cu alloys? Why are striations formed and
do they correspond to the process zone size? | 4

(2) How does cracking proceed within the process zone: contimiously per load cycles or
discontinuously after damage accumulation?

(3) Why do {100} cleavage facets form? Do hydrides with a {100} habit form in 2090
or Weldalite? Is the {100} facet orientation consistent with unrecrystallized textures? What
causes intersubgranular cracking? Does it occur in unrecrystallized 2090 sheet, 2090 plate,
and Weldalite? What are the cracking mechanisms for a recrystallized microstructure with
no subgrain path?

(4) Do precipitates affect environmental FCP mechanisms? Does a §’+ @’ + T, alloy
| (2090) behave differently than a @’ + T, + S’ alloy (Weldalite)?

(5) What causes a change in the slope of da/dN versus AK? Do fractographic mode
changes correlate to Paris slope transitions for different environments and microstructures?

(6) What controls damage or life within the process zone for inert and aggressive
environments? Is uniaxial smooth bar fatigue life at a given strain representative of the

process zone? How are environmental effects correctly included in a process zone failure

criterion?

Objectives
To achieve the broad objectives of the research, specific goals are to: (a) characterizé

commercial unrecrystallized péak aged 2090 sheet, 2090 plate, and Weldalite with intrinsic
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closure-free FCP data for controlled inert and hydrogen bearing environments, (b) establish
microscopic fracture modes, including crystallographic facet orientations, (c) determine the
effect of varying fractions of T, and &’ on environmental FCP rates and cracking modes, (d)
produce model microstructures to provide FCP damage mechanism insight, and (e) establish ‘

a process zone hydrogen embrittlement model.

Approach
The approach to the proposed research-was previously detailed??. In summary global

fatigue crack growth rates will be measured for alloy 2090 aﬁd Wel‘dalitel in inert and
hydrogen producing environments with compact tension and single edge notch specimens.

High mean stress constant K,,,, experiments will be utilized to minimize the influence of

max
crack closure. The inert environment is a dynamic vacuum at better than 1uPa total pressure.
The aggressive environment is a deaerated 1 wt% salt solution at -840 mVge. Potential-
current density measurements will be performed on all microstructures to ensure that this
potential is below the pitting potential. |

The materials are commercially produced (Vintage III) unrecrystallized 2090 sheet,
2090 plate, and Weldalite (obtained from Marshall Space Flight Center through NASA-
.LaRC). Low temperature ages and near peak aged (T8) tempers will be considered.
Transmission electron microscopy (TEM) will be used to identify the type, size, and
distribution of precipitates and subgrains. Texture analysis will be performed to determine
preferred crystallographic orientations.

Recrystallized fine and coarse grain microstructures will be produced with novel

31, Such model structures will be used to probe

thermomechanical processing techniques!®
microstructural and environmental effects on fatigue crack growth rates and microscopic
cracking processes.

High magnification scanning electron fractography will be used to characterize
microscopic fracture modes. Facet orientations will be determined with quantitative stereo-
pairs, crack plane sections, and electron channelling patterns. Resolved shear and normal
stresses on observed cracking planes will be calculated to establish possible failure criteria.
Striations will be identified on crack facets to establish the process zone size and character.

A fatigue crack growth rate model will be developed based on observed crack growth

rates and microscopic cracking modes. Process zone stress and strain distributions will be
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taken from the literature!’¥), A process zone failure criteria will be proposed, based on
environmental fatigue crack growth rates and microscopic cracking modes, and perhaps

independently evaluated.

Results to Date

Crack closure measurements are ideally needed to verify that high mean stress
experiments are closure-free. A small strain gauged plexiglass structure, capable of salt
water submersion, was manufactured and glued to the specimen front face bridging the crack
mouth. Load displacement data from the plexiglass gauge were no.nlin‘ear,v indicative of crack
closure, but the trends did not agree with a conventional clip gauge for an éxpeﬁment in air
casting doubt on the reliability of the plexiglass clip gauge. This technique has not been
pursued, particularly since interpretation of the closure measurements are controversialt**!,

Crack closure levels can be estimated with low R and high K_,, experiments.
Assuming that high R-ratio data are intrinsic, and that the shift of low R (0.1) data is QUe to
crack closure:

Kopen = Krnax - BKegr
Kax 18 the R = 0.1 maximum stress intensity, and AK, is the intrinsic stress intensity range.
A crack growth rate of 6 x 107 mm/cycle was chosen for the calculation. For inert
environments where closure is likely to be highest due to tortuous {111} cracking, K.,
equals 2.3 MPa/m for 2090 sheet and plate. For the high K_,, experiments, stress intensities
are well above this and other calculated crack ciosure levels.

Intrinsic crack growth rates of peak aged (155°C for 18 hours) Vintage III 2090 sheet
and plate were established for inert vacuum, moist air and 1 wt% aqueous NaCl as shown
in Figure 2. Sheet and plate possess similar intrinsic growth rates. Moist air is significantly
more damaging as compared to inert environments with a 3-fold reduction in AKy,. Aqueous
solutions are mildly more aggressive compared to moist air.

The shapes of the intrinsic growth rate curves are environment dependent. For
vacuum_a steep and linear Paris regime is observed. In moist air and salt water, a steep
slope is observed for AK < 2 MPa/m. The slope decreases for 2 MPa/m < AK <5
MPa/m, before increasing for higher AK.

Microstructural characterizations of peak aged 2090 sheet and plate were performed

on planes normal to the T direction with optical and transmission electron metallography.
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An optical micrograph of the grain structure, and a TEM micrograph of subboundary and

matrix T, are shown in figure 3. Average grain widths (S direction) and subgrain sizes are:

Grain Width Subgrain Size
S-Direction (xm) Sx T (um)
2090 Plate 10 to 200 3x 13
2090 Sheet 10 1x5

Subgrains are elongated in the T direétion aﬁd are somewhat smaller in-sheet’compared to
plate. Grains sizes vary considerably in'plate, but are reasonably uﬁiform .in- sheet. The
grains are very long in the L and T directions for sheet and plate (order of millimeters). A
full {111} pole figure provided by the Alcoa Technical Center established that 2090 sheet is
unrecrystallized, exhibiting S, brass and copper texture elements similar to 2090 plate!'”.

T, nucleates on subgrain boundaries and within the matrix on {111} habit ‘planes.
More T, nucleated on subgrain boundaries, but matrix and subgrain T, are typically the same
size. Large subgrain T, plates are occasionally observed. The precipitation of &’ is
uniform, with minimal precipitate free zones near subboundaries. The precipitate
morphologies of sheet and plate 2090 are similar.

Microscopic fatigue crack paths were determined for sheet and plate in vacuf.;vm and
in 1 wt.% NaCl. Large slip band facets were produced by FCP in 2090 plate':‘ih inert
environments (Figure 4a) as reported in the literature!'”). The. facets in 2090 sheet are
smaller, and on multiple planes ( Figure 4b) which are possibly different {111} variants.
Facets are reasonably smooth with no visible striations and fracture modes are not dependent
on AK for 2090 in inert environments, consistent with the single Paris slope.

Cracking mechanisms in the 2090/NaCl system are significantly more complex. SEM
fractographs at selected AK are vshown for 2090 plate in Figure 5. Large facets are observed
(AK = 1.3 MPa/m); Figure 5a. Stereo viewing and metallographic T-plane sections
establish that the facets are stepped in the L-T plane. The T-plane section is shown in figure
6 with a'30° tilt toward the fracture surface. These facets are distinctly different from {111}
facets and have been tentatively identified as {100}!'”). Channelling patterns'****! will be
taken directly from the facet and the sectioned T-plane to determine the precise facet

crystallography. The large grain size model alloys will enable study of crystallographic FCP.
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At higher AK, narrow (possibly {100}) facets form on parallel planes with interface tearing
(Figure 5b). Increased tearing and slip plane cracking are observed for 2090 plate at AK =
8.5MPaJm (Figure 5¢).

2090 sheet/NaCl fractography is shown in Figure 7. Small flat pitted regions are '
observed for AK = 1.3 MPavm; these are possible {100} facets. Flat facets and
intersubgranular crack paths are observed for 2.3 MPa/m < AK < 8.5 Mpa/m. 2090 sheet
has significantly more intersubgranular cracking than 2090 plate. It is not understood why
the fracture mechanisms in 2090 sheet and plate are apparently different, while measured
'grov\-/th rates are similar. - It is possible that MiCroscopic mechanisms doﬂnot strongly
influence intrinsic crack growth rates in aggressive hydrogen producing environments. It is
also possible that the fracture modes in sheet and plate are more similar than they first
appear. If T, dominates corrosion fatigue behavior, transgranular and intergranular fracture
may be equivalent cracking mechanisms since matrix and subgrain Tl are similar. -

Model recrystallized microstructures were developed by overaging, warm rolling, and
solutionizing Vintage III plate 2090), The over age was 4 to 16 hours at 400°C followed
by a furnace cool, and was designed to coarsen precipitates that focus highly local
deformation regions during subsequent rolling. The plate was warm rolled at 300 to 320°C
to €. = -2. This temperature was chosen to minimize edge cracking and dynamic recovery.
A slow 107 °C/second temperature ramp from 250°C to 510°C produced the coarse grain
reérystallized microstructure. The fine grain size was produced by rapid salt bath
solutionizing at 540°C.

Recrystallized microstructures are shown in Figure 8 (Barker’s etch and polarized
light). The fine grains are approximately 25 pm x 25 pum. The coarse grains are
approximately 200 um x 7000 pm (S x T directions). Recrystallization was complete with
uniform through thickness grains. Rolled model microstructures were all resolutioned at
540°C for 1/2 hour, quenched in cold water, stretched to ep = 6%, and aged at 155°C for
18 hours. T, precipitation in the recrystallized microstructures is similar to the conventional
peak aged unrecrystallized microstructures.

" Process zone failure criteria are being considered with high magniﬁcation
fractography and process zone calculations. High magnification fractography is needed to
find striations. Striations in aluminum alloys in aqueous chloride were hypothesized- to

correspond to process zone size!®l, The stationary crack tip is believed to corrode while the
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process zone accumulates cyclic damage and embrittling hydrogen. The process zone
material fails and damage accumulation repeats. A striated plate fracture facet (2090 plate
in NaCl) is shown in Figure 9. Striations have not been observed for high stress intensity
ranges, possibly due to subgrain tearing. A model system without subgrains will be
examined for striations to aid in process zone evaluation.

Shear and tensile stresses, resolved with respect to crystallographic facets, were
predicted with a model that incorporates facet orientation from a metallographic section, grain
orientation from X-ray diffraction, and process zone continuum triaxial stress distributions.
Fatigue facets appear to form along' those {111} planes that are oriented to produce thé
maximum shear stress. {100} type facets appear to form along planes oriented to produce
maximum tensile stress. If broadly true, these results suggest that the failure criteria for inert
environments is shear based for cracking along slip planes, while the failure criteria is normal

stress based for the aggressive environments, typical of hydrogen embrittlement.

Proposed Research ?

The following research is proposed to complete the PhD degree.

Basic material properties will be established with moist air tensile tests, aqueous
chloride polarization scans, and fexture analysis. The monotonic yield stress,selastic
modulus, ultimate stress, fracture strain, and strain hardening exponent will be measured for
all microstructures. Polarization scans will be used to determine pitting potentials. Full
{200} and {111} pole figures will establish common texture components and crystallographic
orientations.

Alloy composition and aging treatment will be varied to determine if precipitate
characteristics affect environmental FCP and microsdopic cracking mechanisms in the Al-Li-
Cu system. T;, which controls intersubgranular and {100} cracking in peak aged 2090 (6" +
T, +80’) in aggressive environments, will be eliminated by low temperature aging of Vintage
II1 2090 plate. Aging at low temperatures produces 8§’ + ©’ precipitates. §’, which causes
slip band cracking in under to peak aged 2090 in inert environments, will be eliminated with
different Cu/Li ratios; specifically Weldalite compositions. For the 4.0 wt% Cu - 1 wt% Li
composition of Weldalite, the precipitates are 8 + T, + S’). Apart from precipitate
effects, the environmental FCP behavior of Weldalite has not been characterized.

Unfortunately, yield strength/work hardening and precipitate. type cannot be_véried

31



independently with commercial alloys. Since both factors may affect FCP, future
experiments may be proposed as needed.

Recrystallized model grain structures were successfully produced in Vintage I1I 2090.
~ Environmental FCP will be measured for inert and aggressive environments and for fine
subgrain unrecrystallized, fine grain recrystallized, and coarse grain recrystallized
microstructures. The aim heren is not to produce FCP resistant microstructures, but rather
is to simplify the microstructure in order to test mechanistic ideas regarding environmental
effects. _

Microséopic cracking'mechan'is.iﬁs in aqueous NaCl have been tentatively identified
- for unrecryétallized microstructures. Quantitative stereo-pair microscopy' and electron
channelling patterns will conclusively determine facet crystallography for low AK FCP in
NaCl; such facets were tentatively identified as {100}[172"], Facet orientations produced by
FCP at increasing AK will be established with stereo-pair microscopy?®. Large grain size
microstructures will enable these experiments. -

Potential problems involve recording an electron channelling pattern of sufficient
detail to identify the crystallographic orientation, but in the. presence of significant crack
. wake plasticity. Irrefutable facet crystallography could be determined by comparing facet
orientation with T, on {111} habit planes. This technique is under consideration, but may
not be pursued since corrosive films and highly active surface T; may obscure the precipitate.

| High magnification fractography will be employed to identify important fracture
surface features. Particular emphasis is placed on striations and facet roughness. If
observed, striation spacings will be measured for different stress intenSity ranges and
environments. Corrosive debris may limit high magnification observations.

Mean stress effects on intrinsic rates of em)ironmental FCP, above crack closure
levels, have not been addressed. Modeling suggests that K_, . has not influence on da/dN
enhanced by process zone hydrogen embrittlement!!”l. Variations in K, above crack closure
levels can be probed with multiple R-ratios. As an example, FCP will be measured for R
= (.75 for AK = 1.3 t0 4.5 MPa¥ym (K,,,, = 3.9 to 18 MPa¥m). Da/dN-AK shapes and

crack growth rates of constant R experiments will be compared to constant K__ (17 MPa¥'m)

max
data to determine if mean stresses affect FCP in NaCl and perhaps vacuum. It may be
difficult to separate differences in crack propagation rates due to crack closure or true '

intrinsic damage processes.
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Environmental fatigue crack propagation modeling will be approached based on the
physical details of cracking. The issues of importance are:

What Determines the Crack Advance Distance? The possible answers are: (a)
plastic strain range above a critical level, because process zone damage requires a critical
level of dislocation activity, (b) normal stress above a critical level, as necessary for local
brittle fracture, or (c) microstructure and slip distance, as critical to fatigue damage.

What Determines the Number of Load Reversals for Crack Advance? A
possible answer unique to environmental \cracking is the number of cycles to develop a
critical level of hydrogen in the process zone through either: (a) development of a critical
dislocation substructure with microvoids to trap H, or (b) dislocation transport of a critical
amount of hydrogen to existing microstructural H trap sites. A key issue in this regard is the
determination of the failure criterion that relates the number of cycles for crack advance to
local plastic strain, hydrogen concentration (and/or electrochemical activity), and normal
stress. Ideally, such a failure criteria should be independently defined and the associated.
parameters established. |

It is not known if a predictive crack growth rate model can be fully developed before
the influences of microstructure and environment on FCP are broadly understood, and before.

the causes of each parallel cracking mechanism are physically understood.
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FATIGUE CRACK GROWTH RATE (mm/cycle)
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sheet and plate, 155°C-18 hour age (Vintage III)
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Figure 4 Unrecrystallized 2090 fractography, vacuun (arrbw
indicates the crack direction); (a) plate, (b) sheet



Figure 5 Unrecrystallized 2090 plate fractography, 1 wt3% NaCl
at -840 mV SCE (arrow indicates the crack direction); (a)
AK=1.3 MPavm, (b) AK=2.2 MPaVm, (c) aK=8.5 MPaVm



Figure 6 Etched T-plane section for 2090 unrecrystallized
plate with a 30° tilt toward the fracture surface (AK=1.3
MPavm, 1 wt % NaCl at -840 mV SCE, arrow indicates the crack

direction)



Figure 7 Unrecrystallized 2090 sheet fractography, 1 wt% NacCl
at -840 mV SCE (arrow indicates the crack direction); (a)
AK=1.3 MPavVm, (b) AK=2.3 MPaVm, (c) AK=8.6 MPaVm
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Figure 9 Fatigue crack striations in 2090 unrecrystallized
plate, AK = 1.3 MPaym, 1 wt % NaCl at -840 mV SCE (arrow
indicates the crack direction)



Project 2 Environmental Effects in Fatigue Life Prediction: Modeling Crack
Propagation in Titanium Alloys

Richard P. Gangloff and Sang-Shik Kim

Objective
The broad objective of the proposed research is to develop the data and mechanistic
understanding necessary to quantitatively predict and idcorporate environmental effects on
FCP in titanium alloys into damage tolerant life prediction codes, particularly NASA
FLAGRO.
Specific goals for the proposed three year project are to develop:
oo FCP data that define the complex AK and time dependencies of crack growth rate;
oo Empirical and linear superposition models for incorporation in NASA FLAGRO;
oo Data on the importance of environment-sensitive small crack size and crack closli;re

effects on the similitude principle embodied in NASA FLAGRO;

«‘;'

oo Mechanistic understanding of the roles of surface film stability and microscopic crack
tip damage processes in determining the environmental FCP response; :

00 A reaction rate/damage mechanism.based model of da/dN-AK for incorporation in

NASA FLAGRO.

Progress
This is a new program that will begin in the Summer of 1992.

During this reporting period, Professor Gangloff has continued to work with Dr.
Robert S. Piascik of the Mechanics of Materials Branch to model environmental fatigue crack
propagation in Al-Li-Cu alloys. Two papers are being prepared for publication; the Abstract

and Conclusions for this work follow.
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ENVIRONMENTAL FATIGUE CRACK PROPAGATION IN AIl-Li-Cu:
Part II--MICROSCOPIC FRACTURE PROCESSES
PART III--MODELING OF CRACK TIP HYDROGEN DAMAGE

ABSTRACT

Based on a fractographic analysis of intrinsic environmental fatigue crack propagation (FCP)
in Al-Li-Cu alloy 2090, a hydrogen-based model is developed to predict da/dN-AK kinetics.
FCP rates are accelerated by hydrogen producing environments (pure water vapor, moist air
and aqueous NaCl), as defined in Part I, with subgrain boundary cracking (SGC) for AK
values where the crack tip plastic process zone envelops 5 pm subgrains in the
unrecrystallized microstructure. SGC is related to strong hydrogen trapping at T, decorated
subboundaries. At low AK, the process zone diameter is smaller than the subgrain size and
FCP progresses along {100} planes due to either local decohesion or hydride cracking. For
inert environments (vacuum, helium and oxygen), or at high AK where the hydrogen effect
on da/dN is small, FCP is along {111} slip planes; the mode does not transition with
increasing plastic zone size. The SGC and {100} crystallographic cracking modes, and the
governing influence of the crack tip volume (AK), support hydrogen embrittlement rather than
a surface film rupture and anodic dissolution mechanism. The process zone model equates
da/dN to discontinuous crack advance over a distance equalling the .extent of mobile
dislocation transport of hydrogen above a critical plastic strain, and to the number of load
cycles required to hydrogenate trap sites that fracture due to a local hydrogen concentration-
* tensile stress criterion. Multi-sloped log da/dN-log AK behavior is produced by process zone
hydrogen-microstructure interactions, and is determined by the growth rates, AK dependen-
cies, and proportions of each parallel cracking mode. Crack surface films hinder hydrogen
uptake, reduce da/dN and alter the proportions of each FCP mode. Da/dN mildly increases
with increasing loading frequency for 2090 in NaCl because the surface film is destabilized
by increasing crack tip strain rate; hydrogenation of the process zone is enhanced.

CONCLUSIONS

1. Intrinsic rates of fatigﬁe crack propagation (FCP) in peak aged Al-Li-Cu alloy 2090
are accelerated by aqueous NaCl and gaseous water-bearing environments due to

hydrogen embrittlement.

2. AKX uniquely governs the degree of the environmental effect on da/dN and the

microscopic crack path for constant high K., establishing the central importance of
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the crack tip cyclic process zone volume, consistent with hydrogen embrittlement but

not surface film rupture and dissolution.

Low angle (unrecrystallized) grain boundaries with T, precipitates and {100} planes
are preferred paths for environmental FCP alloy 2090. High angle grain boundaries
do not affect L-S and L-T cracking.

The fatigue crack path depends on stress intensity range and environment. For
hydrogen producihg environments, the path transitions from along subgrain
boundaries to {100} planes as AK decreases from moderate Paris regime to near
threshold levels. For inert helium or vacuum environments at all AK, or when
hydrogen environmental effects are minimal at high AK, FCP is along {111} slip
planes due to precipitate induced slip localization. Slip plane cracking is dominant
for pure oxygen, analogous to the inert environments; surface oxide has no effect on

either da/dN or the microscopic FCP mode. "

Complex, multi-sloped log' da/dN-log AK behavior is solely due to the hydrogen
environment; the change in intrinsic da/dN-AXK slope results from the interactibn of
the embrittled crack tip process zone with microstructure. The ratio of cyclic plastic
zone size to microstructural distance has no effect on the da/dN-AK relationsﬁip for

inert environments.

Environmental FCP rates are described by a process zone model which equates da/dN
to discontinuous crack advance over a distance, Aa, determined by the extent of
mobile dislocation transport of hydrogen at crack tip plastic strains above a critical
value; and to the number of load cycles, AN, required to sufficiently hydrogenate
process zone trap sites that fracture due to a local hydrogen concentration-tensile

normal stress criterion.

The process zone model explains the shape of the da/dN-AK relationship and crack
path transitions. FCP in NaCl or moist gases at low AK is along {100} planes due

to hydrogen-enhanced decohesion or hydride formation and because the embrittlement
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10.

process zone is smaller than the subgrain size; a single pdwer—law da/dN versus AK
relationship results. When AK increases to the level where the process zone just
includes subgrains and dislocations reach ﬁuch boundaries, environmental FCP
transitions to the intersubgranular mode because of strong hydrogen trapping at
subgrain boundary sites, resulting in a transition in the slope of da/dN-AK. A second
transition occurs at higher AK when substantial slip plane cracking occurs due to
mechanical damage. The shape of the growth rate law is determined by the absolute
rates, AK dependencies and proportions of each parallel microscopic cracking mode;

a wide variety of dependencies are possible including "plateau” behavior.

Crack growth rates decrease and the stress intensity required for the microscopic
mode transition increases as the environmentally produced crack surface hydrogen
concentration decreases. Crack surface films, produced by cathodic polarization in

NaCl or by O, addition to water vapor, reduce hydrogen uptake and da/dN.

For 2090 and other 2000 series alloys in NaCl, da/dN increases with increased
loading frequency because increased crack tip strain rate destabilizes otherwise
protective surface films, and enhances hydrogen production and uptake in the process
zone. Fast crack surface chemical reactions, short process zone diffusion distances
and rapid dislocation transport of hydrogen preclude rate limited cracking, at least for

frequencies less than about 150 Hz.

The process zone model does not quantitatively predict da/dN values because the local
failure criterion for hydrogen cracking is not independently determined and the very
near tip plastic strain distribution is not quantitatively defined. The mechanisms by

which hydrogen promotes {100} and intersubgranular cracking are speculative.
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Project 3 Elevated Temperature Fracture of an Advanced Rapidly Solidified
Powder Metallurgy Aluminum Alloy

William C. Porr, Jr. and Richard P. Gangloff

Objective

The goal of this study is to characterize the fracture toughness of advanced powder
metallurgy Al-Fe-V-Si alloy 8009 as a function of temperature, loading rate, environment
and product form. The underlying mechanism for the temperature dependence of fracture
toughness of 8009 will be understood from considerations of deformation mechanisms
specific to the novel fine grained dispersion strengthened microstructure, greater than
equilibrium substitutional solute content from rapid solidification, and the moist air

environment.

Approach
The program approach and experimental procedures were detailed previously {1-8].

Fracture behavior was characterized quantitatively by J-Integral fracture mechanics techniques
to determine both the plane strain fracture initiation toughness, K-, and crack growth
toughness as measured by the tearing modulus, Tg.

Previous reports demonstrated a decrease in both initiation (K;c;) and growth (Tg)
fracture toughnesses of AA 8009 with increasing temperature and decreasing loading rate,
in both extruded bar and cross-rolled plate product forms [1-6,9]. For the extrusion, there
is a significant difference in fracture properties with specimen orientation; the TL properties
are 30% lower, however, the deleterious effect of increasing temperature is apparent. This
anisotropy is a result of the orientation of prior ribbon particle boundaries heavily decorated
with oxides from processing. The anisotropy in fracture behavior does not exist in the plate
product, as additional deformation during processing more uniformly disperses the oxides.

" Four possible micromechanisms for the deleterious effects of increasing temperature
and decreasing loading rate on the fracture behavior of 8009 have been proposed [10]: (1)
changes in extrinsic delamination toughening, (2) embrittlement from reactions with the moist

air environment or retained dissolved hydrogen from processing, (3) dynamic strain aging,
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or (4) a deformation and void nucleation mechanism unique to the ultrafine microstructure
of elevated temperature powder metallurgy aluminum alloys. During the current reporting
period, fracture experiments and matching fracture surface stereoimaging fractography were

conducted to develop and examine these four mechanisms.

Research Progress and Results

Experimental results since the last reporting period include:

(1) Bridgman-type notched tensile bar experiments indicate that effective strain to fracture,
as a function of the ratio of mean stress to effective stress at the center of the tensile bar,
decreases with increasing temperature from 25 to 175°C. Figure 1 illustrates these results.
Delamination occurred in specimens with smaller notch root radii (higher constraint) at both
temperatures.
(2) Elastic stress intensity-Aa behavior was unaffected by testing in ultra-high vacuum as
opposed to moist laboratory air at 175°C (Fig. 2) [7,8,10].
3) Prolbnged elevéfed temperature exposure, in air and vacuum, prior to testing caused no
change in the resulting K-Aa behavior for 8009 at 25 and 175°C, as indicated in Fig. 2
[7,8,10]. Based on estimates of hydrogen diffusivity, temperatures énd times were sufficient
to ensure offgassing of mobile hydrogen from the material. Post heat treatment and testing
analyses showed that hydrogen content was unchanged from the as-received material (4 ppm);
such hydrogen was strongly trapped, probably at interfaces and associated with hydrated
oxides on prior particle interfaces.
(4) Stereoimaging fractography of matchiﬁg 8009 plate fracture surfaces indicated that the
‘ rﬁode of fracture is microscopically ductile at all temperatures (Fig. 3). At 25°C, there is
a dual distribution of equiaxed dimples, 1 yum and 5 um in diameter. At 175 °C, there is a
single distribution of shallow dimples, 3 um in diameter. Thé fracture appearance is the
same for specimens tested in air and in vacuum [7,8,10]. -
(5) Preliminary microscopy of Bridgman tensile specimens, strained to various levels before
fracture, at 25 and 175°C, only shows voids associated mainly with oxides at strains as high

as 95% of the failure strain.
| Four possible mechanisms for the temperature and deformation rate effects on the
ductility and fracture behavior of 8009 have been proposed in the course of this study and

by others:
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(1)  Temperature dependent changes in extrinsic delamination toughening [9,11].
2 Oxidation or hydrogen embrittlement from moist laboratory air or retained
hydrogen from processing [7-10,12].
3) Dynamic strain aging associated with solid solution Fe [9,13,14].
| 4) An elevated temperature deformation mechanism unique to ultrafine
microstructure powder processed materials [7-10].
‘Work during the current reporting period has considered these mechanisms; experimental
results to date are discussed with respect to each.

Delamination Toughening Details of this mechanism were discussed in previous
reports [4-9]. Briefly, failure of prior particle boundaries perpendicular to primary fatigue
and fracture toughness crack in LT oriented CT specimens, results in a loss of through-.
thickness specimen constraint and higher critical stress intensities for fracture initiation and
propagation. Low magnification fractography indicates that delamination occurred in
specimens of the extruded product loaded at 25°C, and after a small amount of stable: crack
growth in specimens tested at 316°C. This behavior correlates well to the Ty of the extruded
material, which decreases with increasing temperature before increasing again at 316°, and
is consistent with the K¢ results. (At 316°, the initial portion of stable cracking without
delamination indicates that initiation occurred prior to any delamination.)

K,c and Ty both decreased with increasing temperature from 25 to 175°C in the plate
material, as in the extrusion, despite the fact that fractography on plate CT specimens
indicated no change in delamination behavior with increasing temperature. No significant
delamination occurred in the plate at 25°, however fracture toughness was high.
Delamination did occur after a small amount of stable crack growth in specimens at 316°C,
as with the extrusion, inatching the rise in Ty at 316°. It is concluded that the elevated
temperature decrease in fracture toughness is intrinsic to 8009; the delamination toughening
mechanism only significantly affects crack growth resistance, Tg. The mechanism for the
temperature dependence of delamination, proposed previously in the course of this study,
depends on an intrinsic decrease in fracture toughness with increasing temperature in 8009
[9].

To confirm the intrinsic nature of decreased toughness and ductility with increasing
temperature, Bridgman-type notched bar experiments were performed at 25 and 175°C.

Independent of specimen constraint, or the occurrence of delamination, effective strain to
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failure decreased from 25 to 175°C. This proves conclusively that decreased toughness and
ductility with incréasing temperature are intrinsic phenomena in AA 8009. Since K¢, Tg,
notched specimen reduction in area for a wide range of constraint, and uniaxial tensile
specimen reduction in area all decrease with increasing temperature for 8009; it is concluded
that "embrittlement" is not simply caused by local plastic instability typical 6f low work
hardening materials.

Oxidation or Hydrogen Embrittlement * Aluminum alloys were shown to embrittle
in moist air environments at elevated temperatures [15]. To examine whether this was a
factor in the elevated temperature cracking of 8009, a series of K-Aa (R-curve) experiments
were conducted in ultrahigh dynamic vacuum (better than 30 uPa total pressure) at elevated
temperatures. Results are shown in Fig. 2. R-curves for 8009 were identical at 175°C
whether determined in moist laboratory air or in vacuum. Fractography showed no change
in the ductile fracture mode or distribution of features with environment, further indicating
the lack of a moist air environmental embrittlement. Thermodynamic considerations,
“however, predict that oxygen and water vapor pressures in the vacuum are sufficient to
oxidize aluminum and produce atomic hydrogen. This may be inconsequential as the walls
of the vacuum chamber were much colder (25°C) than the specimen and may effectively trap
any oxygen and water vapor. Kinetic arguments of impeded gas molecule transport to crack
tips due to crack wall interactions (Knudsen flow) can also discount possible effects of very
low pressures of oxygen and water vapor on fracture toughness.

Embrittlement of 8009 from internal hydrogen, retained from powder processing in
moist air and released during loading to fracture, represents a possible elevated temperature
degradation mechanism. As received, both extruded and plate 8009 contain approximately
4 ppm total hydrogen content, assumed to be in the form of hydrides and water adsorbed on ‘
or chemically bound to oxide particles. It can be postulated that at elevated temperatures,
hydrides decompose and water vapor releases from the oxide and reacts with the matrix
aluminum to form embrittling atomic hydrogen. This reaction is highly favored by
thermodynamics and previous researchers [16] reported that water vapor readily desorbes and
hydfides decompose in this class of materials at the temperatures considered in this study.
To address the possible role of hydrogen, R-curve experiments were cbnducted in air and
vacuum on specimens that were heat treated to either improve or worsen this effect.

Two extrusion specimens were baked at 330°C in dynamic vacuum (<30 uPa) for
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75 hours, sufficient to evolve all dissolved mobile hydrogen assuming D > 5x10% cm¥/s
[17]. These were then fractured in-air and vacuum at 175°C; the resulting R-curves were
equivalent to those determined in air with no prior heat treatment. Two plate specimens, one
in air and one in dynamic vacuum, were held at 175°C under a 130 to 330 N load for 75
hours prior to testing at 175°C with no subsequent effect on R-curve behavior. A plate
specimen was heated in air at 175°C for 100 hours under no load, and an extrusion specimen
was held at 175°C for over 400 hours loaded to 1.8 kN (with some subcritical crack growth,
Kypp =12t0 15 MPav'm; see [18]), prior to testing at 25°C. The R-curves for these two
specimens were equivalent to data from specimens that received no prior heat treatment prior
to fracture at 25°C. All of these results appear in Fig. 2. Post-experiment hydrogen
determinations, utilizing a vacuum fusion technique, indicated no change in total specimen
hydrogen content resulting from the various heat treatments or fracture test conditions.

It can be interpreted from these results that process-originated hydrogen is strongly
trapped in AA 8009 at temperatures as high as 330°C. Since this hydrogen would be
similarly trapped at 25 and 175°C, there is no obvious mechanism by which the retained
hydrogen would embrittle the 8009. This point is amplified by considering the reversible
nature of embrittlement; subcritical crack growth occurred in one specimen at 175°C at load
levels less than K;-; however, when cooled to 25°C, the specimen showed no sign of
embrittlement in subsequent monotonically increasing load testing. Additionally, time at
temperature and prior thermal exposure appear to be insignificant to the tensile [19] and
fracture behavior, in contrast to the deleterious effect of decreasing loading rate established
previously. This indicates that the embrittlement of 8009 is loading rate, but not exposure
time, dependent. Tﬁis is not typical of an environmental embrittlement phenomenon. A
complex hydrogen embrittlement mechanism that requires temperature dependent trapping at
different sites in the microstructure, when under load, is possible but not likely.

Fractography of failed CT specimens tested at 175°C in either air or vacuum shows
a void distribution similar to the oxide distribution in the starting material, implying a
significant role of the oxides. A speculative mechanism can be proposed for decreased
toughness in 8009, based upon low strain void nucleation at elevated temperatures and low
loading rates, and in which desorbed water vapor is a factor. Water desorption at elevated
temperatures may weakeﬁ or pressurize the oxide-matrix interface sufficiently to allow void

nucleation at lower strain. Higher temperatures and lower loading rates could cause more
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water release and greater dislocation activity, thereby lowering the macroscopic strain to
nucleate voids. The desorption process could, in principle, be reversible if the water does
not chemically react with the metal. This mechanism should, however, cause irreversible
creep damage during long term sustained loading, counter to the observed behavior in Figure
2. Microscopy of sectioned Bridgman specimens from interrupted tensile experiments
indicates that the growth and link-up of voids in 8009 is a rapid process; fracture is void
nucleation controlled. This is consistent with the described mechanism. Microscopy is
planned to examine the correlation of oxide and void distributions. Additional fracture
experiments on lower hydrogen (< 1 ppm) 8009 will also address this mechanism.

Dynamic Strain Aging Dynamic strain aging (DSA) from dislocation interactions
with metastable dissolved solute Fe has been proposed by several researchers [13,14] as the
phenomena responsible for the elevated temperature degradation of fracture toughness and
ductility in 8009. Researchers at Allied-Signal base this speculation on a measured solid
solution Fe concentration of 0.5 atom % (100 times the equilibrium concentration) and
correlation of the tensile elongation to failure and strain rate sensitivity minima with
temperature for 8009 and a similarly produced Al-10Fe-5Si alloy. (The strain rate
sensitivity, m, is the exponent in the powerlaw relationship between stress and strain rate.)

Bouchard and co-workers use semiquantitative arguments that consider solute-
dislocation theoretical interaction energy, the temperature for the minimum value of m, and
a "deduced" relaxation time to estimate a diffusion coefficient associated with solute atoms
interacting with dislocations [14]. This diffusion coefficient is compared with a "generally
accepted" value of 107'* cm?s for serrated flow in materials subject to DSA. By this
argument, Fe is identified as the DSA solute with a determined solute interaction diffusivity
-of 1.7 x 10 cm?s at a strain rate of 10° s and temperature of 75°C. ' Qualitative
arguments are presented that eliminate all but Fe as possible DSA solute based on this |
estimated diffusion coefficient and the relative interaction energies of the various solute
species. It is interesting to note that the minimum values of tensile fracture strain and m do
not occur at the same temperature in this study, inconsistent with the original argument that
DSA due to solid solution Fe is the sole embrittlement mechanism in 8009.

To resolve the issue of DSA at 175°C resulting from a low diffusivity solute, both
studies proposed explanations for DSA involving forest dislocation networks.  This

mechanism theorizes that solute diffuses along networked dislocations (pipeline diffusion) and
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forms atmospheres along edges of dislocation entanglements. The strain fields of these
atmospheres of solute and the dislocation network then inhibit the motion of passing mobile
dislocations. This constraint on dislocation motion causes an increase in flow stress and work
hardening. A decrease in m results in local plastic instability and decreased macroscopic
ductility when measured in terms of elongation. The supposition of dislocation enhanced
diffusion addresses the low temperature diffusion of the relatively immobile solute Fe
necessary for a classical DSA mechanism.

This mechanism of DSA for 8009 is not be substantiated by microscopic observations;
TEM of strained tensile specimens yields no evidence of forest dislocation networks to serve
as solute diffusion paths. The lack of significant work hardening exhibited by 8009 at any
temperature is consistent with this observation [20]. Additionally, decreased tensile
elongation to failure in the temperature regime of dynamic strain aging is ascribed to rapid
localized necking from plastic instability and the low strain rate sensitivity [21]. This
decrease in elongation should not be accompanied with a decrease in tensile specimen neck
reduction in area, contrary to the results of this study where reduction in area decreases in
coincidence with elongation to failure, with increasing temperature. This result, and the
various notched specimen and fracture mechanics parameters, are more indicative of a true
material embrittlement. _

Internal friction studies of aluminum with trace amounts of Fe indicate that solute Fe-
dislocation interactions are maximized at higher temperatures (> 300-400°C) [22,23].
Internal friction peaks appear with the addition of Fe to pure aluminum, and increase in
magnitude and are shifted to lower temperatures with increasing Fe concentration. The
activation energy corresponding to the Fe peak (170-200 kJ/mol) is similar to the activation
energy for diffusion of Fe in Al (190 KJ/mol). Assuming a conservatively high strain rate
of 10 s! for the internal friction experiments, strain rate effects can not account for this
temperature difference.

These same internal friction studies can be used to justify a lower temperature DSA-
type mechanism. A low temperature internal friction peak typically exists for polycrystalline
"pure" materials at 0.3 to 0.6 T,, and was evident in these studies of aluminum at
approximately 300°C. This peak was associated with grain boundary sliding, but could also
be due to dislocation interactions with impurity solute along grain and subgrain boundaries.

Although the temperature at which the low temperature internal friction peak is reported is
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too high for direct comparison to the ductility and strain rate sensitivity minima in 8009,
results indicate that it may be expected to occur at lower temperatures for very small grain
sizes given a high boundary solute concentration.

Consider that dislocation emission and trapping occur only at subgrain and-grain
boundaries in 8009. This is consistent with the lack of residual dislocation structures
observed in the material after significant plastic strain. With increasing temperature, the
thickness of the solute rich boundary region increases by solute diffusion into the grain. The
energy required for a dislocation to be emitted from the boundary is increased, inhibiting this
dislocation source and raising the local flow stress of the material. As some sources become
active, heterogeneous dislocation activity (localized plasticity) will occur, 'resulting in rapid
void nucleation at boundaries or boundary particles. With further temperature increases, the
solute strain field is reduced, the resistance to dislocation emission decreases, dislocation
activity is more homogeneous, and void nucleation rate decreases with a resulting return of
ductility and toughness. Voiding along high angle boundaries is consistent with fractography
which indicated shallow dimples spaced on the order of the grain size. The previously
mentioned correlation of voids with the oxide distribution may be coincidental: oxides are
located along the high angle boundaries. Oxides may also represent sites of localized
damage. |

Dynamic strain aging from substitutional solute iron in 8009 has yet to be proven as
a phenomenon: Mechanisms based on forest dislocation networks are not substantiated by
microscopic observations; semi-quantitative arguments presented in the literature are
inconclusive. The speculative DSA-type mechanism of dislocation-solute interaction in grain
and subgrain boundary regions is an alternative, however, until the nature of dislocation-Fe
solute interaction in aluminum is understood, DSA mechanisms must be considered with
wariness. Internal friction studies with the fine grained 8009 would allow study of possible
solute-dislocation interactions separate from any deformation mechanism, as strains are elastic
and plastic damage is not occurring.

Elevated Temperature Deformation Mechanism Because of the ultrafine
microstructure and the high volume fraction of strengthening dispersoids in rapidly solidified
8009, a unique elevated temperature deformation mechanism, not exhibited in standard
wrought alloys, must be considered.

Grain rotation, the phenomenon associated with the development of texture, occurs
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in aluminum alloys during thermo-mechanical processing. Voiding does not occur during
elevated temperature deformation processing since strain compatibility is usually maintained
across grain boundaries by slip in the adjacent grain. With working temperatures typically
higher than 0.7 T, diffusional processes and grain boundary sliding may also contribute
to maintain boundary integrity. For AA 8009 at elevated temperatures, as crystal rotation
occurs in response to deformation, voids may nucleate at grain junctions where strain
compatibility is difficult to maintain.

To maintain grain to grain compatibility, dislocation activity on five independent slip
systems is necessary to enable an arbitrary shape change in a grain in response to external
stresses from neighboring grains. If, however, compatibility is not maintained across a grain
boundary, voids form from high shear stresses in the boundary regions. Speculatively, the
high volume fraction of boundary particles in 8009 (silicide dispersoids on low and high
angle boundaries and oxides on high angle boundaries), and the clustering of particles on
boundaries, may disrupt grain boundary compatibility. At lower temperatures and higher
strain rates, solid solution strengthening from dispersed solute Fe' causes homogeneous
dislocation activity in grains, analogous to dispersoids homogenizing slip in larger grained
materials, and void nucleation occurs at higher strains at multiple particle sites.

At intermediate elevated temperatures, solid solution strengthening is decreased,
dislocation activity is increased (thermal enhancement of emission) and localized deformation
occurs in response to strain incompatibility and high shear stresses at particle clusters. Voids
nucleate along boundaries at lower strains, with the macroscopic result of reduced ductility
and fracture toughness. Slower loading rates have a similar effect as increased temperature
with respect to dislocation emission activity and solute strengthening,. AThis mechanism can
be applied generally to any elevated temperature PM aluminum alloy (MA Al-Ti, Al-Fe-Ce)
in which some solid solution strengthening and a high volume fraction of heterogeneously
distributed boundary particles are present. The elevated flow stress at intermediate
temperatures may result from back stresses that develop from dislocation pileups at particle
clusters prior to void nucleation.

At higher temperatures, creep mechanisms may begin to play a roll in the deformation
and fracture behavior of the material. Diffusional creep could maintain grain to grain
compatibility with the presence of particle clusters on boundaries or diffusional void healing

may occur, such that void nucleation occurs at higher strains.
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There are precedents for an elevated temperature ductility minimum resulting from

temperature enhanced grain boundary void nucleation. Monel exhibits this behavior in the

temperature range of 525 to 725°C [24]. Additional TEM and SEM microscopy on sectioned

tensile bars, strained to near failure, is currently underway to look for evidence to support

or invalidate this mechanism. It is not obvious, however, that accumulated damage resulting

from this mechanism would be microscopically different from accumulated damage resulting

from one of the DSA mechanisms. Hot straining stage TEM observations of dislocation

activity in 8009, a capability that does not exist at UVa, may be the only way to prove

conclusively the deformation mechanism proposed here.

Conclusions

.1.

The intrinsic nature of the elevated temperature "embrittlement” (or a degradation of
fracture toughness and ductility) for alloy 8009 has been confirmed with notched
tensile bar expeﬁments. For a fixed level of specimen constraint, effective true strain
to failure decreases with increasing temperature from 25 to 175°C.

K-Aa R-curve experiments in air and ultrahigh dynamic vacuum at 175°C indicate no
embrittlement of 8009 from the moist air environment. A series of heat treatments
in air and dynamic vacuum, followed by R-curve fracture testing, indicate that
embrittlement from retained internal hydrogen from processing is unlikely.
Fractographic studies of failed CT fracture specimens of plate 8009 indicate that
fracture is microscopically ductile at 25 and 175°C, however, there is a change in the
nature of the voids with increasing temperature, but not environment. At 25°C, there
is a dual size distribution (1 and 5 um) of equiaxed voids, whereas at 175°C there is
a uniform size distribution (3 um) of shallow voids. The latter coincide with the
distribution of oxide in the material.

Elevated temperature embrittlement of 8009 is most likely due to dynamic strain aging
or an elevated temperature intergranular deformation and fracture mechanism.
Hydrogen embrittlement from moist air reactions or process-retained hydrogen
appears unlikely. Inconsistencies in reported results reduce the credibility of the

dynamic strain aging mechanism.
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Plans for Future Work

This project on the elevated temperature damage tolerance of aluminum alloy 8009

will be concluded during the coming reporting period. TEM and SEM of specimens will be

concluded, with results to date analyzed and presented in a dissertation, fulfilling the

requirements for Mr. Porr’s Ph.D. degree.
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Figure 1. Effective plastic strain to failure, €, = 2 In(d,/d), as a function of constraint
parameter, o, /3, and temperature for alloy 8009. d, is original notch root diameter; d
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Project 3 Elevated Temperature Crack Growth in Advanced Aluminum Alloys

Yang Leng and Richard P. Gangloff

Objective
The objective of this study is to characterize time-dependent crack growth in advanced

aluminum alloys at elevated temperatures with the fracture mechanics approach and to

examine cracking mechanisms with a metallurgical approach.

Results During the Reporting Period
The following conclusions were established based on research conducted in 1991.

1. Conventional aluminum alloy 2618 and ultra-fine grain size P/M alloy 8009 are
susceptible to elevated temperature, time-dependent (subcritical) crack growth under
static load at stress intensity levels below K;.. Fracture toughness and fatigue crack

growth will be time dependent.

2. Time-dependent crack growth rates in 8009 do not correlate with the steady state
creep crack growth parameter, C*, nor with the transient CCG parameter, C,. 8009

is not creep ductile.

3. 8009 is a creep brittle material; growth rates are described by K and more properly

by J. The effect of limited ligament creep on J is unknown.

4, Similar creep crack growth kinetics are observed for 8009 in moist air and ultra-high
vacuum at 175°C. Dissolved hydrogen or oxygen from crack surface reactions with

the external environment do not contribute to the cracking mechanism.

5. The mechanism for CCG in 8009 may involve supersaturated solute embrittlement:
for a given applied J, crack growth rate is high at 175°C and decreases with

increasing temperature to 316°C.

65 PRECEDING PAGE BLANK NOT FILMED



6. Localized creep deformation may contribute to CCG at higher temperatures: the
fracture mode changes from dimpled rupture at 175°C to mixed matrix superplastic

rupture and matrix-dispersoid debonding at 316°C.

7. Creep deformation induced damage development is responsible for the observed crack
growth in 2618 and 8009. A model based on cavity growth in an elastic stress/strain
field semiquantitatively explains the measured correlation between crack growth rate

and applied J.

8. None of the existing micromechanical mechanisms can explain the observed apparent

threshold for creep crack growth.

Future Research

Dr. Leng has left UVa to assume a position on the faculty in the Department of
Mechanical Engineering at the Hong Kong University of Science and Technology. A paper
is being prepared to report the results of his research on elevated temperature créep crack
growth. A new project (#4, below) will begin in the Summer of 1992, based on the results
for 8009.
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Project 4 Elevated Temperature Damage Tolerance of Advanced Powder Metallurgy
Aluminum Alloys

Sang-Shik Kim and Richard P. Gangloff

Objective

The goal of this research is to characterize and model time-dependent and time-cycle-
dependent fatigue crack propagation in advanced powder metallurgy aluminum alloys at
elevated temperatures. Underlying mechanisms for temperature dependent cracking will be
understood from considerations of deformation mechanisms and the influences of

microstructure, alloy chemistry and environment.

Progress

This is a new program that will begin in the Summer of 1992.
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Project 5 Cryogenic Temperature Effects on the Deformation and Fracture of Al-
Li-Cu-In Alloys

John A. Wagner and R.P. Gangloff

Objective

The objective of this PhD research is to characterize and optimize the crack initiation
and growth fracture resistance of Al-Cu-Li and Al-Cu-Li-In alloys for cryogenic tank
applications. The program aims to understand microscopic fracture mechanisms; as

influenced by ambient to cryogenic temperature, stress state and microstructure.

Approach
The approach to this goal was outlined in the proposal for the 1992 LA2ST Program.!

In summary our approach focuses on several areas including: (1) produce and characterize
Al-Li-Cu-Zr alloys with and without indium additions, (2) implement an experimental
fracture mechanics method to measure initiation and crack propagation resistance for both
plane stress and plane strain conditions at ambient and cryogenic temperatures, (3)
characterize the effect of temperature, stress state and microstructure on fracture toughness,
(4) analyze fracture surfaces, and (5) develop and apply methods to investigate the
deformation and fracture processes that are relevant to crack initiation and growth
toughnesses. ‘

The progress recorded over the past year is established in the last grant progress

report,2 and by a publication that is being submitted to Scripta Metallurgica et Materialia.

The body of this paper is presented here.

' R.P. Gangloff, "NASA-UVa Light Aerospace Alloy and Structures Technology Program”, University
of Virginia, Proposal No. MS NASA/LaRC-5219-92, October, 1991.

2 R.P. Gangloff, "NASA-UVa Light Aerospace Alloy and Structures Technology Program”, UVa Report
No. UVA/528266/MS91/108, July, 1991.
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Introduction

Al-Li alloys are candidate materials for the fabrication of cryogenic propellant tanks
for future launch vehicles because they exhibit high strength, low density and increased
elastic modulus compared to the current cryogenic tank material, aluminum alloy 2219-T87.
In addition significant overall launch system cost and weight savings can be realized through
the combined utilization of Al-Li alloys and innovative tank fabrication methods such as
superplastic forming (SPF) [1]. One alloy currently being investigated for this application
is of the 2090-type composition with a minor alloy addition of indium. Indium additions
have been shown to increase the strength of 2090-type alldys in the T6 condition, based on
material produced from 14 kg permanent mold ingots; the mechanism appears to be an
increase in the number density and homogeneity of the T, strengthening precipi'tate [2,3].
Accordingly, 2090 + In is particularly attractive for SPF, where post-SPF components
cannot be stretched to increase strength to the T8 temper levels.

The initial part of this investigation focused on the age hardening characteristics and
mechanical properties of 2090 + In-T6 sheet, thermomechanically processed for SPF
application from 160 kg direct chill (DC) cast ingots. Results were published previously [4]
and a summary of the salient findings is given below:

00 A 10 to 15% increase in the hardness of 2090 with a minor alloy addition of In

in the T6 condition was demonstrated for 14 kg permanent mold and 160 kg DC cast

ingots. For the 160 kg ingot material, however, o, did not increase consistent with

the results of other investigations on 2090 + In-T6 produced from 160 DC ingots [5-

7].

oo In the T6 condition, 2090 + In tested at -185°C exhibited increased yield

strength, ultimate tensile strength, elongation to failure and modulus compared to

tensile deformation at 25°C. Notably, 2090 + In-T6 exhibited a decrease in |
toughness at -185°C, as indicated by a decrease in the tear strength to yield strength

ratio from Kahn Tear toughness testing {8].

Because the 2090+In sheet was thermomechanically processed for enhanced SPF response,
thé"microstructure of the alloy after solution heat treatment and T6 aging appeared to be
partially recrystallized. This complicated the comparison of the fracture behavior of 2090
+ In-T6 to commercial unrecrystallized 2090.

Fracture of commercial 2090-T81 plate usually occurs by transgranular shear (TGS)
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fracture with a significant amount of delamination along high angle grain boundaries for
specimens in the LT and TL orientations. Shear fracture is attributed to highly localized
planar slip promoted by ordered and coherent &’ precipitates [16]. The increase in toughness
with decreasing temperature is attributed to the contributions of increasing work hardening,
due to increased slip homogenization [5,10], and to an increase in the amount of delamination
and plane stress toughening [9]. In contrast fracture of 2090 + In-T6 has not been
adequately addressed. Most ambient and cryogenic fracture toughness experiments have been
conducted using the Kahn Tear method; there are no quantitative data on crack initiation and
growth fracture toughnesses. Furthermore, understanding of microscopic fracture processes
in the In bearing alloys is hindered by limited characterizations of microstructure,
crystallographic texture and fracture surface morphologies.

The objective of the current study is to characterize, understand and optimize the
crack initiation and growth fracture resistance of Al-Li-Cu and AL-Li-Cu-In alloys for
cryogenic tank applications. Conventionally processed plate product forms were employed
in fracture toughness testing to eliminate the variation in microstructure associated with SPF
processed material. The fracture resistance of these materials was characterized using J-
integral fracture toughness experiments to establish crack initiation and growth behavior at
25 and -185°C. Results show that commercially available 2090-T81 has superior toughness
compared to 2090 + In-T6 at both test temperatures; the low toughness of 2090 + In-T6 is
associated with intersubgranular (ISG) fracture attributed to extraordinary subboundary

precipitates.

Experimental Procedure

The Al-Li alloys used in this investigation were 19.1 mm thick Vintage III 2090-T81
(Al-2.30Li-2.85Cu-0.10Zr-0.07Fe wt.%) aged at 163°C for 24 hours, commercially
produced by Alcoa, and experimental 12.7 mm thick 2090 + In (Al-2.17Li-2.65Cu-0. 132r-
0.06Fe wt. %) produced by Reynolds Metals from 160 kg DC cast ingots. The T6 condition
of 2090 + In was obtained by aging the material at 160°C for 75 hours which corresponds
to fﬁe near peak strength condition [2,4]. Elastic-plastic fracture toughness testing was
conducted using the unloading compliance technique, conforming to ASTM standard E 813.
Compact tension specimens, 12.0 mm thick and 50.8 mm wide with 1.2 mm deep

sidegrooves, were machined from the plate midplane thickness in the LT orientation. A
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minimum of two specimens were tested for each condition from which crack initiation
toughness (Ji), crack growth resistance toughness (J-Aa) and tearing modulus (Tg) were
determined. Specimens were tested in a servohydraulic test frame. Fatigue precracking was
conducted at 25°C with a stress ratio of 0.1. J-integral fracture toughness tests were
conducted at 25 and -185°C at a constant actuator displacement rate of 4.2 x 10 mm/s. At
the conclusion of each test, specimens were fatigued at a high R value to mark the final crack

length.

Results and Discussion

Microstructure Metallographic observations in Fig. 1 and full {100} and {111}
pole figure texture analyses of 2090-T81 and 2090 + In-T6 revealed that both
microstructures were primarily unrecrystallized, as suggested by a strong brass rolling texture
at a plate thickness of T/2 (Fig. 2). Also in Fig. 2 is a photomicrograph of 2090 + In-T6
showing copious subgrain boundary precipitates. This extreme precipitation on subgrain
boundaries gives the false impression that the In alloy is substantially recrystallized, however,
the pole figure clearly shows deformation texture components and the absence of cube texture
analogous to 2090. ‘

Extensive subgrain boundary precipitation in 2090 + In-T6 is unique to this alloy
chemistry. Such precipitates were not observed in the solution treated condition, but were
apparent after only 3 hours of aging at 160°C and increased in amount with increasing aging
time. Optically visible large subgrain boundary precipitates are not observed for commercial
2090 after prolonged aging at 160°C. TEM analysis revealed that the subboundary
precipitates in 2090 + In were primarily T,; no In-bearing precipitates were observed on the
subboundaries or within grain interiors. Much smaller T, are observed on subgrain
boundaries and within grain interiors of commercial 2090 in the T6 and T81 conditions.
The differences in subgrain boundary precipitation in 2090 + In-T6 compared to 2090-T81
dramatically affect the fracture toughness of these alloys, in terms of both the quantitative
J-Aa behavior and microscopic fracture mechanisms.

" Fracture Toughness Yield strength, fracture toughness data and fracture mode for
2090-T81 and 2090 + In-T6 are presented in Table I. The longitudinal yield strengths of
both alloys increased with decreasing temperature, typical of 2090 [10]. In addition 2090-

T81 had a higher yield strength at both ambient and cryogenic temperatures compared to
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2090 + In-T6. This suggest.s that although In additions to 2090 based alloys qualitatively
increase the number density of T, the additions are not effective in increasing yield strength
compared to matrix dislocations produced by stretch deformation (T8 temper). The low yield
strength of plate 2090 + In-T6 (441 MPa at 25°C) is consistent with earlier work on sheet
2090 + In-T6 in which In additions increased the ultimate tensile strength, but did not
increase o, [4-7].

Compared to the In bearing alloy, commercial 2090-T81 exhibits higher initiation
fracture toughness as indicated by J values at both 25 and -185°C. K|, values are calculated
from the relationship:

| K= E/(1-v%) (1)

where E is Young’s modulus and v is Poisson’s ratio. 2090-T81 also has higher crack
propagation fracture toughness at 25°C, compared to 2090 + In-T6, as illustrated by the
elevated R-curve in Fig. 3. The values of K|, and Ty for 2090-T81 reported in Table I are
consistent with thé work of Suresh et al. on Al-Li-Cu alloys [11], however, yield strength
of stretched and peak aged 2090 in that study is lower than o, for Vintage III alloy.> The
trend of higher initiation and growth toughness for 2090-T81 at ambient temperature is
enhanced at -185°C. Referring to Table I, the average J,. .of 2090-T81 increases by 65 %,
but essentially remains the same for 2090 + In-T6 over the temperature range from 25°C
to -185°C, resulting an increase in the difference in toughness between the two materials -
185°C.

The trend of increasing toughness with decreasing temperature for 2090-T81 is
reflected in an increase in the tearing modulus. The tearing modulus, Ty, represents the
resistance of a material to stable crack propagation and is defined by Paris [12] as:

Tr=(E/0,)(dV/da) @
where dJ/da is the slope of the J-Aa curve in the region of stable crack growth and o, is the
flow stress equal to 1/2(o,, + oy at any temperature. The values of dJ/da used for
calculating Ty in Table I were determined from least squares linear regression of J-Aa data
in the stable crack growth regime as outlined in ASTM standard E 813. The crack did not

bifurcate during stable propagation. Given the thickness of the compact tension specimen,

3Suresh et al. reported the following properties for alloy 2090 that was stretched 2% and peak aged at
190°C: o, = 490 MPa, J,c = 8 ki/m?, K,c = 30 MPavm and T, = 1.5.
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the sidegrooves and the relatively low values of J/a,,, it is likely that both the initiation
toughness and the tearing modulus values in Table 1 are typical of dominant plane strain
constraint.

For 2090-T81, the tearing modulus increases by 115% at -185°C, paralleling the
temperature dependence of the initiation toughness. Surprising, however, is the increase in
Tg for 2090 + In-T6 and from 0.7 at 25°C to 2.1 at -185°C; the initiation toughness
exhibited a slight decrease over the same temperature range. For all tests except those
conducted on 2090 + In-T6 at 25°C, the R-curves had two distinct slopes in the region of
stable crack growth. This trend is illustrated graphically by the dashed lines for 2090-T81
in Fig. 3. (The values of Ty reported in Table I are generally close to the average of the two
slopes.) The two slopes appear to be related to the occurrence of delamination fracture.

Fractography The primary reason for the high fracture toughness of 2090-T81 is a
significant amount of out-of-plane delamination and TGS fracture, at both 25 and -185°C and
typical of 2090 in the T8 condition [9,10,13]. Fig. 4 shows metallographic sections taken
perpendicular to the crack growth direction and within 0.5 mm of the fatigue precrack for
2090-T81 and 2090 + In-T6. The sharply faceted crack surface of 2090-T81 is typical of
cracking along {111} slip planes in textured peak aged 2090 [14]. Subgrain boundaries
played no role in the fracture process, presumably because of the relatively small size of T,
precipitates and associated &’ precipitate free zones. Delaminations along high angle grain
boundaries are perpendicular to the primary crack plane and are parallel to the crack growth

_direction. In general short transverse delaminations increase toughness by reducing through-
thickness constraint at the crack tip, as indicated by the necked ligaments between
delaminations. For K. to be affected by delaminations, they must occur prior to crack
advance as observed by Rao and coworkers [15]. '

Fig. 5 compares the macroscopic fracture surfaces of 2090 compact tension specimens
tested at 25 and -185°C. Consistent with other investigations, increases in the fracture
initiation and growth toughnesses of 2090-T81 with decreasing temperature are associated
with an increasing amount and depth of delamination. Increase delamination is due to
inefeased yield strength, and hence an increase in transverse stress, and to weakened
boundaries at the cryogenic temperature [3]. Figure 6 shows that the microscopic fracture
mode for alloy 2090 is transgranular shear at both 25 and -185°C. The cryogenic fracture
toughness behavior of Vintage III 2090-T81 is entirely consistent with the known roles of &’
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localized slip [16] and high angle boundary delamination [9].

As shown by the cross section in Fig. 4, the fracture of 2090 + In-T6 at 25°C is
relatively flat with no major delaminations or {111} slip plane fracture facets; consistent with
the low fracture initiation and growth toughnesses. The microscopic fracture mode is
characterized by intersubgranular fracture with no transgranular shear apparent. ISG cracking
is a low energy event which presumably occurs prior the onset of slip band cracking in the
indium bearing alloy. Either the boundary precipitates or the adjacent §’/T, precipitate free
zone (PFZ) may be the cause of the ISG crack path; and through boundary precipitate
cracking, interface decohesion or strain localization in the PFZ.

At -185°C, 2090 + In-T6 exhibits an increase in the crack growth toughness as
measured by an increase in Ty, but essentially the same crack initiation toughness. In
contrast to ambient temperature, fracture at -185°C is associated with significant
delamination, Fig. 5. A distinct distribution of small and large delaminations exist within
the region of stable crack extension. Adjacent to delaminations are areas of transgranular
shear fracture, approximately 20 um wide, however, the microscopic fracture mode in the
In alloy remained primarily ISG, Fig. 6. The insensitivity of J,. to the occurrence of
delamination suggests that the crack initially advances prior to delamination. The primary
influence of the delaminations in this work is to significantly increase the resistance to stable
crack growth.

ISG fracture in 2090 + In-T6 is traceable to a high density of subboundary
precipitates in the In bearing alloy, but is atypical of commercial 2090 in the T81 condition.
The propensity for subboundary precipitation, and hence low fracture toughness, and the lack
of enhanced yield strength associated with the In addition could prevent the commercial
application of this alloy. The propensity for subboundary precipitation in In bearing 2090,
and the location of indium within the microstructure, are not understood and are the subject
of continued investigation. Recrystallization of the 2090 + In alloy is not a viable

explanation for the extraordinary precipitation.

Summary
1. The superior fracture toughness of 2090-T81 is associated with transgranular shear

fracture coupled with a significant amount of delamination.
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The lower toughness of 2090 + In-T6 at 25°C is associated with intersubgranular

cracking and minimal levels of delamination. This fracture mode is attributed to

. heavy precipitation of T, at unrecrystallized subgrain boundaries. Low toughness

coupled with low yield strength may restrict the commercial use of this alloy.-

Both 2090-T81 and 2090 + In-T6 exhibit an increase in the amount and depth of
delamination fracture at -185°C compared to ambient temperature. Microscopic

fracture modes are unchanged with decreasing temperature.

Increased delamination at -185°C results in an increase in crack initiation and growth

toughnesses for 2090-T81, but only increased tearing modulus for 2090 + In-T6.

Delamination fracture results in R-curve behavior which is characterized by a stable

crack growth region which exhibits dual dJ/da slopes.

Continued studies will focus on mechanistic explanations for the propensity for

subboundary precipitation in 2090 + In-T6, the insensitivity of J,, in 2090 + In-T6 to

delamination fracture, and the origin of the dual dJ/da slopes in the stable crack region of the

" R-curve for alloys that delaminate.
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Table 1: Summary of the fracture toughness of 2090-T8 and 2090+In-T6.

Yield I Kie Tr Amount of Primary
strength (kJ/m2) | (MPaym) delamination | fracture
2090-T81 (MPa) mode
25°C 579 10.0 29.8 1.9 Medium TGS
11.3 31.7 1.3 Medium TGS
9.9 29.7 0.8 Medium TGS
-185°C 648 18.1 40.8 3.0 High TGS
14.1 36.0 25 High TGS
2090+In-T6
25°C 441 5.7 22.6 0.6 Very low ISG
' 59 230 0.7 Very low ISG
-185°C 483* 5.6 224 22 Medium ISG
6.5 242 20 Medium ISG

* estimated from cryogenic tensile data of sheet 2090+In-T6

TGS = Transgranular shear fracture
ISG = Intersubgranular fracture
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2090+In-T6

Figure 1. Microstructures of 19.1 mm 2090-T81 and 12.7 mm 2090+In-T6 plates.

2090-T81

2090+In-T6 10 pm

Figure 2. Full {111} pole figures at T/2 for 2090-T8 and 2090+In-T6 and photomicrograph showing subboundar

precipitates in 2090+In-Té6.
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Figure 3. Fracture toughness R-curves for 12.0 mm specimen with side groove at 25°C.



2090-T81

2090+In-T6
Figure 4. Cross-sections of specimens tested at 25°C.

T=-185°C T=25°C T=-185°C
2090-T81 2090+In-T6

Figure 5. Microscopic fracture appearance for specimens tested at 25°C and -185°C.

2090-T81 2090+In-T6
Figure 6. Fractographs showing transgranular shear fracture in 2090-T81 and intersubgranular fracture in 2090+




Project 6 The Effect of Cryogenic Temperature on the Fracture Toughness of
Weldalite™ 049

Cynthia L. Lach and Richard P, Gangloff

Objective
The objective of this research is to characterize the uncertain effect of temperature on
the deformation and fracture behavior of Weldalite™ from cryogenic to elevated

temperatures. We will measure fracture resistance and emphasize the determination of

fracture mechanisms, including slip plane cracking, high angle boundary delamination,.

subgrain boundary cracking, and microvoid coalescence.

Background :
Aluminum-lithium-copper alloys are being developed to replace conventional 2XXX

and 7XXX aluminum alloys for aerospace structural applications. Al-Li-Cu alloys such as
2090 offer increased stiffness and decreased density due to lithium, and exhibit increased
strength and increased fracture toughness with decreasing temperature from foom to
cryogenic levelsl. Increasing toughness at cryogenic temperatures greatly facilitatés;fracture
mechanics damage tolerant designs because cold proof-testing is not requiredjt',ga room
temperature evaluation suffices. '

Weldalite™ X2095 is a weldable Al-Li-Cu alloy developed by Martin Marietta
Corporation. The nominal composition of Weldalite™ X2095 is 3.9-4.6Cu, 1.0-1.6Li,
0.25-0.6Ag, 0.25-0.6Mg, 0.04-0.18Zr, and 0.1Ti (weight percent); with the balance being
aluminum. The alloy is notable for the high strength levels that are achieved by either
natural or artificial aging.

The temperature dependent fracture of Weldalite™ may be significantly different from
that of the Al-Li-Cu compositions examined to date. One or more of the following factors
are likely to critically affect the toughness of the Weldalite™-type alloys:

00 A high volume fraction of large (15 to SO wm) primary copper rich phases.
0o  Subgrain boundary T, precipitates in the unrecrystallized microstructure.
oo  High yield strength and low work hardening.

oo  Slip localization and slip plane cracking (this is only likely to be important for
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lower Cu and highér Li concentrations that promote ordered &’ precipitation).
oo  High angle grain boundary delamination (this has not been reported for
Weldalite™), |
The importance of each metallurgical factor may depend on temperature, stress state, and
either the crack initiation or propagation stage of toughness. In particular, the effects of test
temperature and aging condition on the fracture toughness of Weldalite™ X2095 are

uncertain.

Technical approach

The basic approach to this problem was presented in the renewal proposal for 1992,
Modifications to this direction are outlined below.

Material Two Weldalite™ X2095 compositions are selected for study to examine
the limits of the Li and Cu levels for the alloy designated X2095. The high Li-Cu alloy (Al-
4.64Cu-1.53Li-0.34Ag-0.37Mg-0.17Zr; wt%) was obtained from Reynolds Metals in the
form of rolled plate. A large ingot of this alloy was cast and hot rolled to a thickness of
38.1 mm at the McCook production facility. Subsequently, the alloy was rolled to a final
* thickness of 12.7 mm, solution heat treated, quenched and stretched (6 %) by laboratory-scale
processing at Reynolds Metals. The low copper alloy (Al-4.04Cu-1.00Li-0.37Ag-0.36Mg-
0.15Zr; wt%) was similarly fabricated on a production scale by Reynolds Metals énd
delivered in December of 1991.

The expectation is that the selected alloys will contain substantially different amounts
of primary phase to énablé examination of the effect of this feature on fracture toughness.
Several aging conditions, conducted at NASA-LaRC, will be employed to vary yield strength,
work hardening rate, and the volume fraction and distribution of the §’ and T, strengthening
precipitates. Metallurgical effects on toughness will be assessed for similar alloy flow
properties.

Deformation and Fracture The only change in this portion of the work, compared
to the renewal proposal, is the compact tension specimen thickness. The thickness will be
3.9 mm (0.15 inches) to produce both plane strain crack initiation toughness (K,c), and plane
. stress crack growth resistance (R-curve) data based on the J-integral methods outlined in
ASTM Standards E813-89 and E1152-87.1231  Crack extension will be measured by

unloading compliance. Limited experiments will be conducted with thicker compact tension
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specimens to define K;c by a more conventional method and to qualitatively indicate the
extent to which the R-curve is influenced by thickness and the degree of plane strain

constraint,

Proposed Research
With these Weldalite™ compositions and the compact tension J-Aa method, three

areas will be sequentially examined. The first two areas, fracture toughness measurement
at 25°C and at cryogenic temperatures, will be emphasized; work on fracture mechanics will
be initiated but completed in 1993.

Fracture Toughness at 25°C  The goal of these experiments is to characterize the
crack initiation and growth resistance, and associated microscopic fracture modes, for
Weldalite™ X2095 at ambient temperature. Both K¢, from J at the onset of crack growth,
and the tearing modulus from dJ/dAa will be measured with the 3.9 mm thick C(T) specimen.
The R-curve will be determined for each of the two Weldalite™ X2095 compositional
variants; aged at 143°C for 10, 20 or 24, 30, and 72 hours; to determine the interactive
effects of yield strength, work hardening, subgrain boundary T, and §” precipitation (for the
high Li alloy).

Effect of Cryogenic Temperature The objective of these experiments is. to
determine the effect of cryogenic temperature on the fracture toughness and microscopic
fracture processes for Weldalite™ X2095. The low Li-Cu alloy will be tested at the aging '
condition that provides the best toughness (according to Reynolds Metals, 143°C for 20
hours). The full J-Aa curve will be measured, with 3.9 mm thick C(T) specimens, at several
temperatures ranging from -196°C to 125°C.  Uniaxial tensile yield strength, work
hardening and fracture strain will be characterized at -196°C and 23°C. Crack surfaces will
be examined by SEM and quantitative image analysis. | |

Fracture Mechanics of Thin Sheet Crack Propagation The aims of this portion
of the study are: (a) to address the effect of compact tension specimen thickness on the
R-curve characterization, and (b) to compare K. and tearing modulus data. with literature

findings for similar Weldalite™

compositions, but alternate specimen thicknesses and
geometries, including thin center-cracked tension and surface cracked plate configurations.
The low Li-Cu alloy, most probably aged at 143°C for 20 hours, will be tested at a single

temperature. J-Aa relationships will be characterized as a function of the following C(T)
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specimen thicknesses: 2.5, 7.6, and 12.0 mm; and 12.0 mm with sidegrooves. The interest
here is to determine if a "valid" K. value is determinable from a J-Aa measurement, and to

define the effect of stress state and far-field stresses on crack growth resistance.

Progress During the Reporting Period

Preliminary to the work with the two main Weldalite™ compositions, a 5.1 cm wide
and 1.8 cm thick extrusion (Al-4.28Cu-0.84Li-0.36Ag-0.41Mg-0.14Zr; wt%) was
characterized in terms of fracture toughness at 25°C. The R-curves are presented in Figure
1 for two aging heat treatments and C(T) specimen thicknesses. (The thick C(T) specimens,
MI1K and M2K, are sidegrooved from 12.0 mm to a net thickness of 9.3 mm. The thin C(T)
specimens, M1J and M2J, are 3.9 mm thick. The alloy was aged at 143°C for 14 and 75
hours which resulted in tensile yield strengths of 606 MPa and 717 MPa respectively.) Plane
strain fracture toughnesses (Kc) and tearing modulus ([dJ/dAa] [E/o,]) were determined for
each heat treatment and specimen thickness; Table I. o, values were reported by Pickens
for each aging condition®, J; and the associated K; were determined as the initiation
toughnesses at the onset of crack growth, as detected by direct current electrical potential
monttoring. Ji- and the associated K - were determined by the intersection of the J-Aa curve
with the offset (0.2 mm) blunting line. Each thin specimen bifurcafted after crack initiation,
therefore the validity of the M1J and M2J test data is questionable.

Several points are relevant to the data in Figure 1 and Table I.

oo Considering the thick sidegrooved specimen (gross thickness of 11.7 mm and net
- thickness of 9.3 mm), K- and K. values, the later calculated Aaccording to ASTM

E813-89, bracket K- values calculated per ASTM E399-83 by Pickens (see Table

1.)41, The difference in crack initiation toughness values is due to the fact that each

ASTM Standard has a different definition of the critical load at which the crack starts

to grow. Electrical potential (or compliance) indications of crack growth initiation

pre'cede offset blunting line toughness; with the magnitude of the difference increasing
with increasing dJ/dAa.

0o  Considering the thin C(T) specimens, K, from electrical potential was higher than
the corresponding value for the side grooved specimen for each aging condition. This
result is unexpected because empirical results for steels suggest that a plane strain

crack initiation toughness, Kjc, is definable from an elastic-plastic J-integral
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experiment provided that specimen thickness exceeds 25 times the ratio of J at
initiation to 0,,. (o, is approximated by o, for low work hardening aluminum alloys
such as Weldalite™). From this equation, the C(T) thickness (3.9 mm) easily
exceeds the values indicated in Table I; plane strain initiation toughnesses are
expected. Since the crack bifurcated for each thin C(T) specimen, presumably
associated with the microstructure or texture of extruded Weldalite™, it is not
possible to unambiguoﬁsly compare the thick and thin specimen toughness results.

For the Weldalite™ extrusion, fracture toughness decreases with increasing aging
time at 143°C, and with increasing yield strength. Both plane strain initiation

toughness and plane strain tearing modulus decrease with increasing aging time.

Figure 2 presents the 25°C J-Aa curves for the high 4.6%Cu-1.5%Li Weldalite™

plate and three aging heat treatments. The alloy is textured, unrecrystallized and hardenable
by either T,, S’ and @’ (aged at 165°C for 24 hours; o,, = 610 MPa), or by T,, §” and ©’
(145°C for 24 and 72 hours; o,; = 572 and 620 MPa, respectively). The alloy contains a

potentially significant amount of primary Al-Cu-Li phase sized on the order of 30 um. The

following points are relevant to the fracture behavior of plate material.

00

00

00

00

Similar plane strain fracture toughnesses (K;c) were determined by the thin specimen
(3.9 mm thickness) J-integral R-curve (14.7, 18.8 and 23.7 MPa/m) method and by
the thick sidegrooved C(T) (12.1, 15.3 and 20.3 MPa/m; gross thickness equalling
12.0 mm and net thickness equalling 9.6 mm). While a systematic difference exists,
the values from each method do not differ to the extent indicated by the data for the
extrusion, Figure 1 and Table I. Crack bifurcation was not observed for the thin
C(T) specimens from the Weldalite™ plate. These data suggest that the proposed
method, with the 3.9 mm thick C(T) specimen, will effectively characterize the
fracture toughness of Weldalite™,

Crack growth resistance, approximated by the applied K level at the validity limit for
J-controlled crack growth (2 mm of crack extension), is relatively high and similar
to the results for other Weldalite™ compositions!!].

For the high Li-Cu plate, fracture toughness decreases with increasing aging time at
143°C and decreases with increasing aging temperature at constant o .

Delamination and slip band cracking are not observed for either heat treatment of the

~
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Weldalite™. Presumably, the volume fraction of ordered &’ is insufficient to produce

the latter fracture mode. |

Table II compares the plane strain fracture toughness values of the extrusion to those
of the high Li-Cu alloy plate. Generally, K. values for the 4.6%Cu-1.5%Li alloy are lower
(12 to 18 MPa/m) than the results for the 4.3%Cu-0.8%Li alloy (45 to 50 MPa/m) at
similar high yield strengths (610 MPa). Crack initiation toughnesses for the high Li-Cu plate
are generally low compared to literature data for Weldalite™ [, Plate fracture surfaces
exhibited cracked primary phases and some intersubgranular separation for each aging
condition. Metallographic analyses revealed a substantial volume fraction of primary phases
in the microstructure of solution treated high Li-Cu Weldalite™, While the low toughnesses
are possibly ascribable to the high copper level and primary phases in the X2095
composition, literature data indicate higher toughnesses for higher Cu alloys!!!. The high Li-
Cu plate Weldalite exhibited similar high tearing resistance compared to lower Cu
Weldalite™, suggesting that primary phases may not dominantly degrade fracture
toughness!!), This conclusion is speculative because of the uncertain effect of specimen
geometry and constraint on K. _

The low Li-Cu alloy was obtained from Marshall Space Flight Center and a
preliminary aging study was conducted. Figures 3 and 4 compare the aging behavior of the
high Li-Cu alloy to the low Li-Cu alloy. Figure 5 displays the aging behavior of the
Weldalite (4.3Cu-0.8Li) extrusion. A comparison of the aging curves for the three
Weldalite™-type alloys at 145°C is shown in Figure 6. The aging temperature for the high
Li-Cu and the low Li-Cu alloys was selected to be 14°C. An in-depth aging study will be
conducted on these two alloys at 145°C for 1 to 100 hours. In an effort to investigate the
effect of various strength levels on the fracture toughness of the material; four different aging
times will be selected along the hardness curve.

Returning to the issue of the effect of the Li to Cu ratio on the amount of primary
phases present in the microstructure during solution treatment, Figures 7 and 8 show typical
microstructures for the high and low Li-Cu Weldalites™. Each alloy is presumably
_ unrécrystallized. Qualitatively, and consistent with the phase diagram by Silcock, the high
Li-Cu alloy contains large primary phases (probably T, and/or Tg), 'while the low Li-Cu
composition should be nearly single f)hase at the solution temperaturé“’. Of course, such

phases are unaffected by aging time and temperature. The size and volume fraction of
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primary phases will be quantitatively determined for each alloy composition. Preliminary
results indicate that the 4.6%Cu-1.5%Li alloy contains 5.7 volume per cent of primary

phases (the values for two replicate specimens are 4.7% and 6.7%).

Future plans
The fracture toughness experiments will measure the J-crack growth response, based

on the automated unloading compliance method, for cryogenic to ambient temperatures and
above (125°C).‘ Fracture surfaces will be examined by scanning electron microscopy and
metallographic cross sections.

The uniaxial tensile deformation behavior of Weldalite™ X2095 will be characterized
at selected temperatures spanning the range from -196 to 25°C. The stress-strain relationship
based on the Ramberg-Osgood power-law relation will be used to identify work hardening

characteristics for uniform deformation prior to necking.

References
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Fracture toughness J-Aa R-curves for 4.3%Cu-0.8%Li Weldalite™ extrusion

loaded at 25°C, including results for the 3.9 mm thick and 11.7 mm thick

sidegrooved compact tension specimens.
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Figure 2: Fracture toughness J-Aa R-curves for 4.6%Cu-1.5%Li Weldalite™" plate

loaded at 25°C, including results for the 3.9 mm thick and 12.0 mm thick
sidegrooved compact tension specimens,
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Project 7 Mechanisms of Localized Corrosion in Al-Li-Cu-Mg-Ag Alloy X2095 and
Compositional Variations

F. Douglas Wall and Glenn E. Stoner

Objectives
The objectives for this research project are to determine the contributions of

environment and microstructure to the localized corrosion of aluminum alloy X2095 and an
Al-4.0 Cu-1.0 Li alloy.

Approach and Results

Experimentation during the first six months of this project was focused on
characterizing the electrochemical behavior of three tempers of the X2095 alloy in chloride
and chloride/chromate environments and documenting the SCC behavior as a function of
applied potential in a chloride/chromate environment. All experimental work was performed
on three tempers of the X2095 alloy which were received from Reynolds Metals Corporation
in September of 1991. These tempers will be referred to as X2095-A, B, C and the
corresponding aging processes are as follows: (A) 290°F/20 hrs, (B) 290°F/30 hrs, (C)
290°F/20 hrs + ramp to 400°F at SO0°F/hr + 400°F/5 min.

Electrochemical parameters were assessed through potentiodynamic polarization
experiments performed on 1 cm? samples at a scan rate of 0.2 mV/sec in aerated 0.1M NaCl
+ 0.IM Na,CrO,. Results of these experiments are given in Table 1.

The presence of chromate ions tends to raise the breakaway potential (E,,) of the three
tempers to potentials ranging from -0.060 to -0.210 V. In the same environment bulk T,
(AL,LiCu) has been shown to have an E,_ value of approximately -0.5 Vo ). Thus, in the
chromate environment a potential window can be established in which the matrix material is
passivated while the precipitate phase is rapidly dissolving. A study of aluminum alloy 2090
in the same environment has shown that stressed samples polarized within the potential
window defined by the E,, values will fail rapidly, and samples polarized below E,, of T,

yield no failures 1. To determine if alloy X2095 obeys this criteria for rapid failure,
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Table 1
Electrochemical Parameters of X2095 Determined by Potentiodynamic Polarization
0.6M NaCl, deaerated

Material EOC (mVgcg) Epg (mVscp) Lass (LA)
X2095-A -970 -690 0.2
X2095-B -950 -670 0.1
X2095-C -950 -710 0.1

0.1M NaCl + 0.1M Na,CrO,, aerated

Material EOC (mVgcp) Epr (MVcp) Lpass (LA)
X2095-A -690 -60 ) 2.0
X2095-B -720 -230 3.0
X2095-C -780 -210 3.0

constant load SCC experiments were performed in the inhibiting chloride/chromate
environment at three applied potentials (-550, —475 and -450 mVgg), thus bracketing the E,
value of T,. Samples of all three tempers polarized within the potential window of
suséeptibility failed within ten hours. Samples polarized below E,, of T, produced no failures
after five days of testing.

To this point the criteria for rapid SCC failure of 2090 and X2095 has not been
differentiated. Both materials are strengthened by T,, but the distribution is much more
homogeneous in the case of the X2095. Initial results indicate that the rapid SCC criterion

is not sensitive to this difference in distribution.

Current and Future Work

Recent efforts have focused on performing variations of the TTF experiments
described above. Although insufficient data have been collected to establish definite trends
in material behavior, two exceptions to the criteria for rapid failure have been observed.

In one scenario the sample was polarized approximately 50 mV below E,. of T,.

After five days of stability (indicated by a low corrosion current), a mechanical flaw was
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induced by scratching the sample with a glass rod. Subsequent sample failure occurred
within five hours. This was the first sample observed to fail at a potential below E,_ of T,.
One anodic dissolution based mechanism for Al-Li-Cu alloys relies on a rapidly corroding
crack tip flanked by a passive matrix or crack wall . Until now conditions for this
mechanism were only achieved for samples polarized above E,, of T, in an inhibiting
environment. However, experiments which have yielded failures outside of this condition
suggest that cracks may propagate at potentials below the E,. of bulk T, or that the
breakaway potential of T, is suppressed in the occluded crack environment. Further
investigation of this phenomenon will require studies of T, and matrix dissolution in the
solution chemistries of propagating SCC cracks. It may be possible to determine the crack
chemistries through the use of ion chromatography (IC). If this can be accomplished,
electrochemical studies of the phases in bulk form can be performed in the crevice
environment, helping to refine the understanding of the SCC process.

In another TTF experimental variation, a sample was exposed to chloride/chromate
solution under free corrosion conditions for 20 hours prior to being polarized within the
window of susceptibility (-0.450 Vgcp). During the open circuit exposure, the open circuit
potential of the sample dropped about 200 mV from approximately -0.800 to -0.600 V.
This sample did not fail after five days of polarization. An identical sample that was at free
corrosion conditions for less than five minutes failed within ten hours of being polarized to
—0.450 Vgcg. In the case of the first sample, it is possible that depletion of surface T,
occurred during the free corrosion period yielding a sample devoid of initiation sites for
SCC. To determine if T, depletion occurs, samples at open circuit will be monitored for
changes in polarization resistance using electrochemical impedance spectroscopy (EIS). Since
T, is much more active than the surrounding matrix phase, a surface containing large
amounts of T, will have a lower polarization resistance than a clean, passive matrix surface.
Also it may be possible to monitor the test solution with IC to determine the stoichiometry
of ions dissolving from the sample surface. If T, is the primary corroding phase, results
would indicate an increase in Al, Li and perhaps Cu ions in the test solution until the
majority of the T, has dissolved.

Other studies to be initiated include potentiostatic testing of unstressed materials to
look at IGC and make comparisons with crack propagation in stressed materials. Evaluation

of material microstructure will be performed using scanning electron microscopy. Crack
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morphologies and fracture surfaces will be examined and documented. Real time
observations of crack propagation will be attempted using an optical microscope in
conjunction with video recording equipment. Material for future experimentation will include
two compositional variations of X2095 (designated RX820, RX821) to be provided by
Reynolds Metals Corporation, and an Al-4.0 Cu-1.0 Li alloy to be provided by NASA.
All of the mentioned experiments are designed to contribute towards the ultimate goal
of this research: elucidating the correlations between microstructure, environment and
localized corrosion in Al-Li-Cu alloys. The experiments to date and those proposed thus far
are concentrated on the study of anodic dissolution mechanisms for SCC. Future goals of
this work will also include studying the contribution of hydrogen to the localized corrosion
of these alloys in conjunction with Task 9 by Scully and Smith.
References
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Potential in Constant Load SCC Testing of 2090 in Cl" and CI/CrO,” Environments",
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2. R.G. Buchheit, "Mechanisms of Localized Corrosion in Al-Li-Cu Alloy 2090", Ph.D.
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Project 8 The Effects of Zinc Additions on the Precipitation and Stress Corrosion
Cracking Behavior of Alloy 8090

Raymond J. Kilmer and G.E. Stoner

Objectives
The objectives of this PhD research are to document and characterize the effects that

Zn additions have on the microstructure of alloy 8090 under different aging conditions and
to correlate SCC behavioral changes with changes in alloy composition and microstructure.

Emphasis will be placed on optimizing SCC behavior and alloy density.

Introduction

The four principle design criteria typically considered when developing or evaluating
an aluminum alloy for aerospace application are strength, density, toughness and resistance
to environmental fracture. As with most conventional aluminum aerospace alloys, Al-Li
alloys may become susceptible to stress corrosion cracking (SCC). SCC is the phenomenon
whereby an environmentally induced crack grows under the application of a static tensile
stress. This stress may be residual or externally applied. There is general agreement that
SCC occurs in aluminum alloys via a discontinuous process following two principle stages:
initiation and propagation.

In the initiation stage, localized corrosion occurs either intergranularly or at a
constituent particle forming a pit or notch in the material. An example of SCC initiation in
alloy 2090 (Al-Li-Cu-Zr) was given in a recent paper by Buchheit, Moran and Stoner [1].
A stress concentration then develops at the base of the notch. Propagation involves two
substages. Initially, local deformation occurs at the notch or crack tip which violates the
integrity of the oxide film and the crack propagates along a grain or subgrain boundary.
Propagation may be significantly aided by hydrogen embrittlement within or ahead of the
crack tip in many alloys. Once the crack propagates a finite distance, Aa, newly exposed
anodic material rapidly corrodes until reformation of a passive oxide or film occurs. These
events are cyclic and increase in frequency as the stress intensity increases with increasing

effective crack length. These processes occur until the critical crack length is achieved and
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the component fails by tensile overload. Pure metals are generally considered immune to
SCC, and in general, the SCC process is governed by alloy chemistry and alloy
microstructure.

In commercial Al-Li-Cu-Mg-Zr alloys, SCC is generally associated with an anodic
dissolution based process along or adjacent to grain and subgrain boundaries {2,3,4]. Zn
additions to these alloys have been shown to result in materials of greatly improved SCC
resistance most notably in 8090 and 8090-type alloys [5]. It also has been demonstrated that
Zn additions can have a marked effect upon the systems’ precipitation events [6,7]. The
emphasis of this paper is focussed on the correlation of Zn content with the resultant
microstructure, specifically precipitation during aging. Furthermore, the interrelation
between specific microstructural changes and their possible effects on SCC, most notably

SCC propagation, will be discussed.

Experimental
Four sheet alloys and four plate alloys were fabricated by Alcoa, having thicknesses

of 2.5 mm and 43 mm respectively. The alloys were stretched to obtain a T3 condition and

the alloys chemical compositions are listed in table 1.

Alloy Product Chemical Composition (wt-%)

Form Li Cu Mg Zn Zr
S1 Sheet 2.44 1.06 0.63 -3 0.10
S2 Sheet 2.27 1.07 0.60 0.21 0.10
S3 Sheet 1.91 1.07 0.62 0.58 0.10
S4 Sheet 2.09 1.00 0.59 1.07 0.10
Pl Plate 2.53 1.22 0.67 1.36 0.12
P2 Plate 2.47 1.23 0.74 0.99 0.12
P3 Plate 2.54 1.23 0.49 1.00 0.12
P4 Plate 2.55 1.16 0.69 0.02 0.12

Table 1: Chemical compositions of the experimental alloys.
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The alloys microstructures were studied employing TEM to assess the effect of alloy
chemistry on precipitation during artificial aging. S-T tensile bars were machined from the
plate alloys for time-to-failure (TTF) experiments (ASTM G49) in a 3.5 w/o NaCl alternate
immersion environment (ASTM G44). Phase identification included Guinier phase analysis
at Alcoa, TEM employing CBED and SAD analysis along with EDS capabilities.

Mechanical properties were evaluated at UVa and Alcoa, and included uniaxial tensile
tests of S-T round tensile specimens and fracture toughness measurements were obtained on
fatigue pre-cracked S-L compact tension specimens.

To determine the magnitude and character of misorientations of grain and subgrain

boundaries, Kikuchi patterns on each side of the boundary were taken and analyzed.

Results and Discussion

In alloys P1-P4, coarse Cu, Mg and Zn rich precipitates were evident in the T3
condition along many grain and subgrain boundaries. Precipitation of this type was not seen
to occur at the grain interiors in any of these alloys. With additional aging at 160°C, further
precipitation was seen to occur along these boundaries resulting in a bimodal size distribution
of boundary precipitates. §’ (Al;Li) free zones occurred initially along boundaries occupied
by the larger precipitates. The timing of the formation of this PFZ was not as critically
dependent on boundary misorientation as on the size and distribution of the precipitates
residing on the boundary. Although vacancy gradients can also lead to PFZ’s this evidence
would seem to indicate that the formation of the §’-FZ’s along these boundaries occurs
primarily as a result of Li incorporation into the boundary precipitates. This change in the
precipitate’s chemical makeup may influence it’s structure with aging. &’-FZ’s began to be
evident around 10 hrs at 160°C and a typical PFZ in alloy P1 is shown in the micrograph
included as Figure 1. The finer sized and later nucleated precipitates reside on boundaries
not displaying a PFZ by 20 hrs at 160°C and are shown in Figures 2a. and 2b.

Guinier phase analysis was performed on all four sheet alloys and on plate alloys P1
and P4, the baseline 8090 employed as a control. To promote boundary precipitation, the
alloys were solution heat treated at 540°C, air quenched and aged at 175°C for 36 hrs. The
results indicate that the equilibrium phase, &, is present in all the alloys but that the Zn
additions appear to promote an increased volume fraction of the precipitate. Also of primary

interest to this investigation was the presence of reflections characteristic of T, (AlgLi;Cu)
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or T’ (a phase, Mg;,(Al,Cu,Zn),, seen in low Zn/Mg content 7000 series alloys).

In alloy S1, CBED indicated the predominant presence of the icosahedral T, (5-fold
symmetry) phase. However, in the alloys with Zn additions S2-S4 and P1-P3, EDS revealed
the boundary precipitates to be rich in Mg, Cu and Zn while CBED revealed particles with
a 4-fold symmetry suggesting that these particles were T’ or some isomorphous variant to T”.
Sodergren et. al. [8] also witnessed the formation of T’ in their evaluation of the effect of
Li in 7000 series alloys. The Zn and Mg contents of these alloys were much higher and the
Cu contents somewhat less indicating that the phase field for T’ is likely to be quite
extensive. Gregson et. al. [7], in their evaluation of two Al-Li-Zn-Mg-Cu-Zr alloys reported
the observance of n (MgZn,) on grain and subgrain boundaries. None of the alloys studied
in this investigation contained either n or n’ in the aging periods and temperatures studied.

S-L fracture toughness (K,c) values were obtained from all the plate alloys with the
degree of degradation dependent on the Mg content. In the S-L orientation fracture occurs
intergranularly and intersubgranularly in all the alloys and the occurrence of the coarse
intermetallic phases on the boundary likely governs the K- values. As Mg content and
solute supersaturation increase, the volume fraction of Mg,,(Al,Cu,Zn),o should also increase

and the K, values decrease (all other factors being equal). This is the trend observed.

V Alloy | Temper Composition (wt- %) Kic (8-L) TYS
Li Cu Mg o (MPavm) | (MPa)

Pl UA* 2.53 1.22 0.67 1.36 14.1 287
P2 UA* 2.47 1.23 0.74 0.99 8.8 287

P3 UA* 2.54 1.23 0.49 1.00 20.1 278

P4 UA* 2.55 1.16 0.69 0.02 30.7 276

Table 2: K, values for plate alloys in underage temper.

(* indicates an SCC susceptible temper)

The results of the TTF tests are presented in Table 3. It is evident that Zn additions
result in alloys with markedly improved lifetimes after heat treatments of 20 to 100 hrs at
160°C when compared with alloy P4, the baseline 8090 alloy. It should be noted, however,
that these three plate alloys P1 to P3, are susceptible to SCC in markedly underaged tempers
(1 to 5 hrs at 160°C). As such, some microstructural change or changes occur between the

S and 20 hr tempers which results in improved SCC resistance. The microstructural state
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was determined at 5 hrs, 10 hrs, 15 hrs and 20 hrs at 160°C for alloy P1, as it displayed the

most promising combination of strength, toughness and SCC performance. From these

Exposure Stress
Temper 138 MPa 207 MPa 276 MPa
Alloy (hrs at 160°C)
F/N Days F/N Days F/N Days
Pl 1 3/3 2,2,3 3/3 2,2,2 N/A
5 2/3 2,3 3/3 1,1,2 N/A
20 0/3 --- 0/3 --- N/A
40 0/3 --- 0/3 --- N/A
60 0/3 --- N/A 0/3 ---
80 0/3 --- N/A 0/3 ---
100 03 --- N/A 173" ---
P2 1 2/3 3,10 3/3 2,2,2 N/A
5 373 1,1,2 3/3 1,1,2 N/A
20 0/3 --- 2/3 2,3,9 N/A
40 0/3 --- 0/3 --- N/A
60 0/3 --- N/A 0/3 ---
80 0/3 --- N/A 0/3 ---
100 0/3 --- N/A 0/3 ---
P3 1 3/3 2,3,3 3/3 3,4,17 N/A
5 3/3 2,2,3 3/3 1,2,2 N/A
20 173 17 2/3 9,17 N/A
40 0/3 --- 0/3 --- N/A
60 0/3 --- N/A 0/3 ---
80 0/3 --- N/A 0/3 ---
100 0/3 --- N/A 0/3 ---
P4 1 3/3 4,5,17 3/3 4,6,7 N/A
5 3/3 3,3,5 3/3 1,2,3 N/A
20 2/3 3,4 3/3 2,2,2 N/A
40 2/3 3,5 3/3 3,3,4 N/A
60 173 B N/A 3/3 ---
80 2/3 3,6 N/A 3/3 ---
100 3/3 2,2,3 N/A 3/3 ---

Table 3. Time to failure results of alloys P1 to P4. (* Indicates sample fractured at threads.)
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observations possible models will be examined to account for the improvement in SCC
resistance and for the applicability of these models to these alloys.

One possible mechanism by which Zn additions may result in improved SCC
resistance centers on their alteration of the electrochemical activity of the boundary phases.
Zn additions clearly alter precipitation on the boundaries and the end result may be a
decreased electrochemical difference between the boundaries and the grain interiors reducing
the galvanic driving force for SCC. This identical concept of the lessening of the
electrochemical differences was proposed by Gray et. al. [5] as a mechanism for improved
SC resistance in their Al-Li-Cu-Mg-Zn-Zr alloys. However, their argument was that Zn
additions promote increased S’ (Al,CuMg) precipitation in the grain interiors depleting them
of copper and reducing the electrochemical driving force in this manner. S’ was seen via
HREM at approximately 13 hrs at 160°C and could be detected in SAD patterns by 15 hrs
at 160°C in both Zn and non-Zn containing alloys. By the 20 hr temper, S’ had precipitated
copiously on dislocations introduced during the stretch in all alloys. The magnitude of the
apparent differences in S’ volume fraction at this aging condition between the two alloys did
not seem to be so great as to be solely responsible for a profound difference in TTF
lifetimes. Narrowing the aging time window between susceptible and unsusceptible tempers
may provide more insight into the role S’ and only a quantitative evaluation between alloys
of like composition with and without Zn, will demonstrate Zn’s influence on S’.

If boundary precipitation controls the magnitude and extent of SCC then the evidence
that the Zn containing alloys are still highly susceptible to SCC in the 5 hr temper is
significant. It would suggest that the electrochemical activity of the boundary phases change
between the 5 and 20 hr aging treatments. This change could be accomplished in at least two
distinct manners: the Cu, Mg and Zn solute ratios of the boundary phases could change
possibly to include Li as evidenced by the §’-FZ’s, or the relative proportions of the different
boundary phases (T,, T’, §) could change imparting a new electrochemical character to the
boundaries.

The increase in the volume fraction of § with increasing Zn content may also
contribute to improving the SCC resistance if Zn promotes & precipitation between the 5 and
20 hr tempers. Previous research [10] on Al-Li binaries has demonstrated that the dissolution
of § may lead to crack tip blunting slowing crack growth. Further investigation is required

and is underway.
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Recent Results

The above paper was presented at the Sixth Al-Li Conference in Garmish-
Partenkirchen, West Germany, in October of 1991. Research continued on the four 8090 +
Zn alloys and the focus of the research centered on better defining the aging condition where
the transition from SCC susceptible to SCC resistance occurs. The aging "window"
previously narrowed down this transition to occur between 5 and 20 hrs at 160°C. Alternate
immersion TTF tests were performed on the alloys after aging 10 and 15 hrs at 160°C and
the results are amended to include this data and are included as Table 4. From these results,
it is apparent that alloy P1 had the earliest transition time with no failures at 138 MPa and
207 MPa (20 and 30 ksi) after 30 days. This is especially significant because S’ (a possible
contributor in defining SCC resistance) cannot be detected in SAD patterns until 15 hrs at
160°C or as an occasional tiny nuclei at 13 hrs at 160°C via HREM. S’ is therefor not
integrally responsible or necessary for improvement of SCC in these alloys. Current focus
on the mechanism responsible is centered on boundary precipitation and its effect on SCC
at 5 and 10 hrs at 160°C in alloy C200. This alloy will be focussed on because of its
dramatic and clear cut change in SCC behavior with a short aging difference and because

these two aging conditions are somewhat simplified, given the fact that S’ hasn’t precipitated.

Future Work

The bulk of the microstructural characterization of the 8090 + Zn alloys is now
essentially complete and the transition "windows" (for aging at 160°C) defined. The next,
and final phase of research will focus on the electrochemical differences between the SCC
susceptible and SCC resistant tempers, specifically on alloy P1. A number of initial
experiments will focus on the boundary precipitates’ electrochemical activity (and the possible

contribution of hydrogen) via:
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*  immersion of TEM foils in 3.5 w/o NaCl solution and examination of resultant attack

*  hydrogen charging experiments looking at the relative susceptibility of hydrogen
absorption at the SCC susceptible and SCC resistant tempers, and the effect on
fracture energy.

* evaluation of the SCC behavior as a function of applied potential.
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Aoy Tmlp;'og“ “ 138 MPa 207 MPa 276 MPa
F/N Days F/NN Days F/N Days
Pl 1 3 223 ) 222 N/A
5 73 23 3 1,1,2 N/A
10 03 --- 03 .- N/A
15 03 . 13" cen N/A
20 03 - o3 --- N/A
40 [ - () .e- N/A
60 o3 .- N/A o3 .
80 o3 . N/A o3 .-
100 o3 . N/A 13" --
P2 1 273 3,10 33 22,2 N/A
5 33 1,1,2 33 1,1,2 N/A
10 n 1,1, 3 1,2,5 N/A
15 173 2 13 1,1 N/A
20 %) . 273 2,3,9 N/A
40 o3 .- o3 - N/A
%) [ .- N/A o3 .e
80 03 .- N/A o3 -
100 ) . N/A o3 -
P3 1 ) 23,3 B 3,4,17 N/A
5 3 2,23 3 1,22 N/A
10 273 5,5 ) 1,23 N/A
15 13 16 13 3 N/A
20 173 17 273 9,17 N/A
) o3 .e- o3 . N/A
) o3 .e- N/A 03 cee
) 03 .- N/A 03 -
100 o3 .- N/A o3 ..
P4 1 33 4,5,17 n 4,6,7 N/A
s 33 3,3,5 B 1,23 N/A
10 273 4,11 273 1,5 N/A
15 173 s 3 1,23 N/A
20 273 3,4 3 22,2 N/A
40 273 3,5 E%) 3,3,4 N/A
%) 173 4 N/A 33 .-
80 23 3,6 N/A 33 --e
100 33 2,23 N/A B .-

Table 4. Appended time to failure results of alloys P1-P4.

(" Indicates sample fractured at threads.)
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Fig. 1: TEM micrograph of coarse Cu, Mg and Zn containing boundary phase. The half width

of the §’-FZ is arrowed with the precipitate.

Fig. 2a: TEM micrograph of T" phase Fig 2b: T phase of 2a
on boundary in P1. Off [001]. inclined to another [001]
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Project 9 Hydrogen Interactions in Aluminum-Lithium Alloy 2090 and Selected
Complimentary Model Alloys

S.W. Smith and J.R. Scully

Objective
The objective of this work is to develop a fundamental understanding of the effects

of dissolved and trapped hydrogen on the mechanical properties of selected Al-Li-Cu-X
alloys. We propose to: (a) distinguish hydrogen induced EAC from aqueous dissolution
controlled processes, (b) correlate hydrogen induced EAC with mobile and trapped hydrogen
concentrations and (c) identify significant trap sites and hydrides (if any) through the

utilization of model alloys and phases.

Backeround and Problem Statement

Al-Li-Cu-X alloys are being studied for use in aerospace applications, due to the
improved stiffness and strength to weight ratio in comparison to conventional aluminum
alloys. Several research projects have been conducted to prove these alloys do suffer from
environmentally assisted cracking (EAC).M  Although it is easy to demonstrate
thermodynamically that hydrogen is produced at the crack tip in aluminum lithium alloys,
when exposed to moist air and many aqueous solutions, the role hydrogen plays in the
embrittlement of aluminum lithium alloys has not been clearly distinguished from aqueous
dissolution effects. This study will consist of three major elements. These are: (1)
distinguish hydrogen induced EAC from aqueous dissolution controlled EAC, (2) correlate
hydrogen induced EAC with mobile and trapped hydrogen concentrations, and (3) identify
significant trap sites and hydride phases (if any) through utilization of model alloys and

phases. The intended approach and current program status is reviewed.

Technical Approach

Throughout the past quarter, research has been centered around: (i) cathodic charging
of alloys in order to produce hydrogen levels which cause mechanical damage, and (ii)

evaluating hydrogen production rates on a bare metal surface of these alloys during the film
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rupture process in aqueous environments. Ultimately we seek to cathodically charge alloys
with atomic hydrogen to levels representative of those achieved at the crack tip in aqueous
solutions without the competing effects of dissolution.

The experimental work performed over the past few months has involved two major
sub-tasks: (i) study of mechanical properties with the addition of absorbed hydrogen
introduced by cathodic charging, and (ii) examination of hydrogen production at a crack tip
for Al-Li-Cu-X alloys after mechanical destabilization of the passive film. This is simulated
by performing scratch tests on model alloys.

Mechanical Properties Mechanical testing of Al alloys in aqueous solutions can
actually result in creating more questions than producing answers, if it is not conducted
properly. The first obstacle encountered is the native oxide on these alloys which acts as a
barrier to hydrogen diffusion. The oxide makes it difficult to uniformly charge these
materials. The second issue is to separate the effects of aqueous dissolution from those of
hydrogen assisted cracking, in order to truly delineate the role absorbed hydrogen plays in
environmentally assisted cracking. We have tried to resolve both of these issues by charging
specimens in two different ways. The first method is to galvanostatically apply a cathodic
current to these specimens in 0.1 M Na,CrO,. Since the chromate minimizes anodic
dissolution, there has been some success using this method in the past.’” However, charging
in chromate may result in the caustic attack of the specimen surface. For this reason it is
necessary to remove these specimens from the environment and repolish the surfaces before
evaluating the mechanical properties. The repolish eliminates any stress concentrations due
to aqueous dissolution.

The second charging method accomplishes both removal of the oxide and avoidance
of corrosion. These goals are achieved by deposition of palladium onto the specimen. Oxide
removal is accomplished by sputter etching the surface of the specimen to remove all of the
oxide. Corrosion resistance is achieved by sputtering a thin film of palladium onto the
"clean" surface of the specimen. This method was also found to have limitations. The total
amount of hydrogen that could be introduced into these alloys was limited by the adhesion
of the palladium coating. During extended charging of the coated samples absorbed
hydrogen in the palladium results in a volume expansion of the film, leading to spalling of
the film. For this reason the specimens that have been coated with palladium were removed

from the charging environment before spalling of the film occurred.
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In addition to surface preparation methods which facilitate hydrogen uptake, two other
experimental variables have been examined for these tests. The first one being storage time
of the specimen before conducting mechanical tests. Increasing storage time will allow for
volume diffusion of hydrogen to the interior of the tensile specimens. A theoretical
concentration profile is depicted in Figure 1. These calculations were performed using the
method outlined by Meron and coworkers.”®! A diffusion coefficient of 1 x 10 cm? sec’!,
which is approximately the value that is expected for the volume diffusion of hydrogen in Al-
Li-Cu-X alloys, was assumed. This figure shows the limitation of the charging procedure
used to date. The profiles for storage times of 24 hours and 2 weeks shows that it is possible
to obtain higher levels of hydrogen in the interior portion of the specimens, however, the
total amount of hydrogen remains the same, assuming that outgassing during storage is
minimized. The curve showing the highest level of hydrogen in the sample is for a total
charging time of two weeks, which is a condition we have not attempted to date. Since
nickel does not experience as large a volume expansion with hydrogen additions as that seen

in palladium, it is possible to obtain such a profile by sputter deposition of nickel onto the

charged for 24 hrs.,
-------- charged for 24 hrs., strored for 24 hrs.
------ charged for 24 hrs., stored for 2 weeks
---------- -charged for 2 weeks

1
x =0 x=1/21L x=1L
Specimen thickness

Figure 1. Theoretical hydrogen concentration profile for various charging conditions.
Diffusion coefficient of 1 x 10 cm? sec” and a specimen thickness of 0.228 cm was
used.
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specimens. The use of nickel coatings on aluminum foils has been shown to be useful by
Latanision and co-workers.* In addition to varying storage time we are looking at the effect
of applied load during charging. This is accomplished by placing a tensile bar in an ASTM
G49 constant extension test jig, and then charging. The specimen remains in the load jig
during storage.

Hydrogen Production  Scratching electrode tests were conducted to try to gain
some insight into the hydrogen reaction rates and fugacities present at a crack tip during film
rupture. Several model alloys were prepared by metallographic mounting. Polished metal
surfaces are then coated with an insulating nonreactive material (high vacuum grease or
sputter deposited SiO,). The specimen is then placed into the test solution and a diamond
scribe is used to scratch the surface. The scratch exposes bare metal to the solution, which
1s equivalent to the conditions experienced when an oxide film is ruptured at a crack tip.
Upon scratching the surface, the potential transient was measured using a high speed data
logger. The potential monitored is only for the electrochemical reactions occurring on the
exposed metal. The minimum potential reached can be directly related to the maximum
hydrogen fugacity that can be obtained for a material within the environment being used.!
The fugacity for the hydrogen evolution reaction in aqueous solutions can be determined by

solving for the Nernst equation:®

AE
30mv

= - log(fy) (1)

Where AE is the measured potential minus the reversible potential, and the fugacity is given
in units of atmospheres. These tests have been done in several environments, varying the pH
and ionic species. Several tests are being done in AlCl; to simulate the chemistry present at
a crack tip. The hydrogen fugacity present during film rupture is often assumed to be the
same as that present for a passive metal with an oxide in a simulated crack solution,
However, we have shown that the potential of the bare material, prior to repassivation, is
sigrﬁﬁcantly lower than that with an intact oxide. This information justifies the high
hydrogen concentrations which may be achieved with palladium or nickel coated Al alloy
samples. Ideally we seek to select a hydrogen concentration which is representative of that

present at the crack tip.
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Summary of Important Conclusions
Mechanical Testing Since the hydrogen embrittlement of 7075-T6 is well

documented, ") initial mechanical testing has been performed on specimens of this alloy in
the LT orientation. 7075-T6 can then be directly compared to 2090, under conditions known
to cause hydrogen interactions. The mechanical testing of these specimens for various
charging condition is shown in Figure 2. This work clearly shows there is an adverse affect
on the mechanical properties of 7075-T6 from cathodic charging. These results indicate
significant hydrogen ingress has been achieved by’utilizing the charging procedures described
above. Since these test were conducted in air, they are totally independent of anodic
dissolution. The results summarized in Table 1 express the degree of embrittlement by the
loss seen in two different mechanical properties, fracture energy and strain to failure. The
fracture energy is calculated as the area under the stress stain curve, and the strain to failure
is the engineering strain present at final fracture. In addition to the results for 7075-T6,

Table 1 shows results to date for 2090-T3. The reduction in mechanical properties for 2090-

Stress (ksi)

40 -3 -1
strain rate 3 x 10 ~ sec
30 No Charging
-------- Charged in Nay,CrO, for 2 hrs
ROpr Pd coated and charged for 24 hrs
10
0 | l 1 l | l : ] l 1 l 1 l 1 l 1 I 1 l 1

0 2 4 6 8 10 12 14 16 18 20
STRAIN (%)

Figure 2. Stress strain curves for 7075-T6 LT specimens tested in lab air. A
represents an uncharged specimen, C is stored for 24 hrs., E is stored for 48 hrs.

and B&D are stored for 2 weeks. 15




T3 are not statistically significant and one can not conclude that any hydrogen damage has
occurred for this alloy under this condition. However, the equivalent test for 7075-T6 also
resulted in only slight damage. More significant damage was observed for palladium coated
samples charged for longer time periods. This suggests that mechanical damage might be
observed for 2090 after longer time periods. In order to determine if hydrogen does play a

role, additional specimens under various charging conditions will be tested.

Table 1: Results from mechanical testing in lab air

Specimen
History FE (MJ/m®) FE loss (%) € (%) €loss (%)
7075-T6,LT 1in air 113.8 -0- 18.43 -0-
7075-T6,LT
Pd coated charged 24 hrs 56.67 50.19 12.31 33.21
stored 2 days
7075-T6,LT
Pd coated charged 24 hrs 61.64 45.9 12.67 31.25
stored 2 weeks
7075-T6,LT
charged 2hrs in Na,CrO, 94.94 16.60 16.89 8.36
stored 1 day
7075-T6,LT
charged 2 hrs in Na,CrO, 85.56 24.85 15.19 17.58
stored 2 weeks
7075-T6,LT

charged 2hrs in Na,CrO,
loaded to 70% o, 94.73 16.82 17.22 6.57
stored 2 weeks

2090-T3,LT in air 44.68 -0- 13.02 -0-
2090-T3,LT
charged 2hrs in Na,CrO, 42.82 4.18 12.80 1.69
stored 1 day

At first glance some of the information presented in Table 1 appears to be
contradictory. The data for 7075-T6 charged in 0.1 N NaOH with a palladium coating show
that a 2 week storage time results in no additional degradation, if not actual improvement in
the mechanical properties. However, when charging is performed in 0.1 M Na,CrO, the
mechanical properties become worse when stored for two weeks, although the chromate never
produces results as severe as those observed for palladium coated samples. There are two

possible explanations for this behavior. The first reason may be related to the fact that
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specimens charged in Na,CrO, must be repolished before testing. An average of 0.01 inch
is removed from each side. As shown in Figure 1 the metal layer removed from a specimen
stored for 1 day will contain a greater percentage of the absorbed hydrogen than the same
metal layer removed from a specimen stored for 2 weeks. The second possible explanation
for these results is that some hydrogen outgassing may occur upon storage. In the case of
the samples charged in Na,CrO, the oxide minimizes the amount of hydrogen that can escape
from the material. For palladium coated specimens charged in NaOH, the palladium coating
may act as a high mobility path for hydrogen to diffuse from the specimen during storage,
which may result in the reversibility observed after storage. The effect of possible outgassing
is not shown in the concentration profiles of Figure 1. The degree of outgassing will be
evaluated in the next quarter by doing hydrogen analysis using thermal desorption
spectroscopy (TDS) and a modified Devanathan-Stachurski permeation measurement, as
outlined in the previous progress report. These issues may also be surmounted by
continuously charging for two weeks with nickel coated samples to obtain more uniform
hydrogen profiles.

Hydrogen Production  The results of scratch tests performed in 0.5 M Na,SO,
buffered to different pH’s are shown in Figure 3. This information clearly shows that the
partial pressures of hydrogen obtained within the crack tip during film rupture can be several
orders of magnitude higher than if the oxide remains undamaged. Additional scratch tests
were conducted in a simulated crack chemistry of 0.25 M AICl,;, these results are
summarized in Table 2. Once again it is seen that the increase in hydrogen partial pressure

is several orders of magnitude.

Table 2: Results from scratch test in 0.25 M AICl;, E, = -0.359 V vs. SCE

Material E,. Enin

(V vs. SCE) Py, (atm) (V vs. SCE) Py, (atm)
Al - 99.999% -1.129 1.7 x 10*2 -1.567 3.4 x 10¥
2090 SHT -0.670 3.8 x 10* -1.728 1.6 x 10*
Al-3 LiSHT | -0.848 3.5x 107 -1.413 9.3 x 10%°
Al -3 Cu SHT| -0.992° 8.9 x 10° -1.738 * 2.4 x 10%

" These values are for a single data point, all other values are the average of three data points.
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V vs SCE

(

Potential
o
o

Al - 99.999%
2090 SHT

Al - 3 Li SHT

Al - 3 Cu SHT E,
Al - 3 Cu SHT E,
_3.0 1 1 1 l 1 1 1 l | 1 1 l ) I - l 1 1 1 I 1 1 1 l 11 1

2 4 6 8 10 12 14
pH

l11||l|ll

- t+eHO

o

Figure 3. Hydrogen partial pressures for scratched electrode test in 0.5
M Na,SO,. @, H, ¢, and + are E_;, after scratching. ©,0,90, and - are
E,. measurements.

Future Work

The anticipated work for the next reporting period is to continue along the methods

outlined in this report and to integrate the analytical methods detailed in the previous report.

The outline for this work is as follows:

00

00

00

00

Additional mechanical testing of 2090-T3 and 2090-T6 using a nickel coating to aid
in cathodic charging.

Fractographic analysis to aid in the determination of fracture mode present in charged
specimens.

Assemble TDS system and optimize analysis procedure for Al-Li-Cu-X alloys and
model alloys.

Use TDS to determine how atomic hydrogen is incorporated in Al-Li-Cu-X alloys and

significant constituent phases.
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oo  Perform permeation measurements to determine hydrogen diffusion rates in aluminum
and selected alloys.

oo  Perform additional scratch tests varying the simulated crack chemistry. Tests using
T, (AlxLi;Cu) will also be run.

oo  Perform potentiostatic scratch tests, cathodic and anodic to the E_; values already
determined. This information can be used to determine Evans diagrams for
dissolution and the production of hydrogen on bare alloys, thereby, making it possible

to calculate dissolution rates and hydrogen evolution reaction kinetics.
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Project 10  Investigation of the Effect of Thermal Treatment on the Mechanical
Properties of Ti-1100/SCS-6 Composites

Douglas B. Gundel and F.E. Wawner

Objective
The objective of this study is to investigate the influence of thermal exposure, both
isothermal and cyclic, on the microstructure, mechanical properties, and fracture

characteristics of Ti-1100/SCS-6 fiber composites.

Approach
The Ti-1100/SCS-6 composites evaluated in this study will be fabricated at NASA

Langley Research Center. These materials will be subjected to thermal exposure at UVa and
evaluated for microstructural changes, tensile properties in longitudinal and transverse
directions, and fracture characteristics. Thermal cycling experiments will include both low
to high temperature and ambient to cryogenic temperatures. Scanning and transmission
electron microscopy will be utilized to delineate microstructure and any associated changes
with environmental exposure. It is anticipated that an upper practical temperature limit will
be defined for utilization of this composite system. The influence of selected diffusion
barrier-compliant layer coatings on the reinforcing fibers and on localized matrix regions will
be correlated with composite properties. Fracture analysis will be conducted by SEM to
relate interface and microstructure contribution to the failure process.

The specific research plan has been outlined previously [1].

Research Progress

Thermal Cycling:  The apparatus used to thermally cycle the samples has been
described previously [2]. Tensile samples of Ti-1100/SCS-6 composite (4-ply fiber), both
longitudinal and transverse, and Ti-1100 matrix (4-ply) were cut prior to the exposure (0.25
by 3.5 inches). Thus far all cycling has been done in argon or air from 150°C to 700 or
800°C for 500 cycles. The general shape of the thermal cycle has been reported [2], but the
times required for a full cycle varied depending on the thermal mass in the specimen

container of the cycler. For example, bare samples cycled in air required 3.2 minutes for
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a full cycle, while the same number of samples encapsulated in argon-filled quartz tubes
required 5.5 minutes.

The results of the cycling on the matrix samples are presented in Table 1, and it is
apparent that there was no appreciable degradation of tensile properties as a result of the
exposures.

The effect of thermal cycling on the tensile properties of longitudinal composite
samples is given in Table 2. Cycling in air up to 700°C and argon cycling up to 800°C did
not significantly degrade the properties, but cycling in air up to 800°C was detrimental.

One of the salient features of the fracture surfaces of all of the samples (even as-
fabricated) was a region of flat fracture around the edge (see Fig. 1). This region is thought
to be more brittle than the bulk matrix because of its flat, featureless, cleavage-like
appearance and the fact that it was often observed to contain cracks. The thickness of the
layer grew as a result of cycling in air up to 800°C and stayed approximately the same size
for the other exposures. As described previously [2], when any of the samples were bent
over a mandrel to a tensile strain of 0.8% cracks were found perpendicular to the direction
of strain. The initially present, as-fabricated layer (about 20 pm thick) has been attributed
to the release agent (boron nitride) used to keep the sample from bonding to the platens of
the vacuum hot-press during fabrication. It should be noted that the all of the samples used
to this point had this subsurface layer, but the most recently received (untested) material has
been processed to remove this layer.

A study was undertaken to determine the effect of this layer on the tensile properties
of cycled longitudinal composites. Some samples were mechanically polished to remove
about 50 um of matrix from the faces of the composite (the composite was then about 100
pm thinner). Three of these samples were encapsulated in argon-filled quartz tubes and three
others were placed in open-ended quartz tubes for air exposure. Three unpolished samples
were similarly placed in open-ended quartz tubes. The samples were then cycled from 150
to 800°C 500 times using 8.7 minute cycles, and then tensile tested. The results are given
in Table 3. The argon exposed samples showed no loss in tensile properties and no brittle
subsurface region was found on these samples (see Figure 2). The air-exposed samples all
exhibited a strength loss following cycling. The average strength of the polished samples was
slightly higher than the unpolished ones but this may simply be due to the limited number
of samples studied. It should be noted that these strengths are slightly less than those
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reported in Table 2 presumably because of the longer cycle time (longer exposure to high
temperatures). From this data it has been concluded that the initial brittle subsurface layer
may have a small effect on the post-cycling tensile properties in longitudinal samples, but the
damage accumulated during thermal cycling in air is due primarily to sample-environment
interactions.

The fracture surfaces of the longitudinal samples cycled to 800°C in air that were
referred to in Table 2 were studied to help determine the cause of the lower strength and
modulus. The areas most damaged by the cycling appeared to be near the cut edges of the
sample (see Figure 3). There are at least four features on this micrograph that are the result
of specimen-environment interaction and may explain its lower strength. The most prominent
features are regions where the matrix is flat (A) and presumably more brittle than the normal
regions of ductile rupture closer to the middle of the sample (B). Also, the matrix tends to
debond from the fiber in regions where there is a great deal of matrix embrittlement (C).
In some cases (only to a limited extent in this micrograph) a delineation of the diffusion-bond
line appears (D) and the original matrix plies sometimes separate. This indicates that this
area (not visible on fracture surfaces of as-fabricated or argon-cycled samples) may be a weak
spot in these materials after cyclic thermal exposure in air.

Another important result of thermal cycling can be seen in Figure 3. At (E) there is
an area of flat fracture that in some places is covered by a rough scale. With the use of a
stereomicroscope this scale can be seen clearly and is primarily located in spots around the
perimeter of the sample. It appears dull gray as opposed to the shiny flat fracture region that
covers the rest of the perimeter. This indicates that cracks enter the sample from the surface
during cycling and their surfaces become coated with the scale (most likely titanium oxide).
In order to view one of these cracks a cycled composite was mounted as shown in Figure 4.
There is a crack present that enters the composite from the cut edge and extends to the first
fiber inside the composite (the front face was polished down to the first fiber layer).

Embrittlement of the matrix, fiber-matrix debonding, matrix ply separation, and
cracking of the matrix all seem to be the result of matrix-environment interactions and may
be Solely responsible for the strength loss of the composite. The effect of the exposure on
the fibers of the composite has not yet been assessed, but isothermal exposure of SCS-6
fibers in air at 800°C up to 300 hours did not cause a significant strength loss [3]. The

matrix alone is not affected by the thermal cycling (Table 1), and neither are the argon-
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encapsulated samples, thereby leading to the conclusion that the environment interacts with
the composite in a unique and detrimental manner during the exposure. Two explanations
for this behavior are suggested: 1) The coefficient of thermal expansion (CTE) mismatch
between the fiber and the matrix gives rise to stresses in the matrix that, combined with the
embrittling nature of air at high temperatures [4], lead to enhanced matrix damage (as
suggested by Smith et al. [5] in the Ti-14Al-21Nb/SCS-6 system); and 2) The fiber-matrix
interface provides a fast path for diffusion of matrix-embrittling species from the air. For
(1) crack growth is envisioned occurring by embrittlement of the matrix ahead of the crack
during the high temperature portion of the exposure, and the subsequent extension of the
crack through the embrittled region during cooling when the tensile stresses in the matrix are
expected to be increasing. The evidence for the occurrence of (2) is the flat fracture of the
matrix surrounding fibers that have direct contact with the environment (see [2]). The most
direct solutions to these problems are to lower the temperature of the exposure, or coat the
sample with an oxidation-resistant layer.

Tensile samples in the transverse orientation were also cycled and tested and the
results are given in Table 4. The composite is more sensitive to thermal cycling in the
transverse direction than the longitudinal samples with a 70% reduction in strength for
cycling to 800°C in air. This is not surprising since the transverse tensile properties are
dominated by the matrix and the interface, and cycling in air was found to be detrimental to
the matrix of the longitudinal samples. As explained previously [2], the fracture surfaces of
the samples cycled in air to 800°C revealed that the matrix between the fibers fractured to
yield a flat surface, while the matrix in the as-fabricated sampled failed solely by dimpled
rupture. This result is most probably due to the many fibers intersecting the surface acting
as conduits for embrittling species from the air to enter the sample (mechanism (2) above).
The extent of damage to the fiber-matrix interface in this case is not known, but it may play
a role in the overall property degradation.

Isothermal Exposure:  From the recorded temperature versus time of the thermal
cycles of the specimens exposed in air to 800°C, an equivalent isothermal exposure was
calculated. The calculation was based on finding the temperature necessary to expose the
sample for the same length of time and yield the same diffusion distance. This was done by
using diffusivity data of oxygen and nitrogen in titanium [6] to convert the temperature

versus time data to diffusivity versus time. The area under this curve was then used to
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calculate the equivalent diffusivity, hence the equivalent temperature necessary. To simulate
the thermal exposure of the 500 thermal cycles (3.2 minute duration) a temperature of 735°C
for 26.5 hours was used.

The results of the exposures are given in Tables 1, 2, and 4 for the matrix,
longitudinal composite, and the transverse composite, respectively. The exposure did not
significantly effect the matrix or the longitudinal composite, but the transverse properties
were slightly degraded. The only noticeable difference between as-fabricated and
isothermally exposed longitudinal fracture surfaces was a narrow region of flat matrix
fracture surrounding the fibers that were in direct contact with the surface (see Figure 5).
The lower strength of the transverse samples is most probably due to embrittlement of the
matrix and degradation of the fiber-matrix interface. Further investigations of isothermal

exposure are necessary, however, to supplement this work.

Conclusions

1. Thermal cycling in argon had no significant effect on the tensile properties of the
composite or matrix.

2. Thermal cycling in air up to 700°C had little effect on composite tensile strength,
but cycling in air to 800°C caused appreciable degradation in both the longitudinal and
transverse orientations.

3. The effect of the initial, brittle subsurface layer on the tensile properties of the
composite is not known, but it does not contribute greatly to strength loss incurred during

cycling.

4. Cycling in air to 800°C caused considerable damage to the composite including
matrix embrittlement, environmental-assisted matrix cracking, fiber-matrix debonding, and
matrix ply separation.

5. The isothermal exposure used to simulate the thermal exposure of the cycling did

not degrade the properties as severely as thermal cycling.

Future Work
1. Further investigation of the nature of the composite-air interaction and

determination of the temperature range where it becomes important.
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2. Use the recently received samples that do not have the brittle surface layer to
study the effect of thermal cycling.
3. Study the effects of long-term, moderate-temperature, isothermal and cyclic

exposures in air on the properties and microstructure of the composites.
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Table 1.

Matrix Tensile Tests

As Fab Isothermal 150-700C 150-800C 150-800C
Exposure 500X 500X 500X
Air Air Argon
Modulus 112 109 107 103 113
(GPa)
UTS 1023 1000 1038 910 982
(MPa)
Table 2. Longitudinal Tensile Tests
As Fab Isothermal 150-700C 150-800C 150-800C
Exposure 500X 500X 500X
Air Air Argon
Modulus 186 189 183 163 189
(GPa)
UTS 1496 1417 1420 1083 1682
(MPa)

127




Table 3. Longitudinal Tensile Tests
Polished versus Unpolished
Cycled 150 to 800°C 500X

Argon Air Air
(Polished) (Polished) (Unpolished)
Modulus 192 162 158
(GPa)
UTS 1390 902 772
(MPa)
Table 4. Matrix Tensile Tests
As Fab Isothermal 150-700C 150-800C 150-800C
Exposure 500X 500X 500X
Air Air Argon
Modulus 121 73 92 68 103
(GPa)
UTS 467 262 383 142 459
(MPa)
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Figure 1. Flat fracture area of matrix under the surface
of as-fabricated composite fracture surface.

Figure 2. Embrittled subsurface layer not present on
gggggure surface of polished sample cycled in argon to
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Figure 3.
air to 800°C showing:
Dimpled rupture, C) Fiber-matrix debonding,

delamination, and E) Scale on surface.

corner of fracture surface of sample cycled in
A) Flat fracture regions, B)
D) Matrix ply




Figure 4. Crack entering the edge of a sample cycled in
air to 800°C.
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Figure 5. Edge of isothermally exposed sample. Arrows
denote regions around fibers where the matrix has been
embrittled by the environment.
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Project 11 Quantitative Characterization of the Spatial Distribution of Particles in
Materials: Application to Materials Processing

J.B. Parse and J.A. Wert

Objective

The objective of the present investigation is development of a broadly-applicable
method for the quantitative analysis and description of the spatial distribution of second phase
particles. This method should characterize the spatial distribution and its inhomogeneities in
a manner which is of use to the materials scientist. As the method is intended to be available
to a wide range of researchers in materials science, it has been designed to operate on a
desktop computer. A second objective is application of the method for characterizing second
phase particle distributions in a materials processing problem. The problem we have selected
in consultation with the NASA technical monitor is understanding the effect of consolidation

processing parameters on oxide particle distributions in a PM aluminum alloy.

Progress During the Reporting Period

During 1991, research work on this project was completed. Over its three-year life,
the project encompassed two major activities. The first activity was creation of a set of
computer programs enabling quantitative description of the spatial distribution of particles in
materials. This effort invblved implementation of established mathematical procedures for
geometrical analysis of particle distributions, as well as extension of these procedures to
perform completely new types of analyses.

Once these computational procedures were established, they were used to determine
the effect of deformation processing on the oxide particle distribution in powder metallurgy
(PM) aluminum alloys. The oxide particles originate from the alloy powder produced by
rapid solidification. If the oxide layer on the surface of the powder particles is not broken-up
and dispersed during deformation processing, poor transverse properties often result. Owing
to the lack of appropriate analysis methods, all previous analyses of the effect of various
consolidation and deformation processing methods on the oxide particle distribution were

qualitative. Investigation of a PM aluminum alloy using the new analysis methods has
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provided a quantitative basis for selecting deformation processing parameters to optimize the
dispersal of oxide particles. In particular, we established that direct rolling of compacted
billets is a less effective method for break-up and dispersal of the oxide particles than
processes involving forging prior to rolling.

Two research papers describing the work performed under this task are in preparation.
The first paper, which is being submitted to Metallurgical Transactions, describes the
computational procedures and illustrates their application to computer-generated particle
distributions. The second paper, which will discuss oxide particle dispersal during processing
of a PM aluminum alloy, will be presented at the TMS meeting in San Diego in March 1992,
and will be publish'ed in the conference proceedings volume. The remainder of the present
report presents the Abstract, Introduction, Conclusions and Figures sections from the

Metallurgical Transactions paper. A full copy of this manuscript is available upon request.
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A GEOMETRICAL DESCRIPTION OF PARTICLE DISTRIBUTIONS IN MATERIALS

J.B. Parse and J.A. Wert
Department of Materials Science and Engineering
University of Virginia

Charlottesville, VA 22903-2442

This paper describes a geometrical technique, based on the Dirichlet tessellation,
for quantitative characterization of inhomogeneities in the spatial distribution of second-
phase particles. The Dirichlet tessellation representation allows a detailed, statistical
description of particle distribution properties, including local particle density and vector
nearest-neighbor distances. Incorporation of an assumed particle interaction distance
allows quantitative description of clustering in the particle distribution in terms of the
fraction of particles clustered; and the number, size, and spatial distribution of clusters.
The tessellation and clustering characteristics of several types of computer-generated
particle arrays (random, clustered, and hexagonal) are presented. Observed mean
values of tessellation properties for random particle arrays are in good agreement with
analytical predictions. The effects of deformation on the tessellation and clustering
characteristics of the particle arrays have been examined for plane-strain deformation.
Tessellation and clustering characteristics of the random particle arrays are insensitive
to blane-strain deformation. Several tessellation and clustering properties of the
hexagonal and clustered particle arrays are found to vary with increasing plane-strain
deformation. The observed changes can be interpreted based on deformation effects

on the inhomogeneous particle distributions.




1) Introduction

The spatial distribution of second-phase particles is of broad interest in materials
science. Since the distribution of second-phase particles is a characteristic of the
microstructure, quantitative description of the distribution is important for understanding
the link between microstructure and bulk properties. Likewise, if it is necessary to
produce a material a with desired distribution of second-phase particles, a method for
quantitative characterization of changes in microstructure resulting from variations in
processing conditions is needed. Progress in these areas has been limited by the lack
of established methods for characterizing spatial distributions of second-phase

particles.

Several techniques might be considered as a basis for analysis of the spatial
distribution of particles:
i) Fractal dimension analysis [1], describing self-similarity in the scaling behavior of
objects, has been developed in recent years. The approach is to evaluate some
measure, M(s), of the object (such as perimeter length) over several orders of
magnitude of scale, s. If D (= dlog M(s)/dlog s) is constant over a wide range of scale,
it is known as the fractal dimension describing the feature.
ii) Percolation analyses [2] consider the connectivity of a system composed of a large
number of discrete interconnected elements or nodes. Since percolation analyses
require a description of the interconnections between nodes, they assume previous
knowledge of the spatial distribution of the elements.
iii) Cluster analysis encompasses several methods [3] which attempt to distinguish
natural groupings of objects in a multi-dimensional space whose dimension
corresponds to the number of variables. Operational details vary with the approach [3],

but many cluster analysis methods attempt to locate some number of cluster centroids




by minimizing the total squared distance between objects and their cluster centers.

iv) The Dirichlet tessellation technique in n dimensions [4,5] is a geometrical technique
for partitioning a point array into a unique set of convex polyhedra (frequently referred
to as Voronoi polyhedra), each of which is associated with and contains one of the
points. Analysis of characteristics of these polyhedra provides information about the
local environment of the particles. In materials science, characterization of particle
distributions in three dimensions is desirable. However, determining the locations of
particles in three dimensions, in a metallic matrix, is a tedious exercise. Moreover, the
symmetries inherent in many processing methods (rolling of sheet, extrusion of flat bars,
etc.) allow two-dimensional analysis of particle arrays to reflect the salient
inhomogeneities of the three-dimensional arrays. The Dirichlet tessellation technique in
two dimensions has been selected as the basis of the analysis presented here, and will

be discussed later in more detail.

Embury and Burger et al. [6,7] used the Dirichlet tessellation technique and
nearest-neighbor distance clustering criteria to characterize the spatial distributions of
second-phase particles in steels and Al alloys, and examined the effects of clustering on
recrystallization and fracture processes. Tessellation characteristics of computer-
generated particle distributions which are sensitive to the nature of the distribution were
identified. The variance of Voronoi polygon area, and the mean and ‘variance of the
polygon aspect ratio were found to be relatively strong indicators of clustering in the
computer-generated particle distributions. The mean and variance of nearest-neighbor
distance were found to be weak indicators of clustering. The nearest-neighbor distance
distribution was found to be useful for distinguishing different particle dispersions, as
the basis for a distance-based clustering analysis. It was noted, however, that particle
dispersions containing different sizes and distributions of clusters might produce similar

clustering results by this technique [7]. Tessellation analysis of the recrystallization



behavior of deformed Al-Si-Cu single crystals indicated that particle-stimulated
nucleation of recrystallization depended on clustering of second-phase particles, rather
than on particle size or overall average strain [7]. Modeling of creep fracture by void
nucleation on grain boundaries for different void distributions predicted a decrease in

global void growth rate with increased clustering of void sites [7].

Spitzig et al. [8,9] used the Dirichlet tessellation technique to examine the spatial
distribution of carbide and sulfide inclusions in steels, and of graphite fibers in Al.
Observed mean values and standard deviations of nearest-neighbor distances were
compared to expected values of these parameters for random distributions of the same
number density. Results of these analyses indicated that the distribution of carbides in
steels and graphite fibers in Al were approximately random, while the sulfide inclusion
distribution was a superposition of clustered and random distributions. The mean local
area fraction (intercepted particle area / polygon area) of non-equiaxed inclusions in
rolled steels was found to be orientation-dependent and significantly larger than the
overall area fraction. Near- and nearest-neighbor distances were found to be
orientation-dependent and were incorporated into a void coalescence model of ductile

fracture which exhibited good agreement with experiment.

Wray et al. [10] used the Dirichlet tessellation technique to characterize random
and non-random point arrays, with emphasis on nearest-neighbor distance
distributions. The average intercept length on the Dirichlet tessellation technique was
used to investigate the effects of deformation on point arrays. A random array of points

was found to remain random during deformation.

Shehata and Boyd [11] evaluated the spatial distribution of oxide and oxy-sulfide

inclusions in a microalloyed Ti-V steel in the as-cast and rolled conditions using the



Dirichlet tessellation technique. Voronoi polygon area associated with the inclusions
was calculated, and combined with measured particle sizes to generate local area-
fraction distributions. The mean values and variances of local area fraction for
equivalent random particle arrays were generated and compared to results found for
inclusions in steel. Results of the analysis indicated that inclusions in all steel samples
were clustered relative to the random distributions, with the rolled samples exhibiting
higher number densities of inclusions and increased clustering relative to the as-cast
material. The latter was attributed to break-up of the inclusions during the rolling

process.

Lewandowski et al. [12] used a modified Dirichlet tessellation technique to study
the effects of clustering of SiC particles on fracture in discontinuously reinforced
AA7000-series metal-matrix composites. The size, size distribution and clustering of SiC
particulates were characterized. Regions on the surface of controlled-propagation
fracture specimens were analyzed before and after the passage of the crack, revealing
that clustered regions were preferred sites for damage initiation and appeared to serve

as preferred sites for damage accumulation ahead of the crack tip.

The investigations described above demonstrate the utility of the Dirichlet
tessellation approach for characterization of the spatial distribution of second-phase
particles in materials. The means and variances of properties such as nearest-neighbor
distance and local particle density reflect ordering, randomness, or clustering of the
particle distribution. Distance-based investigations of clustering can be used to
distinguish materials with different degrees of particle clustering [5]. In many
applications where the sizes and spatial distributions of particle clusters are of particular
interest, an extension of previously developed methods, providing a more complete

description of the microstructure, is desirable.



The objective of the present research is to further explore Dirichlet tessellation
methods for quantitative characterization of the spatial distribution of second-phase
particles. The methods described in the present paper provide a useful description of
the characteristics and spatial distribution of clusters present, as well as statistical
information relative to the local environments of individual particles. A subsequent
paper will be devoted to application of these methods to analysis of oxide particle

distributions in a consolidated powder-metallurgy aluminum alloy.

[ For the sake of brevity, detailed descriptions of the analysis method, results,

and discussion are omitted here, but are available from the authors. ]




5) Conclusions:

The results of this investigation of tessellation methods, applied to
characterization of the spatial distribution of second-phase particles, lead to the

following conclusions.

1. Average polygon and tessellation properties determined for randomly distributed
particles are in good agreement with analytically-derived expected values. Average
tessellation properties and clustering characteristics of random particle distribution were

found to be unaffected by plane-strain deformation, as expected.

2. Some average polygon and tessellation properties of nonrandom particle
distributions reflect spatial inhomogeneity. The mean values of the contact number and
the nearest-neighbor distance for hexagonal and clustered particle arrays were
significantly lower than analytical predictions for a random particle array of the same
areal density. The mean polygon area for the clustered particle arrays was significantly
lower than that of an equivalent, random particle array, while that of the hexagonal
particle arrays was only slightly lower than the expected value for a random particle

array.

3. The principal effect of plane-strain deformation on the tessellation properties of
clustered particle arrays was a significant increase in the vertical-neighbor distance,
consistent with break-up of the clusters. The hexagonal particle arrays exhibited a large
increase in mean nearest-neighbor distance (50%) with plane-strain deformation to a

strain of 1, and a decrease in vertical-neighbor distance.



4. The use of a parameter representing a particle interaction distance extends the
tessellation analysis and allows a quantitative description of particle clustering, including
such characteristics as number, size and spatial distribution of clusters identified. Such
information may be of interest when considering damage initiation, accumulation, and

crack propagation in materials.

S. The effects of plane-strain deformation on the clustering characteristics of
hexagonal and clustered particle arrays were consistent with effects of deformation on

particle spacing and the effects of interaction distance on clustering characteristics.
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Table |

Expected and Observed Mean Values of Several Tessellation Properties

contact polygon nearest- horizontal- vertical-
number area neighbor neighbor neighbor
distance distance distance
Expected value”  6.000 0.00200  0.02236
Random
Undeformed 5.941 0.00199 0.0221 0.0425 0.0423
€ =05 5.944 0.00196 0.0224 0.0423 0.0425
e=1.0 5.929 0.00196 0.0226 0.0414 0.0425
Clustered
Undeformed 5.870 0.00163 0.0107 0.0279 0.0267
e =05 5.880 0.00163 0.0108 -  0.0222 0.0369
e=1.0 5.872 0.00175 0.0118 0.0228 0.0478
Hexagonal ™
Undeformed 5.795 0.00479 0.0200 0.0445 0.1160
€e=0.5 5.844 0.00461 0.0242 0.0481 0.0910
e=1.00 5.893 0.00502 0.0306 0.0377 0.0773

* Getis and Boots [13] Expected values for 500 randomly located particles per unit
area.
+ Hexagonal particle arrays contain 200 particles per unit area.




Table Il

Clustering Characteristics of Random and Clustered Particle arrays
(particle interaction distance = 0.028 units)

number of

particles in

clusters
Random ‘
Undeformed 334
€e=0.5 344
e=1.0 340
Clustered
Undeformed 489
e=0.5 486
e=1.0 470
Hexagonal*
Undeformed 147
e =05 122
e=1.0 98

number of
clusters

110
114
108

52

60
73

43
45
42

mean
cluster
occupancy

3.1
3.0
3.2

9.4
8.1
6.4

3.4
2.7
2.3

mean
cluster
length

0.027
0.030
0.030

0.055
0.055
0.050

0.032
0.021
0.018

total
cluster
length

3.0
3.4
3.2

2.9
3.3
3.7

1.4
0.9
0.7

* The hexagonal particle arrays contain 200 particles each; the random and
clustered particle arrays each contain 500 particles.



(a) Primary tessellation (b) Dual tessellation

Fig. 1. Primary and dual tessellations for a random array of 50 particles.
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Fig. 2. Primary tessellations of computer-generated particle
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Project 12 Processing and SPF Properties of Weldalite™ Sheet

Mark Lyttle and John A. Wert

Objective
The objectives of this proposed research project are to establish the cause of variable

superplastic properties of Weldalite sheet and to identify the thermomechanical processing

steps that introduce the variability.

Technical Backeround and Statement of the Problem

The SPF properties of Weldalite sheet, like those of other SPF aluminum alloys,
depend on creation of a fine-grain microstructure suitable for superplastic deformation [1].
To gain an understanding of how the microstructure needed for SPF is created, it is necessary
to consider the thermomechanical processing methods used to impart superplastic
characteristics to this alloy. While the companies that produce SPF aluminum alloys are
reluctant to reveal the details of their processes, the general aspects are relatively well
known.

Aluminum alloys suitable for superplastic forming contain a dispersoid-forming
element, usually Zr, which prevents conventional recrystallization of cold- or warm-rolled
material by impeding boundary migration. Experience with Al-Li-base alloys suggests that
Li in solid solution also contributes to boundary drag, although direct evidence for this effect
has not been reported.

The alloys containing dispersoid particles are warm or cold rolled to a total reduction
of thickness of roughly 80%. This deformation introduces the microstructural features that
ultimately evolve into the fine grain microstructure needed for superplastic deformation.
Until recently, many characteristics of deformation microstructures were not known.
Previous investigations at UVa [2,3] have shown that microstructures of SPF aluminum
alloys after rolling contain mostly low-angle boundaries, but high-angle boundaries of two
types are present. High-angle boundaries of one type divide the microstructure into layers
parallel to the rolling plane. These are either prior grain boundaries or collapsed transition

bands resulting from the rolling deformation. A second type of high-angle boundary is
LIMED

K ol ri

! PRECEDING PAGE BLARN



associated with large precipitate particles [4] that may be present as a result of overaging
treatments conducted before rolling.

The as-rolled microstructure is not suitable for superplastic deformation. Although
the subgrain size is small, the subgrains are bounded by predominately low-angle boundaries.
Several fundamental studies have shown that low-angle boundaries cannot undergo grain
boundary sliding [5,6], the principal deformation mechanism contributing to superplastic
deformation. It is during the initial phases of the superplastic deformation process that the
subgrain microstructure present after thermomechanical processing evolves into the grain
structure required for superplastic forming. Results for Al-Zr-Si and Al-Cu-Zr-Si alloys
suggest that the evolution of boundary character mostly occurs between a strain of 0.2 and
0.5 at(the SPF temperature [2,3]. If the material is simply heated to the SPF temperature
and annealed, the proper microstructure does not develop, indicating that straining plays an
essential role in the microstructural evolution. It is thought that straining drives the rotation
of subgrains having a large misorientation with at least one neighboring grain (i.e., having
at least 1 high-angle boundary). Finding direct evidence for this type of process has been
difficult, but experimental methods recently developed at UVa support such subgrain rotation
[2,3]. Continuation of this process provides for gradual conversion of the subgrain boundary
structure present after rolling into a grain structure suitable for superplastic deformation.
This process of microstructural evolution is known as continuous recrystédlization because it
relies on continuous, recovery-type mechanisms to produce a recrystallized microstructure,
in contrast to the discontinuous nucleation and growth process associated with conventional
recrystallization.

In prior discussions with NASA personnel concerning SPF Al-Li-base alloys for
various applications, it was suggested that the SPF properties of Weldalite sheet are
somewhat variable and the origin of the variability is presently unknown. From the above
description of the general aspects of processing of this type of SPF material, it seems likely
that conversion of the microstructure resulting from thermomechanical processing into the
microstructure suitable for SPF forming is not taking place in a consistent fashion. Detailed
characterization of the microstructure and crystallographic texture at various stages in the
processing and SPF cycle are needed to establish the cause of inconsistent SPF propertics and
to identify a modification to the current processing method that can provide consistent SPF

properties.
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Experimental Results
NASA has provided 2 Weldalite sheets to be used for this task. The compositions

have been previously analyzed; alloy designations and compositions are given in Table 1.
The Weldalite 049 (complete designation: Weldalite049™-RT72 SPF) was produced by
Reynolds Metals in their research laboratory, while the X2095 was produced in a full-scale
commercial production facility. NASA’s prior experience with the SPF properties of these
two alloys suggests that Weldalite 049 exhibits more variability in SPF properties than
X209s5.
Table 1
Compositions of Weldalite Alloys

Alloy Cu Li Mg Ag 4
Weldalite 049 4.76 1.27 0.36 0.38 4.
X2095 4.49 1.15 0.40 0.37 1.

Microstructure characterization at the optical microscopy level has been performed for
the two SPF alloys. Fig. 1 shows optical micrographs of specimens prepared using Keller’s
etch. The alloys both contain coarse precipitate particles which formed at the rolling
temperature of approximately 573 K. The precipitate particles have an average diameter of
approximately 6 pm in the X2095, slightly larger than the 4 um diameter estimated for the
Weldalite 049. The difference in particle size is probably associated with different thermal
exposure of the alloys during thermomechanical processing, since the difference in alloy
composition is small.

Previous work at UVa with an Al-Cu-Zr alloy suggests that precipitate particles with
smaller diameters (in the range 0.5 to 1 pm) do not have a significant effect on the
continuous recrystallization process. To what extent the larger particles in the Weldalite 049
and X2095 affect continuous recrystallization is a question to be addressed in the present
research. We also plan to use X-ray or electron diffraction to identify these particles.

~ Inaddition to characterizing the nature and distribution of precipitate phases, the grain
and subgrain structure is also of interest. Barker’s etch has been used to reveal the grain
structure of both specimens at the optical microscopy scale. As usual in warm-rolled

aluminum alloys, the grains are elongated parallel to the rolling direction (L). The average
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thickness of a grain in the short transverse direction (S) is about 20 pm in the Weldalite 049
and about 30 pm in the X2095. The size difference may reflect a difference in the as-cast
grain size or differences in the thermomechanical processing treatments for the two alloys.
Prior work at UVa suggests that the high-angle boundaries present in the deformation
microstructure play a key role in continuous recrystallization in superplastic alloys. The
subgrain structure is not revealed by Barker’s etch; future analyses using TEM will be
necessary to characterize the deformation microstructure on a finer scale.

In addition to microstructural analyses, the texture of the alloys has also been
analyzed. Fig. 2 shows {111} partial pole figures for both alloys. Both alloys possess
deformation textures typical of rolled aluminum alloys, although small differences are
observed. The Weldalite 049 exhibits a stronger Cu or S texture component (it is difficult
to distinguish these in {111} pole figures) while the X2095 exhibits stronger brass
components. The differences in texture reflect differences in the thermomechanical
processing methods applied to the two alloys. Future research will reveal whether the texture

differences have a significant effect on SPF properties.

Future Work

During the upcoming year, we expect to make significant progress in characterizing
the continuous recrystallization process in the two Weldalite alloys. TEM and texture
analyses will be the primary tools used for these investigations. We plan to use the SPF
forming facilities at NASA LaRC to strain specimens of each alloy to moderate strain levels.
Analysis of the microstructure, microtexture, and macrotexture of these samples will provide
insight into the mechanisms by which continuous recrystallization converts the subgrain
boundaries into grain boundaries. We will use these results to better understand how
processing variations affect SPF characteristics, which will provide a basis for optimizing the

processing method to reduce the variability of SPF properties.
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Project 13~ The Development of Low Alloy High Strength Aluminum

A K. Mukhopadhyay and E.A. Starke, Jr.

General Considerations And Major Objective
Consideration of successful age hardenable aluminum based alloys produced via the

commercial ingot metallurgical (I/M) route points out a common feature in that the
mechanical properties of these materials deteriorate rapidly when exposed to aging
temperatures between 100 and 200°C. The major reason for such a phenomenon is the
coarsening of the fine strengthening precipitates in these alloys. The various transition phases
and the equilibrium phases nucleate in order of increasing precipitate-matrix interfacial energy
such that metastable phases having fully coherent and subsequently semi-coherent interfaces
with the matrix are the ones which form at the initial stages of the aging cycle and constitute
the basis for major strengthening in these alloys. However, continued aging leads to
coarsening and gradual loss of coherency of these phases together with an increase in the
interparticle spacing. The consequences are the changes in the hardening mechanism from
shearing to looping accompanied simultaneously by a decrease in the alloy’s strength
properties.

There are a few practical solutions to the problems associated with the particle
coarsening. Additions of suitable surface active elements may be made, which, in turn, can
lower the surface energy (y) at the interface between the matrix and the precipitate, thus
decreasing the rate of particle coarsening. Alternatively, suitable trace alloy additions can
be made to certain alloy systems to directly encourage formation of stable phases in high
number density, as well as simultaneously bypassing one or more metastable phases in the
precipitation hierarchy of the alloy system concerned. The utilization of these additions in
the multicomponent commercial Al alloys is, however, greatly hindered by the presence of
several strengthening phases in each such alloy system. The implication is that not all the
phases in the same alloy system can be affected by such trace alloy additions. Furthermore,
trace element effects on certain precipitate types, otherwise found in the constituent binary
or ternary systems, are often lost in the presence of other elements or phases in the
multicomponent alloys of commercial interest.
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In view of these difficulties together with the increasing demand for cheaper I/M Al-
based alloys for use as major structural components in the next generation high speed
commercial transport systems, it is important that alloys capable of retaining a stable
microstructure at temperatures in the range 150-200°C during service period be designed and

developed.

Approach
These considerations led our research group to investigate and to explore the potential

advantages associated with the Al-(Si,Ge) alloys of nucleating stable phases directly during
aging heat treatment. An additional important feature of both Si and Ge particles is also their
extremely small critical size for the transition from shearing to looping by dislocations at the
yield stress. The essence is that these alloys containing a fine and uniform distribution of
noncoherent hard particles within the microstructure should be capable of exhibiting a high
degree of hardening even for a relatively small volume fraction of phase particles.
Furthermore, of major practical importance, such materials properties should also persist

even at elevated aging temperatures of interest.

Excerpts From Our Immediate Previous Work

Reported work in the literature on the Al-Si and Al-Ge alloys points out that elemental
Si and elemental Ge having the diamond cubic structure are the only precipitate types which
form in the respective binary systems during aging heat treatment. The precipitation
hardening in both systems is poor as precipitation nucleation is strongly vacancy sensitive,
i.e., their hardening ability depends on both the solutionizing and the quench bath
temperatures as well as on the cooling rate. The resultant microstructure is, therefore,
typically characterized by a gross heterogenous distribution of the Si and Ge precipitates on
multiple habit planes in the matrix together with the presence of large precipitate free zones
adjacent to the grain boundaries.

Our earlier work showed that the undesirable microstructural features in both binary
alloys can be largely altered in ternary Al-Si-Ge alloys: the precipitate density is an order of
magnitude higher and the small equiaxed GeSi precipitates are much more evenly distributed.
Also, there is no disturbance of this distribution by dislocations, and the PFZs around the

grain boundaries are much less pronounced. The effects are based on the explanations in
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that, in metallic solid solution, Si is smaller and Ge is larger than Al. Therefore, the atomic
size misfit is compensated by the formation of pairs of Si and Ge, and such effect is, in fact,
accentuated because of the similarities in the electronic structure between Si and Ge. The
result is the attainment of the critical size by a large number of clusters containing the two
elements to act as the nucleation centers for the diamond structure, even if aided less by the
vacancies. Figures 1 (a)-(c) depict the typical microstructural features of binary Al-1Si,
binary Al-1Ge and ternary Al-0.5Si-0.5Ge alloys obtained under identical heat treatment
conditions. The variation in the degree of hardening in these alloys, as shown in Figure 2,
may also be compared with the corresponding changes in the degree of refinement and
uniformity of the precipitates observed.

Our previous work also showed that the level of hardening in the ternary alloys
increased consistently with increasing (Si + Ge) content (cf. Figure 2), and that the alloys
containing Si and Ge in equal concentrations maximized such effects. Metallographic
evidence revealed that the use of higher amounts of solutes is, however, restricted to Si and
Ge contents of 1 at% each owing mainly to the relatively low solid solubility of Si in Al as
well as to the problem of segregation encountered in ingot casting and subsequent difficulties
associated with the incomplete homogenization of the cast ingots within the practical
homogenizing time and temperature,

Attempts to refine the (GeSi) diamond precipitates by trace alloy additions to the
ternary Al-1Si-1Ge baseline alloy, as was discussed in our earlier report, were unsuccessful.
Mg additibns, ranging from 1 to 0.2 wt%, to these alloys were also found to produce
Mg,(Si1,Ge) precipitates at the expense of finer (GeSi) diamond precipitates. These results,
therefore, demonstrated ‘that elements such as Mg and Zr, which would interact with both Ge
and Si, and certain trace elements having high binding energies with the vacancies in
aluminum to slow down the normal GeSi phase nucleation, cannot be added to the ternary
baseline alloy for its further development.

These results, in accordance with theoretical considerations, further demonstrated that
although the microstructural stability of the ternary baseline alloy is considerable at
commercial aging temperatures and that the level of hardening is appreciable for the given
minimum amounts of solute contents and, hence, for the given minimum volume fraction of
precipitates, the strength level of the baseline alloy is inadequate for the targeted engineering

applications.
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Research Objective During The Reporting Period

The objective of the current research is to improve the strength of the baseline alloy.

Approach
(a) Alloying of the baseline alloy with "suitable alloying elements" so as to further refine

the GeSi precipitates having the diamond structure as well as to incorporate, in this
process additional strengthening phases, if any, into the microstructure.
(b) Suitable grain refining additions to the baseline alloy in order to gain additional

strength via substructural strengthening in the final wrought microstructure.

Major Experiments, Results And Discussion

Effects of Alloying Element Additions Ag, Cu and Zn having adequate solid
solubility in aluminum as well as having negligible affinity to interact with the vacancies in
aluminum were chosen as the appropriate alloying additions for this purpose. Varying
amounts of solute content for each element (i.e., 0.5 and 2 wt%) were added to the baseline
alloy and in total, therefore, 6 ingots were initially made in order to examine the effects of
both kinds of solute elements as well as the amounts of solute on the aging behavior of the
baseline Al-1Si-1Ge alloy.

The alloys were prepared using the laboratory scale ingot casting facilities available
in our department. The alloys were prepared from high purity components in the induction
furnace under argon atmosphere and in a graphite crucible and cast into a copper mold. The
compositions of the materials were checked through chemical analyses. The 25 gram
cylindrical cast ingots with 12 mm diameter were then subjected to the homogenization
treatments. Thermal analysis of the cast materials was undertaken in a Perkin Elmer DSC
(Differential Scanning Calorimeter) at a heating rate of 10°C/minute in order to determine
the optimum homogenization temperatures for the cast ingots. The results indicated that the
temperature range for the endothermic reaction (indicative of the dissolution of the low
meliing eutectic phase mixtures) for the baseline alloys containing Ag and Zn were similar
to that of the baseline alloy (Fig. 3(a)), while, increasing copper additions have had the effect
of shifting the endothermic reaction to the left of the temperature axis (Fig. 3(b)). An

optimum homogenization temperature of 490°C was, therefore, selected for all the ingots
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prepared. The cast ingots were successfully homogenized within 30 hours at 490°C. The
homogenized materials were later either cold rolled with intermediate annealing or hot rolled
to 2.5 mm sheet. The materials were solution treated for 1 hour at 500°C followed by water
quenching to room temperature. Materials were then artificially aged at 160°C up to 100
hours to examine the aging response.

The results indicated that Ag and Zn additions to the baseline a_lloy had no influence,
while Cu additions increased both the magnitude of hardening as well as the rate of aging
(see Fig. 4 and Fig. 5). Figure 5 shows the age hardening curves for the baseline alloys
containing varying amounts of copper. It may be noted that 2 wt% Cu additions do not
change the desired microstructural stability of the baseline alloy at least up to 100 hours of
aging at 160°C that has been recorded so far.

The above success associated with the Cu additions to the baseline alloy led us to
evaluate the optimum amount of copper which could be added to the baseline alloy without
disturbing the characteristic microstructural stability of the baseline alloy. The results
depicted in Fig. 5 indicate that increasing the Cu content to 2.5 wt% results in a peak
hardness value of 108 VHN after 5 hours followed by a negligible overaging even after 100
hours of aging at 160°C. Figure 6 shows that similar microstructural stability even persists
at an aging temperature of 200°C, although the overall hardness level is a little reduced
owing to the concomitant reduction in the volume fraction of the precipitates with increasing
aging temperatures. Figure 5 further indicates that Cu additions of > 3wt% increase the
hardness of the alloys further to about 132 VHN at 160°C; however, alloys containing this
amount of copper do overage, i.e., lose hardness after 24 h aging.

TEM studies explained the varying nature of the aging curves (cf. Fig. 7). It was
found out that in baseline alloys containing < 2.5 wt% Cu, a fine distribution of diamond
precipitates is the only precipitate type in the microstructure (Fig. 7a). On the other hand,
at Cu contents > 3 wt%, 6’ precipitates in the Al-Cu system also form in addition to the
GeSi precipitates having the diamond structure. 6’ precipitates were found to nucleate
heterogeneously upon matrix dislocations and at the GeSi precipitate/a-Al interfaces (Fig.
7b). TEM studies showed that the rapid coarsening of the 8’ precipitates with aging is
responsible for the rapid overaging observed in the 6’ containing alloys. These results
indicate that the copper content in these alloys is to be appropriately adjusted so as not to

allow 6’ nucleation to occur.
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Compared to the baseline alloy, on the other hand, the large increment in the hardness
level (by about 60%) in the Al-1Si-1Ge-0.9at% Cu alloy within a shorter aging period
implies rapid work hardening in the quaternary alloy. These results typically represent the
age hardening behavior of materials containing a fine and uniform distribution of noncoherent
particles. Our TEM results point out that copper additions have the effect of producing more
numbers of stable precursory clusters upon quenching which at the aging temperature act as
the nucleation centers for the diamond precipitates. TEM results of the copper-bearing
quaternary alloys also point out that the spherical shape of the noncoherent GeSi precipitates
in the baseline alloy has now changed to the rod type aligned along the <100> Al
directions. We point out that such a change in the shape of the particles is attributed to and
is consistent with the reduction in the strain energy of the noncoherent diamond precipitates
having larger volume than the @-Al matrix. The alignment of the precipitates along the
< 100> Al directions can be understood from the anisotropic elasticity, since the value of the
Young’s modulus for all FCC metals has a minimum along the <100> directions.

X-ray EDS analyses of the diamond precipitates in TEM thin foils in the heat treated
Al-Si-Ge-Cu alloys indicate the presence of Si, Ge and Cu within the diamond precipitates.
However, given the dissimilarity in the electronic and structural constituents between the
copper atoms and the Si and Ge atoms, together with no solid solubility of Cu in either Si
or Ge, it is logical to suggest that the smaller copper atoms segregate to the GeSi/a-Al
interfaces, thus reducing both the growth of the precipitates during aging as well as the strain
energy of the precipitates, and thereby determining also the shape change of the particles.
These interpretations are also consistent with the similar role of copper in an Al-Si-Cu alloy
suggested by Stewart and Martin in an earlier communication.

Figure 8 shows the TEM micrograph depicting the uniform deformation produced
around a hardness indentation in the 8’ containing (baseline + 3 wt% Cu) alloy aged for 10
hours at 160°C. The micrograph suggests that the diamond precipitates are very effective in

homogenizing deformation within the microstructure.

Effect of grain refining additions  0.4wt% Mn was added to the baseline alloy
containing varying amounts of copper. Figure 9 shows the age hardening curves for the Al-
Si-Ge-Cu-Mn alloys at 160°C. The results indicate that Mn additions reduce the aging

response of the alloys, although increasing Cu content has the effect of restoring the strength
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to some extent. It may, however, be noted that Mn additions do not disturb the characteristic

microstructural stability of these alloys. Figure 10 shows the TEM micrograph of an

artificially aged baseline + 2.5wt% Cu + 0.4wt% Mn alloy. The micrograph shows that

the presence of coarse Al (MnGeSiCu) based precipitates (arrowed in the micrograph) result

in the (GeSi) precipitate free zones around them. In addition, the strong Mn-vacancy binding

in aluminum should also be responsible for producing, in general, a coarser GeSi precipitate

dispersion (compare Fig. 7a with Fig. 10), and hence reduced strength properties in these

materials.

Major Conclusions

(1) An Al-1at%Si-1at%Ge alloy (i.e., the baseline alloy) can be strengthened by Cu

@

©)

additions. The hardness increment in the baseline alloy containing up to 1 at% (~2.5
wt%) Cu is about 60%. This amount of Cu in the baseline alloy does not alter the
superior microstructural stability of the baseline alloy when aged at temperatures <
200°C. The hardness increment associated with the Cu additions is understood
primarily to be due to the refinement of the noncoherent (GeSi) precipitates within

the microstructure.

Cu contents exceeding 2.5 wt% in the baseline alloy cause 8’ nucleation to occur.
8’ nucleation occurs predominantly at the (GeSi)-a-Al interfaces and coarsens rapidly

with aging, thus causing the onset of rapid overaging in these alloys.

Mn additions (~0.4 wt%) to the Al-1Si-1Ge-1at%Cu alloy reduce the strength (in
terms of the hardness values) of these alloys. Formation of coarse Al,(GeMnSiCu)
particles and the presence of (GeSi) precipitate free zones around those coarse

particles are understood to be the major reason for such strength reduction.

Immediate Future Plans

1.

Controlled thermomechanical treatments to make use of the (GeSi) precipitates
themselves to control the grain structure in the wrought products.
Tensile tests on the bulk Al-1Si-1Ge-1at%Cu and the Mn-bearing Al-Si-Ge-Cu alloys

to evaluate the tensile properties.
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Evaluation of the tensile anisotropy and the fatigue behavior of the materials.
Search for suitable alloying elements, heat treatment schedules and optimization of
the alloy compositions to refine the GeSi precipitates having the diamond cubic

structure, thus improving the strength properties further (cf. Fig. 11).
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Figure 2. Age hardening curves at 160°C showing the effects
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Figure 8. TEM micrograph showing a very uniform deformation
in a baseline + 3wt%Cu alloy aged at 160°C for 10
hours.
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Figure 10. TEM micrograph showing coarser GeSi dispersion
' together with the PFZs around the coarse
Al (GeMnSicCu) particles in a baseline + 2.5wt%Cu
+ 0.4wt%Mn alloy.
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Project 14  Inelastic Response of Metal Matrix Composites

C.J. Lissenden, F. Mirzadeh, M.-J. Pindera and C.T. Herakovich

Objective

The long-term objective of this investigation is aimed at attaining a complete
understanding of the inelastic response of metal matrix composites subjected to arbitrary,
biaxial load histories. The core of the research program is a series of biaxial tests conducted
on different types of advanced metal matrix composite systems using the combined
axial/torsional load frame in the Composite Mechanics Laboratory at the University of
Virginia. These tests involve primarily tubular specimens and include tension, compression,
torsion and combinations of the above load histories in order to critically assess the inelastic

response of advanced metal matrix composites in a wide temperature range.

Approach
The approach employed to characterize the inelastic response of advanced MMCs over

a wide temperature range and arbitrary biaxial loading consists of a combined experimental
and analytical program. The analytical program involves the development of models to
predict initial yielding and subsequent inelastic response of MMCs using a combined
micromechanics approach and laminated plate and tube analysis [1-9]. The micromechanics
approach is based on the method of cells model that is capable of generating the effective
response of MMCs in both the linear elastic and inelastic ranges in the presence of
temperature-dependent constituent properties and imperfect bonding. Micromechanical
predictions for the response of a unidirectional ply subsequently will be employed as input
in macroscopic laminate analyses to predict the response of multidirectional composite tubes
under combined loading. The analytical predictions will in turn be employed in identifying
load histories aimed at critically testing the predictive capabilities of the developed models
under the most general loading conditions.

The experimental program consists of two stages. The first stage entails development
of a test method most appropriate for the given MMC system selected. SCS-6/Ti-15-3 tubes

[Figure 1(a)] are currently available for testing purposes. The interfacial zone between the
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silicon carbide fibers and the titanium matrix is known to be susceptible to damage.
Therefore it is important to be able to distinguish between inelastic response due to the
accumulation of damage and that due to actual matrix plasticity. The actual test program is

carried out in the second stage.

Progress during Reporting Period
Micromechanical analyses were performed using previously written programs to

determine how imperfect bonding affects the elastic properties of both unidirectional, [0] and
angle ply, [+-45], SCS-6/Ti-15-3 composite. In this approach the flexible interface model
is used [10,11]. The nature of the imperfect bond is characterized by a normal bonding
parameter R, and a tangential bonding parameter R,. A value of zero corresponds to a
perfect bond, while a value of infinity corresponds to no bond. Figure 2 shows how elastic
properties (normalized with respect to their perfect bond values) of a [0] composite degrade
as the fiber/matrix bond is damaged. Clearly the axial modulus is unaffected by the bond
between the constituents. All other properties shown are affected by at least one of the
bonding parameters. The degradation of axial and shear moduli for a [+-45], laminate is
shown on a log plot in Figure 3(a). The axial modulus has a value of 22.0 msi for perfect
bonding but is reduced to 6.3 msi if R, is increased to 1.0. The degradation in axial modulus
is also dependent on R, but to a much smaller degree. The model predicts a relatively small
degradation of the shear modulus, 10.6 msi to 8.6 msi, which is also dependent upon both
bonding parameters.

An initial attempt to predict the initiation of damage in a [+45], tube was made. The
method was general enough to consider the residual stresses created in the manufacturing
process as well as any internal pressure, axial load, or torsional load applied to the tube. A
tube analysis program was used as well as a damage initiation criterion based upon Johnson,
et al. [12] visually observing fiber/matrix separation in the same material system (but a
different fiber volume fraction) at a transverse fiber stress level of about 20 ksi. The results
were used to determine what type of experiments would be most beneficial and also to
corripare with the experimental results.

Test Method A series of axial or torsional tests to sequentially higher load levels
was prescribed. At each load level, both axial and torsional stiffnesses were measured.

Designate a series of axial tests as Type I Loading and a series of torsional tests as Type II
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Loading. Figure 1(b) schematically shows one such test in the series, for each type of
loading. This procedure provided an assessment of the inelastic response due to both matrix
plasticity and damage to the fiber/matrix interface. It is anticipated that this procedure will
also enable the authors to distinguish between matrix plasticity and damage.

[0,] Tests Two [0,] tubes were tested to failure, one using Type I loading and one
using Type II loading. A total of 40 experiments were conducted on the two specimens. As
expected, no inelastic response was observed for the Type I loading. However, an ultimate
strength of 120 ksi was attained, which is far below the expected strength of 230 ksi. The
failure occurred at the end of the gage length where the tube was bonded to the fixture that
introduces the load from the test machine into the specimen. The fracture surface indicated
that failure was due largely to bending stresses at the end of the fixture. A finite element
analysis using the ABAQUS program revealed that, at the end of the fixture, large stress
concentrations exist in all components of stress; axial, radial, hoop and shear. The radial
stress concentrations were the highest, approximately 125% of the transverse strength of a
[0] specimen. This high radial stress concentration was caused by the restraint the fixture
provided to the transverse deformation of the tube during axial loading. Effectively, large
bending stresses were present at the end of the fixture.

Inelastic response was observed for Type II loading. By comparison with the
analytical model the inelastic response can be attributed to damage to the fiber/matrix
interface. This damage caused the stress/strain response to have a distinct change in stiffness
at a stress level of 40 ksi. The experimental stress/strain curve above the 40 ksi stress level
was essentially flat. This behavior was not predicted by the current analytical model.
Modifications to the analytical model currently being made under a different research
program indicate, at least in a preliminary sense, that the behavior seen in the experiment can
be approached analytically.

No degradation of the axial or shear moduli was observed experimentally. The
analytical model predicted no change in the axial modulus with damage, but did predict a
rather large change in the shear modulus for an imperfect R, bonding parameter. Figure 5(a)
shows both axial and shear moduli at one point on the tube determined from a strain gage
rosette.

Preparations have also been made to allow for the introduction of an internal pressure

into the [0] tubes. To accomplish this, hardware has been modified and equipment tested.
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Analytical predictions have been made to determine the results of hypothetical experiments.
These predictions indicate that certain tests will show a large degradation of the transverse
modulus.

[+45]; Tests A total of 32 experiments have been conducted on two [+45],
specimens, one specimen was devoted to Type I loading and one to Type II loading. Type
I loading was incremented until failure occurred at an axial stress of 68 ksi, but the torsional
failure load was unattainable for Type II loading due to the large torsional rigidity of the
tube. _

Both [04] and [+45], tubes were manufactured using the hot isostatic pressing
technique. In the manufacturing process the silicon carbide fibers are woven together with
molybdenum wires to form a cloth. Alternating layers of titanium foil and fiber cloth are
wrapped around a mandrel to form the tube. A seam in the fiber cloth is present where the
two ends come together. An imperfect seam has fiber rich zone and a fiber depleted zone.
The [+45]; tubes exhibit an imperfect seam. The variation in the fiber volume fraction
introduces a non-uniformity in the measured stiffness of the tube as shown in Figure 3(b).
Away from the seam the axial stiffness was 16.1 to 16.6 msi, while near the seam the
stiffness varied from 14.6 to 20.6 msi. These stiffness values were derived from the
stress/strain response after the initial knee. This knee will be discussed later in the report.
Seven strain gages were used to measure strains around the circumference of the tube.

The analytical model predicted that the response of the [+45], tubes to axial, Type
I loading would be largely nonlinear, while the response to torsional, Type II loading would
exhibit only a small degree of nonlinearity. Experimentally, a highly nonlinear response
consistent with the prediction was obtained for Type I loading. However, no nonlinear

‘response was observed up to the torsional capacity of the test machine for Type II loading.
Figure 4(a) shows the axial stress/strain response for the Type I loading experiments
performed on a specimen. The data shown were collected by one strain gage rosette and are
typical of the tube response. Data are shown from Test #10, where nonlinear response was
first observed, to Test #20 when failure occurred. Close scrutiny of the figure reveals that
a certain amount of hysteresis takes place during the loading and unloading cycles. This
could be due to the opening and closing of cracks in the fiber/matrix interfacial zone.
Coupling exists between the axial and torsional responses for Type I loading at high axial

stress levels. These tests were conducted in load control, hence when the torsional loading
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was applied the axial stress was held constant. The axial strain however did not remain
constant, but increased as the torsional load increased. The analytical model qualitatively
predicted that coupling does exist at high load levels, but at this time is unable to simulate
the experiment precisely. The nonlinear response seen in the figure is caused first by damage
to the fiber/matrix interface, then to plasticity effects of the titanium matrix, then to the
coupling previously discussed. The initiation of damage was accompanied by sound
emissions that grew in intensity as the damage state progressed until a peak or saturation level
was achieved. These sound emissions followed the Kaiser effect in that the sound emissions
were not heard in a subsequent experiment until after the maximum stress level of the
previous experiment was reached.

During each increment of the Type I loading experiments where a nonlinear response
was obtained the axial stiffness degraded. Figure 4(b) shows the degradation in the axial
stiffness for a typical increment. The initial stiffness is high relative to the stiffness measured
for the remainder of the experiment. This initial stiffness drops after the initial knee, which
is thought to correspond to overcoming the residual stresses from the manufacturing process.
Once further damage starts to occur, the stiffness degrades further. Plasticity effects reduce
the stiffness even more. During the biaxial portion of the experiment, coupling can take
place and cause the stiffness to be zero, because the axial stress is being held constant. Upon
unloading, the stiffness is always less than the initial stiffness and stays relatively constant.
The degradation of both the axial and shear moduli is shown in Figure 5(b) for Type I
loading. This data is from a point on the tube and is determined from a strain gage rosette.

A comparison between the analytical model and experimental data is given for Type
I loading in Figure 6. The predicted axial response for perfect bonding, R, = R, = 0 and
total debonding, R, = R, = 1 bracket the experimental results nicely. However, the

experimental shear modulus degraded much more than the model predicted it would.

Future Work

The analytical model predicts a large degradation in the transverse modulus as the
normal bonding parameter increases [see Figure 2(a)]. To verify this phenomenon
experimentally a [0,] tube will be subjected to internal pressure. A biaxial stress state
generated by internal pressure and either axial load or torsional load applied to the [0,] tubes

will help to ascertain whether the model can accurately predict the material response to this
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type of biaxial loading.

The next anticipated experiments to be conducted on the [+ 45], tubes are biaxial tests
comprised of different ratios of torsional to axial load. These experiments will be aimed at
characterization of the initial damage envelope for a [+45], tube. They will provide
guidance in the development of a model that can predict with sufficient accuracy, the initial
damage envelope for a general multidirectional composite. The experiments will also provide
a more general description of how damage affects the material properties.

Efforts will be continued to correlate theoretical predictions with the experimentally
obtained data. Improvements to the predictions of initial damage to a multidirectional MMC
will be made until a satisfactory agreement with the experimental data is achieved.
Comparison of theory and experiment for the overall inelastic response of a MMC to a most

general loading will be attempted.
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