b s
Sl 7

A

NASA Contractor Report 191191

Thermal Stress Effects in Intermetallic

A

Matrix Composites

P.K. Wright and M.D. Sensmeier

GE Aircraft Engines
Cincinnati, Oiho

D.S. Kupperman
Argonne National Laboratory
Argonne, Illinois

and

H.N.G. Wadley
University of Virginia
Charlottesville, Virginia

Prepared for
Lewis Research Center
Under Contract NAS3-25790

NNASA




Thermal Stress Effects
in
Intermetallic Matrix Composites

NAS3-25790

P.K. Wright and M.D. Sensmeier
* GE Aircraft Engines
Cincinnati, Ohio 45215-6301

D.S. Kupperman
Argonne, National Laboratory
Argonne, Illinois 60439

and

H.N.G. Wadley
University of Virginia
Charlottesville, Virginia 22903

Abstract

Intermetallic matrix composites develop residual stresses’ from the large ' thermal
expansion mismatch (AQ) between the fibers and matrix. This work was

undertaken to: establish improved techmiques to measure these thermal stresses
in IMC's; determine residual stresses in a variety of IMC systems by experiments
and modeling; and, determine the effect of residual stresses on selected
mechanical properties of an IMC.

XRay Diffraction (XRD), Neutron Diffraction (ND), Synchrotron XRD (SXRD), and
Ultrasonics (US) techniques for measuring thermal stresses in IMC were examined
and ND was selected as the most promising technique. ND was demonstrated on a
variety of IMC systems encompassing Ti- and Ni-base matrices, SiC, W, and Al203
fibers, and different fiber fractions (Vf). Experimental results ‘on these systems
agreed with predictions of a concentric cylinder model.

In SiC/Ti-base  systems, little yielding was found and stresses were - controlled
primarily by Aa and Vf. In Ni-base matrix systems, yield strength of the matrix
and Vg controlled stress levels.

The longitudinal residual stresses in SCS-6/Ti-24Al-11Nb composite were modified

by thermomechanical processing. Increasing residual stress decreased ultimate
tensile strength in agreement with model predictions. Fiber pushout strength
showed an unexpected inverse correlation with residual stress. In-plane shear

yield strength showed no dependence on residual stress. Higher levels of residual
tension led to higher fatigue crack growth rates, as suggested by matrix mean
stress effects.



1. Summary

Intermetallic matrix composites develop residual stresses due to the large thermal
expansion mismatch between the reinforcing fibers and the matrix. This work
was undertaken to: a) Establish improved techniques to measure these thermal
stresses in IMC's; b) Determine residual stresses in a variety of IMC systems; ¢)
Evaluate the predictions of models for thermal stresses, and; d) Determine the
effect of residual stresses on selected mechanical properties of an IMC system.

XRay Diffraction (XRD), Neutron Diffraction (ND), Synchrotron XRD (SXRD), and
Ultrasonics (US) techniques for measuring thermal stresses in IMC were examined
and ND was selected as the most promising technique. The neutron diffraction
method was demonstrated on a variety of IMC systems encompassing Ti- and Ni-
base matrices, SiC, W, and AlpO3 fibers, and different fiber fraction (Vf) and
thermomechanical processing. ND (and XRD) results on these systems agreed with
predictions of a temperature dependent elastic-plastic concentric cylinder model.

In the SiC/Ti-base systems, little or no yielding was found, and the stresses were
controlled primarily by the thermal expansion mismatch and Vf. In the Ni-base
matrix systems, yielding of the matrix occurred well above room temperature, and
the yield strength of the matrix and Vf controlled stress levels.

The longitudinal residual stresses developed in a SCS-6/Ti-24Al-11Nb composite
were modified by thermomechanical processing. These residual stress levels
influenced the room temperature longitudinal ultimate strength inagreement
with- a model based on a the rule of mixtures. Fiber pushout strength showed an
unexpected inverse correlation with longitudinal residual stress.  In-plane shear
yield strength showed no dependence on residual stress. Higher levels of residual
tension led to higher fatigue crack growth rates, as suggested by matrix mean
stress effects. : ‘



2. Introduction
2.1 Problem Statement

The stringent demands for greatly increased thrust-to-weight ratio in the next
generation of aircraft engines have mandated the development of higher
strength, higher operating temperature, higher modulus, but lightweight
materials. It is recognized that such materials will be composites with structural
capabilities tailored to the application. In addition to identifying the composite
material system and the required processing techniques, behavior models for
component design and life prediction will need to be developed and verified.

Intermetallic matrix composites (IMC) is one class of materials that shows promise
for meeting advanced propulsion system needs. These materials are aimed at
applications from 650C to above 1300C, and several ongoing programs are pursing’
the development and application of these composites in the aerospace industry.
One of the key issues limiting progress in applying these materials is the
mismatch in thermal expansion coefficient between the fiber and the matrix
which leads to the generation of thermal residual stresses in the composite upon
cooling from the consolidation temperature or from elevated temperature use.
These residual stresses can cause cracking of the composite, or can alter its
performance capability through their influence on mechanical properties.

While considerable research is being conducted to minimize thermal residual
stresses in composites by developing -fibers with higher ' thermal expansion (closer
to most matrices), and .by developing interfacial coating systems which can
accomodate the expansion mismatch between fiber and matrix, it is inevitable that
some ‘residual streeses will be generated during processing or use. In order to
successfully apply intermetallic matrix composites these residual stresses need to
be accurately determined and their effect on mechancial properties understood.
This understanding will lead to a physically based approach to composite strength
and life prediction which is required for confident use of the materials in
advanced propulsion components.

2.2 Background
2.2.1 Residual Stress Measurement in IMC

Most residual stress measurement in IMC has been performed using conventional

Xray diffraction methods (sinz-psi) on SCS-6 fiber/titanium aluminide matrix
composites. Cox et. al. (1990) measured longitudinal (fiber direction) matrix
stresses in SCS-6/Ti-25A1-10Nb-3Mo-1V as a function of depth from the surface,
and compared these to fiber stresses obtained from measuring the change in
length of fibers caused by etching away the matrix. Jayaraman and Rangaswamy
(1991) measured matrix stresses as a function of both depth and orientation in SCS-
6/Ti-24A1-11Nb.  Stress profiles were found to change dramatically as the fiber-
matrix interface was approached, and interpretation of the as-fabricated residual
stresses - was uncertain. Thus there remain significant questions of the effects of
material properties, fiber fraction, and processing to be understood.



2.2.2 Residual Stress and Mechanical Property Modeling

Many analytical models for residual stress prediction in IMC have been
constructed, particularly in the SCS-6/titanium aluminide system. Concentric
cyclinder models have been used because of their simplicity, and refinements
which include temperaturc-dependent properties and plastic deformation in the
matrix are available. Finite element models are popular because of the accuracy
and flexibility available. =~ Work by Nimmer (1990), for example, predicted the
development of high levels of tensile longitudinal and circumferential stress in
the matrix, and lower levels of radial matrix and fiber compression. In addition,
the effective matrix stresses were higher near the fiber-matrix interface, leading
to a tendency for plastic flow (or fracture) to initiate there. Levels of interfacial
residual stress large enough to cause matrix yielding were calculated to occur in
SCS-6/Ti-24Al-11Nb below about 1200F. Other than the work described in Section
2.2.1, little has been done to directly verify these predictions. ‘

2.3 Program Objectives
The ojectives of this program were to:

a) Establish techniques to measure thermally induced residual stresses in
IMC's, with emphasis on obtaining measurements on a microscale, that is, on
the scale of the size of the fiber diameter.

b) Use these techniques to determine residual stresses in a variety of IMC
systems.

c) Evaluate the predictions of current analytical models for thermal stress
in light of these measurements in order to suggest improvements (if
necessary).

d) Determine the effect of these residual stresses on the mechanical
properties of a representative IMC system.



3. Approach
3.1 Overall Approach

This program was performed in three consecutive tasks. In Task 1, one current
and three developmental methods for measuring the thermally induced residual
stresses were ecxamined using an SCS-6/Ti-24A1-11Nb composite system.
Measurements were compared to predictions of a concentric cylinder model for
thermal stress, and one technique (neutron diffraction) was selected for further
refinement and use in Task 2. In Task 2 several different IMC systems were
measured using the selected (neutron diffraction) technique and were compared
to predictions of analytical models. The selected IMC systems included SCS-6/Ti-
24A1-11Nb processed in several different ways and four other nickel aluminide
- matrix composite systems. In Task 3 samples of SCS-6/Ti-24Al-11Nb were subjected
to different thermomechanical processing to produce different levels ‘of residual
stress and different mechanical tests (tension, shear, fatigue crack growth and
fiber pushout) were conducted on them to determine the effect of the residual
stresses on mechanical properties.

3.2 Task 1 - Selection of Experimental Methods
3.2.1 Selection of Measurement Methods

Several approaches for residual stress measurement exist for homogeneous,
crystalline materials. These approaches all have limitations when applied to IMC's.
These methods of thermal stress measurement were examined and four were
chosen for study. These methods were: conventional Xray diffraction by sinz-psi
method, neutron diffraction (ND), an advanced XRD technique based on
synchrotron radiation (SXRD), and ultrasonics (US).

3.2.1.1 Xray Diffraction

Xray Diffraction (XRD) using the sin2-psi method (Cox, et al.,, 1990, and Jayaraman
and Rangaswamy, 1991) is the most popular of the conventional methods but in its
usual form it is limited to relatively small penetration depths and beam sizes much
greater than the fiber diameter. [Etch techniques can be used to obtain profiles of
stress vs. depth, but the complex stress existing around fibers in an IMC make the
extraction. of information uncertain. However, because of its wide use,
conventional XRD was performed to establish a baseline of comparison for the
other experimental technigues. These studies were performed at Lambda.
Research, Inc., Cincinnati, Ohio. : '

Xray diffraction measurements were taken in the matrix material at the original
sample surface and at various depths by etching until the first row of fibers was
exposed. Measurements were taken in both the longitudinal (parallel to fiber) and
transverse (perpendicular to fiber) directions on both faces of the sample. Raw
measurements were corrected for both stress gradients (Koistenin and Marburger,
1959) and sample bending (Moore and Evans, 1958) effects.

3.2.1.2 Neutron diffraction

Neutron radiation has the capability of deep penetration through a material. This
gives the potential for interrogating the material in situ without destructive
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etching.  Neutron diffraction experiments were conducted at the Intense Pulsed
Neutron Source at Argonne National Laboratory following the technique outlined
by Majumdar et. al. (1991). The specimen was placed in the diffractometer with the
fiber direction oriented at 45° to the beam, and detectors were placed at + 900 to the
beam as shown in Figure 1. Since the beam consists of a range of wavelengths,
many diffraction peaks were obtained, representing diffraction from different
crystal planes. The spacings from these measurements were compared to those
obtained on a stress-free sample, and the residual strain, epk], was calculated as

ehk]l = (dhk1-do)/do

where dpk] and d, are the measured interplanar spacings in the stressed and
unstressed material, respectively, and hkl are the Miller indices of the diffracting
planes. The positions of the two detectors allows measurements to be obtained
simultaneously on strains parallel and perpendicular to the fiber directions.
Because of the high penetrating power of the beam sampling of the interior of the
material is possible, including both the fiber and matrix (fiber and matrix peaks
can be separated out by indexing the diffraction patterns). Since the neutron
beam size is appreciably larger than the diameter of the fiber, the average lattice
strain in a particular direction of each constituent is obtained. However, this
information can be interpreted to give good estimates of some of the local
microstrains using knowledge of the nature of the stress distribution within MMC.
Specifically, the longitudinal stresses within both the fiber and matrix are

expected from micromechanics analyses to be highly uniform (see Section 3.3.3),

so that the ND measurement obtains the fiber stress directly. In addition, these
analyses show that the two transverse stress components within the fiber are
equal and also do not vary significantly with position in the fiber.  Thus the
transverse fiber stress measured should also accurately represent the radial fiber
stress at the fiber-matrix interface, and by equilibrium, should be equal to the
matrix radial stress at the fiber-matrix interface. The interfacial normal stresses
are significant quantities in evaluating the load transfer characteristics in MMC
with weak bonding, such as SCS-6/Ti-24Al-11Nb.

3.2.1.3 Synchrotron Xray Diffraction

The use of synchrotron radiation for conducting XRD opens up the possibility for
both higher spatial resolution and deeper penetration than for conventional XRD.
Because the Xray beam is so much more powerful it can be collimated down to a size
on the order of that of many IMC fibers, and it can penetrate down to at least the
first layer of fibers beneath the surface. Potential problems requiring attention
in applying this teschnique are the specialized nature of the equipment required
and the small number of grains within the diffracting volume of the composite.
SXRD techniques were explored by the University of Virginia using the
Brookhaven Synchrotron through assistance of NIST. Further details on the
advanced XRD method are given in Appendix I

3.2.1.4 Ultrasonics

Stresses can be measured by ulirasonic methods through the dependence of
higher order elastic constants on stress sign and level. Changes in stress will
cause small changes in sound velocity which in principle can be interpreted as
residual stress.  Ultrasonics also has the potential for nondestructive penetration
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to interrogate around or in the fibers, and techniques exist to create very localized
interrogated volumes. An ultrasonic method would be convenient since it would
use relatively inexpensive, portable equipment. However, in order to detect
residual stresses, very high precision in velocity measurement is required and
local fluctuations in modulus must be accounted for. Ultrasonic studies were
carried out at University of Virginia. Details of this method are described in
Appendix II.

3.2.2 Selection of Material

Samples of a single unidirectional SCS-6/Ti-24Al-11Nb (a/o) composite panel made
by Induction Plasma Deposition (IPD) (Gigenrenzer and Wright, 1991) were
supplied to each subcontractor for experimental study of the capability of each
method and to determine the residual stresses in the panel for comparison to the
conventional XRD method and analytical models. In addition, samples of SCS-6
fiber and unreinforced IPD matrix were supplied to help establish a stress-free
reference.  This panel was made at Textron Specialty Materials by HIPing four
fiber-containing IPD monotapes with three fiberless foils at 1010C, 103 MPa for 3
hours. Fiber volume fraction was 25%. A micrograph of this material is shown in
Figure 2, and further characterization is given in Gigerenzer and Wright (1991).

3.2.3 Model predictions of stresses and strains

Analytical modeling of the thermal residual stresses expected on the microscale in
these composites was conducted using the Concentric Cylinder Model as developed
by Hecker (1968). The geometric symmetry element is shown in Figure 3. This
model has capability of performing temperature dependent elastic-plastic analysis
of the stresses and strains developed during cooling of the composite from
processing. The center cylinder was sized to represent the fiber volume fraction
and the fiber (elastic) properties shown in Table 1 were assigned to it. These
properties were taken from GE studies under AF funding (GE Staff, 1991). Matrix
properties were assigned to the outer rings. The purpose of the multiple rings is to
follow the development of plastic flow from the fiber-matrix interface outward
during the thermal loading history. The matrix properties used are shown in
Table 1 and Figure 4. These properties were obtained from GE studies under AF
funding (GE Staff, 1991). Both local and average fiber and matrix stresses and
strains were computed for the IPD SCS-6/Ti-24Al-11Nb system studied to permit
comparison to the experimental data. Finite element analysis of this same
composite has also been conducted by Saigal et al. (1992).

3.2.4 Selection of Method for Task 2

The various methods studied in Task 1 were evaluated for their suitability for
further use in Task 2. Criteria for selection were:
a) Maturity of method: how much development is required for confident
use?
b) Accuracy of method: how well do results agree with analytical model
predictions or measurements based on the conventional XRD method?
c) Level of detail about the state of residual stress in the composite: can both
fibers and matrix be measured? Can local residual stresses, especially fiber
matrix interface values be determined?
The method best fitting these criteria was then selected for use in Task 2.
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Figure 3. Geometry of Concentric Cylinder Model Showing Central
Fiber and Multiple Matrix Rings.
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Table 1
Thermal and Elastic Properties of Fibers and Matrices used for Thermal
Stress Analysis

Elastic Modulus Thermal Expansion*
Material 1Ees) (GPa) Poisson's Ratiomm/mm°/C)
SCS-6 20 414 0.30 435 x 10-6
250 414 0.30 435 x 10-6
500 414 0.30 435 x 10-6
750 415 0.30 5.02 x 10-6
1000 414 0.30 6.71 x 10-6
W 20 407 0.28 3.86 x 10-6
(ASM, 1979) 500 398 0.29 420 x 10-6
1000 366 0.29 4.60 x 10-6
1300 351 0.30 490 x 10-6
Al03 20 421 0.20 6.02 x 10-6
500 413 0.20 9.12 x 10°6
1000 405 0.20 10.59 x 10°6
1300 346 0.20 10.67 x 10-6
Ti-24Al1-11Nb 20 94,5 0.30 10.11 x 10-6
250 90.3 0.30 10.44 x 10°6
500 74.5 0.30 12.05 x 106
750 32.0 0.30 13.77 x 10-6
1000 6.5 0.30 16.78 x 10-6
NiAl and 20 169 0.30 12.91 x 10-6
NiFeAl 500 155 0.30 15.23 x 10-6
1000 128 0.30 17.12 x 10°6
1300 81 0.30 17.99 x 10-6

* tangent value

3.3 Task 2 - Measurement of Stresses in IMC

In this task several different IMC systems were subjected to residual thermal stress
measurement to examine the influence of material and processing variables on
thermal stress development. These same material and process combinations were
modeled using the concentric cylinder model described in Task 1 to examine the
capbility of the measurements (and model) to describe residual stress levels.

3.3.1 Selection of Materials

Four different IMC's were selected for study. The first system was an SCS-6/Ti-
24A1-11Nb alpha-two titanium aluminide composite with approximately 32% (by
volume) fibers, Figure 5. The fibers were oriented unidirectionally in 8 plies. This
material was similar to that used in Task 1, except that it was fabricated using a
foil-fiber process at Textron Specialty Materials Division. This material was
examined in three different process conditions: a) as-fabricated (HIPed at 1010C,
103 MPa, for 1 hour); b) after thermal cycling 100 times between RT and 649C in

b




Figure 5

Microstructure of Foil-Fiber SCS-6/Ti-24Al-11Nb Used in
Task 2
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air; c) after cooling in liquid nitrogen and returning to room temperature. The
rationale for treatments b) and c) are as follows:

Treatment b): Cyclic application for the thermal stresses in the thermal cycling
process is expected to lead to some extent of stress relaxation in the composite. This
is analogous to cyclic shakedown of stresses in strain controlled fatigue tests.

Treatment c): The liquid nitrogen cooling treatment should reduce stresses by
driving the matrix into a greater extent of plastic flow than that produced by
cooling to room temperature. This extra plasticity is caused by the larger thermal
strain (AaAT) to which the composite is subjected. Upon returning to room
temperature the matrix unloads elastically from this larger plastic strain level,
leading to reduced stress. This process is akin to the process of autofrettage, in
which a stress-free metal is plastically deformed locally around a hole, and then
unloaded to produce a local residual compression.

Additional neutron diffraction experiments were performed on other IMC:

2) Ni-50Al matrix reinforced by four unidirectional plies of tungsten fibers at 35%
V¢ This material was obtained from Drs. Randy Bowman and Mike Nathal of NASA

Lewis Research Center, and was fabricated by the powder cloth method, hot
pressed, and HIPed. Further details of the material fabrication are available from
Bowman and Noebe (1990). The microstructure of this material is shown in Figure

6.

3) Ni-50Al matrix reinforced by four unidirectional plies of single crystal AlpO3
(Saphikon) fibers at 30% Vj§; This material was obtained from Drs. Randy Bowman

and Mike Nathal of NASA Lewis Research Center, and was fabricated by the powder
cloth method, hot pressed, and HIPed. Further details of the material fabrication
are available from Bowman and Noebe (1990). The microstructure of this material
is shown in Figure 7.

4) Ni-10Fe-25A1 matrix reinforced by ten unidirectional plies of single crystal
Al,03 (Saphikon) fibers at 10% Vy. This material was manufactured by GE-Aircraft

Engines by hot pressing a compact of fibers and powder at 1121C and HIPing at
1121C. Its microstructure is shown in Figure 8.

5) Ni-10Fe-25A1 matrix reinforced by six unidirectional plies of single crystal
Alp O3 (Saphikon) fibers at 6% Vy. This material was processed identically to

material 4 and is illustrated in Figure 9.

Samples of fiber and unreinforced matrix materials consolidated in the same
fashion as the composites were also obtained.

3.3.2 Analytical modeling method
The concentric cyclinder model used in Task 1 was also used for predicting the
residual stresses and strains in the selected composite systems. The only change

was in the modification of the input material properties used, as appropriate to
each system:

13
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Figure 7

Microstructure of AloO3/NiAl Used in Task 2
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Microstructure of AloO3z/NiFeAl (10% Vf) Used in Task 2
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Figure 9
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Microstructure of AloO3/NiFeAl (6% Vf) Used in Task 2
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1) Foil-fiber SCS-6/Ti-24Al-11Nb:

a) As-fabricated SCS-6/Ti-24Al-11Nb: The fiber properties were identical to those
shown in Table 1, while the matrix properties used were different from Task 1,
since the matrix material was from foil instead of sprayed powder. Matrix stress-
strain behavior was estimated from stress-strain data from fiberless panels
presented in Gambone (1990). These curves are shown in Figure 10 and show
slightly lower strength than the IPD matrix.

b) Thermal cycled SCS-6/Ti-24A1-11Nb: Fiber properties were identical to those
shown in Table 1. Matrix physical properties were as shown in Table 1, but stress-
strain behavior was modified to account for the thermal cycling. Instead of trying
to trace the entire history of cooldown plus 100 thermal cycles, the matrix cyclic
stress-strain response after thermal cycling was approximated and used in the
model. This cyclic stress strain behavior was estimated from out-of-phase TMF
stress strain response of wrought (unreinforced) Ti-24Al-1INb from DeLuca et al.
(1990) and is shown in Figure 11. Note that, as expected, the cyclic flow stresses for
this condition are slightly lower than for as-fabricated material.

c) Liquid nitrogen cooled SCS-6/Ti-24Al-11Nb: Properties used were the same as
1) a) except that the fiber and matrix properties were extended to -196C by
extrapolation (no data was found to substantiate these data below ambient
temperature).  Extrapolated matrix yield strengths are shown in Figure 12.

2) W/NiAl: Fiber properties were taken from ASM (1979), and are listed in Table 1.
Matrix properties are listed are Table 1, and stress-strain response is shown in
Figure 13. These properties were obtained from Bowman and Noebe (1990) and
Noebe, et al. (1990).

3) Alp03/NiAl: Fiber properties were taken from internal GE data sources, and are
shown in Table 1. Matrix properties were the same as for material 2.

4) and 5) Al203/NiFeAl: These two systems differed only by fiber fraction. Fiber
properties were as used for material 3, and matrix properties were estimated from
limited data from internal GE sources. Stress-strain behavior assumed for the
model is shown in Figure 14.

3.4 Task 3 - Effect of Thermal Stresses on Mechanical Properties

In Task 3 samples of SCS-6/Ti-24Al1-11Nb were subjected to different
thermomechanical processing to produce different levels of residual stress. Four
different mechanical tests (tension, shear, fatigue crack growth and fiber
pushout) were conducted on samples with these levels of residual stress to
determine the effect of the residual stresses on mechanical properties.

3.4.1 Selection of Material

SCS-6/Ti-24A1-11Nb was selected as the material system on which to conduct the
Task 3 residual stress modification and mechanical testing since of the materials
studied it was the most mature, i.e., it could be obtained in large enough quantities
and with high enough confidence in the process control to make consistent
material from panel to panel. Four panels of 4 ply unidirectional material with 30
+ 2% fiber volume fraction were made by Textron Specialty Materials Division by

18
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the foil-fiber process. Typical microstructure and fiber distribution were similar
to that shown in Figure 5.

3.4.2 Selection of Processing to Modify Thermal Stresses

One-half inch wide strips were cut from these panels parallel to the fibers, and
were subjected to various thermomechanical treatments:

1) Free thermal cycling between 93 and 650°C for 100 cycles, :

2) The treatment shown in Figure 15a involving cooling from high

temperature under tension: a) heating to 850°C with an induction coil and

stabilizing temperature, b) loading to 689 MPa tension while holding at 850°C, c)
cooling to room temperature under load, and d) removing the tensile stress at
room temperature; :

3) A four step treatment shown in Figure 15b, like treatment 2 except
involving loading and cooling under 344 MPa compression. ‘ '

4) Some ‘samples were also left as-fabricated.

These treatments were chosen based on the following rationale:

1) Free thermal cycling: Cycling materials with a mean stress under strain
control usually results in a reduction in mean stress. In these composites the
matrix is being cycled from essentially no stress at high temperature to tension at
low temperature with the stiff fibers providing constraint that approximates
strain control, Figure 16. DeLuca et al. (1990) have showed that under such out-of-
phase, R = 1.0 conditions, Ti-24Al-11Nb material will show relaxation of the
maximum (low temperdture) stress. Thus free thermal cycling was chosen as one
means of modifying the residual thermal stress.

2) Cooling under tension: The changes in thermal stress produced by this
treatment can best be described through Figure 17a. At room temperature after
fabrication the matrix is in tension and the fiber is in compression, as
demonstrated in Cox et al. (1990). On heat up to 850C these stresses reduce toward
zero as the thermal mismatch from the fabrication temperature is reduced.
Application of tension at 850C raises both the fiber and matrix into tension, but the
fiber stress is higher than the matrix because its modulus is higher. During the
brief hold period under load at 850C the matrix creeps and its stress relaxes back to
low levels again while the fiber stress increases. On cooling, thermal stresses are
reimposed (tensile for the fiber, compression for the fiber) and at this point the
matrix is at about the same stress level as it was after the original cooldown from
fabrication. (The fiber, however, is under a much more tensile condition.) When
the load is released after reaching room temperature the fiber and matrix unload .
(go toward compression) and the matrix ends up with a lower tensile stress than it
had after fabrication. Since the matrix and the fiber stresses must balance
through equilibrium, the fiber stress is also lower (less compressive), as illustrated
in Figure 17a. '

3) Cooling under compression: This treatment, Figure 17b, works much like
cooling under tension, except that the load applied at 850C is compression. After
cooling to room temperature the unloading of the compression drives the matrix
further up in tension and raises the residual stress above that developed on free
cooldown from fabrication. It practlce the load apphed had to be reduced below
that used for the cooling under tension treatment in order to reduce the risk of
buckling the samples. It was also found necessary to use a buckling restraint
fixture consisting of alumina rods clamped to the faces of the specimen.
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3.4.3 Selection of test types and conditions

Four different mechanical tests types were selected to evalaute the effects of
residual stresses on IMC properties and to compare these results to predictions of
analytical property models. These four tests were selected to investigate fiber and
matrix/interface dominated properties. The selected tests were: a) longitudinal
tension, b) fiber pushout, c) in-plane shear, and d) fatigue crack growth. The
rationale for selection and details of test method are given in the following

paragraphs.

a) Longitudinal _tension: This test was selected because temsile strength in the fiber
direction is a primary design property for IMC. While longitudinal tensile
strength is generally considered a fiber-dominated property because the strength
and stiffness of the fibers are greater than that of the matrix, in IMC the matrix
can play a significant role because fiber fraction tends to be fairly low and matrix
‘stiffness high. An effect of thermal residual stresses on longitudinal tensile
strength is expected through the modifying effect that an initial stress would have
on the strength capability of a brittle constituent. For example, if the fibers are in
residual compression after fabrication, then their tensile strength should be
enhanced because it would take more applied stress to load them to their breaking
stress.  Conversely, tensile stress in the matrix would tend to promote earlier
matrix failure. Modeling of residual stress effects on longitudinal tensile strength
will be dealt with more fully in Section 4.3.2. Tensile tests were conducted at room
temperature on specimens machined from the processed blanks to the
configuration shown in Figure 18. Testing was performed at Martest, Inc,
Cincinnati, OH, at a crosshead rate of 0.05 in/min. Strain was recorded using an
extensometer placed in the reduced gage section, and was left on the specimen to
failure. '

b) Fiber pushout: While not a standard mechanical property of bulk composite
material, this test is important because it gives a direct measure of the fiber-matrix

interface shear strength. This parameter plays a significant role in other
mechanical property models, so it is helpful to determine directly how it is affected
by the thermal residual stress states produced in this study. From current

understanding of the nature and role of the interface in SCS-6/Titanium
composites, the interface is primarily mechanically, rather than chemically
bonded (Johnson, et al., 1990, and Wright, et al., 1990). Since the primary
mechanical bonding force is the radial interfacial clamping stress induced by a
combination of thermal and mechanical loading of the composite, variations in the
radial interface stress should influence the interface shear strength: the higher
the radial thermal stress, the higher the interface strength. Modeling of this
effect will be described more fully in Section 4.3.3.

Fiber pushout testing was conducted at University of Cincinnati by Dr. R. Singh.
One piece of each thermomechancial treatment was supplied, and samples of
nearly 0.5 mm long parallel to the fibers were cut from these on a wafering saw
and ground to 0.38 mm thick (fiber direction). Care was taken to keep the samples
flat and the fibers perpendicular to the surface. Cut surfaces were final polished
to 1 pm and the samples were ultrasonically cleaned. Each sample was individually
mounted with double-sided scotch tape on the micro-slide platform of the pushout
.apparatus.  Crosshead speed of the Instron used to drive the indentor was 0.0127
cm/min. Load vs. time plots were obtained during testing.  Approximately ten
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pushouts were done per sample and the average interfacial shear strength, 7tj, was
determined by dividing the debonding load by the total interface area (thickness x
n x fiber diameter).

c) In-plane _shear: This test was selected to evaluate the matrix and fiber-matrix
interface dominated property effects, since shear strength tends to be more
dependent on these properties than on the fiber properties. Shear was selected
over transverse tension because previous work (Wright et al.,1990) had suggested
that shear strength would be more sensitive to interface strength variations, and
~thus indirectly, to residual stress effects on clamping of the interface. It is
expected that higher residual stresses would cause tighter clamping of the fiber
matrix interfaces and reduce the ease of interface sliding, thereby rasing shear
strength. A more extensive discussion of modeling is given in Section 4.3.4. Shear
tests were conducted at Cincinnati Testing Laboratory, Cincinnati, OH using the
Tosipescu method. The specimen . configuration shown in Figure 19 was cut from
processed blanks with the fibers parallel to the long axis. A *45 strain gage rosette
_ was bonded on the gage section between the notches, and tests were conducted at
room temperature until failure or maximum load.

d) Fatigue crack growth: This test was selected because fatigue is a primary loading
mode in aerospace applications. = Fatigue crack growth, rather than fatigue crack
initiation, was selected for study because fatigue crack growth behavior is
typically more repeatable than initiation and thus easier to characterize
difference due to residual stress differences. Effects of residual stress on fatigue
crack growth are expected through two different effects: residual stressés in the
matrix will affect the mean stress level in the matrix, and thus influence the
matrix contribution to crack growth, and residual stresses should influence the
extent' of matrix clamping of the fiber, which will influence fiber-matrix
interface strength. The interface strength in turn should influence the degree of
fiber bridging of the matrix crack, thus influence crack tip stress intensity and
growth rate, as described in models of fiber bridging (Sensmeier and Wright, 1989,
Marshall, et al., 1985, McCartney, 1987, and Ghosn et al., 1992). Fatigue crack
growth modeling will be described further in Section 4.3.5.

Straight-sided specimens of the same overall size as the tensile samples (Figure 18)
were tested at GE at room temperature. Cracks were initiated from a center notch
2.5 mm long. Specimens were instrumented for electrical potential measurement
of crack growth using the method implemented at GE (Van Stone and Richardson,
1985) and . crack growth was monitored as cycling occurred. Two specimens of
each process were tested, one at 345 MPa, and one at 552 MPa. R-ratio was 0.05 and
frequency was 0.33hz.
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4. Results and Discussion
4.1 Task 1 - Selection of Experimental Method for Residual Stress Measurement
4.1.1 Results of Xray Diffraction

The residual stresses measured by Xray diffraction in the matrix of the SCS-6/Ti-
24A1-11Nb composite are shown in Table 2 and Figure 20. Detailed results are given
in Appendix III. These results are for both longitudinal and transverse matrix
stresses on both sides of the composite sample. At the surface, there appears to be
some variability in the stresses, but at depths of 33 and 75 microns, the results are
fairly consistent and constant with depth. Tensile stresses were found in both
longitudinal (315MPa average) and transverse (200MPa average) directions.
Longitudinal tensile stresses of this magnitude have been reported in these
materials by Cox et al. (1991) and by Jayaraman and Rangaswamy (1991). The
variations in surface stresses found here are most likely the result of chemical -
contamination or surface finishing; it was noted that the Xray peak widths at the
surface were broader than subsurface, indicating the presence of disturbed
material at the surface. The averages of the measurements at the two subsurface
locations are listed in Table 2 for comparison to the neutron diffraction and
analytical model results. Elastic strain values corresponding to these stresses are
also presented for purposes of comparison. Attempts were made to obtain
diffraction data from the fibers but were not successful.

Table 2
Measured and Calculated Average Thermal Strains and Stresses in
IPD SCS-6/Ti-24Al-11Nb (Vg = .25)

XRD ND Analysis
Matrix Longitudinal Strain (m/m) |+.0032 +.0037 +.0029
Transverse Strain (m/m) +.0012 -.0002 -.0004
Longitudinal Stress (MPa) +315 + 430 + 330
Transverse Stress (MPa) +200 - 160 - 90
Fiber Longitudinal Strain (m/m) -.0022 -.0020
Transverse Strain (m/m) +.0009 +.0003
Longitudinal Stress (MPa) - 1220 - 998
Transverse Stress (MPa) - 770 - 270

4.1.2 Results of Neutron Diffraction

The residual strains and stresses measured by neutron diffraction are also shown
in Table 2 and Figure 21. (The stresses were obtained using the average strains in
Hooke's Law with the elastic constants given in Table 1.) Like the Xray diffraction
results, they indicate the presence of substantial matrix tension in the
longitudinal direction and a lower level of matrix tension in the transveérse
direction. Quantitatively, the average longitudinal matrix stress measured by
neutron diffraction is slightly higher than that measured by Xray diffraction and
the transverse stress is lower. In addition to the matrix strains, the fiber strains
could be clearly detected, and these are also reported in Table 2. As expected, the
fiber is in compression, with the compressive strains and stresses being larger in
the longitudinal direction than in the transverse.
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4.1.3 Results of Synchrotron XRay Diffraction

To examine the feasibility of SXRD, experiments were conducted on a sample with a
single imbedded 800 micron diameter AlpOg3 fiber in a matrix of CP Ti. The

incoming. and diffracted X-ray beams were collimated down to 50-100 microns
thick by 1000 microns wide (Figure 22) so that only a small volume of material was
interrogated. Residual strains were calculated by measuring the energy shift in a
diffracting peak as compared to a stress-free reference peak obtained in the
matrix far from the isolated fiber. The beam was positioned so that it was adjacent
to the fiber-matrix interface by checking for the disappearance of any SiC peaks,
and then diffraction data was taken as a function of distance from the interface by
translating the specimen. Figures 23 and 24 present the hoop and radial strain
profiles for this sample, plotted along with expected strain distributions obtained
from an elastic concentric cylinder model (Vg= 0). Generally good agreement is
seen between the measured and predicted values, although considerable scatter in -
data was obtained. The scatter was reduced somewhat by using the average of
shifts for several different peaks, as plotted in Figures 23 and 24. However, the
major factor contributing to scatter was the relatively small number of grains
within the diffracting volume. If only a few grains are diffracting, their average
location within the volume is likely to be different than the volume center,
leading to a geometric contribution to diffraction angle which will be interpreted
as a peak shift or strain (Figure 25). For the matrix grain size (10-20 microns) and
diffracting volume, this error could be equivalent to a strain of about 0.001.

Experiments were also performed on samples with single SCS-6 fibers in Ti-24Al-
11INb. Hoop strains are shown in Figure 26. Note the spatial scale is much smaller
than for Figures 23 and 24. The strains measured show reasonable agreement with
expected values at distances greater than about 75 microns from the fiber-matrix
interface, but closer in, the measured strains are far less than expected. It is
possible that this is real; in this sample a 10 micron thick beta-depleted zone was
seen around the interface, Figure 27, and the radial cracking observed would
lower strains in the vicinity. Diffusion of interstitials from the interface may also
‘have altered the local lattice spacing and affected the apparent strain values.

4.1.4 Results of Ultrasonics

Strategies for US measurement of thermal stresses were also investigated. US
methods depend on higher order change in elastic properties (and hence wave
velocities) due to the nonlinear form of the interatomic potential. In order to
achieve reasonable accuracy, it was felt necessary to develop an approach in
which the relative velocity change would be greater than 1 part in 1000. Using a
concentric cylinder model to describe the state of stress around a fiber in a
composite, the effect of these stresses on the higher order elastic terms was
investigated analytically to identify velocity effects which might meet the
required criterion. Two promising configurations were identified. Figure 28
shows that a shear wave travelling parallel to the fiber near the fiber-matrix
interface should develop a relatively large velocity change. The difference in
velocity of the two polarized shear waves, vgj and vgp, should be particularly
large. This is important because it would allow the automatic cancellation of
compositional or microstructural variations in elastic properties along the sound
path.  An alternate configuration (the "creeping ray” method) Figure 29 would
utilize rays backscattered perpendicular to a fiber.  Again, the difference in
polarized shear waves, vgi and vg3, would be used as a measure of stress. These
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approaches will require further efforts in order ' to determine whether they
represent experimentally viable approaches.

4.1.5 Results of Analytical Modeling

Thermal residual stresses and strains predicted for the IPD SCS-6/Ti-24Al-11Nb
composite studies in Task 1 are shown in Figure 30 as a function of radial position
(distance outward from the axis of the fiber). Because of the radial symmetry of
this model, there is no circumferential variation in any of the stresses. As stated
above, the stresses in the fiber are compressive and independent of radial location.
The longitudinal (z) stresses are considerably higher than the radial (r) and
circumferential (0) stresses. The matrix longitudinal stress and strain are also
independent of r, but are tensile in sign. Note that because of equilibrium
condition imposed, the radial stress at the fiber-material interface is the same in
the fiber and matrix, and the radial stress at the outer radius is zero. Finite -
element analysis of similar composites (Saigal et al., 1992) shows general similarity
of predictions; the stresses now become somewhat dependent on circumferential
position, and only the average instead of the local radial matrix stress goes to zero
at the outer boundary of the symmetry element. For the material properties and
consolidation temperature assumed, the model predicts a small amount of yielding
(about 0.24% strain) in the matrix of SCS-6/Ti-24Al-11Nb.

The average longitudinal and transverse- stresses and strains predicted by the
concentric cylinder model for the IPD SCS-6 Ti-24Al-11Nb composite are given in
Table 2 in comparison with the experimental values obtained. These averages
were obtained by taking the z, r, and 6 coordinate stresses in each cylinder ring,
transforming them to a rectangular z, x, and y coordinate system, and then
averaging over the volume of each phase (fiber, or matrix). For cases in which
plastic flow was observed, the strains reported are elastic strain, since this is what
is sensed by the diffraction experiments. In the fiber, the average longitudinal
and transverse stresses and strains are the same as the local values shown in
Figure 30, since the stresses and strains are predicted to be uniform throughout
‘the fiber. The same is true for the matrix longitudinal stresses and strains. In the
matrix transverse direction, however, the radial dependence of stress and strain
causes the average values to differ from the local values. In addition, the
averaging is done in an x, y, z coordinate system to be consistent with thé way the
neutrons travel through the composite. Thus at some points the radial components
are in the x-direction and at other points the hoop components are in the x-
direction. Thus the average transverse values are not simply related to the local
values.

Comparison of Table 2 and Figure 30 shows that the average matrix transverse
stresses are predicted to be tensile reflecting the dominance of the hoop
component over the radial component, and the average matrix transverse strains
are predicted to be compressive.

Note that even though the average transverse matrix strain is slightly negative,
the average transverse stress is positive because of the strong Poisson effects from
the large axial matrix strain component. This effect comes from the Hooke's Law
relationship between strain (measured by neutron diffraction) and stress
(calculated using elastic constants): ‘

1

i viEl i i i, _E |
c,L=(1+vi)(1.2\,i) (g +ep+E) + (L+vD) () JRSRRR—— (1a)
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Here, Gi and O lT are the average longitudinal and transverse stresses,
respectively, listed in Tablé 2 for the fibers (i = f) and matrix (i = m) phases. 'El and

; . : . . i i
vi  are the elastic constants at room temperature listed in Table 1, and €;,é&p, and

gy are the average measured strains in either the fiber (i = f) or matrix (i = m)in
the three principal material directions: longitudinal, transverse, and through-

. . . . . 1 1
thickness. It was assumed that the composite was transversely isotropic, so €N =&
i, i R :
If g is much larger than €y, as it is in most of the cases here, then the first term in

Equation 1b will dominate the value of Gflr. Thus even if 8.{[ is slightly negative, cfr
can be positive.

4.1.6 Comparison of Results and Selection of Method
mparison of XR ND

The Xray and ND methods can be compared through the measurements on SCS-6/Ti-
24A1-11Nb (Table 2). -Only matrix measurements can be compared because of the
inability of the Xray method to detect fiber strains. In the longitudinal direction
the xray and ND results are fairly close (differing by a strain of 0.05% with a likely
experimental error of +/- 0.03% strain). The transverse strains are quite different
in magnitude and sign (tensile for Xray, compressive for ND). This difference is
quite likely due to the difference in volume of the composite sampled: the Xray
method senses only the outer surface, while the ND method averages the whole
volume. In the outer surface of the composite (relatively far from the fibers), the
transverse direction stresses and strains (rectilinear coordinate system) are more
likely to be representative of the 6 direction in Figure 30, i.e., tension, while in
averaging the whole volume regions representing both 6 (tension) and r
(compression) will be seen resulting in a net stress or strain near zero. In
addition, the ND method has the advantage of giving information about the fiber
without ambiguities about the effect of removing matrix material layers. The fiber
transverse stress measurements, given in Table 2, are a direct measurement of the
interfacial radial stress, which is a significant parameter in many mechanical
property models. The ND method does, however, require a separate stress-free -
reference specimen in order to obtain the unstressed lattice parameter, and thus is
more sensitive to subtle variations in experimentation. Overall, however, the ND
method appears to be accurate and useful. '
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Comparison of Experimental and Analytical Results

Comparison of the ND and Analytical columns in Table 2 indicates generally good
agreement between the two. Looking in more detail, the strains and stresses
observed in the fiber by the neutron diffraction method are typically slightly
smaller (less compressive) than predicted by the concentric cylinder model. The
matrix stresses also tend to be slightly higher (more tensile). While the difference
for the transverse matrix values is large on a percentage basis, it is only slightly

more than the likely experimental error in measurement. One check on the
-validity of the measurements can be obtained by comparing the fiber and matrix
longitudinal stresses through - the rule of mixtures. Since the next externally

imposed stress on the composite is zero, the fiber, ch, and matrix, oM@,
longitudinal stresses should be related:

oLf Ve+ o m(1 - V=0 (2)

© Performing this check for the neutron diffraction data shows that the summation
of Equation ( 2 ) gives a net stress of 17 MPa, a value that is within the
experimental error of the measurements. Thus it appears that the experimental
data are valid, and that the average transverse stresses are in actuality slightly
higher than predicted by the concentric cylinder model used. Results of finite
element calculations of residual stresses in the same composites performed by
Saigal et al. (1992) show better agreement of the predicted matrix transverse
stresses with the experimental measurements and support. this view.

Based on these results ard the selection criteria presented in Section 2.2.4, the
neutron diffraction method was selected for use in Task 2.

4.2 Task 2 - Measurement of Stresses in IMC
4.2.1 Results of As-Fabricated SCS-6/Ti-24-11

The results from the as-fabricated foil-fiber SCS-6/Ti-24Al-11Nb composite are
shown in Table 3a and Figure 21. The SCS-6/Ti-24Al-11Nb composite shows
somewhat lower fiber strains and stresses than reported for the IPD composite
studied in Task 1, but higher matrix values, especially in the transverse direction.
- Except for the transverse matrix values, the differences are small and are within
experimental error, although the analytical results presented below suggest that
the differences may be real. The difference in transverse strains between the IPD
and foil-fiber materials are so large as to require other explanation. Perhaps the
strong crystallographic typically present in foils and absent in IPD material is
reponsible for this.

A temperature dependent experiment was also carried out on this material. Lattice
parameters for various crystallographic directions were measured by ND as a
function of temperature from room temperature to 900C parallel and
perpendicular to the fiber axis. The strains obtained are shown in Figure 31. The
strains parallel to the fiber show the expected decrease with increasing
temperature up to 800C where they essentially vanished. The transverse direction
matrix strains do not go to zero at 800C, however, suggesting that some
unaccounted for factor such as crystal texturing exists, and that the actual
transverse matrix strains are much lower (by about 0.001) than shown in Figure
31.
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4.2.2 Results of Thermal cycled SCS-6/Ti-24Al-11Nb

The neutron diffraction measurements from this sample are shown in Table 3b and
Figure 21. Compared to the as-fabricated results described in Section 4.2.1, all
thermal strain values except those for the transverse fiber direction were reduced
by 20 to 60%. The signs and the relative sizes of the strains remained similar to the
as-fabricated material.

4.2.3 Results of Lig Ny cooled SCS-6/Ti-24Al-11Nb

The results from this sample are shown in Table 3¢ and Figure 21. Fiber and matrix
strains in the longitudinal direction were reduced by about 8 to 35% compared to
the as-fabricated condition, while the transverse strains were unchanged. Thus
" the liquid nitrogen cooling was less effective in reducing the residual stress than
thermal cycling was. '

4,24 Results of W/NiAl

Residual strains were measured by neutron diffraction in this system; the average
strains and stresses obtained are shown in Table 3d and Figure 32. Despite the
larger thermal expansion and higher stress-free temperature compared to SCS-
6/Ti-24A1-11Nb, the strains and stresses were actually lower. The trend among the
stresses and strains were similar however: longitudinal tension in the matrix,
longitudinal compression in the fiber, and transverse compression in the fiber
and (on average) transverse tension in the matrix. '

4.2.5 Results of AlpO3/NiAl

Neutron diffraction results for this system are also shown in Table 3¢ and Figure
32. Even though the thermal expansion coefficient of the alumina fiber is
considerably greater than that of the tungsten fiber (i.e., a better match for the
matrix), the residual stresses and strains are approximately the same as the W/NiAl
system.

4.2.6 Results of AlpO3/NiFeAl

Neutron diffraction results for these two composites are shown in Table 3f and 3g
and in Figure 32. Results are similar to those obtained for the AlpO3/NiAl system
except that the fiber longitudinal strains (compression) are much greater, and the
matrix longitudinal strains (tensile) are slightly greater.  The matrix transverse
strains are small but tensile in these materials as opposed to small but compressive
in AlpO3/NiAl. The trend in fiber strains are related to volume fraction fiber; the
smaller the fiber fraction the higher the strain in the fiber.  Since ‘the fiber
longitudinal strains increase with decreasing volume fraction, it would be
expected that matrix longitudinal strain would decrease. This is generally
observed in comparing the NiAl and NiFeAl matrix materials.
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Table 3

Measured and Calculated Average Thermal Strains and Stresses in IMC's

a) As-fabricated SCS-6/Ti-24Al-11Nb (Vg = .30)

ND Analysis
Matrix Longitudinal Strain (m/m) +.0042 +.0031
Transverse Strain  (m/m) -.0029 -.0004
Longitudinal Stress (MPa) + 360
Transverse Stress (MPa) ~ 4100
Fiber Longitudinal Strain (m/m) -.0019 -.0015
Transverse Strain (m/m) -.0005 +.0002
Longitudinal Stress (MPa) -725
'} Transverse Stress (MPa) - 205
b) Thermal cycled SCS-6/Ti-24Al-11Nb (V¢ = .30)
ND Analysis
Matrix Longitudinal Strain (m/m) +.0031 +.0025
Transverse Strain (m/m) -.0023 -.0003
Longitudinal Stress (MPa) + 285
Transverse Stress (MPa) + 85
Fiber Longitudinal Strain (m/m) -.0008 -.0011
Transverse Strain  (m/m) -.0005 +.0001
Longitudinal Stress (MPa) ‘ - -575
Transverse Stress (MPa) - 175
¢) Liquid nitrogen cooled SCS-6/Ti-24A1-11Nb (V¢ = .30)
: ND Analysis
Matrix Longitudinal Strain (m/m) +.0039 +.0029
Transverse Strain (m/m) -.0029 -.0004
Longitudinal Stress (MPa) + 320
Transverse Stress (MPa) + 80
Fiber Longitudinal Strain (m/m) -.0012 -.0013
Transverse Strain (m/m) -.0005 +.0002
Longitudinal Stress (MPa) - 650
Transverse Stress (MPa) - 165
d) W/NiAl (Vg = .35)
ND Analysis
Matrix Longitudinal Strain (m/m) +.0013 +.0017
Transverse Strain  (m/m) -.0005 -.0001
Longitudinal Stress (MPa) + 198 + 345
Transverse Stress (MPa) - 36 + 102 |
Fiber Longitudinal Strain (m/m) -.0012 -.0013
Transverse Strain  (m/m) +.0001 +.0001
Longitudinal Stress . (MPa) - 584 - 640
Transverse Stress (MPa) - 170 - 190
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e) AlpO3/NiAl (Vg = .30)

ND Analysis
Matrix Longitudinal Strain (m/m) +.0014 +.0014
Transverse Strain (m/m) -.0004 -.0002
Longitudinal Stress (MPa) + 240 + 295
Transverse Stress (MPa) + 6 + 80
Fiber Longitudinal Strain (m/m) -.0011 -.0015
Transverse Strain  (m/m) +,0003 +.0000
Longitudinal Stress (MPa) - 445 - 690
Transverse Stress (MPa) + 47 - 190
f) AlpO3/NiFeAl (10% Vy)
ND Analysis
Matrix Longitudinal Strain (m/m) . +.0022 +.0014
Transverse Strain (m/m) +.0005 -.0003
Longitudinal Stress (MPa) + 730 +220
Transverse Stress (MPa) - 305 + 42
Fiber Longitudinal Strain (m/m) -.0040 -.0044
Transverse . Strain  (m/m) +.0002 +.0002
Longitudinal Stress (MPa) - 1825 - 1980
Transverse Stress (MPa) - 280 - 380
g) AlhO3/NiFeAl (6% Vg)
: ND Analysis
Matrix Longitudinal Strain (m/m) +.0017 +.0010
Transverse Strain  (m/m) +.0008 -.0002
Longitudinal Stress (MPa) +437 + 145
Transverse Stress (MPa) + 343 + 25
Fiber Longitudinal Strain (m/m) -.0047 -.0052
Transverse Strain  (m/m) -.0001 +.0003
Longitudinal Stress (MPa) - 2220 - 2305
Transverse Stress (MPa) - 610 - 410
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4.2.7 Analytical Model Results and comparisons

The average longitudinal and transverse stresses and strains predicted by the
concentric cylinder model for the composites studied are given in Table 3 in
comparison with the experimental values obtained. =For systems in which plastic
flow was observed, the strains reported are elastic strain, since this is what is
sensed by the diffraction experiments.

Predictions of strains and stresses for the foil-fiber SCS-6/Ti-24Al-11Nb material
.are shown in Table 3a and were quite similar to those presented in section 3.1.5 for
IPD SCS-6/Ti-24A1-11Nb. The fiber stresses and strains were slightly smaller in
magnitude, and the matrix stresses and strains were slightly larger. This is due to
the slightly higher fiber volume fraction in the - foil-fiber material (0.32 vs. 0.25).

Concentric cylinder model predictions were also performed for the two NiAl matrix -
composites using the properties shown in Table 1 and Figure 2. The predicted
average stresses and elastic strains are shown in Table 3b and ¢ and Figure 32.
" Unlike the SCS-6/Ti-24Al1-11Nb system, both of these composites show extensive
yielding in the NiAl matrix during cooldown. Figure 33 shows the predicted radial
distribution of stress and strain in AlpO3/NiAl after cooling to RT. The matrix
longitudinal stress is reduced near the fiber due to yielding and the stress levels
are generally less than for SCS-6/Ti-24Al1-11Nb. In the W fiber system the matrix
shows more total strain than in the AlpOg3 fiber system due to the higher thermal

expansion mismatch. However, because of matrix yielding the predicted final
matrix stresses in these systems are limited by the flow stress of the matrix "at room
temperature, and are thus more similar than expected without plasticity. Note that
the model calculations for the two NiAl composites were performed at slightly
different volume fraction fibers to match the different fiber fractions actually
present in the samples tested. The higher fiber fraction in the W fiber composite
tends to lower the fiber stresses since there is more fiber present to balance the
matrix stresses. The fiber fraction difference has a minor effect on the matrix
stresses because of matrix yielding. :

The predicted stresses and strains for the NiFeAl matrix composites are shown in
Table 3d and e. Like the NiAl composites, these materials show substantial yielding
in the matrix. The matrix stresses are predicted to be lower in the NiFeAl
composites, which must reflect the influence of volume fraction fiber, since the
NiFeAl yield strength is higher than that of NiAl. This influence is seen more
clearly in comparing the 10% and 6% V¢ materials in Table 3d and e, respectively.

The fiber stresses in the NiFeAl composites are predicted to be substantially
greater than for the other composites; this also is a volume fraction effect.

Comparison of the ND and Analytical columns in Table 3 indicates generally good
agreement between the two. This is illustrated in Figure 34. Of the 32 pairs of
strain measurements and predictions, 18 are within .10% or are within the
estimated experimental error of 0.03% strain. Another 11 are within 20%. Three
pairs of data deviate by more than 100%, and all of these are for matrix transverse
strain. Thus it can be said that 50% of the time the experimental and analytical
results agreed with 10%.
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Sensitivity Study

Because of the uncertainty in some of the material properties assumed for the
concnetric cyclinder model calculations, a small parametric study was conducted to
determine the sensitivity of the model prediction to what were felt to be the key
material variables: fiber volume fraction, matrix yield strength, matrix thermal
expansion coefficient, and matrix elastic modulus. This study also had the benefit
of examining the effect of changing one of these variables at a time, since most of
the real materials systems ecxamined had several different variables changed at
once. To simplify the data comparisons, only one Ti-base system, foil-fiber SCS-
6/Ti-24A1-11Nb, and one Ni-base system, Alp03/NiAl, were studied. "Each of the
selected variables were changed in these two systems up or down by reasonable
variations felt likely to be possible. The variables and their ranges were: volume
fraction fibers,Vf (= 0.05); matrix coeffecient of thermal expansion, o & 10%);
matrix yield strength, YS (+ 15%); and matrix modulus, E (+ 5%). o, YS, and E were
changed uniformly across the full temperature range used in the analyses. These
variations, and the average fiber and matrix stresses and elastic strains predicted
are shown in Table 4. Plots of the percentage change in stress resulting from each
change in independent variable are shown in Figure 35. Figure 35a shows that the
longitudinal fiber stress in both composite systems is most sensitive to a 0.05
change in V¢ The change is negative because an increase in Vf causes a decrease
in fiber stress. Variation in longitudinal matrix stress, Figure 35b, is different for
the two systems studied. In the SCS-6/Ti-24Al-11Nb system, longitudinal matrix
stress is most sensitive to o, while in AlpO3/NiAl, it is most senstivie to YS, with a a
close second. This difference between systems is probably due to the difference in
matrix yielding. The Ti-matrix system is mostly elastic, while the NiAl-matrix
system shows extensive yielding, thus increasing its dependence on yield stress.
In the transverse direction, the variation in both the fiber, Figure 35c, and matrix,
Figure 35d, transverse stresses were most dependent on Vf and YS in both
composite systems.

Some caution must be used in assigning relative importance to the different
variables since the calculations incorporated different levels of each variable
which were felt to be probable ranges of uncertainty. Nevertheless, it is
interesting that in all cases but one Vf was an important variable, and in three
cases YS was important. E never showed up as a significant variable, and o was
dominant only once.

4.3 Task 3 - Effects of Thermal Stresses on Mechanical Properties
4.3.1 Results of Thermomechanical Processing Trials
Residual _Str

The residual stresses in SCS-6/Ti-24Al-11Nb samples after the thermomechanical
processing described in Section 2.4.2 are shown in Table 5. These stresses were
measured by Xray diffraction at Lambda Research, Inc. These are stresses parallel
to the fiber direction, in the direction of stress during tensile testing. The matrix
stress in the as-fabricated condition ranged from 400 to 470 MPa, somewhat higher
than obtained from other measurements on this type composite (Cox et al, 1990, and
Jayaraman and Rangaswamy,1991). As expected, thermal cycling did reduce the
matrix longitudinal stress, to about 380 MPa. Cooling under tension reduced matrix
stresses further: in one case to 295 MPa, in another to 360 MPa. Finally, cooling
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Results of Analytical Study of the Sensitivity

to Likely Variations in Input Model Parameters

Table 4

of Residual Stresses and Strains

Average Residual Elastic

Average Residual Stress

Mechanical Strsin (X) (ksi)
Matrix Fiber Matrix Fiber
Matrix Fiber  [Fab temp | Param. |Parem. Value | Axial| Trans| Axist| Trans| Axiat Trans| Axial| Trans
F3 Ti-14Al-21Nb]|SCS-6 1850F Vol.Frac. 0.33 +0.313]-0.038 -0.145]+0.018] +51.8] +14.8{-105.1| -30.0
0.28 +0.297(-0.041|-0.174|+0.024] +48.4| +12.8[-124.4] -32.9
0.38 +0.326!-0.035]-0.121{+0.013] +54.6 +16.6] -89.1] -27.1
Matrix Baseline 1+0.313]-0.038}-0.145[+0.018] +51.8{ +14.8]-105.1| -30.0
i Baseline-10X [+0.2691-0.030|-0.125[+0.014] +44.9| +13.5]| -91.2] -27.4
Baseline+10% [+0.349|-0.046]-0.162{+0.021| +57.0] +15.4]-115.7] -31.2
Matrix YS Baseline [+0.313}-0.038{-0.145/+0.018] +51.8| +14.8|-105.1] -30.0
Baseline-15X [+0.2981-0.040(-0.138[+0.018] +48.7} +13.1| -98.8] -26.6
Baseline+15% }40.321}-0.036]-0.149[+0.017] +53.5| +15.9/-108.7| -32.3
Matrix E Baseline  }+0.313}-0.038(-0.145/+0.018} +51.8} +14.8/-105.1| -30.0
Baseline- 5% ]+0.3211-0.038;-0.141]+0.017] +50.4] +14.4/-102.2 -29.3
Baseline+ 5% [+0.307}-0.038|-0.149[+0.018}] +53.1| +15.0]-107.8] -30.5
NASA NiAl AL203 2300F  |vol.Frac. 0.25 +0.140{-0.020|-0.183[-0.000] +40.4} +10.2|-121.2] -30.7
(Sapphire) -
0.20 +0.1341-0.022]-0.232{+0.004} +38.0] +8.7]-152.1] -35.0
0.30 +0.148{-0.019]-0.151|-0.004] +43.5] +12.1]-101.4] -28.2
Matrix Baseline ]+0.140[-0.020(-0.183|-0.000] +40.4] +10.2]-121.2] -30.7
T Baseline-10% |+0.129{-0.018/-0.169]-0.002] +37.6{ +9.9|-112.7| -29.8
Baseline+10% |+0.153{-0.023]-0.198/+0.000 +43.9] +10.9{-131.7} -32.6
Matrix Y$ Baseline [+0.140|-0.020]-0.183|-0.000] +40.4| +10.2{-121.2] -30.7
Baseline-15%X 1+0.129]-0.019[-0.168{+0.000] +37.1] +9.3(-111.2] -27.8
Baseline+15% J+0.1541-0.022(-0.201{-0.002} +44.7| +11.6{-134.0] -34.8
Matrix E Baseline ]+0.140(-0.020(-0.183|-0.000] +40.4| +10.2]-121.2] -30.7
Baseline- 5X 140.148{-0.021)-0.184/-0.000] +40.8] +10.4{-122.3] -31.3
Baseline+ 5% [+0.136]-0.019|-0.186|-0.000] +41.2| +10.5{-123.6] -31.6
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under compression increased matrix stress levels as expected, to about 535 MPa.
Overall, a range of residual matrix stress of about 200 MPa was produced by the
various treatments.

Table 5
Residual Matrix Longitudinal Stresses
in SCS-6/Ti-24Al-11Nb after Thermomechanical Treatment

Treatment Residual Stress (MPa)

As-fabricated : 399 + 100
463 + 60

470 + 105

Free thermal cycled 376 + 34
' : 383 + 35

Cooled under tension 295 + 63
360 + 18

Cooled under compression 555+ 26
520 + 41

4.3.1.2 Modeling of Thermomechanical Processing

The "cooled in tension" and "cooled in compression” thermomechanical processes
described in Section 3.4.2 “were analyzed using the concentric cylinder model
described in Section 3.2.3. Fiber and matrix properties were the same as used for
the as-fabricated foil-fiber SCS-6/Ti-24A1-11Nb composite studied in Task 2 (Section
4.2.7). Fiber fraction was taken as 0.25 and 850C was used as the stress-free
temperature. The model was taken step-wise through each of the two processes: 1)
heat to 850C (remove residual stresses); 2) apply longitudinal load (689MPa tension
or 275MPa compression) at 850C; 3) cool under load to 21C; 4) remove load. The
stresses in the composites at each step are shown in Table 6. For the "cooled in
tension" process, the average longitudinal stresses are zero on heating to 850C
since this was used as the stress free temperature. After applying the load at 850C,
the fiber and matrix go into tension, although the fiber carries the largest portion
of the load since the matrix is weak at 850C. After cooling under load the
longitudinal stresses redistribute, the matrix stress increasing and the fiber stress
decreasing due to their different thermal contraction. Both fiber and matrix stress
at this point are higher than for free cooling to room temperature (compare to
Figure 30), and matrix yielding is predicted to have occurred.  Removing the
mechanical load at 21C reduces the fiber and matrix stress substantially. Note,
however, from Table 7 that the radial interface stress (-243MPa) is but little
changed from the value calculated for free cooling from fabrication (-248MPa).
The final stress distribution predicted for the composite element is shown in
Figure 36a. The fluctuation in matrix hoop and axial stress near the interface are
the result of matrix yielding during cooldown under load.
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Table 6
Longitudinal Fiber and Matrix Stresses Predicted during Thermomechanical
Processing

a) Cooled in Tension

Temp (°C) Composite stress (MPa) | Matrix stress (MPa) | Fiber stress (MPa)
850 0 0 0
850 689 113 2419
21 689 418 1504
21 0 44 -133
b) Cooled in Compression
Temp (°C) Composite stress (MPa) | Matrix stress (MPa) | Fiber stress (MPa)
850 0 0 0
850 -276 - 45 -968 .
21 -276 265 -1900
21 0 415 -1244
Table 7
Final Interface Stress State (in Matrix) Calculated by Concentric Cylinder Model
Process Or (MPa) 66 (MPa) Gz (MPa)
Cooled in Tension -243 +325 -26
Cooled in Compression -258 +430 +415
As Fabricated -206 +278 +238

The changes in fiber and matrix stress with process step during the "cooled in
compression" process are also shown in Table 6 and the final stress distribution is
given in Figure 36b. Note that longitudinal fiber and matrix stresses are predicted
to be increased over those established by free cooling. However, as in the "cooled
in tension" case, the radial fiber-matrix interface stress (Table 7) is hardly
changed at all (-258MPa).
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4.3.2 Results of Tensile Tests
4.3.2.1 Experimental Results

Tensile test results for samples subjected to these treatments are shown in Table 8
.and ultimate tensile strength is plotted against matrix residual stress level in
Figure 37. As-fabricated specimens had an average strength of about 1180 MPa,
which is on the low side but within the typical range for this material (Gambone,
1990). (Rule of Mixtures suggests strength should be about 1400 MPa, assuming a
fiber strength of 3450 MPa, a matrix strength of 550 MPa, and a fiber fraction of
0.3.) Thermally cycled material had a higher strength, averaging about 1365 MPa,
and the cooled under tension material had a similar average strength, 1345 MPa.
In comparison, the cooled under compression material, with the highest matrix
residual stress, had the lowest tensile strength, 1070 MPa. Thus there is a distinct
correlation between matrix residual stress and composite tensile strength: the
lower the matrix residual stress, the higher the composite strength. (The strength
of the cooled under tension material is not higher than the thermal cycled
material; this will be discussed below.)

Table 8
Longitudinal Tensile Properties of
SCS-6/Ti-24A1-11Nb for Various Thermomechanical Treatments

Treatment UTS (MPa) ‘ Modulus (GPa)
As Fabricated 1225 208 -

1100 163
Free Thermal Cycled 1310 206

1420 ‘ 189
Cooled in Tension 1420 : 184

1269 - 172
Cooled in Compression 1220 176

917 154

In addition to the differences in ultimate strength, the stress-strain curves had
different appearances as a function of residual stress level. Figure 38a shows the
stress-strain response typical of lower levels of residual stress (free thermal
cycled) for which a fairly long region of fully elastic reponse was seen before the
stress-strain curve bent over due to matrix yielding or cracking. The stress-strain
response for high levels of residual stress (cooled in compression) is illustrated in
Figure 38b, and shows a significantly earlier bend-over of the curve.

Analytical Model
The effect of matrix residual stress on composite strength can be rationalized
through .the following model of composite strength, illustrated in Figure 39.

Invoking equilibrium of forces, the residual stresses in the fiber direction (from
either cooldown or process modification) must balance as follows:

O'c=0‘=0fr Yf"‘"mr (l-Vf)_ (3)

where o is the external composite stress, of' is the residual stress in the fiber,
oy’ is the residual stress in the matrix, and Vg is the fiber volume fraction. The
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“values of o¢f and 6T are plotted in Figure 39 on the stress-strain curves for each

material, and represent the starting point for mechanical loading. The effect of
these residual stresses will depend on which constituent controls composite
failure. One possible condition is that the fibers control failure; that is, the failure
strain of the matrix is sufficiently greater than that of the fibers so that the fibers
reach their failure strain first. Under this condition, the composite stress at
failure, S, can be written, including the residual stress terms, as:

Sc = Sg-of) Vg + (S -om® (1 - Vp) (4)

where Sy and Sp, are the strength of the fiber and matrix, respectively, in
freestanding form. Note that since the fiber residual stress, oI, is compressive
(negative), the effective fiber strength (Sf - 6¢F) increases due to residual stresses.

Note, however, that the effective matrix strength decreases. In fact, the positive
contribution to composite strength due to the fiber residual strength, o¢TVy, is

exactly balanced by the loss of strength due to the matrix, o, T(1 - V), since these .

two are equal but opposite in sign from Equation 3. As a result, when the matrix is
ductile, residual stresses should have no effect on composite strength.

Now consider the case when the matrix is not more ductile than the fiber, Figure
40. The same residual stress starting points are plotted for the fiber and matrix.
Now, however, the factor controlling failure is the matrix strain to fracture, ep.
The matrix residual stress places the matrix at a starting strain level of oy T/Epy,
where  Ep, is the matrix modulus. Thus the amount of strain capability remaining
is &g - O /Ep. Since the strain in the matrix due to mechanical loading is the
same as that in the fiber, the effective stress in the fiber at matrix failure is now
Ef(em - SmYEm)- This quantity is shown graphically in Figure 40, and is less than
the fiber strength, Sf. Inserting this new effective fiber strength into Equation 4
gives: -

Here the fiber and matrix residual stress terms do not cancel out; in fact, the o T
terms in each part of the strength equation act to reduce composite strength. This
equation, strictly speaking, is for matrix failure, and whether composite failure
occurs simultaneously or after further load can depend on Vg and other factors
such as whether matrix cracks propagate into the fibers or are diverted around
them. Nevertheless, the onset of substantial matrix cracking will limit the
composite strength to a value near V¢Sg, or about 1035 MPa. Thus if the matrix
ductility is low, residual stresses should degrade the composite strength below what
is normally termed "Rule of Mixtures" strength, with a lower limit of about V¢Sy.

4.3.2.3 Evaluation of Model

The SCS-6/Ti-24A1-11Nb composite tested here appears to be acting in the manner
expected for a low ductility matrix. This is not too surprising, since ductility of Ti-
24A1-11Nb at room temperature is generally quite low. This statement is supported
by the post-test observation on the tensile specimens that multiple matrix
cracking was commonly observed in the gage sections.
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The strength levels predicted by Equation 5 are highly sensitive to the value of &p.

The ductility of the Ti-24Al-11Nb foil is likely to be approximately .01 to .02. If we
assume €, = .014, and insert the extreme values of residual stress found in this

study into Equation 5, we find that for oy T = 330 MPa, S¢ = 1389 MPa and for oy’ =
530 MPa, S¢ = 986 MPa. Other parameters were set at Vf = 0.3, Sm = 450MPA, and
values for Ef and Ey from Table 1.  Actual strengths measured (Table 8) were 1365
and 1070 MPa, respectively. The strengths calculated from Equation 5 show

approximately the same dependence on residual stress as does the actual strengths,
supporting the validity of Equation 3. :

It is possible, if ey, is large, to calculate strengths from Equation 5 greater than
those obtained from Equation 4. These values should be considered invalid, since
the matrix ductility is now large enough so that the more usual fiber controlled
failure process described by Equation 4 limits the composite strength. In the
present case, €, may be high enough 'so that for the lowest residual stress
conditions (cooled under tension and thermally cycled) fiber controlled failure is
occurring. This would explain the lack of difference in strength between these
two conditions.

4.3.3 Results of Fiber Pushout Tests
4.3.3.1 Experimental Results

During fiber pushout testing load elongation behavior showed a relatively linear
rise, a short load drop at debonding, and a gradual decrease of load, as illustrated in
Figure 41. This is similar to other pushout results on SCS-6/Ti-24Al-11Nb. The
average and standard deviation of the results for each treatment are shown in
Table 9.

Table 9
Fiber Pushout Results
Treatment Interface Shear Stength (MPa)
As Fabricated : 86+ 8
Free Thermal Cycled 62+15
Cooled in Tension 13712
Cooled in Compression 59 + 25

Post-test observation of the pushout specimens showed that the as fabricated and
free thermal cycled fibers failed along the outer coating-reaction layer interface,
Figure 42a. The cooled in tension fibers, however, failed along the fiber-inner
coating interface, Figure 42b. The fibers in the cooled in compression sample
appear to have failed at either the interface between the two coating layers, or at
the outer coating-reaction layer interface. The higher interface strength in the
cooled in tension specimen thus appears to be associated with the different failure
mode observed.
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a) As-Fabricated, Showing Fiber Coating Retained on Fiber

20kU WD:23mm S:00080 P:080814

b) Cooled in Tension, Showing Fiber Coating Retained on Matrix

Figure 42 Pushed out Fibers in SCS-6/Ti-24Al-11Nb Showing
Different Failure Morphologies.
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4.3.3.2 Analytical Model

The simplest model for inteface shear strength assumes that the interface is
frictionally bonded. This results in a simple dependence of the interfacial shear

strength, t;, on the interfacial residual clamping stress, o I:
Ti = uoy' (6)
where p is the interface frictional coefficient.

4333 Evaluation of Model

To test this model the measured interfacial strear strengths were plotted against
the interfacial clamping stress. The slope of this plot should be positive linear,

with a value equal to the friction coefficient. Since o f was not measured directly
(only the longitudinal matrix stress was measured), it is assumed that o Tis
directly proportional to the longitudinal matrix stress, oy f. This plot is shown as

Figure 43, and shows that instead of increasing with o T, the interface strength

decreases. This would imply a negative friction coefficient! This seems physically
unrealistic so other effects must be interfering. Two possible explanations are:

1) The assumption that 6,f < oy T may not be valid. Results from analytical

modeling of the modification of residual stress by the thermomechanical
processing suggest that the change in radial interface stress caused by the
processing could be negligible (Table 7).
2) The process of making thin samples for pushout testing may
significantly alter the residual stresses from the as-processed state.
Significant stress relief is expected at the cut specimen surfaces, and relief
should occur at least one fiber diameter deep. Since the samples are only
about five fiber diameters thick, a large portion of the clamping stresses
may be removed or altered.
However, Ghosn, et al. (1992) have shown that although effect 2) will change
absolute values of interface shear strength somewhat, the change should be
proportional in all cases. Therefore effect 1) is the likely cause of the failure of
the frictional model in this case.

4.3.4 Results of In-Plane Shear
Table 10

In-Plane Shear (Iosipescu) Test Results
SCS-6/Ti-24A1-11Nb at RT

Process Shear Yield Strength (MPa)
As Fabricated 269
256
Free Thermal Cycled 233
255
Cooled in Tension 257
223
Cooled in Compression 227
205
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Results of the in-plane shear testing are shown in Table 10. In-plane shear
testing produced stress-strain curves of the typical shape shown in Figure 44. The
elastic modulus, G, averaged 91.0 GPa. Once yielded, the curve bent over rapidly to
produce additional plastic deformation with little hardening. This is unlike the
behavior seen for transverse tension in these composites (Nimmer, et al, 1991)
where a bilinear region wass seen which can be attributed to fiber-matrix
interface separation prior to large scale matrix plasticity.

Since many of the specimens did not fracture cleanly in two (Figure 45) but
cracked along the fiber direction out of the notches, the ultimate shear strength
values are of questionable value. Therefore, the 0.2% shear yield strength (SYS) is
the most meaningful strength measure obtained in this test. SYS showed only
small variations from process to process (Table 10). Figure 46 illustrates that the
dependence of SYS on matrix residual stress is weak or non-existent. A poor
correlation of SYS with fiber push out stress was also observed (Figure 47).

43.42 Analytical Model

The shear stength model was based on a simple geometric idealization of the
composite into 3 subsections as shown in Figure 48. Subsection a represents the
fiber, subsection b represents the portion of the matrix between the fibers in a
direction perpendicular to the plane of the shear, and subsection ¢ represents the
matrix between the fibers in the plane of the shear. By treating these three
subsections as a set of springs in a parallel/series arrangement, the shear stress-
strain response of this model can be predicted. The detailed derivation is presented
in Appendix IV. Four regimes of behavior were considered: 1) fully elastic, with
no slip at the fiber-matrix interface; 2) elastic with interface slip; 3) plastic
matrix, elastic fiber with interface slip 4) plastic matrix, elastic fiber with no
interface slip. From Appendix IV, the composite shear stress (tc¢)-shear strain (yc)
behaviors for these cases are represented by the following equations:

Gm[GINVf+ Gm (1 - \/V_f)]

T Vi (- N Vp2IGm + YV - VVoss L
1 =26V Vs +Gmre (8)
1 = 26N Vet tm(1 -V V) (9)
Te = Tm (10)

where Gy and Gy, are the fiber and matrix shear modulus, respectively, Vg is the
fiber volume fraction, t; is the interface shear stength, and 7y, is the matrix shear

yield strength. These stress-strain relationships are plotted in Figure 49, and show
the following characteristics: There is an initial fully elastic modulus (Regime 1)
given by Equation 7. The extent of the fully elastic behavior is a function of the
interfacial shear strength, t; , and the matrix shear strength, T, . For weak

interface behavior, Regime 2, (0 < 7ij< T ) Equation 8 applies and the slope of the

shear stress-shear strain curve is decreased by the addition of interface sliding.
For 1; = 0, the intial region represented by Equation 7 is suppressed altogether,

while for increasing t; the break in the stress-strain curve rises. At some point
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‘matrix yielding occurs, Regime 3. For the case where 1j < ty/2, Equation 9 applies,
and for the assumption made here of non-strainhardening plastic matrix
behavior, the stress-strain curve becomes flat. If 7i > T /2, then interface sliding

never occurs, Regime 4. The uppermost envelope of behavior represented by
Equations 7 and 10 is then traced.

The influence of thermal residual stress enters this model in two ways: 1) through
its effect on apparent matrix yield strength, and 2) through its effect on interface
shear strength. The first effect arises from the fact that the matrix is already
partially stressed toward yield due to the thermal residual stresses. In the
presence of these residual stresses, the addition of an applied shear stress from
mechanical loading will tend to lead to matrix yielding at lower applied stresses
than if no residual stresses were present. Thus increasing the thermal residual
stressses should lower the effective matrix yield strength, Ty, and lower the
composite shear yield strength (Equations 9 and 10). The second effect arises
through the influence of radial residual clamping stresses on the shear strength

of a frictionally bonded fiber-matrix interface (tj= po, ¥, where p is the interface

friction coefficient and o,f is the radial interface clamping stress). The higher
the residual stresses, the higher the clamping shoud be, and the higher the
composite shear strength should be (Equations 8 and 9). Thus to some extent the
two effects are counteracting. :

4.3.4.3 Evaluation of Model

The fiber push measurements indicate interface strengths from 59 to 137 Mpa, at
or below one-half the matrix shear strength (approximately 250 MPa, estimated as.
one-half the matrix temsile yield strength). Therefore, some interface slip should
occur during loading. However, from the predicted response of Equations 7
through - 10, and the interface strength values observed, the behavior should

consist of a combination of Regimes 1 and 3 for the lower Tj conditions, or Regimes

1 and 4 for the higher T conditions. Because the matrix strength of Ti-24Al-11Nb
is so low, little or no Regime 2 behavior is expected. Thus a two-part shear stress-
strain curve is predicted (Figure 49), much like that observed experimentally
(Figure 44). However, the level of the composite shear stress predicted for the low

Tij conditions is much lower than observed.

The model itself appears to be in good agreement with a more sophisticated finite
element method model analyzed by Nimmer (GE Staff, 1991) using SCS-6/Ti-6Al-4V.
"In this model, thermal residual stresses are included, and the shear stress-strain
response was analyzed with various interfacial friction coefficients.  Figure 50
shows the response predicted by Nimmer's model and it is quite similar to the
current model: a two or three-part curve is predicted depending on whether the
interface strength (friction) is high or low respectively.

A possible explanation for the lack of agreement in Regime 3 is that the interface
shear strength may actually be higher than measured from the fiber pushout test.
Analysis of the pushout test by Ghosn, et al. (1992) shows that the maximum shear
stress at the ends of the interface, which is the quantity controlling debonding,
can be considerably higher than the average shear stress obtained by dividing the
apllied load by the interface area. This discrepancy is a factor of about 2.5 for the
pushout specimen thickness used in this study. If the true interface shear stress is
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2.5 times higher than the pushout values reported here, then the model shows
(Figure 49) that interface sliding in shear stress-strain behavior should not be
observed and that the full strength given by Regime 4 shoud by obtained. This

would cause SYS to be independent of Ti as observed. Note that for higher strength

matrices the model consisting of Eq. 7 - 10 predicts that more sensitvity to Tj should
be seen.

4.3.5 Results of Fatigue Crack Growth Tests
4351 Experimental Results

Fatigue crack tests were conducted at room temperature at both 345 and 552 MPa
(50 and 80 ksi) for each thermomechanical process. At 345 MPa the cracks
continuously decelerated as they grew (Figure 51), leading to da/dN - AKjpplied

curves that trend downward (Figure 52) instead of the usual rising crack growth
rate with increasing AK that is seen in most homogeneous materials. At 552 MPa
there is more of a tendency for the crack growth rate to accelerate (Figure 53),
and the da/dN - AKappljed curves tend to be flatter or even rising (Figure 54).

The cracks in all cases grew out of the notches perpendicular to the applied stress.
In the cooled in compression samples, aditional matrix cracking occured over the
unnotched portion of the gage section, but these were ignored in the analysis
since other studies have indicate no strong effect of multiple cracking on growth
rate. :

A cross plot of crack growth rate at comstant AK,ppijeq VS residual matrix stress is

shown in Figure 55. There is a general trend of increasing crack growth rate with
increasing matrix residual stress for both 345 and 552 MPa stress levels, but in
both cases the as-fabricated test appears out of line. At higher stress the as-
fabricated growth rate is much lower than the general trend; as lower stress the
situation is just the opposite.

A similar correlation of crack growth rate with interfacial strength is shown as
Figure 56. Here the trend is for decreasing crack growth rate with increasing
interface strength. Again the as-fabricated data points do not fall on the trend
lines established by the other conditions.

4.3.5.2 Analytical Modeling

The fatigue crack growth response of the SCS-6/Ti-24Al-11Nb material was modeled
using the crack growth model of Sensmeier and Wright (1990) This model is
based on the fiber bridging mechanics of Marshall, Cox and Evans (1985). It
iteratively solves for the matrix crack tip stress intensity which is ‘entered into
the matrix fatigue crack growth rate law to establish the number of cycles
required for an increment of crack advancement. The bridging conditions are
re-evaluated for fiberbreakage by comparing the fiber stress to the fiber
breaking strength, and the extent of bridging is adjusted, if necessary, before re-
incrementing crack growth. The model was modified in two ways for the current
predictions:
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1) The 'érack tip stress intensity range, AK, was substituted for the maximum crack
tip stress intensity K according to the mechanics of reversed sliding formulated by
McMeeking and Evans (1990):

AK = 2K(ac/2) (11)

where K(ag/2) is the maximum crack tip stress intensity at a stress level of Ac/2.
This properly accounts for the reverse frictional effects on crack closure which
reduces the effective AK during cyclic loading.

2) The effect of residual stresses on crack growth was accounted for by altering
the matrix crack growth law by the mean stress in the matrix:

dafdn = 2.9234 x 10"!1(AKeg) (nfcy) (12)
where: -
AKeq = AK(1-R) 04 (13)
and R is the ratio of minimum to maximum matrix stress in a fatigue cycle. This

mean stress dependance was determined from measurements of DeLuca, et al.
(1990). R was calaculated as follows: :

T
R=—0m . (14)
 (ACGm + Om")

where Omp! is the residual stress measured in the matrix and AGm is the stress
" range imposed by mechanical loading on the matrix (not on the whole composite).

Additionally, the fiber-matrix interfacial sliding stress for each process condition
(Table 9) was used in the calculations. Other parameters used were:

Vi =030
Sf = 550 ksi

The resulting da/dn vs. AKapplied behavior predicted at 345MPa and 552MPa is
shown in Figures 57 and 58, respectively. '

Both figures show cracking under strongly bridged conditions, with crack growth
rates decreasing rapidly with growth (increasing AK applied). At both stress
levels the model as applied predicts some difference between the four different
residual stress (and interface strength) cases examined, in the order of: cooled in
tension, as-fabricated, thermal cycled, and cooled in compression .

4.3.5.3 Evaluation of Model

The model predictions shown in Figures 57 and 58 indicate an effect of residual
stress on crack growth rate.. At 345 MPa maximum stress, the range of growth

rates is about a factor 6 (at about 11 MPa-m1/2) and at 552 MPa the range is about a
factor of 100 (at 20 MPa-ml/z). These ranges are similar to those observed
experimentally: about a factor of 10 at 345 MPa and a factor of 100 at 552 MPa.
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Furthermore, the rank order of crack growth rate as a function of residual stress
as predicted by the model (cooled in tension, as-fabricated, thermal cycled, cooled
in compression) is similar to that observed experimentally (cooled in tension,
thermal cycled, cooled in compression) with as-fabricated either highest (at 345
MPa) or lowest (at 552 MPa). The as-fabricated crack growth rate behavior
certainly seems anamolous since in comparison to the others it shows no
consistent ranking. This behavior is not understood.

Aside from the qualitative agreement in ranking order, however, the predictions
of the model for crack growth rates and curve shape are badly matched to the
expedrimental ones. At 345 MPa maximum stress, the model does predict bridging
behavior with decreasing crack growth rates, as observed, but the rate of decrease
predicted is much faster than observed, and occurs at lower AK applied levels. At
- 552 MPa, the model again predicts extensive bridging and a rapid decrease in crack
~ growth rate. The tests at 552 Mpa show little or no decrease in crack growth rate,
and growth rates in general much higher than predicted from the model.
Evidently the model over-predicts the extent of fiber bridging and thus under-
predicts the crack growth rates. = Several possible reasons for the discrepancy
exist. Within the context of the model, it may be that the interfacial sliding
strength values used are low, or that the fiber strength value was high. The -
inplane shear strength modeling results also suggest that the interface strength is
higher than given by the push out tests. The level of fiber strength used in the
model was satisfactory to describe crack growth behavior in an SCS-6/Ti-6Al-4V
composite, but measurements of fibers extracted from SCS-6/Ti-24Al-11Nb panels
have shown a tendency for lower fiber strengths. Other models for fatigue crack
growth are also available and these may give better agreement with observed
behavior.
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5. Summary and Conclusions
5.1 Task 1 - Experimental Methods for Thermal Stress Measurement

The capability of XRD, ND, SXRD, and US techniques for measuring residual thermal
stresses in IMC was examined with emphasis on obtaining stress distributions at a
microscale. ND was selected as the most promising technique because it could
develop information about the state of stress in both the fiber and the matrix with
no method development required. While direct information about the local
internal stress variations could be obtained, an indirect measure of the interfacial
radial stress in the matrix could be obtained through measurement of the
transverse fiber stress. SXRD and US techniques hold potential for small scale
microstress measurement but considerable additional development is required to
provide consistent and verifiable results.

ND (and XRD) experimental results on SCS-6/Ti-24Al-11Nb were found to agree with
predictions made by a temperature dependent elastic-plastic concentric cylinder
model. This agreement was generally within that expected from the experimental
error and the assumptions made in modeling. :

5.2 Task 2 - Analytical Models for Thermal Stress Prediction

The neutron diffraction method was demonstrated on a variety of IMC systems
encompassing three matrix compositions, three fibers, four fiber fractions, and
three thermomechanical processing conditions. The ND method generally gave
results in good agreement with analytical predictions. The best agreement was
found with the longitudinal fiber and matrix stresses and strains, while the
poorest agreement was found with the transverse matrix stress predictions. This is
consistent with the observation that the longitudinal strains were large, while the
transverse strains were small, near the limit of experimental resolution.

In the materials studied several different potential factors contributed to the
development of thermally induced stresses: thermal expansion of the constituent
materials, elastic modulus, matrix yield strength, volume fraction fiber, and
temperature difference between cooldown and ambient.  While not all of these
were investigated so as to individually isolate their contributions, nevertheless,
the combination of experimental results and analytical modeling allows some
observations to be made:

1) In the SCS-6/Ti-24Al1-11Nb system, little or no yielding was predicted, and the
stresses were controlled by the fiber-matrix thermal expansion mismatch, the
elastic properties of the fiber and matrix, and to a large extent, the volume
fraction fiber.

2) In the NiAl and NiFeAl matrix systems, yielding of the matrix occurred well
above room temperature, and the fiber-matrix thermal expansion mismatch had a
smaller influence on the stresses at room temperature. The yield strength of the
matrix controlled stress levels under such conditions, with important
contributions from Vf.

3) While thermal expansion mismatch between fiber and matrix is the overall

driving force for thermal stress generation, its effect on constituent stress level
can be overshadowed by the occurrence of significant levels of plastic
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deformation in the matrix. The thermal expansion mismatch is a -direct
contributor to total strain levels, but once the total strain level developed exceeds
the matrix yield strain, the stress (and elastic strain) stays relatively constant at a
level dictated by the yield strength. This explains why the stresses in the NiAl and
NiFeAl composites are all falrly similar and lower than SCS-6/Ti-24Al-11Nb even
though their thermal expansion mismatches ( AaAT) are greater than that of SCS-
6/Ti-24A1-11Nb: the yield strengths of the Ni-base matrices are lower than that of
Ti-24A1-11Nb (see Figure 2). For situations where the matrix stresses are near or
below yleld (SCS-6/Ti-24Al-11Nb), reducing thermal cxpanswn mismatch should be
effective in reducing residual stresses.

4) Elastic modulus is expected from the models to directly influence thermal stress
levels, so long as the constituents are both elastic. However, once matrix yielding
begins, the influence of modulus will diminish in the fashion described above for
" thermal expansion mismatch. In the cases studied here eclastic modulus did not
appear to play an important role in final stress levels.

5) Matrix yield strength becomes the major controlling factor in thermal stress
levels when thermal strains are above yield.

6) As fiber volume fraction is decreased, matrix stresses decreasc and fiber stresses
increase. This is a direct consequence of the equilibrium condition of Equation 3,
which expresses the balance between fiber and matrix stresses.. The two NiFeAl
matrix composites show this directly. A comparison of these two to the AlpO3/NiAl

system is more difficult since the volume fraction change is accompamed by a
change in matrix yield strength. The volume fraction is hlgher in the NiAl
system, which should increase matrix stress, but the yield strength is lower, which
reduces stress. The effects of volume fraction are less confounded in the AlpOj

fibers which remain elastic: the stresses increase uniformly as volume decreases.
Analytical studies of the sensitivity of residual stress calculations to the major
variables showed that fiber volume fraction was generally an important factor in
setting stress levels.

7) The temperature from which cooldown is started had little effect on the results
of these models. Although temperature change is a major driving factor in the
development of thermal stresses, the temperature dependent properties used in
this model inhibit the development of significant thermal stresses until the
composite is well below its peak temperature. In reality, creep relaxation effects
would also occur, so that the major portion of the stresses are developed in the
lower half to two-thirds of the temperature excursion.

5.3 Task 3 - Influence of Thermal Stresses on Mechanical Properties

1) The longitudinal residual stresses developed in a SCS-6/Ti-24Al-11Nb ' composite
from fabrication can be modified (raised or lowered) by thermomechanical
processing. Compared to the as-fabricated state, free thermal cycling and cooling
from high temperature under tension reduced the matrix tensile stresses, and
cooling from high temperature under compression increased the matrix tensile
stress. A range of matrix residual stresses spanning 200 MPa (around an as-
fabricated residual stress of 430 MPa) were achieved. No attempt was made to
optimize the thermomechanical treatments used; larger changes may be possible.
Although only longitudinal matrix residual stresses were measured, the results of
this study suggest that only the longitudinal stresses were substantially altered by
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this processing. The transverse residual stresses appear to have been unaltered,
or altered in a manner not directly correlated to the change in longitudinal
stresses.

2) The residual stress levels in the composite influenced the room temperature
longitudinal ultimate strength in this composite. Reductions in matrix residual
tension increased composite strength, and vice versa. The - composite strength
changes were related to residual stress changes through a model based on a
modification of the rule of mixtures, assuming that the composite strength was
- limited by matrix cracking due to low ductility. It was also demonstatrated that for
high matrix ductility (when composite strength is limited by fiber strain to
failure) residual stress levels are expected to have no influence on composite
longitudinal ultimate tensile strength. :

3) Fiber pushout strength was found to show an inverse correlation with matrix
longitudinal residual stress. This finding is at odds with a frictional model of
fiber-matrix interface shear strength and appears to be due to the lack of
correlation between longitudinal and transverse (radial) stresses resulting from
processing. Modeling and experimental stress measurement of the
thermomechanically processed specimens were not complete enough to fully
understand the stress states produced by the thermomechanical processing. It
appears that the changes in fiber-matrix interface stress were different or much
less than the changes in longitudinal matrix stress which occurred.

4) In-plane shear yield strength showed no correlation to- residual stress. - -A model
for in-plane shear strength of a frictionally bonded fiber composite was developed
and used to analyze the composite shear strength response. Competing effects of
residual stress on interface strength and matrix effective yield strength
apparently cancel each other and lead to a lack of dependence of shear yield
strength on residual stress level.

5) Fatigue crack growth in a direction perpendicular to the fibers showed a
dependence on matrix residual stress: higher levels of residual tension led, on the
whole, to faster crack growth rates. This is in agreement with the trend expected
based on matrix mean stress effects. However, the observed behavior was only
qualitatively similar to that expected from models of fatigue crack growth based on
fiber bridging models. Since other experiments have served to support the models,
it is likely that the incomplete description of material properties and stress states
in the thermomechanically processed condition has prevented accurate evaluation
of the model. '

5.4 Recommendations for Further Research

1) The complete residual stress state produced by the thermomechanical -processes
studied here needs to be measured by neutron diffraction to document the fiber-
matrix interface stresses (transverse fiber stress). This should be accompanied by
more detailed modeling of the stress changes occuring during thermomechancial
processing.

2) The stress changes observed need to be more thoroughly related to changes in
the interfacial sliding strength.
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3) Alternative methods for less (or non) destructive measurement of fiber-matrix
interface strength such as ultrasonics should be evaluated so that changes in the
interface can be more confidently measured.

4) Demonstration of the capability to implement items 1) and 2) above should be
conducted by examining a wider range of thermomechanical processing,
including thermomechanical fatigue cycling, to determine the changes in
internal stress that accompany thermomechanical histories which are of
importance to advanced engine applications. This will help verify TMF life models
currently being proposed for IMC.
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7. Appendices

Appendix I - University of Virginia. Report on Synchrotron XRD.
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RESIDUAL STRAIN GRADIENT DETERMINATION
IN METAL MATRIX COMPOSITES BY SYNCHROTRON X-RAY
ENERGY DISPERSIVE DIFFRACTION
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and
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ABSTRACT

An x-ray technique for the measurement of internal residual strain
gradients near the continuous reinforcements of metal matrix composites has
been investigated. The technique utilizes high intensity white x-ray radiation
from a synchrotron radiation source to obtain energy spectra from small (10-
3mm3) volumes deep within composite samples. The peak positions satisfy
Bragg’s law and allow determination of the lattice parameter. As the probe
volume is translated, the peaks of the spectra shift and are used to infer lattice
spacing changes and thus strains with a precision of 10-3-10-4 (depending on the
sample grain size/probe volume ratio). The viability of the technique was first
tested using a model system with 800um AlaO3 fibers and a commercial purity
titanium matrix. In this system, which remained elastic on cooling, good
agreement was observed between the measured residual radial and hoop strain
gradients and those estimated from a simple elastic concentric cylinders model.
The technique was then used to assess the strains near (SCS-6) silicon carbide
fibers in a Ti-14A1-21Nb matrix. Reasonable agreement between measured and
calculated strains was seen provided the probe volume was located 50pm or more
from the fiber/matrix interface. Close to the interface, the measured elastic
strains were smaller than anticipated, because of relaxation by plasticity and
radial cracking on sample cooling.

1. INTRODUCTION

Low density titanium based metal and intermetallic matrix composites
reinforced with silicon carbide and aluminum oxide fibers are attracting interest
for high temperature aerospace applications [1]. In all the systems of interest, the
fibers have a smaller coefficient of thermal expansion than the matrix and thus
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residual stress gradients are created in the matrix during cooling after high
temperature fabrication [2]. The radial stress component in the matrix is
compressive and has its greatest magnitude at the fiber/matrix interface. The
hoop stress in the matrix is tensile and is also of greatest magnitude at the
interface. The stresses are frequently sufficient to cause matrix plastic
deformation [3,4] or even radial cracking in low ductility systems [5].

These stresses play a very important role in the mechanical properties of
composites. For instance, the radial compressive stress controls both the
transverse tensile properties (resulting in bilinear behavior) of ductile matrix
composites [6] and the longitudinal toughness of brittle matrix systems by
affecting the the fiber pull out stress [7,8]. The stresses also add to those imposed
during loading and result in premature deformation and fracture [9-11]. Itis
thus important to develop ways to measure these stresses (or strains) and to test
the validity of the many models that seek to predict them [6,10-14]. This is
gathering importance as researchers seek to use the models to optimize the
interface of fiber reinforced composites in order to reduce the residual stress
[15,16].

A technique widely used. for many years to measure the state of residual
stress (actually strains) at the surfaces of a body [17-19] is the sin2v x-ray
diffraction method. However, this technique is not useful for measuring the
strains inside a composite sample, particularly the rapidly varying strain fields
around a fiber. This is because conventionally generated x-rays are strongly
absorbed by most engineering materials, penetrating only a few microns. Efforts
to overcome this have included surface measurements, followed by the
mechanical or electrochemical removal of a thin layer of surface material, after
which another measurement is made [20]. In this way, insight into the strains as
a function of depth can be obtained. Unfortunately, the internal strains are
altered by the destructive removal of surface layers and the validity of
compensation methods for this effect are unclear. Neutron diffraction has been
used for residual stress measurement, taking advantage of the high penetration
of neutrons in engineering materials [21-23]. While an internal strain is
measured, large diffracting volumes are required (because available neutron
sources provide relatively low intensities) and only bulk average stresses are -
determined over a much larger volume than the reinforcement of many of today’s
composite materials.

Energy dispersive diffractometry using high intensity white synchrotron
radiation offers the promise of both good penetration (through several millimeters
of titanium for example) and potentially high spatial resolution [24]. The work
reported here explores the feasibility of using this technique for residual strain
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measurement in a metal matrix composite. The intent has been to measure the
diffraction from volumes smaller than the reinforcing fiber, to determine the
lattic parameter in the probe volume, and then scan the probe away from the
fiber. The strain (or stress) profile can then be compared with, for example,
concentric cylinder elastic [14] and recently developed elastic-plastic models [26].

2. MEASUREMENT PRINCIPLE

Energy dispersive diffractometry, based on Bragg diffraction, utilizes a
solid state detector to analyze the distribution of diffracted x-ray energies from a
polychromatic (white radiation) incident beam, Fig. 1. The intrinsic germanium
detector is positioned at a fixed scattering angle 20 so that diffraction is detected
from a volume defined by the incident and scattered beams. The energy of the
diffracted peaks satisfy Bragg’s Law:

he_ _he 1 Q
N 2s1n9 dhkg

Ehkl

where Ep is the energy of an {hkl} reflection, h is Plank's constant, A the
wavelength, dpi the {hkl} lattice spacing and c is the speed of light. For E given in
keV and d in A, the above equation becomes:

Eri = 6.22 _ @)
bkl = § 1 sin6

Thus for a known experimentally fixed, scattering angle 20, each

crystallographic plane with a lattice spacing dynyx diffracts at a particular energy

Eni. Measurement of a peak energy at the fixed angle 20 allows the calculation of

lattice spacing. Shifts in peak energy allow the strain, €, be determined:

€= (_AE) =(_A_E_) (3)
d ik \ E ni

where Ad refers to the change in the lattice spacing and AE the resultant peak
shift.

Two factors determine the strain measurement capability of the energy
dispersive approach; resolution and detectability/sensitivity . The resolution is
obtained by differentiation of equation (1):
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where SE is the energy resolution of the solid state detector and A6 the angular
divergence (determined by the collimation of the incident/diffracted beams). The
energy resolution of an intrinsic germanium detector at 122keV is AE/E=4x10-3,
and for a typical set-up, A6=2 milliradians and 6~2-80. Thus, the resolution
apparently is only ~1%, insufficient for our purpose (we ideally need 10-2% strain
resolution). However, it is important to realize that equation (4) is an expression
for the ability to resolve two peaks in a single spectrum resulting from nearly
identical lattice spacings. The actual strain resolution is determined by the ability
to measure the shift in a single peak between two different spectra. This
resolution is given in equation (3). .

e P
d Jpke \ E Jnke

Therefore, the strain resolution is determined only by the smallest shift in
peak energy resolvable. To increase the sensitivity to peak shifts, one can fit the
diffraction to a Gaussian plus linear profile. This theoretically sound practice (27-
30) has been shown to allow peak shifts of a few eV to be resolved, and dependlng
on Ey ., sensitivity of ~10-4 [27].

The intersection of the incident and diffracted beams defines the x-ray
probe, which is controlled by collimating the two beams, Fig. 1. In this region,
diffraction is measpred only from lattice planes which are perpendicular to the
diffraction vector k, which is in the direction of the bisector of the angle formed by
the incident and diffracted beams. These planes alone satisfy the Bragg condition
for diffraction at the particular scattering angle being used. In this way, the hoop
and radial strains can be measured independently, depending on the orientation
of the fiber relative to the incident beam, as shown in Figure 2.

A system of slits is employed to collimate both the incident and diffracted
beams, allowing precise control of the incident beam cross section, the scattering
angle, the dimensions of the x-ray probe and the angular divergence. For the
experiments reported here, the probe volume was 50x50x1000p.m3 with the long
dimension arranged parallel to the fiber axis (the direction in which the stress
field does not change). These parameters control peak position, peak breadth,
count rate and resolution in the strain sensitive direction, all of Whlch are
optimized for a particular experiment.
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3. EXPERIMENTAL PROCEDURE

3.1 Test Samples

Three model single-fiber samples were fabricated by hot isostatic pressing
(HIP) consolidation of either commercially pure titanium powder or an
intermetallic Ti-14Al1-21Nb (wt%) alloy with either a 800um polycrystalline
alumina fiber or a Textron* silicon carbide (SCS-6) fiber of 142um diameter (HIP).
Titanium powder was provided by Johnson Mattey Inc.*, with an average particle
size of 150um. The Ti-14A1-21Nb intermetallic alloy powder also had a 150um
particle size. It was made by the plasma rotating electrode process (PREP) by
Nuclear Metals, Inc.* Samples were HIPed in stainless steel cans in an ABB
Minihipper* under the conditions shown in Table 1. Controlled cooling was done
at less than 2°C/minute from the hold temperature to 500°C and then cooled to
ambient at around 20°C per minute. The resulting sample geometry was a 5-
7mm thick flat plate with a single fiber embedded in the plane of the plate. The
embedded fiber was at least 2.5mm from any free surface.

Table 1. Composite Test Samples for X-ray Study of Internal Strain Gradients

_ HIP CONDITIONS
SAMPLE MATRIX/FIBER - TEMP PRESSURE TIME
COMBINATION (°C) (MPa) (hrs)
HIPO CP Ti/800um Al203 - 850 100 4.0
HIP1 PREP Ti-14Al1-21Nb/SCS-6 1050 100 4.0
HIP2 PREP Ti-14A1-21Nb/SCS-6 950 205 2.0

3.2 X-Ray Measurement Methodology

All energy dispersive experiments were performed using the NIST
materials science beamline, X23A3 at the National Synchrotron Light Source,
Brookhaven National Labs, on Long Island, New York. Usable x-ray energies
range from 5 to 60 keV, with the critical energy at 8 keV. The uncollimated beam
cross section at the sample is roughly 50mm X 5mm.

A nominal scattering angle of ~5 degrees was chosen to insure good energy
separation between diffraction peaks in the range between 20 and 60 keV.  An
EG&G Ortec* high purity germanium solid state detector, with a resolution of 190
eV at 5.9 KeV was used to measure the diffracted energy spectrum. An Ortec 92X
Spectrum Master* provided high bias, amplification and analog to digital
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conversion. Data acquisition, storage and analysis were performed by Ortec
Maestro IT* software operating on a Compaq 386s Deskpro* personal computer.

All spectra for a particular geometry, hoop or radial, were acquired during
a single fill of the electron storage ring to eliminate peak shifting as a result of
source position changes as discussed below. The sample was translated across
the probe in steps as small as 50 micrometers in the region close to the interface.
The step size was increased to as large as 750 micrometers far from the interface
where the strain was expected to be almost constant.

4. RESULTS and DISCUSSION
41 C.P. Titanium/Aly03 System

A typical sequence of x-ray intensity spectra for sample HIPO are shown in
Fig. 3 The first, (Fig. 3a) corresponds to an x-ray probe centered on the fiber
matrix interface and both Al203 and the (hexagonal) titanium peaks are clearly
resolvable. In Fig. 3b the probe volume was radially translated 40um from the
first location. An abrupt drop in the Alo03 signal is observed for the 50x50um?2
probe area used here (though it had not completely disappeared). Fig. 3c shows
the spectrum after translating a further 40um. Also shown on the spectra are
MnK, and Kg obtained from an Fe55 radioactive source. These had energies of
5.909 and 6.502 keV respectively and were used to calibrate the energy (channel
number) axis. The sequence shown in Fig. 3 was continued until the probe
volume was 2500um away from the fiber. This was sufficiently far from the fiber
that the stresses due to the thermal mismatch would have fallen to a small value,
and the spectra at this location was used as a reference from which to calculate
peak shifts. The peak shifts of individual Bragg reflections were found to have
quite significant random errors; an average peak shift was determined from the 6
to 8 strongest Bragg peaks.

Figures 4 and 5 show the hoop and radial strain profiles as a function of
distance from the fiber/matrix interface for the HIP0 sample. Stress values are
given on the secondary vertical axis (stresses and strains being related by one
dimensional Hooke's law). Also shown is a solid line that represents the
predictions of a simple concentric cylinders elastic model for the residual stress
gradient created on cooling [25]. The general form of the thermal stresses are
given by:

b2 b2 (6)
Choop = Al 1+ Oradial = All- ) '

r
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where b is the radius of the matrix sleeve, r is distance in the radial direction and
A is a constant determined by the fiber and matrix elastic moduli and thermal
expansion coefficients, fiber radius, change in temperature and Poisson's ratio
for the composite [10]. The thermophysical data used for the elastic calculations
are given in Table 2.

Table 2. Thermophysical Data Used for Elastic Concentric Cylinders Model

HIPO

E., =100 GPa | AT = -8300C
Er =365 GPa \ ve =0.36
oy = 8.4 X 10-6/0C matrix sleeve = 2500 um
af =5.2X10-6/0C fiber radius = 400 um

HIP1/HIP2
E, =110 GPa AT = -10300C/-9300C
Ef =390GPa . ' ve =0.25
oy, = 10.6 X 10-6/0C matrix sleeve radius (b) = 800 pm
or =4.9 X 10-6/0C | fiber radius = 71 pm

Overall, quite good agreement is seen between the measured and predicted
values, although there is point to point scatter which we discuss below.

As mentioned above, each data point shown in Figs. 4 and 5 represents an
average of all the intense matrix peak shifts of each spectrum. Eight peaks were
used for the hoop strain and six for the radial strain measurements. The average
standard deviation for the peak shift was 9.5 x 10-4 for the hoop strain and 9.9 x 10-
4 for the radial strain. It should be noted that averaging is strictly valid only for
an isotropic material, since in an anisotropic material, a constant stress will
produce different strains depending on orientation. However, since the
anisotropy factor for titanium is only 1.34, averaging was considered to introduce
less error than that of the random fluctuation of only a single peak.

Two factors contribute to the random scatter in the individual data points of
Figs. 4 and 5, i.e., to the averaged peak shifts. In principle, given sufficient
counts, a peak shift can be resolved to a strain of ~10-4 using the Gaussian curve
fitting technique [27-29]. In practice, we were unable to always gather enough
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‘counts at each measurement location to give ideal counting statistics because of a
combination of our small (~10-3mm3) probe volume, and time constraints
associated with the Synchrotron. These time constraints arise from the need for
periodic (roughly every 24 hours) reinjection of electrons into the accelerator ring.
The electrons may be injected into a different orbit which causes a shift in the x-
ray beam position which leads to unacceptable scattering angle and probe volume
location shifts. A trade-off between the number of measurement points, and
counting statistics was therefore made during data collection. The typical peak
height that resulted had 1000 counts.

A more serious contributor to the error were "single grain" effects. They
are believed to be the primary contributing factor to the random fluctuations in the
data. A schematic diagram illustrating how this effect can occur is shown in
Figure 6. A basic assumption of the technique is that all of the grains in the
probe are scattering only at a single angle, 20g. However, suitably oriented grains
at extremes (corners) within the probe volume can scattering at angles either
slightly greater or less than the nominal angle 20g. The Bragg scattering
contributions from these grains tends to shift the peak to either higher or lower
energies according to equation (1). We estimate the range of scattering angles
between 20g+A is large enough to shift a peak by an amount equal to a strain of
0.001 [30]. Thus, if a suitably oriented large grain is located at the edge of the
probe, its diffraction will skew the peak position (even with no strain present)
resulting in an anomalous peak shift. Only if many randomly oriented grains are
present in the probe will enough of them be properly oriented for diffraction so
that this divergence contributes only to a peak broadening and not to a shift in
peak position. Using typical probe dimensions of 50x50x1000pm3 and a matrix
grain size of 10-20 um, on the order of 1000 grains are expected in a typical probe.
Using solid angles, the probability that diffraction will be observed from any one
orientation in a single randomly oriented grain is calculated to be roughly 10-6.
Thus it is likely that only a few grains are contributing to any single peak, and
there is a substantial probability that they diffract at some angle slightly larger or
smaller than the nominal scattering angle. Further evidence for this was
observed experimentally by the fact that the intensity of a particular peak varied
greatly at different points in the sample.

We notice that the experimentally determined stresses near the fiber-
matrix interfaces in Figs. 4 and 5 always tend to lie below the prediction of the
elastic model. For example, the radial stress components around 100um from the
interface reached a high of ~130MPa whereas the predicted values were ~180MPa.
Likewise, with the exception of the measurement immediately adjacent to the
interface, the hoop stress components out to ~150pm were ~50MPa less than the
model prediction. Since the residual stresses are below the matrix yield stress
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throughout cooling [26], it is unlikely these effects are due to plastic relaxation.
Figure 8 shows a micrograph of this region. Although an interfacial reaction had
occurred, it is believed not directly responsible for this as it was confined to a
10um region near the fiber. We believe the difference to have arisen in part from
small misorientation errors of the probe volume.

Figure 7 shows schematically the intended alignment of the fiber and probe
volume. Recall that the axial dimension of the probe volume was 1000um for
these tests, and therefore a misorientation in either the 6 or y directions would
rotate the probe and change the radial distances it samples. As an example,
suppose the probe is positioned correctly 40um from the interface. The average

radial stress then sampled, <_7r, is then;

- A T b2
Or = f (1—-—2’)(11‘ = 189MPa
(rO - r].) 1, r

where 1o, r1 are the radial distances to the outer and inner edges of the probe
volume (465 and 415um) respectively, and is almost the same as the value at
r=44pum because of the weak variation in o, with r. This equals 189MPa for our
test configuration. Suppose, however, the probe were rotated 10° in the 6
direction. The central longitudinal axis of the probe volume would then penetrate
into the fiber (accounting for the fiber diffraction observed in the tests for probes
close to the interface) and shortens the volume of the probe from which matrix
diffraction would be sampled (from 1000 to 730um). The range of radial distances
sampled then changes; ranging from r=400pm (where the probe enters the fiber)
to r=527um. The average radial stress sampled in this situation falls from 189 to
173MPa. Rotations of up to 10° in the y direction can also reduce the radial stress
by a further 10MPa or so.

The remaining discrepancies between the model prediction and the data
could be due to a number of effects ignored in modelling including the difference

in modulus and o for the reaction products, and perturbations gradients near the
fiber. Further work is needed to investigate this.

42 Ti-14A1-2INb SCS-6/System

Two SCS-6/Ti-14A1-21Nb samples containing very widely (serveral
millimeter) spaced fibers were also examined. Figure 9 shows the residual hoop
strain (stress) profile for sample HIP 1 and Fig. 10 the radial strain (stress) profile
for sample HIP 2. In the figures, the square points correspond to the
experimentally measured data, and the curve is the prediction of the elastic
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concentric cylinders model. Using the same probe volume as before, it,was found
that because of the much smaller grain size of the samples, the scatter in peak
shift data was much less, and the local strains could be obtained from the

analysis of a single diffraction peak rather than the average of 6-8 peaks as before.

It can be seen that the residual stress measured 50-150um and beyond from
* the interface are in reasonable agreement with the residual stresses calculated
from the elastic model. However, closer to the interfaces, the experiments
indicate the stresses are significantly less than those of the elastic model. Errors
associated with the finite cross section of the probe (50pmx50um) and up to a 10°
misalignment of the probe volume (when nominally located 40um from the
interface) can account for only 30MPa of this difference. Using the data of
Lukasak and Koss [31], Pindera has found from elastic-plastic calculations that
on cooling, the stresses exceed the matrix yield strength and that significant
plastic deformation occurs. The analysis predicted plastic strains of ~4% close to
the interface. These resulted in radial stresses of ~380MPa and hoop stresses of
only ~190MPa at the interface; a substantial reduction from the predictions of the
elastic model, but still greater than those observed in the experiment.

To gain further insight into possible causes of the discrepancy, each sample
was sectioned, polished, lightly etched and examined by scanning electron
microscopy, Figs. 11 and 12. Sample HIP 1 had transformed to the familiar ag +
structure of these alloys. A 2-3um reaction product had formed at the interface
during consolidation (1050°C, 4h) and a B-depleted zone extended about 15um
from the interface. About ten relatively short (5-10um) radial cracks had formed
in the B-depleted zone. Sample HIP 2 had been deliberately consolidated at a
lower temperature (950°C, 2h) to try and minimize this interfacial damage. Only
a 1-2um reaction zone and a few short (<5um) radial cracks were present. The
matrix in this case had transformed to a combination of o9, 8 and orthorhomblc
phases (32-36).

These micrographs suggest several possible explanations for the lower
than expected stresses. The radial cracking is probably the most important since

the crack face separation would allow relaxation of the elastic stress. However,
other effects such as volume changes accompanying the silicide/carbide reaction
at the interface and impurity profiles near the fiber could contnbute Agaln, this

seems to be an area suited to further study.
5. SUMMARY

Synchrotron x-ray energy dispersive diffractometry has been used to
measure thermal residual strains around Als03 and SCS-6 fibers embedded in
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HIP-consolidated titanium and Ti-14A1-21Nb matrix composites. For the first
time, a measurement of the thermal residual strain gradients around ceramic
fibers embedded several millimeters within thick metal matrix composites has
been accomplished. Using the high intensity white radiation available at the
National Synchrotron Light Source at Brookhaven National Laboratory, the
measurement of strain to a (grain size limited) precision of 10-3 or better from
diffracting volumes of order 10-3mm3 has been demonstrated. The spatial
resolution within the sample was controlled by the probe dimensions and
positioning errors. Typically it was #20pum though further improvement is
feasible. For the model 800um diameter Alg0g3 fiber-titanium matrix system,
reasonable agreement between measured and elastic predictions was observed.
The agreement between measurement and elastic model predictions for the SCS
6/Ti-14A1-21Nb system was not as good. In particular, the measured stresses
"near the fiber were substantialy less than those predicted by a simple elastic
concentric model. Elastic-plastic models of the problem indicate that in the SCS-
6/Ti-14A1-21Nb system, significant plastic strains (~4%) occur on cooling, and
these relax the residual strains. However, the most important effect appears to be
the radial cracking of the matrix near the fiber.
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Figure 1. Schematic diagram of the energy disperse x-ray diffraction method.
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Figure 2. (a) Hoop and (b) radial strain measurement probe geometries.
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Figure 4. Hoop residual strain profile for the CP Titanium/Aly03 (HIPO) sample.

105



0.001 ] 1 : 100

a
0.00 T

©
O — o
£ =

g -0.001 =1 700
) 3
= ()
=
)

-0.002 115060

—— Elastic Model Prediction

[ O Experimental Data —

-0.003 | | l | | -300
0 500 1000 1500 2000 2500 3000

Distance from Interface (pm)

Figure 5. Radial residual strain profile for the CP Titanium/Al303 (HIPO)
sample.

106



Collimators

Detector
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Figure 7. SEM of the interface of the CP Titanium/Al203 sample.
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Figure 12. SEM of the interface of sample HIP2.
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Appendix II - University of Virginia Report on Ultrasonics
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EXECUTIVE SUMMARY

Ultrasonic methods have been investigated as a possible nondestructive
evaluation method to determine thermal residual stresses in fiber reinforced
intermetallic matrix composites using wave propagation theory and literature
data for acoustoelastic constants. Data are available for only a few materials; In
order to establish potential concépts, a preliminary study has been conducted for a
model composite cell (for which data exist) consisting of an aluminum cylinder
(representing the matrix) containing a circiJlar stainless steel inclusion |
(representing the fiber). We show for thé cell that ultrasonic velocity changes
caused by a thermal (CTE difference) residual stresses are small but detectable by
the Pul'sé-Echo-Overlap method, provided that one chooses ultrasonic modes
whose polarizations are in the directions of larger residual stress components,
here o, and 6, However, practical difficulties in real composites may swamp the
stress effect. In particular, variations in the metal/ceramic ratio sampled by the
ray path are thought to be the most severe. An investigation of the use of focuséd
immersion techniques for residual stresses measurements may hold promise
since the focused transducers may enable one to better control the metal/ceramic

ratio in the volume ultrasonically sampled.
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I INTRODUCTION

Intermetallic matrix composites utilizing continuous silicon
carbide/aluminum oxide fibers and o,-Ti;Al+Nb and 'y-TiAl matrices are
promising high temperature propul'sion materials b_ecause of their good specific
modulus and high temperature strength. But due to the mismatch in thermal
.eXpansion coefficients between the matrix material and the reinforcement
(éspecially the SiC reinforcement), large residual stresses exist in these materials
after processing, and they are susceptible to thermal fatigue damage during
thermal-mechanical load cycling.

We have investigated the potential of ultrasonic methods for measuring
thermal residual stresses. For a linear elastic material without residual
stresses, the ultrasonic wave velocity is a conStant (independent of stress
amplitude) which depends upon the temperature, and microstructural state.
Ultrasonic determination of residual stresses is only possible because large
residual stresses induce a change in ultrasonic velocity due to the small
nonlinear elastic behavior of engineering materials. For many materials, this
velocity change can be detected by ultrasonic methods.

Stress induced changes in the ultrasonic velocity are referred to as the
acoustoelastic effect. Hughes and Kelly were among the first to report ultrasonic
velocity chaﬁges (in polystyrene, iron and Pyrex) due to the application of either

hydrostatic or uniaxial stresses.! Their technique was later used by Egle and

Bray to measure the residual stresses in rail steel,? by Kino, et al, to map the
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stress state near a crack tip,’ and by Thompson, et al, to separately measure the
stress and texture in an orthorhombic material.* A comprehensive review on the

subj‘eci,; is given in an article by Pao, Sachse, and Fukuoka.®

Three ultrasonic wave modes can propagate in bulk solids: one longitudinal
and two shear wave modes. All three wave mode velocities are sensitive to the
background stress and can be used to detect residual stresses. In what follows,
we first give the theoretical background for acousto-elasticity. We then use this
insight to discuss and evaluate possible ways to measure the residual stresses in
intermetallic matrix combosite materials after processing. We are constrained in
this by the absence of experimental data for the nonlinear response of these newly
emerged alloys, and can only make qualitative statements until these data become
available. Our conclusions lead us to believe that the collection of such data could

well be worthwhile.
II ACOUSTOELASTICITY

If a lérge static deformation is present in an otherwise isotropic,

homogeneous medium, the strain energy function W is given by

W= %M% +uW(1F - 21,) + —é—(ml +6my +8m3)I§ —2(my + 2m3)15 + 4msl; -

where I, I, and I; are the first, second and third invariant of the strain tensor

given by:
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Ij =gy +epp+833 2)
I» = €11€99 + €99€33 +E32E —82‘—82 —82 |
2 =8€11822 +€27€33 +€3381] —€]2 — €373 — €3] 3

_ 2 2 2
I3 =€11€99€33 + 2812893831 — 6811833 — 6€29€3) —6€33€]2 )

' _.Here, g is the strain tensor, A and p "alre Lamé elastic constants, and m;, m, and
m; are so called the third order elastic constants. The last three terms on the
right hand side of Eq. (1) (~ O(¢®)) can be neglected if the deformation strain is

small.

The constitutive relation that relates the stress tensor, ¢, and the strain

tensor, €, for a general elastic body is given by :

Oy = Cijklekl ' (5)
where the stiffness tensor C is related to the second derivative of the strain energy

function :

L A .
I aeijaekl (6)

Since in general, the strain energy W is a cubic function of strain
components, Eq. (1), we see that when a relatively large deformation exists, the

stiffness tensor C;y is a function of the (residual) strain components. For an

originally isotropic, linear elastic body, the residual stresses result in anisotropy
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and nonlinearity, which in turn cause changes in ultrasonic velocity. The usual
assumﬁtion taken for ultrasonic residual stress work is that a large static
deformation exists, and one treats the ultrasonic disturbance, which only causes
a small deformation, as a wave motion superimposed on the large deformation.

" We point out that in this case the equation bf motion for the originally isofropic,
linéar elastic body subjeéted to a small deformétion is unfortunately not.

applicable.

a) Homogeneous Deformation

If the deformation is large but homogeneous in the direction of wave
propagation, the equation of motion governing the propagation of a superimposed

ultrasonic disturbance is linear and is given by

azuk - a2ui _
I*xdx;  on’ )

(0, 8ik + Cijia)

where ¢"; are residual stresses, Cyy is given by Eq. (6). If the original,
undeformed material is isotropic then the problem for the superimposed wave
motion becomes anisotropic, since in .general the residual stresses are not
isotropic, sé that the "effective stiffness” (%0 + Cy) is not isotropic. The
changes in velocity of the ultrasound is the consequence of the residual stresses

and the anisotropy. If the original, undeformed material is also anisotropic, then
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the problem will be further complicated by the added anisotropy. These changes
in velocity 'can sometimés be detected ultrasonically, and serve as a way of
detecting/measuring the homogeneous deformation.'

Let us consider a plane wave propagating in the z direction, (the direction
in which the deformation is homogeneous). the particle displacement

components are :
u; = d; explik(z - vt)], i=1,2, 3 ®

‘where d; are the unit displacement vector components, k and v are the
wavenumber and the velocity, respectively. Substituting Eq. (8) into Eq. (7) and .
using. Egs. (5) and (8) yields an equation for the change to the ultrasonic velocity of

each of the ‘bulk waves permitted to propagate in the body:

YizTVL0 o1 )iy 4 2my)eg + 220+ 5p+2my +4ms)e
T +2“)[ 1+2mp)Ek W+ 2my +4m3)e,; ] ©
YSETVS0 = L[0h 4 mp)eyy + 24+ m3)exy + ) + 2]
-viy-:—v—sg—=—1- X+m €11 +2(L+m3)(E,, +€ +2ue

veo 2u[( 2)€xk +2(1+m3)(Eyy +E5;) + 21 zz] a1

where & =€qt+Eyy+E,, I8 the dilatétion, vLo =y (A +2u)/p is the velocity for the
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longitudinal wave, and Vs0 = «/E/—P is the velocity for the shear wave in a
unstressed body, vy, is the velocity for the longitudinal wave, and vs,, and Vsy aré
velocities for the shear waves polarized in the x and y directions, respectively, in
the stressed body. The residual strain state can be obtained if the relative velocity
changes can be measured and one knows the values of the second and third order
elastic constants for the material of interest (ie. A, 1, m;, m,, and m;).

When a shear wave propégates across a stressed body in the directioh ofa |
principal strain, say ¢,,, the wave will be split into two shear waves polarizing in
the two other principal strain directions (the so called acoustoelastic birefrin-
gence effect). The two shear waves propagate with velocities given by Egs. (10) and

(11), from which a simple equation can be obtained :

Vsx ~Vsy _u+ m3.('g

—-& )
XX
vso yy

(12)

Having obtained the strain components, the stress components can be

readily obtained using the linearized stress-strain relation:
O; = Mkk&j + 2].18ij 1=Xx, y, Z (13)
-where &y is the Kronecker delta, &;=1ifi=j, & =0ifi=#j.

b) Inhomogeneous Deformation
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For a continuous fiber reinforced composité, the matrix stresses vary with
the radial distance from the fiber. In this case, the large deformation is inhomo-
geneous in the radial direction. If an ultrasonic disturbance is superimposed on

the inhomogeneously deformed body, the governing equation of motion is given by

9%uy . 9Cija duye _ 0%y
oxjox;  dxj 0x ot | (14)

(0", Bix + Cija)

The problem now is not pnly anisotropic, but also nonlinear since 9Cyq/0x; #
0. To determine the nature of wave propagation we have to solve a second order,
nonlinear partial deferential equation. We are unaware of any available method
to tackle this problem, and conclude that a pfecise simulation is not possible at
this time. These types of differential equation usually lead to dispersive wave
propagation. For weak inhomogeneities one can make a local homogeneous
approximation, and obtain rough estimates of likely effects of a large deformation
upon ultrasonic propagation in a composite. It is this approach that has been

considered below.
III NUMERICAL EXAMPLE

Before any residual stress state can be determined ultrasonically one must

know the values of Lamé constants A and , the third order elastic constants m,,

m, and m,, and the density p. Lamé constants A and p and the density p can be
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measured on the unstressed material. A simple way to find the third order
material cbnstants is to load a speciinen with a known stress state (eg uniaxially),
and measure the relative velocity change for the longitudinal wave, and fdr the
shear waves polarizing in the directions parallel and perpendicular to the loading
direction. One then readily obtains the third order material constants by
substituting the relative velocity changes into Eqgs. (9-11). Published results for the
third order elastic constants are available for only a few materials, and none aré
the intermetallic alloys and fibers of interest. As an example case, we choose
~aluminum as the matrix material, and stainless steel as the fiber.

The material constants used are listed in Table 1.1 The thermal linear

expansion coefficients for aluminum and stainless steel are 24 x 10¢/°C and 12 x

10%/°C, respectively, and the densities are 2.7 g/cm® and 7.8 g/cm®, respectively.

Table I Material Constants GPa

A 1 mi1 m2 ms3
Aluminum 58.82 24.41 1.0 364.0 332.0
Stainless Steel | 107.4 81.9 -13.0 -200.0 -200.0

We first present the residual stress field around a single fiber and then estimate
the perturbation to the velocity for a cylindrical cell of the composite containing a

single fiber.
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(a) Thermal Stress Problem

Con51der a solid cylinder W1th a radius b containing a cylmdncal inclusion

of radius a, Fig. 1, the cylinder length is assumed to be much larger than the

inclusion radius. For a temperature difference AT=T - Ty, Where Ty is the

"prpcessing temperature and T is the current (room) temperature, the elastic

thermal stresses in the matrix (the residual stresses we seek to measure) are

given by :°

oo p (a2 _a%)
T a-@rp®Hls? v/
o (a2 a2)
Co=——— |zt 7}
a-@/by»H\r*  b*)

o o C1¥2e( @/b)? N
z Cy+C3 1—(a/b)2

where

= __°2_+_°_3__.(a - 0)AT
CIC3 —202

b2r=a

@15)
b2rza

(16)
b2r=a

amn

(18)

is the radial compressive stress at the inclusion-matrix interface, o, and o, are

the linear thermal expansion coefficients for the matrix and the fiber,
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respectively,

_l-vi  va +(1+(a/b)2j 1

Ef Epn \1-(@/b)* )Eqp (19)
cz=—v—f—+( @/’ \Vm

Ef \1-(a/b)* )Ep (20)
oo Ly @b )1

Ef (1-(a/b)* )Ep 1)

E, and E; are Young's moduli, v,, and v; are Poisson's ratios of the matrix

and the fiber, respectively. Figqre 2 shows the variation of stresses as functions of
radial distance r. For this problem, the calculated values of the compressive
radial stress o, and the tensile circumferential stress ¢, near the inclusion-
matrix interface are well beyond thé yield stress for pure aluminum (~ 40
MN/m?), but fqr our purposes we will assume the matrix to remain elastic. The
axial stress o, is constant, which may not be true for metal matrix compositeé

containing a large number of reinforcements, (see for exémple Nimmer, et al’).
(b)  Relative Veloci hanges Due to the idual Stresse
The local relative velocity changes due to the residual stresses are usually

small, so that accurate velocity measurement techniques are required. The Pulse-

Echo-Overlap (PEO) Method' has a time of ﬂight measurement accuracy of 1 part
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in 10* and a stress resolution of 20 MPa has been reported,'® which is significantly
better than the level required for composites (for instance + 70 MPa would be
acceptible). To use this method, the time of flight for ultrasonic signals are
determined by overlapping the signals at the beginning and end of the ultrasound
path. The overlapping is performed on the face of an oscilloscope by driving the
repetition period of pulses at a frequency such that the period of the pulse
frequency is equal to the time of flight.
| We have analysed two setups to measure the residual stresses.

1 Pulse-Echo or Pulse-Catch setup (Fig. 3).

This setup can be used for each of the three wave modes. All three modes
propagate in the direction of the fiber. To calculate the relative velocity changes,

Eqgs. (15-17) are first used to obtain the strain components according to :

1. 1
=—————(6;+0g+ +—
& = T Gh+2m) (Or + G +0z2) 20T (22)
g -———1—(0 +0g+0 )+io
Y T T R R e (23)
€ —F——-l——(o +0g+0C )+—Lc
zz 2030 +21) 3 0 zz 21 z (24)

since the problem studied here is axisymmetric. These are then substituted into
Eqgs. (9-11) to obtain the relative velocity changes for three wave modes. Figure 4

shows the relative velocity changes for all three wave modes as well as the one for
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acoustoelastic birefringence for AT ="-500 °C. We see that the relative velocity
change for the longitudinal wave mode is constant. This is because the axial

stress G,, and the sum of o, and G, are constant, see Eq. (9). Two shear wave

modes show large relative velocity changes near the interface (~ 10%), since in the
directions of polarization (r and 0), the residual stresses ¢, and G, have large
values. Notice that the radial strain is compressive while the circumferential .
strain is tensile. The acoustoelastic bifefringence measurement is extremely
attractive in this case. By measuring the relative shear wave velocity changes in
radial and circumferential directions, respectiveiy, the birefringence results in a
relative' velocity change as high as 20 % near the interface. By measuring the
relative velocity changes along the radial direction, one might even be able to map
the stress variations in the matrix material.

Assuming rays propagate parallel with the interface (r=1.2a), Fig. 5 shows
the relative velocity changes as functions of the temperature difference AT
(ignoring teinperature dependence of the moduli and density). When the
temperature difference is larger than 200 °C, the relative velocity change for the
birefringence measurement is larger than 5 %, which can be easily detected by
the PEO method.

Since for the pulse-echo or pulse-catch setup in which the wave propagates
parallel to the inclusion axis, the shéar wave modes show larger relative‘ velocity
changes, we therefore suggest the use of shear wave modes and the birefringence
measurement to measure the residual stresses in this axial propagation

configuration.
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2) Creeping Ray setup (Fig. 6).

It may be easier to make ultrasonic measurements normal to the fibers as
opposed to the simpler to interpret axial measurement (_e.g. in uniaxial plates).
In this case, a creeping ray'may be of some interest. The existehce of the creeping
ray was discovered more than forty years ago. The physical explanation of the
.cfeeping ray is that any ray tangént to the inclusion boundai'y is bent around the
inclusion, and the boundary poeints act as Huygens sources reradiating
ultrasound. The signal due to this ray, though much smaller in amplitude
compared to other fays, is often detectable.'®

The creeping ray propagates with the velocity of the incident wave in the
matrix material.®® Since the ray path is near the interface (matrix side), the
velocity depends only on the local mechanical properties of the matrix material
near the interface. The creeping ray setup can be used to measure the crucial
stresses o, and G, near the interface. To calculate the relative velocity changes,
we can determine the velocity v, as the one measured far away from the fiber.
Suppose that rays propagate approximately with the speed vo fromy =-btoy =0,
Fig. 7, the residual stresses thus only affect the time of flight along the ray path
| from the point (- a, 0) to the point (a, 0). Notice that creeping rays always
propagate with the velocity of incident wave, the ray path can be assumed to be
staight with a length of ax, so that the velocity affected by the residual stresses is

determined as :
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Ta | o : (25)

where t' = 2b/v,. Figure 8 shows the relative velocity changes as functions of the
temperature difference AT. We see for this case that the longitudinal wave mode
and one shear wave mode polarizing in the direction normal to the inclusion axis
show larger relative velocity changes. This is again because in the directions of
polarization of these two waves ( circumferential for the longitudinal wave and
radial for the shear wave), the residual stresses ¢, and ¢, have large values,
which severely change the local stiffness. Another shear wave mode polarized in
the z direction shows only a véry small change, resulting from small residual

stress level of ¢,. The former two wave modes polarizing in the circumferential

and the radial directions are suggested for the residual stress measurement for

this setup configuration.
IV DISCUSSION

The relative velocity change Av/v, due to residual stresses in CTE
mismatched systems is proportional to 1AxAT|. For the problem studied here,
‘where aluminum was chosen as thé matrix material, and stainless steel as the
. fiber, Ao = 12x 10°/°C. For the y-TiAl and SiC fibers, a,, =~ 10x10%/°C, a, ~ 5x10°
6/°C, so that Ao = 5x 10°%/°C. Since the processing temperature for the vy
intermetallic matrix composite materials is between 1000 ~ 1100 °C, the

temperature difference AT ~ 1000 °C is about twice as we have used in the
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calculation (AT = -500 °C). So even though the difference in the thermal expansion
coefficients for the Ti-Al intermetallic material is only about half of that we have
used in our calculation, we expect that the velocity changes for the intermetallic
matrix be about the same scale as those studied here, provided that the (presently
unkﬁown) third ordered elastic constants ére similar to those of aluminﬁm.

Our conclusions above were based on a model containing only a single fiber
(inclusion). For a composite with a large number of fibers, the residual stress
distribﬁtion is quite different’ and the fiber-fiber interaction must Be considered.
The fiber-matrix interface condition may add extra complexities to the problem.
For wave propagating in the direction nbrmal to the fiber axis, only the creeping
signal scattered by the nearest fiber can be ciearly identified. Those signals
scattered from more distant fibers may be too complex to be resolved (we would
need to know their locations in the composite to the same order as the preciéion of
the velocity measurement, i.e. 1 part in 10* or so0).

The stress resolution can often be achieved to a level of 20 MPa in
homogeneously strained body. Propagation of ultrasound in the axial direction
could potentislly result in stress determination to this accuracy provided one has
a good spatial résolution. The spatial resolution is controlled by the Size of the
transducers used. The smallest common (unfocused) piezoelectric transducers is
about 5 mm in diameter and the beam will sample many ﬁbers. Because the wave
velocity in fibers is much greater than that in the matrix, this results in
measured or apparent velocities that are controlled more by the fraction of fibers
in the sampled path than the perturbation (due to stress) of the matrix. In order

to sample a smaller volume of materials, we suggest the use of focused
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piezoelectric transducers operating in a water bath. For example, using a
spherically focused transducer with element size of 20 mm, operating at 25 MHz,
one can obtain a spacial resolution of about 100 um, comparable to a single fiber

size. Figure 9 shows an example of the recommended setup.
A% SUMMARY

In conclusion, we argue that the relative velocity changes caused by
thermal residual stresses can be detected by the PEO method. To do so, one must
first have determined the third order elastic constants of the composite materials
of interest. To effectively measure the residual stresses, one must select wave
modes that polarize in the directions in which the residual stresses have their
largest values. For the problem studied here, the acoustoelastic birefringence
measurement is the most effective way to determine the residual stress state. To
achieve a higher spatial resolution, high frequency, focused immersion
transducers are suggested.

Further research activities to address the practical issues should include
the measurement of the third order elastic constants for the intermetallic alloys of
interest, experiments on a model system with known residual stress states to
verify the approximate theory. Finally, analytical theory and experimental

techniques must be developed for ultrasonic testing on real composites.
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Fig.1 A cylindrical cell of a composite containing a single fiber.
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Relative velocity changes as functions of the radial distance; AL(z) is
for the longitudinal wave mode propagating in the z direction, AS(t)

and AS(r) are for the shear wave modes polarized in the tangential

and radial directions, respectively.
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CREEPING - RAY METHOD

AZ

Fig. 6

Creeping ray setup.



Fig. 7

Creeping ray path for a composite cell containing a single fiber
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Relative Velocity Change
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Fig. 9 A measurement setup for the use of focused transducers.
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X-RAY DIFFRACTION DETERMINATION
OF THE RESIDUAL STRESS DISTRIBUTIONS

IN ONE Ti-14-21 SCS-6 COMPOSITE

SPECIMEN GE 1770-000 PANEL 111B

REPORT: 0005-0449 ATTN: Mr. P.K. Wright
DATE: 10/02/90 AUTHORIZATION: 200-15-14Y97702
INTRODUCTION

One composite specimen was received from General Electric
Company for the purpose of determining the 1longitudinal and
transverse subsurface residual stress distributions. The
composite specimen, identified as Panel 111B, was reportedly
manufactured from Ti-14-21, and was nominally 1.4 x 1.6 x
0.05 in.
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Keith A. Story Perr¥/W. Mason
Senior Laboratory Technlc an Research Engineer

This report shall not be reproduced, except in full, without
the approval of Lambda Research, Inc. The results reported
apply only to the specific sample/s submitted for analysis.
Lambda Research operates a quality system in accordance with
ISO/IEC Guide 25. Lambda Research is accredited by the
American Association for Laboratory Accreditation in the
mechanical field of testing, as listed in the current A2LA
Directory of Accredited Laboratories.
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" TECHNIQUE

X~-ray diffraction residual stress measurements were made at
the surface and at nominal depths of 1 and 3 x 10-3 'in.
Measurements were made in the longitudinal and transverse
directions (with respect to the fibers) on both sides of the
plate.

The samples were rocked through an angular range of +-2.5
deg. around the mean psi angles during measurement to
integrate the diffracted intensity over more grains,
minimizing the influence of the grain size.

X-ray diffraction residual stress measurements were performed
using a two-angle sine-squared-psi technique, in accordance
with GE specification 4013195-991 and SAE J784a, enmploying
the diffraction of copper K—-alpha radiation from the (423)
planes of the HCP structure of the Ti-14-21. The diffraction
peak angular positions at each of the psi tilts employed for
measurement were determined from the position of the K-alpha
1 diffraction 'peak separated from the superimposed K-alpha
doublet assuming a Pearson VII function diffraction peak
profile in the high back-reflection region. (1) The
diffracted intensity, peak breadth, and position of the
K-alpha 1 diffraction peak were determined by fitting the
Pearson VII function peak profile by least squares regression
after correction for the Lorentz polarization and absorption
effects, and for a linearly sloping background intensity.

Details of the diffractometer fixturing are outlined below:

Incident Beam Divergence: 0.10 in. cirec. collimator
Detector : Si(Li) set for 90% acceptance
of the copper K-alpha energy
0.0 - 45.0 deg.

9.95 +-0.2 x 107 psi

0.13 in. circ. zone

Psi Rotétion
B/(1 + v)
Irradiated Area

s 4o oo

The value of the x-ray elastic constant, E/(1 + v), required
to calculate the macroscopic residual stress from the 'strain
measured normal to the (423) planes of Ti-14-21 was
previously determined empirically (2?7 employing a simple
rectangular beam manufactured from Ti-14-21 1loaded 1in
four-point bending on the diffractometer to known stress
levels and nmeasuring the resulting change in the spacing of
the (423) planes.

0005-0449
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Material was removed electrolytically for subsurface
measurement, minimizing possible alteration of the subsurface
residual stress distribution as a result of material removal.
All data obtained as a function of depth were corrected for
the effects of the penetration of the radiation employed for
residual stress measurement into the subsurface stress
gradient. (8) The stress gradient correction applied to the
last depth measured is based upon an extrapolation to greater .
depths, and may result in over correction at the last depth
if the stress profile has been terminated in the presence of
a steep gradient. Corrections for stress relaxation caused
'by layer removal (4) are applied as appropriate. '

RESULTS AND DISCUSSION

The longitudinal and transverse residual stress distributions
measured as functions of depth are presented in Tables I
through IV, and are shown graphically in Figures 1 and 2.
Compressive stresses are shown as negative values, tensile
as positive, in units of ksi (103 psi) and MPa (106 N/m2).

The results shown in each computer generated table of
macroscopic residual stress data are given first as measured,
then after correction for the penetration of the radiation
employed for measurement into the subsurface stress gradient,
and finally for stress relaxation which occurred as a result
of removing 1layers of material by electropolishing for
subsurface measurement and sectioning, as appropriate. It is
the fully corrected data shown in the column titled,
"Relaxation,"” that are plotted in the associated figure. For
c¢ylindrical samples from which complete shells were removed
for subsurface measurement, the radial stress is calculated
assuming a rotationally symmetrical residual stress
distribution. The angular width of the (423) K-alpha 1
diffraction peak at half height is shown in the far right-
hand column.

In each figure, the macroscopic residual stress distribution
is plotted in the upper graph. The 1lower graph gives the
(423) diffraction peak width distribution. The (423)
diffraction peak width was calculated simultaneously with the
macroscopic residual stress from the peak width in the psi =
.0 orientation. The (423) diffraction peak width is a
sensitive function of the chemistry, hardness, and the degree
to which the material has been cold worked. In martensitic
steels, it is commonly observed that plastic deformation
produced by processes such as shot peening or grinding will

0005-0449
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cause work softening, and a reduction in the peak width. 1In
work hardening materials, the diffraction peak width
increases significantly as a result of an increase in the
average microstrain and the reduced crystallite size produced
by c¢old working. The (423) diffraction peak width can be
indicative of how the material may have been processed, and
the depth to which it has been plastically deformed.

Details of the x-ray diffraction data reduction are shown in
the computer printouts appended to this report. The error
shown for each residual stress measurement is one standard
deviation resulting from random error in the determination of
the diffraction peak angular positions and in.the empirically
determined value of E/(1 + v) in the <423> direction.  Aan
additional semi-systematic error on the order of +-2 ksi may
result from sample positioning and instrument alignment
errors. The magnitude of this systematic error was monitored
using a powdered metal =zero-stress standard in accordance
with ASTM specification E915, and found to be +1.6 ksi during
the course of this investigation.

CONCLUSIONS

The residual stress distribution in the 1longitudinal
direction on side A is tensile for the depths examined with
values. between +76 ksi and +48 ksi. The results for the
transverse direction have a surface compressive stress on the
order of -15 ksi and subsurface values on the order of +34
ksi. The distribution crosses into tension at a nominal
depth of 0.0005 in. The results for the longitudinal
direction are of greater tensile magnitude as compared to
the axial direction. The (423) peak width distributions are
comparable and decrease in magnitude to nominally 0.0012 in.

The residual stress distributions in both directions on side
B are tensile for the depths examined. Both distributions
have maximum tensile values on the surface on the order of
+50 ksi and +110 ksi for the longitudinal and transverse
directions, respectively. The stresses are of greater
tensile magnitude for the longitudinal direction beneath the
surface. The (423) peak width distributions are comparable.
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00544%.d01

I.ambda Reséarch, Inc,
STRESS40.15

RESIDUAL STRESS DEPTH AHALYSIS

Hith Stress Gradient and Relaxation Correc
and Diffraction Peal Widih {E 1/2)

tipns

02/17/90

Ti-14-21 COWPOSITE LONGITUDINAL DIRECTION
Bpecimen Parel 111R Marked Side & Locafion
E/(14y)= 9948, +- . 159, ksi 1/3 82 = 14,58 +- .23 » 10-6 1/HPa
M= 2200, 1/in, ( Bo.d l/mwd Sectioning Stress Relaw. = 0 Rsi
DEFTH  mmmmmmemsmmemes RESTIDUAL STRESS k=i (MPa} ———--m—mmemmeme B 1/2
in.  (mm} Measure Gradient Ralaxation (dog)
1700060 000) 70.5+ 2.3 0 4B4.1 L&) T3 T3b.y 78,300 G240 2,04
3 L0030 L0633 5501 1.4 0 FF9.: 11y 5430 3BB.Y 49,70 E4E) 87
00290 074 44.54 1.7 0 459,412,y 43,11 438,y 4B.40 2340 1.0%

TABLE 1
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Lambda Fesearchy Inc.
005449 ,d02 : STRESS40.15 09/17/90

RESIDUAL STRESS DEFPTH ANALYSIS

ith Siress Grodient and Relaxation Corrections
and Diffraction Peak Yidth (B 173}

Ti-12-21 COMPOSITE TRANSVERSE DIRECTION
Spaecimen Panel 111B -Mavked Side A Location

E/(lty}= 9948, +- 139 ksi 172 82 = 1438 4~ .23 x 10-4 1/HFa

Bi=" 2200, 17in. ( 84,4 i/mm) Sectioning Stress Relaw. = 0 Ksi
DEFTH m=—mmmmm—-e——--- BESTOUAL STRESE Ksi (MPa) --wme——mme-eomem— B 1/2
in,  (mm} Haasiyred Gradient Relaxation {deg}
i SGR0O0C L0000 9.8+ 1.4 ( -48,% 10.3 -14.7H ;11573 ~14.7( -115:} 1.93
2 L00130 033 38,74 1.3 0 287+ 9 3590 - 2470 3440 2370 + 23
3 .00290 074) I8.0F 1,3 0 2821 9.3 0 40,70 280y 3370 3L 297

TABLE 11
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Lambda Research, Inc.
005449 .d03 STRESS46.15
RESIDUAL STRESS DEPTH AHALYSIS
With Stress Gradient and Relaxation Corrections
and Diffraction Peak Widih (B 173}
Ti-14-21 COMPDSITE LONGITUDINGL DIRECTION
Specimen Panel 111E Unmarked Side B Location
E/(14vi= 7948, +- 159, ksi 1/2 52 = 14,58 +~ .23 ¢«
f= 2200, 1/im, ( B6:6 i/ww) Sectioning Siress Reluw. =
T Ity RESIDUAL STRESS ksi (MWPa) ----r———mmmmeeee
in.  tmm) Heagured Gradizsnt laxation
L0000 000 47,94 2,1 ( 303.1 14, 47,90 330,37 47,9
20 L0030 03D 49,01 1,5 0 338 10,y G030 347 452
I 00300 074 54,24 1.4 0 3741 113 BLA0 FBEY 3947
TABLE IIIL
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Lambda Research, Inc.
005447 ,d04 STEESS40,.15 0e/17/90

RESIDUAL STRESS DEPTH AHALYSIS

adient and Relawation Correciions
raction Peak Width (B 1/2)

With Gtress
and Di

Ti-14-21 CBNPD?ITE TRANSVERSE DIRECTION

Specimen Fanel 111B Unmarked Side B Location

Gr
£

E/{(14u)= 9948, +- 159, ksi 172 82 = 14,58 +- .33 x 10-4 1/HFn

W= 2200. 1/im, B&6 Tam) Sectioning Stress Relaws = +0 ksi
 LEPTH mm e RESIDUAL STRESS ksi (HPa) ----mow—-wmeo—ms B 172
ins  {mm} Heasyred Gradient Relwation {deg}
i SOQOGT L0003 88,01 2.2 { 07,1 1% 103.0¢ 7i0.F 103,04 Fid.3 2427
2 L00150 033 32,94 1.2 (227,40 Byy 3R000 2490y 3LEL 2220 26
I L003G0 L0764} 33,14 1.3 (222,49 EWF0IFRY IR0 1080 1413

TABLE 1V

155



005449 .d01

CAUCHY

Lambda Resaarch, Inc.
STRESS40.15 09717790

SEPARATED Kal DIFFRACTIQN PEAK STRESS ANALYSIS 1

E/(14vy = 99484~ 159, ksi 1/2 82 = 12,58 +- .23 w 10~6 1/HF2
005445.401 Spec, 111B Mark. Side & Loc. Burf. lLong. GOOFRIIKDS
Fsi 2-thetn i/1 1/1cor Psi 2-theta i/l i/Icor
(B0 144,38 2115 444,201 33.21 14371 1AR.F4 341934 B 172 = Z.04 deg.
145,10 57,3 179,90 144,31 134,54 877.7% COLD WORK = .0 %
145,82 4g.11 124,93 184,90 120,067 543,78 STREIN = 002125
144,78 54,93 149,82 146.40 144,64 1354.40 STRESS = 70:.9 - 2,3 k=i
14774 78,94 35%.42 148.30  151.91 3BOG.2¢ = 485, +- 14, (HFa}
140.00 §L.77 140,00 191,82
150,060 135.04 150.00 155,34
4 = B0&0E A d= LB0777 4 :
8= 145,718 +- 004 deg. 2B= 144,939 4- 007 deg. GERPTH = 0008 in. {000 amd
05449 d01 Spec. 111F Marked Sids & loc, 0013 in. Long. PH0PR12R
Fsi 2-thetn 171 1/Icor Fsi Z-thetn 171 i/lcor
00 144,39 O s07  L0Ds00 TEET 1450y 775 179:0% B 1/2 = L89 deg.
144,89 29,84 71.99 144,29 37.73 71:432 COLD WORK = .0 %
145,2 21,54 47,93 144,49 28,72 51.03 STRAIN = 001438 .
145,89 29,18 70,49 145,29 - 35.89 48,38 STRESS = 990 4~ 1.4 Ksi
144.4% 43,48 124,44 145.89 54.B8  125.%4 = 379, - 11, (HFa)
140,00  132.26 130,00 171,57
153,00 117,19 156,00 146,35
d= LBO7i4 & d = ,B0B4E A
2= 145,237 +- 04 deg 28= 144,622 +- 004 deq. DEFTH = L0013 ins {033 mm}
G0544%. 401 Spec. 111B Marked Side & Loc. 0027 in. Longs 2O09B13KE
Fsi 2-thatn 1/1 i/Icor Psi 2-thetn 171 1/Icor
G0 144,78 127,70 33d.oh S3:21 85,58 BL.0T  250.09 B1/2 = 1,09 deg,
14503 79,75 182,70 144,33 44,88 87.87 TOWORK = .0
145,38 £5.37 143,73 144,43 32,74 56.08 200
14346 70.86 158,16 145,28 39,20 74,51
145.94 8256 194.95 150,11
140,00 424,39 14
156,00 381,79 i
4= ,B0SES A i=
28= 145,357 +- 003 dag. 28= 144,457 4~ 004 deg. DEFTH = L0029 din. {074 mmi
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Lambda Researchy, Incs

005447 .d02 STRESS540.:15

CAUCHY SEPARATED Kal DIFFRACTION PEAK STRESS ANALYSIS

¥ 10-6 1/4Pa

0/17/790

1

E/{ldu} = 994B,4~ 15§, ksi 172 82 = 14,58 + .2
005445,402 Spec. 11 MarR. Side £ Locs Surf, Trans. O0PRI2KS
Fsi 2-thetn 1/1 1/Icpr P ’—*heta 171 1/Icor
00 144,39 79599 348418 o] 112,97 1440.14 B 172 = 1.93 deg.
145,24 44,38 130,29 145.17 76,01 292,22 COLD WORK = 0%
144,09 37,32 101.28 146,22 48,95  248.02 STRAIN = -.0002%94
144,94 44,92  137.2% 147,83 79,17 420,80 STRESS = 7.8 - 1.4 ksi
147.79 $3:32 «?1.,4 149,44 4,35 2222.88 = 48, +-. 10, (HPa}
140,00  133,3% 146,006 146,08
156,00 1Cq.ab 150,00 10048
d = BOIRO A ) d = 50588 &
28= 145.789 +- 004 deg- 28= 145,900 +- 008 deg. BEPTH = L0000 in. ( OO0 mm
005449, 402 Spec. 111 Havk. b*uﬁ & Loc. 0013 in. Trans. 2009B12R
Psi I-theta 171 1/ lcor Fsi 2-thetn 171 /Icor
L0 144,57 T PEX] Lbu 23 S5ET :444’“ G830 1ad.ou B 172 = .92 dags
144,89 28.42 44472 144,53 33.64 66,15 FD‘H WORK = .0 %
145,20 20,32 44,30 144,93 27584 42,03 STRAIM = 001148
145,82 24,00 40,11 145,54 35,41 57,44 STRESS = 18,7 +- 1.3 Ksi
1‘.6;%6 37;&5 28:93 149-}1/ 57.53 134,95 = 287 - 2. {(MPad
140,06 140, 44 140,00 182,13
15g R 119,7 150,00 13';""\"&
d = <BO70S A d = 80799 ﬁ
8= 145,384 4= 004 degs 28= 144,840 4- 004 deg. DEFTH = 0013 in. ¢ 037 ma
O05449,402 Soec, 111E Mark, Side 4 Loc. L0029 ine Trans, 2007B13R]
Fsi 2-theta 171 1/icor Fsi Z-thetg i/ i/Icor
L0 144,57 Shebe 1m0 FLAT 144,12 7o 2l 188,94 B 1/2= .97 deg,
144,98 29,42 70.55 144,44 43,78 84,85 COLD WORK = 0 %
145,38 21.87 48.74 144,75 3140 548,71 STRAIN = Q01145
1446.01 258,38 67.91 145.47 34.32 64,25 STRESS = 38,0 +- 1.3 ksi.
148,564 44,91 130.%7 146.19. 58,74 135%.51 = 2562, - ¥, (W
140,00 134.72 140,00 177.49
156,00 114,74 156,00 142,37
d = (B0&93 4 d = 80785 A )
28= 145,718 +- 004 deg. 8= 144,901 +- ,004 deg. DEFTH = L0027 in. { 074 na}
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Lambda Resesarch, Inc.
005449.d03 STRESS40,.15 ' 09/17/720

CAUCHY SEPARPATED Kal DIFFRACTION PEAK STRESS ANALYSIS 1

E/{1bv) = 99484~ 159, ksi  1/2 62 = 14,58 +- .23 % 10-4 1/NFa

00544%,d03 Spec. 111R Unmavk Side B Loc. Surf. Long. 2009R14K8
Fsei 2-thatn 1/1 i/1cor Psi 2-theln 1/1 1/Icor
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Appendix IV - Derivation of In-Plane Shear Strength Model

The composite, represented by the square symmetry element shown in Figure IV-
1, is divided into three subsections, a, b, and ¢ as shown. Subsection a is a square
representing the fiber and has fiber properties (subscript f) and subsections b
and ¢ and rectangles representing the matrix and have matrix properties
(subscript m). The size of region a is represented by length a, and the overall
symmetry eclement has a size of length |. For purposes of modeling subregions a
and b together will at times be considered another subsection, designated ab. The
volume fractions of the various subsections can be defined in terms of the overall
volume fraction of the fiber, V¢, as follows:

Va=(adal) = a/l = ‘\]-\Tf . av-1)
Vp=(-a)(al) = 1-a=1-VVi B
Vg = (l-a)l12 = 1-a/l = 1 -\ Vg (IV-3)
Vab = (la)/(1®) = a/l = Vve Av-4)

The shear stress-strain response of the composite, Tc-Yc, can be divided into three
regimes: Regime 1, Elastic fiber-elastic matrix-no interface slip; Regime 2, elastic
fiber- elastic matrix- interface slip; Regime 3, elastic fiber-plastic matrix-
interface slip; and Regime 4, elastic fiber-plastic matrix-no interface slip.

Regime 1: The derivation of shear modulus follows a mechanics of materials
approach. (More accurate elastic models are available but this one is most
compatable with the - approach used in the inelastic Regimes 2, 3 and 4.) The
subsections a and b are grouped together in parallel and the effective shear
modulus of this pair is determined, and then subsections ab and ¢ are grouped in
series and the full composite modulus is determined:

Gap = VaGga + VpGp (for subelements a and b in parallel)

= ViGf+ (1- Vf)Gn, (using Equations IV-1 and IV-2) (IV-5)
Gcomp =V_a-b_l_V_c_ (for subelements ab and ¢ in series) (V- 6)
Gab Gc

With some rearranging and use of Eq. IV-3 and IV-4,

GmIGrV Vs + Gm(1 - Y V)
NVe+ -V Vp26m + Vvt -V vpGr

@v-7

Geomp =

with Tcomp = Gcomp Ycomp.
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Full unit cell

Geometric
idealization

Figure IV-1. Geometric Model Used for In-Plane Shear Strength Model
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Regim : In this regime, slip is allowed between the fiber (a) and the matrix (b
and c). The total shear displacement, Scomp, Is composed of two parts in series, dab
from subsection ab, and 8¢ from subsection c:

Scomp = Sab + ¢ (IV-8)

Rewriting in terms of shear strains and stresses:

Ycomp | = Yab(@) + vc(l-a) (IV-9)
_Ib Tcomp . y
= (a) + o (- a) (IV-10)

Herc-éb— is used for yap since the full shear strain is only accomodated elastically
m

by the matrix ligament, b. In the fiber subsection, a, the shear is partially
accomodated by an unknown amount of interface slip. 1tp can be eliminated from
this equation by noting that:

Tcomp =Ta+ Tb (IV-11)
and
Ta = 21;. Iv-12)

Equation IV-12 follows from a free body diagram of the fiber, a, with uniform
frictional force tj acting on the three interface sides:

Ta [a] = 1j [a + 2(a/2)] (Iv-13)

Substituting Eq. IV-12 into Eq. IV-11 and then into Eq. IV-10 gives for Regime 2:

Tcomp = 21N Vf + GmYcomp (Iv-14)
Regim : In this regime the interface slips and the matrix is perfectly plastic,

thus there is no unique value of shear displacement or strain for a given stress
level. Rather, there is only the composite slip/yield stress to be determined. This
can be done by equilibrium of forces along a plane throught the fiber center:

Tcomp | =7a a + b (I-2) Iv-15)
= 2tja + T (I-3) (Iv-16)
Tcomp = 2ti (&/1) + tm (I-a)/l (Iv-17)
or, for Regime 3:
Tcomp = 26V Ve+ (1 - V) (IV-18)



Regine 4:
region. Yielding

yield strength, Tm.

Thus in Regime 4:

Tc = Tm

(IV-19)

With no interface slip, the critical region is subsection ¢, the matrix
occurs here when the composite stress reaches the matrix shear
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